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Scope 

The  Increasing  requirement  for  high  technology  materials  with 
specific  performance  characteristics  in  various  types  of 
environments  has  dictated  that  these  materials  possess  near- 
surface  properties  different  from  their  bulk  properties.  This 
journal  is  a  principal  forum  for  the  interchange  of  information 
on  the  science,  technology  and  applications  of  thin  and  thick 
coatings  and  modified  surfaces  which  alter  the  properties  of 
materials.  The  scope  includes  all  types  of  coatings  and  surface 
modification  techniques  (including  physical  vapour  deposition, 
chemical  vapour  deposition,  electroplating  and  surface 
modification  by  directed  energy  techniques).  Of  particular 
emphasis  are  the  emerging  advanced  processes  such  as 
thermal  spraying,  sputter  deposition,  activated  reactive 
evaporation,  ion  plating,  molecular  beam  epitaxy.  Ion 
implantation  and  pulsed  laser  surface  deposition. 

Contributions  range  from  original  scientific  articles  concerned 
with  applied  research  or  direct  applications  of  coatings  to 
reviews  of  current  technology  in  specific  areas.  Papers  are 
solicited  on  topics  which  include  one  or  more  of  the  following 
areas:  (1)  characterization  of  coatings  and  modified  surfaces, 
which  includes  the  determination  of  composition,  structure, 
adhesion,  and  internal  stresses;  (2)  the  application  of  coatings 
and  modified  surfaces  to  alter  the  mechanical,  chemical  or 
optical  properties  of  materials.  Mechanical  properties  include 
friction,  wear,  erosion,  hardness  and  load  bearing  capacity. 
Chemical  properties  include  corrosion  and  oxidation.  Optical 
and  electro-optical  properties  include  reflectivity,  selective 
absorption  and  electroluminescence.  Particular  emphasis  is 
also  placed  on  the  emerging  surface  engineering  technologies 
and  coatings  with  a  diversity  of  applications  such  as  diamond, 
diamond-like  carbon,  and  cubic  boron  nitride.  Other 
interdisciplinary  areas  include  thermal  barrier  coatings  and 
coatings  for  biomedical  applications  and  materials 
conservation. 
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Preface 


This  symposium  belongs  to  a  series  of  E-MRS  symposia  started  in  1993  (symposium  C  on  ‘Ton  Beam,  Plasma, 
Laser,  and  Thermally-stimulated  Deposition  Processes”,  Proceedings  Volume  41,  published  by  Elsevier  in  1994)  and 
containing  symposia  subsequently  organized  every  two  years,  in  1995  (“Advanced  Deposition  Processes  and 
Characterization  of  Protective  Coatings”,  Proceedings  Volume  53,  published  by  Elsevier  in  1996)  and  1997  [“Coatings 
and  Surface  Modifications  for  Surface  Protection  and  Tribological  Applications”,  Surf.  Coat.  TechnoL,  100-101,  (Nos. 
1-3),  March  1998]. 

The  title  “Protective  Coatings  and  Thin  Films”  adopted  for  the  1999  symposium  will  be  maintained  for  the 
foreseeable  future  to  ensure  a  desirable  continuity  required  for  members  of  the  European  scientific  community  involved 
in  this  field  of  research.  The  program  of  these  symposia  was  focused  on  the  characterization,  properties  and  applications 
of  advanced  ceramic,  metallic  and  polymeric  coatings  or  thin  films  produced  by  vapor  deposition  processes  for  surface 
protection  against  various  phenomena  (corrosion,  oxidation,  diffusion,  wear,  friction)  resulting  from  interactions  with 
hostile  environments  and  leading  to  the  detrimental  damage  of  materials. 

For  the  1999  symposium,  a  specific  emphasis  was  placed  on  fundamental  aspects  of  vapor  deposition  technology,  in 
particular  on  relationships  between  physical  and/or  chemical  phenomena  involved  in  vapor  deposition  processes  and 
major  characteristics  of  functional  protective  coatings  and  thin  films.  This  symposium  covered  recent  trends  and 
progress  in  surface  treatments,  energy  beam  processing,  ion  implantation  processing,  ion  beam  and  plasma  processing, 
structure  of  coatings,  characterization  of  coatings  (mechanical  properties,  composition,  morphology,  stresses,  etc.), 
wear-resistant  coatings,  multilayer  coatings,  nitride  coatings  (in  particular  carbon  nitride  films),  hard  and  protective 
coatings,  physical  and  chemical  vapor-deposited  coatings,  polymer  coatings  and  oxide  coatings.  These  various  topics 
were  presented  and  discussed  during  13  oral  sessions  and  two  poster  sessions.  The  scientific  program  featured  13  invited 
speakers  and  94  contributed  papers  (45  presented  orally  and  49  for  the  poster  sessions).  More  than  100  participants 
attended  this  meeting. 

The  invited  talks  included  the  presentations  of  J.  Kazior  (Cracow  University  of  Technology,  Poland)  on 
“Microstructural  characterization  and  properties  of  thermochemical ly  surface  treated  P/M  iron  based  alloys”,  D.I. 
Proskurovsky  (Institute  of  High  Current  Electronics,  Tomsk,  Russia)  on  “The  physical  foundations  for  surface  treat¬ 
ment  of  materials  with  low-energy,  high-current  electron  beams”,  J.  Pelletier  (CNRS,  Grenoble,  France)  on  “Ion 
implantation  by  plasma  immersion:  interest,  limitations  and  perspectives”,  A.  Straboni  (University  of  Poitiers,  France) 
on  “Plasma  and  ion  beam  nitridation  of  surfaces”,  P.B.  Barna  (RITP,  Budapest,  Hungary)  on  “Mechanisms  of  texture 
evolution  in  polycrystalline  thin  films”,  A.R.  Gonzalez-Elipe  (ICM  de  Sevilla,  Spain)  on  “Structural  amorphization  in 
thin  films  prepared  by  ion  beam  assisted  methods”,  C.  Mitterer  (University  of  Leoben,  Austria)  on  “The  application  of 
hard  coatings  in  aluminum  die  casting  —  soldering,  erosion  and  thermal  fatigue  behavior”,  R.  Boxman  (University  of 
Tel  Aviv,  Israel)  on  “Deposition  of  multi-layer  and  multi-component  hard  coatings  using  a  multi-cathode  vacuum  arc 
deposition  system”,  W.D.  Miinz  (Sheffield  Hallam  University,  UK)  on  “Properties  of  various  large  scale  fabricated 
TiAlN  and  CrN  based  superlattice  coatings  grown  by  combined  cathodic  arc/unbalanced  magnetron  deposition”, 
J.  Musil  (University  of  West  Bohemia,  Plzen,  Czech  Republic)  on  “Hard  and  superhard  nanocomposite  coatings”,  A. 
Figueras  (ICM  de  Barcelona,  Spain)  on  “Preparation  of  hard  ceramic  coatings  by  plasma-enhanced  chemical  vapor 
deposition  and  laser  ablation  to  improve  surface  properties  of  metallic  materials”,  H.  Biederman  (Charles  University, 
Praha,  Czech  Republic)  on  “Plasma  polymer  films  and  their  future  prospects”,  and  J.  Schneider  (University  of 
Linkoping,  Sweden)  on  “Deposition  and  properties  of  physically  vapor  deposited  (PVD)  alumina  thin  films”. 

The  special  oral  session  organized  for  the  graduate  student  award  (GSA  session)  was  composed  of  six  oral  pre¬ 
sentations.  The  winners  were  Peter  Hones  (EPFL,  Lausanne,  Switzerland)  and  Cornelia  Schonjahn  (Sheffield  Hallam 
University,  UK)  who  talked  about  “Mechanical  properties  of  hard  chromium  tungsten  nitride  coatings”  and  “The 
interface  between  TiAlN  hard  coatings  and  steel  substrates  generated  by  high  energetic  chromium  ion  bombardment”, 
respectively. 
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The  107  contributions  were  presented  by  authors  coming  from  19  European  countries  (including  nine  from  the 
European  Union)  and  five  other  countries  (Argentina,  Israel,  Japan,  Singapore  and  the  USA).  The  participation  of 
scientists  and  researchers  from  central  and  eastern  European  countries  was  particularly  encouraged  by  a  financial 
support  offered  by  the  grant  from  the  French  Ministry  of  National  Education,  Research  and  Technology.  It  is  our 
pleasure  to  acknowledge  with  gratitude  the  financial  support  provided  by  the  French  Ministry  of  Defense  (DGA/DPS), 
the  Office  of  Naval  Research  International  Field  Office  (ONRIFO)  —  Europe  together  with  the  European  Office  of 
Aerospace  Research  and  Development,  UK,  and  the  French  Ministry  of  National  Education,  Research  and 
Technology.  In  addition  to  W.  Gissier  (Italy),  A.  Matthews  (UK)  and  Y.  Pauleau  (France),  two  symposium  organizers, 
V.  Valvoda  and  T.  Pieczonka,  were  from  the  Czech  Republic  and  Poland.  Five  invited  speakers  were  from  Russia,  the 
Czech  Republic,  Poland  and  Hungary  and  six  scientific  committee  members  were  from  Poland,  Lithuania  and  Hungary. 
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Abstract 

Some  results  of  a  gaseous  thermochemical  treatments  based  on  nitrogen,  sulphur  and  oxygen  on  an  Astaloy  Mo  alloy  and 
AISI  316L  austenitic  stainless  steel  are  discussed  in  order  to  show  the  importance  of  the  chemical  composition  and  the 
microstructure  of  the  base  material  on  the  wear  resistance  of  the  treated  specimens.  In  order  to  reduce  the  case  depth  and  to 
increase  the  microhardness  of  the  diffusion  layers,  boron  was  added  to  the  base  material.  In  this  way,  it  is  possible  to  close 
porosity,  due  to  the  liquid  phase  sintering.  The  treated  specimens  underwent  a  specific  characterisation  in  order  to  investigate  the 
microstructure  and  the  constitution  of  the  hardened  layers  as  well  as  the  tribological  properties  in  dry  sliding  conditions.  Both 
the  microhardness  measurements  and  the  nitrogen  concentration  depth  profile  indicate  that  boron  is  able  to  reduce  the  nitrogen 
penetration.  Furthermore,  the  combined  surface  thermochemical  treatments  improves  the  tribological  behaviour  of  the  material, 
and  in  particular,  sulphuration  significantly  changes  the  morphology  of  the  treated  specimens,  and  consequently,  the  dry  sliding 
wear  of  the  sintered  material  is  decreased.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Nitriding;  Oxidation;  Sintered  materials;  Sulphurising;  Thermochemical  surface  treatment 


1.  Introduction 

Manufacturing  of  steels  by  pov^der  metallurgy  (P/M) 
technology  has  been  used  in  the  industrial  field  owing 
to  their  low  cost  of  production  coming  from  the  near- 
net  shape  process,  which  eliminates  any  machining,  thus 
reducing  energy  consumption  and  ensuring  the  high 
material  utilisation  [1], 

However,  for  specific  applications,  as  in  the  case  of 
mechanical  parts  subjected  to  a  severe  wear,  it  is  neces¬ 
sity  to  improve  their  surface  features.  Choosing  a  surface 
treatment  for  powder  metallurgy  components  can  be  a 
difficult  task.  The  main  problem  in  surface  treatment  of 
PM  steels  is  porosity.  The  presence  of  interconnected 
pores  increases  the  surface  area  and  enhances  the  penet¬ 
ration  of  the  gaseous  medium  into  the  bulk  of  materials. 
Among  various  surface  treatments,  ion  nitriding  is  a 
well-known  surface  treatment  technique  to  improve 
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properties  like  hardness,  corrosion  resistance  and  tribo¬ 
logical  characteristics  [2].  Due  to  the  particular  mecha¬ 
nism  of  nitrogen  enrichment  of  the  surface,  the  ion 
nitriding  process  is  less  sensitive  to  porosity  than  the 
others  gaseous  surface  treatments  [3].  However,  ion 
nitriding  is  more  expensive  than  gas  nitriding  and  does 
not  appear  to  be  suitable  for  the  treatment  of  small 
pieces  or  of  pieces  of  different  geometry  [4].  Besides,  it 
is  well  known  that  for  gaining  benefits  from  nitriding, 
the  base  material  has  to  contain  alloying  elements  with 
a  high  affinity  for  nitrogen,  like  V,  Cr,  A1  in  order  to 
favour  the  formation  of  a  well-defined,  thick  and  hard 
diffusion  layer.  However,  these  elements  introduce 
noticeable  problems  during  sintering,  owing  to  their 
high  affinity  with  oxygen  and  therefore  require  the  use 
of  a  specific  sintering  atmosphere  consisting  of  pure  dry 
hydrogen  with  a  very  low  due  point  or  applied  of  high 
sintering  temperatures  in  order  to  reduce  the  stable 
oxides  that  cover  the  surface  of  powder  particles.  For 
this  reason,  these  specific  steels  are  not  currently  pro¬ 
duced  by  powder  metallurgy  technology,  because  all  the 
requirements  increase  the  production  cost  and  economic 
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advantages  of  powder  metallurgy  technology  in  compar¬ 
ison  to  alternative  technologies  can  be  greatly  reduced. 

Thus,  it  is  very  important  to  study  the  applicability 
of  the  gaseous  thermochemical  treatment  to  a  suitable 
PM  material  and  to  be  hardened  by  means  of  nitrogen 
surface  enrichment,  at  the  same  time.  A  particular 
treatment  was  studied  and  patented  by  some  of  the 
authors  [5],  which  combines  nitrogen,  oxygen  and  sul¬ 
phur  in  one  batch  only.  The  treatment  was  applied  to  a 
sintered  alloy,  and  the  results  are  presented  here.  From 
the  different  P/M  structural  steels,  the  prealloyed  Fe- 
1.5%  Mo  and  AISI  31 6L  austenitic  stainless  steels  were 
selected.  The  chemical  composition  of  the  base  material 
was  modified  by  boron  for  two  main  reasons.  From  a 
theoretical  point  of  view,  boron  influences  the  harden- 
ability  of  steel,  and  its  high  affinity  for  nitrogen  allows 
the  formation  of  boron  nitrides  that  may  increase  the 
hardness  of  the  diffusion  layer.  Furthermore,  boron  is 
an  a-stabilising  element  and  activates  the  sintering  pro¬ 
cess  of  iron  alloys  by  the  formation  of  liquid  phase,  and 
consequently  the  near  full  density  may  be  obtained  [6]. 
This  last  effect  is  very  important  because  it  may  strongly 
reduce  the  nitrogen  penetration  during  nitriding,  which 
is  one  of  the  greatest  problems  in  gas  nitriding  of  porous 
sintered  steels  [7]. 

In  the  present  paper,  some  results  of  a  gaseous 
thermochemical  treatments  based  on  nitrogen,  sulphur 
and  oxygen  on  an  P/M  Astaloy  Mo  alloy  and  P/M  AISI 
316L  austenitic  stainless  steel  are  discussed  in  order  to 
show  the  importance  of  the  chemical  composition  and 
the  microstructure  of  the  base  material  on  the  wear 
resistance  of  the  treated  specimens. 


2.  Experimental 

The  specimens  were  produced  by  blending  a  preal¬ 
loyed  Fe-1.5%  Mo  powder  and  separately  water-atom- 

Tablc  1 


Chemical  compositions  of  powders 


Powder 

Nominal  chemical  composition  (%) 

Cr 

Ni 

Mo 

Si 

Mn 

C 

Fe 

Astaloy  Mo 
AISI  316L 

16.3 

12.75 

1.5 

2.28 

0.87 

0.17 

0.019 

Balance 

Balance 

ised  AISI  3I6L  austenitic  stainless-steel  powder  (both 
Astaloy  Mo  and  AISI  3I6L  were  supplied  by  Hoganas) 
and  elemental  boron  powder  with  an  average  grain  size 
of  2.4  pm  with  two  different  compositions:  0.2  wt%  B, 
0.4  wt%  B.  Boron-free  specimens  were  also  produced 
for  comparison.  The  chemical  compositions  of  the  com¬ 
mercial  powders  used  in  this  study  are  shown  in  Table  1. 

The  specimens  020  x  5  mm  were  compacted  at 
600  MPa  with  die-wall  lubrication  in  an  uniaxial  press. 
Sintering  was  carried  out  at  1200°C  (Astaloy  Mo)  or  at 
1240°C  (AISI  3I6L)  in  a  laboratory  furnace  under  pure 
dry  hydrogen.  The  time  of  isothermal  sintering  for  both 
sintered  alloys  was  30  min.  The  density,  total  porosity 
and  interconnected  open  porosity  were  measured  by  the 
usual  water-displacement  method.  The  sintered  density 
depends  on  the  chemical  composition  of  specimens  and 
on  the  boron  concentration. 

The  gaseous  thermochemical  treatment  of  sintered 
materials  comprises  three  steps,  each  related  to  one 
specific  chemical  element  used  to  modify  the  surface  of 
the  pieces;  nitrogen,  sulphur  and  oxygen.  It  should  be 
noted  that  austenitic  stainless  steels  contain  elements 
with  a  high  affinity  for  nitrogen  to  favour  the  formation 
of  hard  and  stable  nitrides  in  the  surface  layer.  These 
elements  however,  also  form  stable  oxides,  and  for  this 
reason,  they  are  not  particularly  suitable  for  nitriding 
since  transport  phenomena  responsible  in  inducing  the 
formation  of  the  external  compound  layer  and  diffusion 
layer  require  destabilisation  of  oxide  covering  the  surface 
of  powder  grains.  To  overcome  these  drawbacks,  depas¬ 
sivation  of  sintered  specimens  has  been  performed.  In 
order  to  protect  against  repassivation,  the  austenitic 
stainless  steels  have  to  be  coated  by  the  iron  galvanic 
layer,  which  simultaneously  enhances  the  nitriding  pro¬ 
cess.  The  surface  treatment  is  carried  out  in  an  industrial 
furnace.  The  detailed  description  of  the  treatment 
parameters  is  protected  by  the  patent  and  is  not  avail¬ 
able.  The  treatment  temperature  ranges  between  400 
and  560°C,  and  the  complete  treatment  time  is  about 
15  h.  Different  treatment  procedures  were  carried  out 
on  the  sintered  materials,  as  summarised  in  Table  2, 
where  the  codes  used  for  their  identification  are  also 
reported. 

The  treated  specimens  have  been  characterised  by 
means  of  light  and  scanning  electron  microscopy,  micro- 


Tablc  2 


Material  and  surface  treatments 


Material  No  treatment 

Nit  riding 

Nitriding  and  oxidation 

Nitriding  and  sulphurising 

Nitriding  oxidation  and  sulphurising 

Astaloy  Mo  A 

AN 

ANO 

ANS 

ANSO 

Astaloy  Mo +0.2%  B  A2 

A2N 

A2NO 

A2NS 

A4NSO 

Astaloy  Mo +  0.4%  B  A4 

A4N 

A4NO 

A4NS 

A4NSO 

AISI  316L  L 

LN 

LNO 

LNS 

LNSO 

AISI  316L  +  0.2%  B  L2 

L2N 

L2NO 

L2NS 

L2NSO 

AISI  316L  +  0.4%B  L4 

L4N 

L4NO 

L4NA 

L4NSO 

J.  Kazior  et  ai  /  Surface  and  Coatings  Technology  125  ( 2000)  1-8 


3 


hardness  measurements,  the  X-ray  diffraction  analysis 
of  surface  layers  and  the  concentration  depth  profile  of 
oxygen  and  nitrogen  by  using  a  LECO  GDS  750  instru¬ 
ment.  Furthermore,  in  order  to  confirm  the  constitution 
of  the  surface  layers,  some  specimens  were  characterised 
by  means  of  wavelength  dispersion  X-ray  spectroscopy 
(WDXS)  and  energy  dispersion  X-ray  spectroscopy 
(EDXS).  In  order  to  determine  the  surface  roughness, 
a  Hommelwerke  Profilometer  TIOOO  was  used.  Wear 
tests  were  carried  out  on  an  Amsler  tribotester  with  a 
block-on-disk  configuration,  in  dry  sliding  condition,  by 
using  100Cr6  steel  as  the  counterface  material  (63HRC). 
The  wear  tests  were  performed  under  a  load  of  20  N 
and  with  a  surface  sliding  speed  of  0.8  m/s. 


Fig.  2.  Microstriicture  of  material  L4. 


3.  Results  and  discussion 

The  values  of  density  (g/cm^),  total  porosity  e  (%) 
and  interconnected  open  porosity  (%)  are  reported 
in  Table  3. 

For  Astaloy  Mo  powders,  boron  tends  to  increase 
the  sintered  density  and  to  close  the  residual  porosity; 
however,  while  the  density  starts  to  increase  in  corre¬ 
spondence  with  0.4%  B,  just  at  0.2%  B,  an  effect  on  the 
closure  of  pores  is  observed.  On  the  contrary,  for  AISI 
316L  powders,  boron  increases  the  sintered  density  and 
closes  the  interconnected  pores  just  at  0.2%  B. 

The  unalloyed  sintered  Astaloy  Mo  has  a  homogen- 


Table  3 

Density  ps  (g/cm^),  total  porosity  e  (%)  and  open  porosity  (%)  of 
sintered  materials 


Material 

p,  (g/cm^) 

e(%) 

(%) 

Astaloy  Mo 

7.1 

10 

9 

Astaloy  Mo  +  0.2%B 

7.1 

10 

7 

Astaloy  Mo  +  0.4%B 

7.3 

lA 

1 

AISI  316L 

6.6 

16.2 

13 

AISI  316L  +  0.2%B 

7.1 

8.5 

1.5 

AISI  316L  +  0.4%B 

7.8 

1.0 

0 

Fig.  1.  Microstructure  of  material  A4. 


Fig.  3.  Microstructure  of  material  AN. 


Fig.  4.  Microstructure  of  material  A4N. 


eous  ferritic  microstructure.  The  boron-alloyed  materials 
have  a  heterogeneous  microstructure  consisting  of  an 
almost  continuous  eutectic  constituent  surrounding  the 
hard  matrix  grains  in  the  bulk  and  near-full  dense  ferritic 
surface  layer  [8].  The  microstructure  of  sintered  boron 
alloyed  AISI  316L  is  similar  to  that  obtained  with  the 
Astaloy  Mo  alloy  powder.  Whereas  the  unalloyed  AISI 
316L  presents  the  usual  austenitic  microstructure  with 
an  irregular  and  interconnected  porosity,  the  alloyed 
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specimens  are  characterised  by  the  presence  of  the 
second  constituent,  which  surrounds  austenite  grains  as 
a  discontinuous  for  0.2%  B  or  continuous  network  for 
a  higher  boron  content.  In  addition,  a  near  full-dense 
surface  layer  was  found  on  the  alloyed  specimens.  Such 
a  surface  layer  is  characterised  by  the  absence  of  boron. 
The  microstructural  characteristics  of  the  specimens 
were  interpreted  on  the  basis  of  the  sintering  mechanisms 
and  discussed  in  another  paper  [9].  Figs.  1  and  2  show 
the  bulk  microstructure  of  the  sintered  Astaloy  Mo  and 
AISl  316L,  respectively. 

The  thermochemical  treatment  of  P/M-based  iron 
steel  has  first  been  pointed  out  on  nitriding,  because  it 
is  the  base  treatment  of  all  specimens.  Figs.  3  and  4 


Fig.  7.  Microstructure  of  material  LNSO 


Fig.  8.  Microstructure  of  material  L4NSO. 


show  the  representative  microstructure  of  specimens  AN 
and  A4N.  The  microstructure  of  material  AN  shown  in 
Fig.  3  suggests  that  bulk  nitriding  occurred,  which  was 
caused  by  the  interconnected  porosity.  A  distinct  com¬ 
pound  layer  was  not  observed,  even  if  the  presence  of 
ferritic  grains  in  the  external  layers  is  insignificant.  The 
microstructure  of  the  bulk  material  AN  shows  ferritic 
grains  with  some  needle-like  Y'-Fe4N  precipitates  and 
an  average  microhardness  of  480  HVq.os,  surrounded  by 
a  white  network  whose  microhardness  ranges  between 


Tabic  4 

Major  crystallographic  phases  detected  by  XRD  analyses  of  samples  after  various  treatments 


Treatment 

Material 

A 

A2 

A4 

L 

L2 

L4 

N 

NO 

NS 

NSO 

Fe^N/Fe^^^N 

Fe304/Fe203 

Fe4N/Fe3_3N 

FeS  Fe304 

Fe4N/Fe3_3N 

FeS  Fe304/Fe203 

Fe4N/Fe2_3N 

Fe304/Fe203 

Fe4N/Fe2_3N 

FeS  Fe304 
Fe4N/Fe2_3N 

FeS  Fe304/Fe203 

Fe4N/Fe2_3N 

Fe304/Fe203 

Fe4N/Fe2.3N 

FeS  Fe304 

Fe4N/Fe2„3N 

FeS  Fe304/Fe203 

CrN/  Fe4N 

CrN/  Fe4N 

Fe304/Fe203 

FeS  Fe304/Fe203 
Fe4N/CrN 

FeS  Fe304/Fe203 

CrN/  Fe4N  y  -  Fe 
CrN/  Fe4N  y  -  Fe 

FcjOj/FcjOj 

FeS  Fe304/Fe203 
Fe4N/CrN 

FeS  Fe304/Fe,03 

CrN/  Fe4N  y  -  Fe 
CrN/  Fe4N  y  -  Fe 

Fe3O4/Fe203 

FeS  Fe3O4/Fe203 
Fe4N/CrN 

FeS  Fe3O4/Fe203 
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350  and  500  HVo.os-  The  white  network  consists  of  a 
mixture  of  the  y'  and  e-Fe2_3N  nitrides,  as  confirmed  by 
XRD  analysis,  as  shown,  for  instance,  in  Fig.  5  for  a 
graph  showing  the  results  from  Table  4.  The  low  hard¬ 
ness  of  this  constituent  is  due  to  the  presence  of  micro¬ 
pores.  Concerning  the  other  boron-free  materials,  the 


microstructure  and  the  microhardness  are  the  same  as 
for  AN  material.  Only  a  very  thin  external  surface  layer 
with  a  thickness  of  about  1-4  pm  of  FeS  in  material 
ANS  can  be  observed.  A  similar  thin  oxide  layer  in 
material  ANO  and  a  very  thin  oxide  layer  with  a  thin 
sulphide  layer  in  material  ANSO  can  be  seen. 

On  the  contrary,  the  microstructure  of  the  A4N 
material  shows  a  typical  thick  compound  layer  that 
consists  of  both  the  nitrides  y'  and  e-  Fe2_3N,  as  shown 
in  Fig.  6.  The  microhardness  of  this  compound  layer  is 
about  800  HVo.oi-  The  near  full-dense  subsurface  boron- 
free  layer  shows  large  needles  like  y'  nitrides  in  the 
ferritic  grains.  By  moving  towards  the  bulk,  the  micro¬ 
hardness  decreases  from  550  HVq.os  to  about 
420  HVo.05.  The  microhardness  of  the  matrix  where  the 
eutectic  constituent  is  present  is  about  280  HVo.os-  The 
other  boron-alloyed  materials  show  a  similar  thick  com¬ 
pound  layer,  and  the  same  diffusion  layer  and  bulk 
microstructure  as  the  A4N  material.  The  sintered  austen¬ 
itic  stainless  AISI  316L  steel  shows  the  CrN  nitride  in 
addition  to  y'  and  y-phases.  The  characteristic  micro¬ 
structures  of  material  LNSO  and  L4NSO  are  shown  in 
Figs.  7  and  8,  respectively. 

From  these  results  it  is  clearly  evident  that  boron, 
present  in  the  iron  base  alloys,  modifies  the  nitrogen 
diffusion,  decreasing  the  penetration  depth  of  nitrogen 
and  increasing  the  average  surface  hardness.  Finally,  the 
thermochemically  nitrided  boron-alloyed  specimens 
demonstrated  typical  characteristics  of  a  nitrided  case 
depth:  a  distinct  compound  layer  and  a  well-defined 
diffusion  layer,  consisting  of  a  dispersion  of  submicro- 
scopic  nitrides  in  a  nitrogen-enriched  solid  solution. 
However,  the  BN  precipitation  is  not  confirmed  because 
the  microhardness  values  measured  in  the  diffusion  layer 
of  A4N  and  in  the  ferritic  grains  of  AN  are  very  similar. 


Fig.  11.  Semiquantitative  concentration  depth  profile  of  oxygen  and  nitrogen  in  material  ANO. 
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Fig.  12.  Semiquantitative  concentration  depth  profile  of  oxygen,  nitrogen  and  sulphur  in  material  ANSO. 

The  results  of  XRD  analyses  of  specimens  A,  L  and  •  oxidation  of  the  previously  nitrided  surface  forms 
A4,  L4  (Figs.  9  and  10)  treated  in  all  the  experimental  magnetite,  but  is  not  able  to  transform  the  whole 

conditions  can  be  summarised  as  follows:  compound  layer  in  material  A4,  L4,  as  demonstrated 
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Fig.  17.  Surface  morphology  of  material  A4NSO. 
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Fig.  18.  Surface  morphology  of  material  L4NSO. 


Fig.  15.  Surface  morphology  of  material  A. 


Fig.  16.  Surface  morphology  of  material  A4N. 


by  the  diffraction  peaks  of  nitrides  in  XRD  patterns 
of  samples  A4NO  or  L4NO; 

•  sulphuration  of  the  nitrided  surface  is  able  to  modify 
the  compound  layer  and  forms  FeS  and  Fe304; 

•  the  nitriding,  sulphuration  and  oxidation  form  a 
mixture  of  FeS  and  iron  oxides  in  the  compound 
layer;  these  last  dominate  in  comparison  with  the  NS 
treatment,  as  expected. 

The  above  results  confirm  the  concentration  depth  pro¬ 
files.  Figs.  11  and  12  show  the  depth  profile  of  oxygen 
and  nitrogen  in  specimens  ANO  and  ANS,  respectively. 
While  oxidation  produces  a  sharp  oxygen  segregation 
on  the  surface  as  a  consequence  of  a  very  thin  oxide 
layer  on  the  external  surface,  sulphuration  induces  the 
interdiffusion  of  sulphur,  nitrogen  and  oxygen,  from 
which  a  mixture  of  sulphides,  oxides  and  nitrides  is 
formed.  The  semiquantitative  concentration  depth  pro¬ 
file  in  Fig.  12  is  representative  of  specimens  ANSO,  too, 
and  the  depth  profiles  in  the  specimens  with  the  other 
base  composition  are  quite  similar  to  those  reported  in 
the  above  figures. 

In  order  to  confirm  the  constitution  of  the  surface 
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Tabic  5 

Roughness  |.im)  of  surface-treated  sintered  materials 


A 

AN 

ANO 

ANS 

ANSO 

A4N 

A4NO 

A4NS 

A4NSO 

3.42 

3.11 

2.81 

2.37 

1.94 

2.27 

1.96 

1.68 

1.53 

L 

LN 

LNO 

LNS 

LNSO 

L4N 

L4NO 

L4NS 

L4NSO 

2.89 

2.26 

1.91 

1.61 

1.22 

2.76 

2.1 

2.03 

1.63 

layers,  a  detailed  characterisation  by  WDXS  spectro¬ 
scopy  and  an  EDXS  analysis  were  carried  out  on 
A4NSO  specimens.  From  these  results  (Figs.  13  and 
14),  one  can  conclude  that  FeS  is  formed  in  the  com¬ 
pound  layer. 

Figs.  15”  18  show  the  surface  morphology  of  the 
materials  A,  A4N,  A4NSO,  L4NSO,  respectively.  It  is 
clear  that  only  after  nitriding,  sulphuration  and  oxida¬ 
tion  is  a  noticeable  modification  of  the  surface  morphol¬ 
ogy  obtained.  This  observation  agrees  with  the  XRD 
analyses.  As  predicted,  nitriding  does  not  change  the 
surface  morphology,  which  is  maintained  after  oxida¬ 
tion,  too,  because  of  the  very  low  thickness  of  the  oxide 
layer.  In  contrast,  sulphuration  tends  to  eliminate  all 
the  surface  irregularities  of  the  nitrided  pieces.  The 
specimen  A4NS  has  the  same  surface  morphology  as 
A4NSO,  and  the  above  figures  are  representative  of  the 
other  base  materials,  too.  The  roughness  of  a  sintered 
part  is  highly  dependent  on  the  surface  porosity  (open 
porosity).  Due  to  these  pores,  the  classical  parameters 

and  R^,  and  so  on,  measured  with  a  normal  roughness 
meter,  appear  to  be  much  larger  for  the  sintered  surface 
than  for  that  of  the  wrought  part  with  identical  func¬ 
tional  properties.  With  a  sintered  or  sized  surface, 
excellent  friction  behaviour  can  be  obtained,  even  at 
high  R^  and  R^  values  (Table  5). 

Finally,  Fig.  19  shows  the  results  of  the  preliminary 
dry  sliding  wear  test  of  five  different  samples:  untreated, 
A4N,  A4NO,  A4NS,  A4NSO.  The  weight  loss  in  Fig.  19 
is  the  average  value  obtained  from  three  successive  and 
similar  wear  tests  on  a  given  sample.  It  is  clear  from 
these  results  that  all  the  treatment  are  able  to  increase 
the  wear  resistance  of  the  base  material;  moreover, 
sulphuration  is  more  effective  than  oxidation.  This  is 


Fig.  19.  Results  of  wear  tests.  The  test  duration  was  60  min. 


due  to  the  combined  contribution  of  the  well-known 
influence  of  FeS  on  the  sliding  behaviour  and  the  very 
low  thickness  of  the  magnetite  layer  formed  by  oxida¬ 
tion.  However,  when  oxidation  is  carried  out  after 
sulphuration,  a  further  increase  in  the  wear  resistance  is 
attained.  The  results  of  the  wear  test  are  only  indicative. 


4.  Conclusion 

It  has  been  shown  that  with  pore  closure  caused  by 
the  addition  of  boron,  the  disadvantage  of  deep  gas 
nitriding  can  be  eliminated.  Furthermore,  boron  is  able 
to  reduce  the  nitrogen  penetration  because  it  activates 
the  sintering  process  and  closes  the  residual  porosity. 
However,  during  sintering,  a  depletion  from  external 
layers  of  the  base  material  occurs,  and  the  added  element 
cannot  be  exploited  to  form  a  fine  precipitation  of  hard 
and  stable  nitrides  in  the  diffusion  layer.  Therefore,  the 
microhardness  of  this  layer  is  not  high  because  the 
needle-like  y'  nitrides  do  not  harden  the  matrix.  The 
effect  of  boron  is  then  limited  to  the  control  of  nitrogen 
penetration.  The  combined  treatment  induces  the  forma¬ 
tion  of  a  surface  layer  consisting  of  FeS,  magnetite  and 
iron  nitrides.  In  particular  sulphuration  significantly 
changes  the  surface  morphology  of  the  treated  speci¬ 
mens.  As  a  consequence,  the  dry  sliding  wear  resistance 
of  the  material  increased. 
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Abstract 

Composite  diffusive  nitrided  layers  with  precipitates  of  iron  phosphides  are  considered.  They  are  generated  in  the  process  of 
nitriding  in  an  atmosphere  of  partly  dissociated  ammonia  with  a  slight  admixture  of  gaseous  phosphorus.  The  addition  of  small 
quantities  of  gaseous  phosphorus  to  the  nitriding  atmosphere  influences  the  structure  and  properties  of  the  nitrided  layer.  The 
layers  consists  of:  a  zone  of  phosphides  of  Fe3P  and  Fe2P,  a  zone  of  nitrides  of  Fe2_3N  and  Fe4N,  and  a  zone  of  precipitates  of 
iron  phosphide  Fc^F  in  the  zone  of  nitrides  of  Fe2_3N  and  Fe4N.  The  relations  between  chemical  contents  of  the  atmosphere,  as 
well  as  the  parameters  of  the  process,  structure  and  properties  of  the  layer,  have  been  defined.  Iron  phosphide  reinforcement  in 
the  diffusive  nitrided  layer  increases  its  hardness  and  resistance  to  wear.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Iron  nitrides;  Iron  phosphides;  Nitriding  of  short  duration;  Phospho-nitriding;  Phosphorus  in  steel 


1.  Introduction 

Modifying  the  structure  and  properties  of  diffusive 
layers,  e.g.  carburized  and  nitrided  ones,  is  required  in 
numerous  special  applications.  It  is  possible  through 
their  alternation  vyith  fine  ceramic  or  intermetallic  par¬ 
ticles,  e.g.  borides,  oxides,  sulphides  or  phosphides.  The 
particles  in  such  layers  are  generated  as  a  result  of 
polyphase  diffusion;  lattice  diffusion  or  precipitation 
processes  accompanied  the  process  of  generating  the 
base  diffusive  layer.  Additions  of  some  chemical  ele¬ 
ments  or  compounds,  e.g.  sulphur,  phosphorus,  oxygen 
or  H2O,  H2S,  SO2,  to  the  active  atmosphere  enabled 
synthesis  of  the  ceramic  or  intermetallic  particles.  Thus 
a  diffusive  layer  on  steel  plays  the  role  of  a  matrix, 
whereas  ceramic  precipitates  are  an  addition,  modifying 
the  structure  and  properties  of  the  layer.  Such  layers 
and  their  particular  reinforcement  may  be  regarded  as 
composite  diffusive  layers  reinforced  by  particles.  In  this 
paper  the  structure  and  properties  of  such  a  layer  are 
considered,  with  the  example  of  a  nitrided  layer  modified 
by  iron  phosphides.  So  far,  not  much  attention  has  been 
paid  to  the  role  of  phosphorus  as  a  component  of  the 
nitriding  atmosphere.  The  beneficial  influence  of  phos¬ 
phorus  on  the  properties  of  the  surface  of  machine 
elements  made  of  steel,  especially  on  the  increase  of 
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hardness  and  wear  resistance  in  the  process  of  friction, 
is  also  underestimated.  The  profitable  influence  of  phos¬ 
phorus  on  surface  properties  of  iron  alloys  has  been 
proved  [1,2].  There  are  many  possibilities  to  modify  the 
structure  and  properties  of  a  surface  of  iron  alloys  as  a 
function  of  the  phosphorus  concentration.  When  the 
phosphorus  concentration  in  iron  is  small,  a  solid  solu¬ 
tion  of  phosphorus  in  iron  may  be  formed.  An  increase 
of  the  phosphorus  concentration  in  iron  gives  a  chance 
to  precipitate  hardening  of  its  surface.  Further  increase 
of  the  phosphorus  concentration  in  iron  alloys  makes  it 
possible  to  form  iron  phosphides  Fe3p  and  Fe2P  accord¬ 
ing  to  the  Fe-P  equilibrium  system.  It  was  found  that 
the  presence  of  phosphorus  in  the  nitrided  layer  exerts 
a  substantial  influence  on  its  structure  and  properties 
[3,4].  As  a  result  of  phospho-nitriding,  precipitates  of 
fine  particles  of  iron  phosphides  in  the  nitrided  layer,  as 
well  as  a  continuous  zone  of  iron  phosphides,  may  be 
formed.  The  presence  of  iron  phosphides  in  the  nitrided 
layer  increases  its  hardness  and  wear  resistance  in  the 
process  of  dry  sliding  friction.  The  essential  significance 
of  the  course  of  phospho-nitriding  lies  in  the  notable 
solubility  of  phosphorus  in  ferrite  at  the  temperature  of 
nitriding.  The  hitherto  existing  research  results  are  a 
convincing  justification  to  search  for  the  technical  possi¬ 
bilities  of  introducing  phosphorus  to  the  nitriding  layer, 
and  defining  the  relations  between  the  parameters  of  the 
phospho-nitriding  and  the  structure,  as  well  as  the 
properties  of  layers. 
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Fig.  1 .  Types  of  structure  of  composite  phospho-nitrided  layers  accord¬ 
ing  to  the  process  temperature  T.  (a)  T<863  K  (590^C);  (b)  T>  863  K 
(590"C).  I,  Compact  Fe2P  +  Fe3P  phosphides  zone;  2,  e  (Fe2_3N)  nit¬ 
ride  zone  with  FC3P  phosphide  precipitates;  3,  e  (Fe2_3N)  and  y' 
(Fe4N)  nitride  zone;  4,  Fe4N  nitride  precipitates  in  ferrite;  5,  braunite; 
6,  ferrite  base. 

2.  Method  of  investigation 

Preparation  of  the  composite  nitrided  layers  with 
particles  of  iron  phosphides  was  carried  out  on  a  base 
of  Armco  iron,  0.4%  C,  1.1%  Cr  steel  and  0.4%  C,  1.6% 
Cr,  1%  A1  steel  in  an  atmosphere  of  partly  dissociated 
ammonia  with  the  addition  of  gaseous  phosphorus. 
Phosphorus  vapours  were  deposited  by  means  of  ammo¬ 
nia  from  an  evaporator  into  the  working  chamber  of 
the  reactor,  in  which  the  process  of  generating  the  layer 
was  executed.  The  phosphorus  pressure  was  calculated 
from  the  dependence  derived  from  the  equation  of  state 
of  the  perfect  gas  [4,5].  During  the  process  the  following 
parameters  were  applied:  temperature  7=843-923  K 
(570-650°C),  ammonia  volume  flux  V^  =  5.6x 
10“^m^/s,  phosphorus  partial  pressure  ;?  =  10-300  Pa, 
process  duration  r=  10.8-21.6  ks  (3-6  h).  The  diffusive 
layers  were  investigated  by  several  methods:  metallo- 
graphic.  X-ray  structural  analysis,  microanalysis,  meas¬ 
urement  of  Vickers  hardness,  measurements  of  resistance 


a. 


to  wear  by  Falex  test  at  a  load  of  450  N  and  linear 
velocity  of  friction  1  m/s. 

3.  Structure  and  properties  of  the  layer 

As  a  result  of  the  experiments  carried  out,  layers  of 
a  silver-grey  colour  were  formed  on  the  surface  of  the 
specimens.  The  structure  of  the  layers  is  presented  in 
Figs.  1  and  2.  The  investigations  proved  that,  owing  to 
the  addition  of  phosphorus  to  the  nitriding  atmosphere, 
the  structure  of  the  diffusive  layer  is  subject  to  an 
essential  change.  Depending  on  the  partial  pressure  of 
phosphorus  in  the  nitriding  atmosphere,  it  is  possible  to 
differentiate  two  basic  types  of  structure.  In  the  case  of 
low  partial  pressure  of  phosphorus,  i.e.  below  120  Pa 
[Fig.  2(a)],  a  stripe  of  iron  phosphide  Fe3P  precipitates 
in  the  zone  of  nitrides  €  (Fe2-3N),  and  c  +  y'  (Fe2_3N 
and  Fe4N)  of  the  nitrided  layer  is  created.  The  size  and 
concentration  of  these  precipitates  depend  on  the  param¬ 
eters  of  the  process,  and  they  first  increase  with  an 
increase  of  phosphorus  partial  pressure  in  the  nitriding 
atmosphere.  Higher  partial  pressure  of  phosphorus  in 
the  ammonia  atmosphere  causes  the  formation  of  a 
compact  layer  of  iron  phosphides  Fe3P  +  Fe2P  above  the 
zone  of  nitrides.  The  quantity  relation  of  Fe3P  to  Fe2P 
in  the  compact  layer  depends  on  the  partial  pressure  of 
phosphorus  in  the  ammonia  atmosphere  and  the  process 
temperature.  At  process  temperature  above  7=923  K 
(650°C)  only  iron  phosphide  FegP  is  created  (Fig.  3). 
The  qualitative  distribution  of  the  phosphorus,  nitrogen 
and  iron  in  the  phospho-nitrided  layer  is  shown  in 
Fig.  4.  The  phosphorus  concentration  in  the  layer,  deter¬ 
mined  by  X-ray  microanalysis,  is  presented  in  Table  1. 
The  layer  of  phosphides  is  compact  only  until  a  thickness 
of  about  0.01-0.02  mm,  dependent  on  the  size  and  shape 
of  the  sample.  For  greater  thickness  a  gap  between  the 


b. 


Fig.  2.  MicrostriicUire  of  composite  phospho-nitrided  layer,  process  parameters:  (a)  7=893  K  (620‘'C),  p-60  Pa,  /  =  21.6  ks  (6  h);  (b)  7=893  K 
(620”C),p=130Pa,  /  =  21.6ks  (6h). 
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Table  1 

Limits  of  phosphorus  concentration  in  the  phospho-nitrided  layer 
determined  by  X-ray  quantitative  microanalysis 


Zone  of  the  phospho-nitrided  layer 

Phosphorus  concentration  (wt%) 

Compact  Fe2P  -1-  Fe3p  zone 

15-21 

Porous  FesP  zone 

10-12 

FesP  zone 

1-3 

compact  Fe2P  +  Fe3P  phosphides  zone  and  the  e 
(Fe2_3N)  nitrides  zone  with  Fe3P  phosphide  precipitates 
is  created.  In  the  advanced  stages  of  the  process  of 
phospho-nitriding  the  gap  is  filled  by  porous  Fe3P.  The 
process  of  creating  the  gap  and  porous  Fe3P  is  similar 
to  the  process  of  the  growth  of  oxide  layers,  and  is 
described  in  Ref,  [6].  The  layer  structures  with  the  gap 
or  porous  Fe3P  are  not  used  in  technical  applications. 

The  addition  of  phosphorus  to  the  nitriding  atmo¬ 
sphere  alters  the  geometry  of  the  phospho-nitrided  sur¬ 
face  to  a  small  degree,  in  comparison  with  classic 
nitriding  (Figs.  5  and  6),  Some  increase  of  the  surface 


CoKa 

Fig.  3.  Diffraction  pattern  of  phospho-nitrided  layer  formed  on  Armco 
iron  with  process  parameters  r=923  K  (650°C),  /7=150Pa,  /  = 
10.8  ks  (3h). 


Fig.  5.  Scanning  image  of  the  phospho-nitrided  Armco  iron  surface, 
process  parameters:  r-843  K  (570°C),  r=10.8ks  (3  h),  p=\0?a; 
space  bar  0.005  mm. 


0  100  300  400 


Fig.  6.  Influence  of  phosphorus  partial  pressure  p  on  the  surface  rough¬ 
ness  of  0.4%  C,  1.1%  Cr  steel  after  phospho-nitriding  with  process 
parameters:  1,  J'=843  K  (570”C),  /=10.8ks  (3  h);  2,  7'=843  K 
(570°C),  ?-21.6ks  (6h);  3,  r=893  K  (620°C),  /-10.8ks  (3  h);  4, 
7=893  K  (620"C),  /  =  21.6  ks  (6  h). 

smoothness  is  visible  for  phosphorus  partial  pressures 
100 <p <300  Pa.  The  presence  of  iron  phosphides  in  the 
nitrided  layers  increases  their  hardness  (Figs.  7  and  8). 
The  effect  is  stronger  at  lower  temperatures  of  phospho- 


Fig.  4.  Distribution  of  the  phosphorus  P,  nitrogen  N  and  iron  Fe  in  the  phospho-nitrided  layer,  process  parameters:  r=853  K  (580°C),  /?  =  130  Pa, 
/  =  21.6  ks  (6h). 
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d[mm] 

Fig.  7.  Hardness  HV  0.01  of  nitrided  layers  formed  with  process 
parameters  r=843  K  (570"C),  /  =  21.6ks  (6h)  at  distance  from  the 
surface  d\  1,  Armco  iron;  2,  0.4%  C,  1.1%  Cr  steel;  3,  0.4%  C,  1.6% 
Cr,  1%  A1  steel. 


d[mTj 

Fig.  8.  Hardness  HV  0.01  of  phospho-nitrided  layers  formed  with  pro¬ 
cess  parameters  F=843  K  (570”C),/?  =  100  Pa,  ?  =  21 ,6  ks  (6  h)  at  dis¬ 
tance  from  the  surface  d\  1,  Armco  iron;  2,  0.4%  C,  1.1%  Cr  steel;  3, 
0.4%  C,  1.6%  Cr,  1%  A1  steel. 

nitriding.  An  increase  in  the  layer  hardness  is  especially 
distinct  on  Armco  iron  and  carbon  steels,  in  which  there 
are  no  components  forming  hard  nitrides.  The  nitrided 
layers  with  iron  phosphides  show  greater  resistance  to 
wear  in  the  process  of  dry  friction  than  layers  made  in 
an  atmosphere  of  pure  NH3  (Fig.  9).  The  increase  of 
the  layer  hardness  and  the  wear  resistance  is  caused  by 
a  solid  solution  strengthening  and  precipitation  harden¬ 
ing  as  a  result  of  the  Fe3P  reinforcement  presence. 


4.  Conclusions 

The  obtained  layers  are  an  example  of  composite 
diffusive  layers  with  iron  phosphide  particles  generated 
as  a  result  of  polyphase  diffusion,  lattice  diffusion  and 
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Fig.  9.  Dependence  of  weight  wear  W  on  path  of  friction  5  of:  1, 
phospho-nitrided  0.4%  C,  1.6%  Cr,  1%  A1  steel;  2,  phospho-nitrided 
0.4%  C,  1.1%  Cr  steel;  3,  nitrided  0.4%  C,  1.6%  Cr,  1%  A1  steel;  4, 
nitrided  0.4%  C,  1.1%  Cr  steel,  in  accordance  with  the  Falex  test; 
nitriding  parameters  as  in  Fig.  7  and  phospho-nitriding  parameters  as 
in  Figs.  7,  8. 

precipitation  processes  accompanying  the  phospho-nit¬ 
riding,  The  type,  form  and  concentration  of  iron  phos¬ 
phides  appearing  in  the  phospho-nitrided  layer 
correspond,  first  of  all,  to  the  partial  pressure  of  phos¬ 
phorus  in  the  ammonia  atmosphere  and  then  to  the 
remaining  parameters  of  the  process.  Depending  on  the 
partial  pressure  of  phosphorus  in  the  nitriding  atmo¬ 
sphere,  the  formation  of  a  compact  layer  of  phosphides 
with  adjustable  relation  of  Fe3P  to  Fe2P,  or  controlled 
phosphide  precipitate  concentrations  in  the  nitride  zone, 
is  possible.  The  presence  of  phosphorus  in  the  nitrided 
layer  increases  its  hardness  and  tribological  properties 
owing  to  the  solid  solution  strengthening  and  precipita¬ 
tion  hardening  as  a  result  of  the  Fe3P  presence.  The 
best  tribological  properties  have  phospho-nitrided  layers 
obtained  in  the  lower  than  100  Pa  partial  pressure  of 
phosphorus  in  ammonia  atmosphere. 
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Abstract 

Defect  free  coatings,  made  of  Tribaloy  T-400  powder,  deposited  by  laser  cladding  on  iron  and  nickel  based  substrates  are 
described.  The  proper  selection  of  the  cladding  process  parameters  allowed  us  to  get  coatings  with  low  dilution  of  the  base 
material.  Cross-sections  of  such  coatings  have  been  examined  to  reveal  their  microstructure  using  optical,  scanning  electron  and 
transmission  electron  microscopy,  chemical  analysis  (EDS  microanalysis),  phase  composition  (XRD),  hardness  and  microhardness 
testing  methods.  Compared  with  other  deposition  techniques  the  microstructure  of  the  laser  coatings  showed  a  high  degree  of 
refinement  and  chemical  homogeneity.  Grain  coarsening  was  observed  in  the  heat-affected  zones  and  was  explained  as  being  due 
to  the  overlapping  of  subsequent  tracks  during  the  coatings  deposition.  The  erosive  wear  resistance  of  the  coatings  has  been 
investigated.  In  general,  the  laser  deposited  coatings  turned  out  to  be  susceptible  to  extensive  erosive  wear.  This  effect  was 
explained  by  lack  of  feasibility  of  the  coated  material  to  plastic  deformation  during  erosion.  ©  2000  Elsevier  Science  S.A.  All 
rights  reserved. 

Keywords:  Erosive  wear;  Laser  cladding;  Microstructure 


1.  Introduction 

In  modern  technology  hardfacing  is  often  used  to 
produce  surface  coatings  protecting  parts  against 
dififerent  kinds  of  wear,  including  sliding,  abrasion  or 
erosion.  In  addition,  depending  on  coating  material 
selection,  chemical  or  high  temperature  corrosion  pro¬ 
tection  can  be  provided  to  the  surface.  Hardfacing  is  a 
method  to  obtain  desired  surface  properties  and  allow 
for  economical  consumption  of  expensive  wear  resis¬ 
tant  alloys. 

Materials  particularly  useful  in  wear  applications  and 
often  used  in  as-cast  condition  are  Tribaloys  (trademark 
of  Delloro  Stellite  Ltd.).  The  alloy  Tribaloy  T-400 
contains  about  50  vol.%  of  CoMoSi  Laves  phase  of 
hardness  up  to  1300  HV  providing  adhesive  wear  resis¬ 
tance.  The  Mo  addition  gives  high  temperature  strength 
to  the  Co  based  matrix.  The  Cr  content  in  both  matrix 
and  Laves  phase  contributes  to  their  corrosion  resistance 
[1].  The  matrix  fee  crystal  structure  is  stabilized  by  Ni 
and  Fe  addition  [2].  This  lattice  type  is  desirable  for 
better  strength  and  ductility  due  to  more  active  slip 
systems  over  the  hep  type  [3].  On  the  other  hand.  Mo 
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and  Cr,  by  reducing  the  stacking  fault  energy,  enhance 
the  plastic  deformation  induced  fee  ^  hep  crystal  struc¬ 
ture  transformation  in  the  Co  based  matrix  [2,4].  This 
increases  the  alloy  work  hardening  rate  reported  to  be 
beneficial  for  abrasive  wear  resistance  of  other  Co  based 
alloys  [5].  In  the  work  by  Halstead  and  Rawlings  T-400 
alloy  in  a  cast  and  heat  treated  form  is  said  to  be  erosion 
resistant  owing  to  the  combination  of  brittle  intermet- 
allic  embedded  in  the  softer  Co  solid  solution  matrix  [6]. 

The  solid  particle  erosion  (SPE)  effect  occurs  when¬ 
ever  solid  particles  carried  in  a  gas  or  liquid  jet  at  a 
speed  exceeding  1  m/s  impinge  on  the  component  sur¬ 
face.  Particularly  susceptible  for  SPE  are  components 
of  steam  and  gas  turbines  (vanes,  disks,  rivets,  valves), 
helicopter  rotor  blades,  fluidized  bed  heat  exchanger 
elements  and  others.  There  are  three  basic  groups  of 
erosion  parameters:  referring  to  particle  flow,  abrasive 
material  properties  and  eroded  material  properties.  The 
third  group  comprises  primarily:  material  microstruc¬ 
ture,  hardness,  toughness,  plasticity,  work  hardenability, 
residual  stresses  and  others.  Numerous  parameters 
affecting  the  SPE  process  make  it  difficult  to  establish  a 
uniform  model  quantifying  the  erosion  effects.  In  prac¬ 
tice  most  cases  have  to  be  evaluated  individually  based 
on  empirical  data  [7].  All  the  properties  can  be  widely 
affected  by  the  deposition  technology  selection  of  protec¬ 
tive  coatings. 
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Laser  cladding  is  a  modern  technology  oriented  on 
producing,  among  others,  wear  resistant  coatings.  The 
process  objective  is  to  use  a  laser  beam  to  melt  the 
coating  material  in  the  form  of  continuously  fed  powder 
or  wire  or  a  pre-deposited  paste  together  with  a  substrate 
layer  of  controlled  thickness  [8].  As  a  result  of  using 
the  high  power  density  accomplished  by  the  laser  beam, 
a  high  temperature  gradient  at  the  coating-substrate 
interface  and  rapid  cooling  of  the  coating  material  can 
be  achieved  [7].  The  result  is  a  strong  microstructure 
refinement,  solid  solution  supersaturation  in  alloying 
elements  and  high  residual  stresses  in  the  coating.  An 
important  feature  is  the  ability  to  control  the  coating 
from  the  substrate  dilution  in  laser  cladding.  Numerous 
tests  indicated  superior  sliding  and  abrasive  wear  resis¬ 
tance  of  Co  based  alloys  deposited  by  laser  cladding, 
compared  with  other  welding  techniques  [5,7,9].  On  the 
other  hand,  there  is  little  data  available  regarding  the 
erosion  resistance  of  laser  deposited  coatings. 

This  paper  shows  the  results  of  an  investigation 
carried  out  to  study  the  microstructure  and  properties 
of  laser  cladded  Tribaloy  T-400  coatings  as  well  as  their 
solid  particle  erosion  behaviour. 

2.  Experimental  procedure 

The  alloy  T-400  of  chemical  composition  listed  in 
Table  1  was  deposited  as  coatings  on  0.45%  C  structural 
steel  and  IN  718  substrates  by  means  of  laser  cladding. 

The  laser  treatment  was  performed  on  25  x 
25x6mm^  steel  coupons  using  a  1500W  continuous 
wave  CO2  laser  with  generated  beam  power  of  1000  W. 
The  scanning  speed  of  8  mm/s  was  applied  during  depos¬ 
ition.  The  laser  beam  in  TEMoo  mode  (with  Gaussian 
energy  density  distribution)  was  defocused  on  the  surface 
to  a  spot  about  2.6  mm  in  diameter.  The  Tribaloy  T-400 
powder  of  45  jim  grade  was  pneumatically  fed  into 
argon,  providing  oxidation  protection  of  the  coating 
material.  The  subsequent  laser  tracks  were  overlapped 
by  30%,  to  obtain  a  coating  exceeding  1  mm  in  thickness. 
Pre-heating  of  IN  718  samples  up  to  500°C  was  required 
in  order  to  avoid  the  coating  cracking  upon  cooling 
after  laser  cladding. 

The  cross-sections  for  metallography  were  prepared 
in  the  plane  normal  to  the  cladding  direction.  The 
microstructure  was  examined  using  optical  and  scanning 


Tabic  I 

Nominal  chemical  composition  of  experimental  materials  (wt%) 


Alloy 

C 

Co 

Cl 

Fe 

T-400 

0.08 

balance 

8.5 

1.5 

IN718 

0.04 

- 

18.6 

18.5 

Steel 

0.4 

_ 

2.0 

balance 

electron  microscopy  (SEM).  Chemical  composition 
analysis  were  carried  out  by  means  of  electron  dispersive 
spectroscopy  (EDS).  The  alloy  phase  composition  was 
determined  by  X-ray  diffraction  (XRD).  The  cross- 
sectional  microhardness  was  measured  at  a  load  of  2  N. 
The  coatings  hardness  tests  were  performed  using  a 
Rockwell  type  tester. 

The  coatings  erosion  resistance  was  examined  using 
a  nozzle  type  apparatus  described  in  detail  elsewhere 
[10].  The  samples  were  prepared  by  surface  grinding  of 
a  0.25  mm  thick  layer  down  to  no.  600  abrasive  paper. 
The  eroding  material  used  was  corundum  of  about 
200  pm  particle  size  fed  into  a  compressed  air  jet  at 
room  temperature.  The  particles  speed  was  about 
100  m/s  at  a  flow  rate  of  30g/min.  Three  independent 
tests  were  performed  at  each  erosion  angle  a  (measured 
as  the  nozzle  to  eroded  surface  tilt):  20,  30,  40,  50,  60 
and  90°  for  both  tested  coatings.  An  average  value  of 
sample  relative  mass  decrement  (per  abrasive  mass  unit) 
was  plotted  against  a  to  obtain  the  erosion  curves.  The 
mass  measurements  were  carried  out  using  an  analytical 
scale  precise  to  lO”"^  g. 

In  order  to  determine  the  erosion  mechanisms  for 
each  coating,  single  craters  were  produced  in  tested 
samples.  This  was  accomplished  by  introducing  about 
10  to  15  corundum  particles  into  the  air  jet  projected  at 
polished  and  slightly  etched  surface.  The  effects  of 
surface  erosion  for  single  particle  impacts,  as  well  as  for 
multi-particles  stream  impingement,  were  investigated 
by  means  of  SEM. 

Thin  foils  for  transmission  electron  microscopy 
(TEM)  analysis  were  obtained  form  the  material  after 
erosion  both  parallel  and  across  the  surface  layer  as 
3  mm  diameter  disks.  After  mechanical  thinning  and 
dimpling,  foils  were  ion  milled  till  perforation.  The  foils 
from  the  eroded  surface  were  processed  by  ion  milling 
from  one  side,  preserving  the  surface  layer. 

In  order  to  estimate  the  degree  of  material  work 
hardening  due  to  erosion,  the  microhardness  at  0.2  N 
load  was  measured  near  the  surface  on  suitable  sample 
cross-sections. 


3.  Results  and  discussion 

The  cross-section  of  Tribaloy  T-400  coating  laser 
deposited  on  structural  carbon  steel  substrate  is  pre- 


Mo  Ni  Nb  Si  Other 

28.5  1.5  -  2.6  - 

3.1  balance  5.0  -  Al,  Ti 

_  _  -  0.25 
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Fig.  1.  Cross-section  of  Tribaloy  T-400  layer  laser  cladded  on  steel 
substrate:  (1)  cladded  track  center;  (lA)  grain  growth  zone;  (2)  inter¬ 
track  heat-affected  zone;  (3)  transition  zone;  (4)  substrate. 


Fig.  3.  Laves  phase  spheroidization  in  the  inter-track  heat-affected 
zone. 


sented  in  Fig.  1.  The  layer  of  1.15  mm  average  thickness 
was  crack  and  porosity  free.  The  structure  was  not 
uniform  on  the  coating  cross-section  with  heat-affected 
zones  due  to  laser  track  overlapping  effect.  The  micro¬ 
structure  of  the  cladded  track  center  consisted  of  a  fine 
lamellar  eutectic  mixture  of  Laves  and  Co  based  phases 
forming  colonies  of  7-15  pm  in  diameter,  elongated  in 
the  direction  of  heat  flow  with  a  different  orientation  in 
relation  to  the  microsection.  Fig.  2  shows  the  eutectic 
morphology  with  Co  phase  crystallizing  between 
eutectic  colonies,  indicating  the  slightly  hypoeutectic 
character  of  the  alloy.  Eutectic  colonies  adjacent  to  the 
heat-affected  zone  were  larger  and  spherical  in  shape. 
The  structure  of  the  corresponding  zone  in  the  coating 
on  IN  718  substrate  contained  less  Co  based  phase 
along  grain  boundaries  and  few  precipitations  of  pri¬ 
mary  Laves  dendrites.  Heating  by  successive  passes  up 
to  eutectic  temperature  caused  spheroidization  of  Laves 
phase  in  the  inter-track  heat-affected  zones,  the  effect  of 
which  is  shown  in  Fig.  3.  The  width  of  the  spheroidized 


Fig.  2.  SEM  view  of  fine  lamellar  eutectic  and  Co  solid  solution  precip¬ 
itations  in  the  cladded  track  center  zone. 


material  zone  in  the  coating  on  steel  substrate  was  twice 
as  much  as  in  the  case  of  Ni  based  substrate,  ranging 
up  to  120  pm. 

The  phase  composition  of  T-400  laser  coatings  varied 
depending  on  the  substrate  material.  In  the  case  of  steel 
substrate,  using  XRD,  the  Laves  phase  present  was 
determined  to  be  Co3Mo2Si.  When  the  substrate  con¬ 
tained  Ni,  CoMoSi  Laves  phase  was  found.  In  both 
cases  the  matrix  was  fee  Co  based  solid  solution. 

Using  EDS  the  coating  material  dilution  from  the 
substrate  during  processing  was  estimated  as  4%  and 
over  12%,  respectively,  for  Fe  and  Ni  based  substrates, 
with  the  difference  resulting  from  pre-heating  of  IN  718 
substrate. 

The  hardness  of  laser  deposited  T-400  coating  was 
high,  reaching  63  HRC.  The  coating  showed  uniform 
cross-sectional  microhardness  distribution,  leveling  at 
800  HV2  with  a  drop  by  5%  in  heat-affected  zones.  This 
has  been  attributed  to  a  substantial  microstructure 
change  in  those  regions. 

The  quantitative  results  of  erosion  tests  are  shown  in 
Fig.  4.  As  can  be  seen  from  erosion  curves,  plotted  as 
sample  relative  mass  decrement  E  against  the  erosion 
angle  a,  laser  deposited  T-400  alloy  was  eroded  with  the 
highest  erosion  intensity  at  the  angle  a  of  90°,  irrespective 
of  substrate  type.  The  E  value  at  30°  was  less  than  7% 
smaller  than  that  at  90°.  For  typical  brittle  materials 
(e.g.  mullite)  such  a  difference  can  reach  up  to  290%,  as 
pointed  out  by  Morrison  et  al.  [11].  According  to 
Bitter’s  erosion  theory  [12],  such  results  suggest  mixed 
ductile  and  brittle  material  erosion  mechanism,  with  the 
predominance  of  ductile  microcutting  at  low  erosion 
angles  and  brittle  material  chipping  at  high  a  values. 

A  corundum  particles  stream  impinging  at  the  T-400 
coating  surface  resulted  in  a  severe  deformation.  Typical 
surface  effects  caused  by  a  solid  particles  stream  impinge¬ 
ment  at  a  =  90°  are  shown  in  the  SEM  images  of  Fig.  5 
and  Fig.  6.  Platelets  formation  (as  arrowed  in  Fig.  5) 
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of  material  formed  upon  particle  impacts  at  the  laser 
coating  surface  tended  to  crack  and  delaminate,  being 
moved  if  not  separated  at  first  contact.  Both  observa¬ 
tions  are  in  agreement  with  the  mass  loss  on  impact 
angle  dependence  for  the  tested  material  presented  in 
Fig.  4. 

Typical  craters  together  with  deformation  zones  pro¬ 
duced  by  single  particle  impacts  are  presented  in  Fig.  7 
and  Fig.  8.  The  material  extruded  using  active  slip 
systems  formed  stacks  of  plates  to  be  forged  and 
removed  by  subsequent  particles  impacts.  The  micro¬ 
structure  distortion  in  the  crater  vicinity  indicated  a 


Fig.  4.  Erosive  wear  of  Tribaloy  T>400  alloy  laser  coatings  plotted  as 
a  relative  mass  decrement  E  against  the  erosion  angle  a. 
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Fig.  6.  SEM  view  of  Tribaloy  T-400  surface  deformed  by  solid  particles 
impingement  showing  brittle  cracking  erosion  mechanism. 

indicates  the  ductile  mechanism  of  erosion  proposed  by 
Levy  [13].  On  the  other  hand,  the  extensive  cracks 
observed  in  Fig.  6  (as  arrowed)  prove  the  material  to 
be  removed  in  a  brittle  way  as  well.  Characteristic  uplifts 


m 


I  10  nm  I 


Fig.  8.  SEM  view  of  a  typical  crater  formed  after  single  particle 
impingement  indicating  immediate  material  chipping  and 
delamination. 
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high  degree  of  alloy  plastic  deformation.  Considering 
the  large  radial  crack  linking  adjacent  craters  (as 
arrowed  in  Fig.  7),  relatively  large  portions  of  material 
could  be  lifted  up  with  no  adherence  to  the  matrix. 
Another  typical  crater  produced  by  single  particle  impact 
is  shown  in  Fig.  8.  On  the  crater  walls  and  bottom 
characteristic  shearing  bands  can  be  seen.  Cracks  in 
extruded  material  indicate  the  poor  bonding  to  the 
original  surface.  Coarse  deformation  twins  in  coagulated 
Laves  phase  in  the  craters  vicinity  have  also  been 
observed.  Microstructure  refinement  after  laser  cladding 
promoted  crystallographic  defects  piling  up  at  grain 
boundaries,  that  led  to  microcrack  formation.  Other 
factors  promoting  material  cracking  could  be  the  super¬ 
saturation  of  solid  solution  in  alloying  elements  as  well 
as  the  residual  stresses  after  laser  treatment. 

Cross-sectional  SEM  observations  of  the  eroded  alloy 
microstructure  next  to  the  surface  revealed  the  presence 
of  a  narrow  material  layer,  showing  a  high  degree  of 
plastic  deformation  (defined  by  a  dashed  line  in  Fig.  9). 
The  deformed  material  lost  the  two-phase  eutectic  char¬ 
acter  specific  to  the  matrix.  Beyond  the  surface  layer, 
the  material  maintained  the  original  two-phase 
microstructure. 

In  order  to  further  examine  the  microstructure 
changes  in  material  subjected  to  intensive  erosive  wear, 
the  TEM  method  has  been  applied.  After  erosion, 
regarding  microstructural  effects,  three  zones  could  be 
distinguished  across  the  surface  layer.  Down  to  4-5  pm 
below  the  surface  the  structure  turned  nearly  amor¬ 
phous,  as  confirmed  by  a  ring  diffraction  pattern 
[Fig.  10(A)].  Based  on  ring  diameter  measurements,  Co 
fee  solid  solution  as  a  matrix  and  fine  precipitates  of 
recrystallized  Laves  phase  have  been  identified.  The 
second  zone  situated  roughly  at  5  to  15  pm  beneath  the 
surface  appears  strongly  dislocated,  with  fragments  of 
highly  deformed  grains  of  Laves  phase  cut  by  slip  bands 
and  displaced  [Fig.  10(B)].  Coarse,  intersecting  slip 


Fig.  9,  Cross-sectional  SEM  view  of  material  deformation  next  to  the 
surface  (arrowed)  due  to  erosion  (the  deformation  zone  approximate 
range  is  determined  by  a  dashed  line). 


Fig.  10.  TEM  bright  field  view  of  the  microstructure  and  related 
electron  diffraction  patterns  from  three  zones  formed  in  the  surface 
layer  of  T-400  alloy  during  erosion:  (A)  2  pm,  (B)  10  pm,  (C)  30  pm 
below  the  surface. 


bands  favourable  for  crack  nucleation  have  also  been 
spotted,  as  well  as  twinning  in  some  Laves  phase  grains. 
The  presence  of  both  fee  and  hep  type  Co  solid  solution 
in  this  zone  was  stated  upon  the  diffraction  patterns 
solution,  even  if  no  stacking  faults  were  observed  in  the 
area  [Fig.  10(B)].  In  the  third  zone,  lying  about  30  pm 
below  the  surface,  stacking  faults  dominated  in  the 
matrix  and  micro-twins  in  Laves  phase  grains 
[Fig.  10(C)].  Some  slip  bands  crossing  the  Laves  phase 
grains  could  also  be  seen. 

The  low  load  (0.2  N)  microhardness  was  tested  next 
to  the  surface  on  the  samples  cross-section  with  the  aim 
of  estimating  the  alloy  strain  hardening  due  to  erosion. 
It  was  found  that  the  strain  hardening  of  T-400  alloy  in 
the  laser  track  center  zone  was  small,  reaching  about 
14%  compared  with  the  original  alloy.  In  the  inter-track 
heat-affected  zone  a  microhardness  increase  of  about 
30%  was  observed.  In  both  cases  the  microhardness 
increase  zone  measured  about  60  pm  below  the  eroded 
surface. 
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4.  Concluding  remarks 

Proper  selection  of  laser  cladding  parameters  allows 
us  to  obtain  high  quality  and  low  dilution  Tribaloy 
T-400  coatings  on  different  substrates.  Such  a  material 
is  characterized  by  high  hardness  due  to  microstructure 
refinement,  supersaturation  of  phases  by  alloying  ele¬ 
ments  and  presence  of  highly  dispersed  and  brittle  Laves 
phase.  At  the  same  time,  however,  the  plastic  properties 
of  the  alloy  deteriorates,  which  may  have  a  negative 
effect  on  the  erosion  behavior  of  T-400  alloy  by  promot¬ 
ing  the  material  cracking  and  chipping  that  in  conse¬ 
quence  leads  to  extensive  surface  wear. 
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Abstract 

Electroless  plating  of  non-conducting  materials  needs,  prior  to  the  metal  deposition  itself,  to  make  the  sample  surface 
catalytically  active.  The  route  involving  the  chemical  reduction  of  a  thin  solid  metal-organic  coating  has,  for  this  purpose,  a 
significant  potential  in  reducing  the  number  of  steps  which  are  required  today  in  conventional  wet  chemical  metallization  processes. 
In  this  work,  a  novel  activation  process  using  a  dielectric  barrier  discharge  (DBD)  is  described  for  the  first  time.  This  process  is 
based  on  the  plasma-induced  chemical  reduction  at  atmospheric  pressure  in  air  of  palladium  acetate  (PdAc)  layers  resulting  in 
the  formation  of  palladium  (Pd)  on  non-active  surfaces.  Fast  surface  activation  of  polymers  like  polyimide  (PI)  was  found  to 
occur  in  only  a  few  seconds  using  a  simple  DBD  device  instead  of  expensive  excimer  UV  lamps  or  complicated  laser  systems.  The 
DBD-induced  Pd  layers  on  PI  exhibit  high  activity  with  regard  to  initiation  of  the  electroless  copper  plating.  Indeed,  copper 
deposition  starts  immediately  after  dipping  the  activated  PI  samples  in  the  electroless  solution  without  any  inhibition  time. 
Homogeneous  copper  coatings  on  PI  were  achieved  under  optimal  plasma  treatment  conditions.  The  results  are  compared  to 
those  achieved  with  excimer  UV  lamps  and  excimer  UV  lasers.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Dielectric  barrier  discharge  (DBD);  Electroless  copper  plating;  Excimer  UV  lamps;  Palladium;  Palladium  acetate;  Photo-induced 
reduction;  Plasma-induced  reduction;  Polyimide  (PI) 


1.  Introduction 

Electroless  metal  deposition  is  one  of  the  most  fre¬ 
quently  used  industrial  processes  for  metallizing  non¬ 
conductors  like  polymers  [1,2].  The  need  for  new  tech¬ 
niques  which  allow  a  reduction  in  environmental  prob¬ 
lems  led  to  the  use  of  new  direct  deposition  methods 
like  laser  chemical  vapour  deposition  (LCVD)  [3]  and 
plasma  enhanced  chemical  vapour  deposition  (PECVD) 
[3,4],  and  also  to  the  simplification  of  the  electroless 
methods  by  using  plasma  [5],  laser  [6-8]  and  excimer 
UV  laser  [9-16]  or  VUV/UV  excimer  lamps  [17-26] 
induced  surface  pre-treatment  and  activation.  In  order 
to  reduce  the  number  of  wet  chemical  surface  condition¬ 
ing  steps,  the  surface  activation  of  polymers  and  ceram¬ 
ics  was  performed  by  chemical  reduction  of  thin  solid 
metal-organic  films  using  the  intense  radiation  of  exci¬ 
mer  UV  lasers  and  lamps,  besides  several  other  tech¬ 
niques  involving  gaseous  and  liquid  chemical  precursors. 
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Especially,  pre-nucleation  of  non-catalytic  surfaces  with 
Pd  from  Pd-organic  films  has  been  carried  out  by  using 
excimer  lasers  at  2=193nm  (ArF*)  and  A  =  248nm 
(KrF*)  and  novel  incoherent  excimer  sources.  The 
UV/VUV  generation  of  excimer  lamps  is  based  on  the 
excimer  formation  using  a  dielectric  barrier  discharge  in 
an  atmosphere  of  rare  gas,  halogen  or  rare  gas/halogen 
mixture.  A  large  number  of  different  excimer  spectra 
can  then  be  obtained.  In  our  experiments  we  used 
preferentially  the  incoherent  excimer  radiation  at  2  = 
172  nm  (Xe^)  and  2  =  222  nm  (KrCF).  For  some  years, 
excimer  lamps  of  this  type  have  been  commercially 
available.  Lately,  a  new  photo-processor  including  a 
KrCr  excimer  lamp  (Excimet®  from  J.I.P.ELEC)  [27] 
has  been  developed  to  perform  a  photo-selective  metalli¬ 
zation.  This  process  is  an  additional  UV  excimer-assisted 
process  allowing  the  photo-selective  activation  of  sub¬ 
strates  for  electroless  plating. 

The  objective  of  our  present  work  consists  of  using 
the  dielectric  barrier  discharge  directly  for  pre-treating 
and  activating  polymeric  materials  for  electroless  plating 
in  order  to  achieve  a  higher  throughput  compared  to 
that  achieved  with  excimer  lamp  processing. 
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2.  Experimental 

Commercially  available  square  shaped 
(25  X  25  mm^)  PI  foils  (Du  Pont;  Kapton®),  50  pm  in 
thickness,  were  used.  The  Pd  Ac  films  to  be  investigated 
were  spin-coated  on  the  substrates  from  a  solution  of 
palladium  (II)  acetate  at  a  concentration  of 
0.15  mol  dm”^  in  chloroform.  During  the  spin-on  pro¬ 
cess  the  chloroform  evaporates  immediately  and  uniform 
solid  films  with  thicknesses  between  0.01  and  0.3  pm  are 
obtained  almost  instantaneously.  The  pre-nucleation  of 
the  PI  surface  with  Pd  is  performed  by  decomposition 
of  the  PdAc  film  by  UV  processing  with  the  excimer 
lasers  and  lamps  or  via  direct  plasma  treatment  in  a 
dielectric  barrier  discharge  in  air.  For  the  laser  experi¬ 
ments  a  KrF*  excimer  laser  (Lambda  Physik,  Model 
EMG  103)  was  used.  The  excimer  laser  pulse  energy 
was  measured  with  a  joulemeter  (Gen  Tec  PRJ-D). 

The  VUV  lamp  processing  was  performed  with  a 
dielectric  barrier  discharge  operating  in  xenon  [17,18] 
and  emitting  an  incoherent  radiation  around  2=  172  nm. 
For  these  experiments  a  cylindrical  VUV  source  was 
mounted  in  a  small  reactor  [17]  which  could  be  evacu¬ 
ated  and  flooded  with  nitrogen  or  argon.  Air  cannot  be 
tolerated  for  such  experiments  because  oxygen  absorbs 
the  VUV  radiation  and  is  dissociated.  This  would  lead 
to  ozone  formation,  which  also  attenuates  this  radiation. 
In  such  experiments,  the  substrate  was  mounted  at  a 
distance  of  1  cm  from  the  VUV  source  and  was  irradi¬ 
ated  with  an  estimated  flux  of  about  5  x 
10^^  photons  cm"^  s~^  (about  60  mW  cnF).  Under  these 
conditions,  the  decomposition  of  PdAc  was  achieved  in 
a  few  minutes  and  resulted  in  the  formation  of  a 
continuous  palladium  film.  The  patterning  of  the  metal 
layers  was  obtained  using  contact  metal  masks. 

The  DBD  plasma  experiments  for  surface  modifica¬ 
tion  of  polymers  were  performed  in  air  at  atmospheric 
pressure  with  the  electrode  arrangement  shown  schemat¬ 
ically  in  Fig.  1 .  The  lower  electrode  of  the  arrangement 
was  a  circular  copper  disk  25  mm  in  diameter.  The  PI 
samples  themselves  served  as  the  dielectric  barrier  for 
the  discharge.  The  samples  under  treatment  were  put 


Fig.  1.  Schematic  view  of  the  experimental  set-up  used  for  surface 
modification  of  PI  with  the  dielectric  barrier  discharge. 


on  top  of  the  lower  grounded  electrode.  The  upper 
electrode  was  a  6  mm  rod  in  diameter  with  a  rounded 
lower  edge,  leading  to  a  3  mm  in  diameter  circular  plane 
electrode  area.  For  the  DBD  treatment  of  larger  PI 
surfaces  a  larger  upper  planar  electrode  with  a  diameter 
of  20  mm  was  used.  The  axial  position  of  the  lower 
electrode  could  be  varied  in  order  to  adjust  the  discharge 
gap  length.  The  two  electrodes  were  connected  to  a  low- 
frequency  generator  (ENI  HRG-2)  without  additional 
matching  network.  The  minimum  frequency  of  the  gen¬ 
erator  was  125  kHz.  The  discharge  power  was  read  at 
the  generator  output.  Only  a  very  limited  range  of 
discharge  gap  lengths  between  0.1  and  0.25  mm  was 
accessible  for  discharge  ignition  with  the  power  and 
frequencies  available  from  the  generator.  The  load 
power  was  typically  between  zero  and  80  W.  At  0.5  mm 
no  discharge  could  be  ignited.  The  frequencies  used  were 
125  kHz  and  135  kHz,  since  at  higher  frequencies  dis¬ 
charge  ignition  was  harder  to  accomplish  if  not 
impossible. 

The  topography  of  the  irradiated  polyimide  surfaces 
was  investigated  using  scanning  electron  microscopy 
(SEM)  (JEOL  JXA-733).  Thicknesses  of  PdAc,  Pd  and 
Cu  films  were  estimated  using  electron  probe  micro¬ 
analyses  (EPMA).  For  calibration  different  film  thick¬ 
nesses  were  deposited  on  glass  substrates  and  determined 
by  interference  microscopy  (Carl  Zeiss  instrument). 

X-ray  photoelectron  spectroscopy  (XPS)  analyses 
were  performed  with  a  Riber  SIA  200  spectrometer 
equipped  with  a  non-monochromatic  A1  X-ray  source 
and  a  Mac  2  analyser.  Survey  scans  were  recorded  at 
overall  resolution  of  2.3  eV  and  core-level  spectra  at 
0.9  eV  with  a  take-off  angle  of  65°  with  respect  to  the 
sample  surface.  All  spectra  were  referenced  to  the  C  Is 
signal  at  285  eV  representative  of  the  C— C  and  C— H 
bonds.  Additional  analyses  by  X-ray  fluorescence  spec¬ 
trometry  (XRFS)  were  carried  out  using  a  Philips  PW 
1220  instrument. 


3.  Results  and  discussion 

3.1.  Experiments  with  the  dielectric  barrier  discharge 

The  steps  of  the  simple  deposition  process  are  shown 
schematically  in  Fig.  2.  A  DBD  pre-treatment  for  about 
10  s  cleans  the  PI  surfaces  and  generates  a  micro¬ 
roughness.  As  seen  in  a  previous  work  [28],  surface 
cleaning  is  accompanied  by  a  moderate  surface  oxida¬ 
tion.  The  latter  is  observed  through  slight  variations  of 
the  atomic  surface  concentrations,  namely  a  decrease  of 
C  and  an  increase  of  O  when  the  treatment  time  increases 
from  2  to  60  s.  The  most  striking  feature  concerns  a 
new  component  located  at  about  407  eV,  which  appears 
on  the  N  Is  spectrum  of  the  DBD-treated  samples.  This 
component  characterizes  N02-N03-type  groups  whose 
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Fig.  2.  Schematic  diagram  of  the  deposition  process. 

formation  results  from  the  strong  oxidizing  power  of 
ozone  molecules  (O3)  and  atomic  oxygen  (O)  created  in 
the  silent  discharge  operating  in  air. 

The  PdAc  films  were  then  spin-coated  onto  the 
so-modified  PI  surfaces  and  their  complete  decomposi¬ 
tion  was  achieved  through  a  DBD  treatment  for  a  few 
seconds,  resulting  in  a  well-adherent  Pd  layer  on  the  PI 
surface.  The  non-decomposed  parts  of  the  PdAc  film 
were  removed  by  rinsing  in  chloroform  and  the  pre¬ 
nucleated  PI  surfaces  were  electrolessly  coated  using  a 
commercially  available  electroless  copper  bath.  All  pro¬ 
cess  steps  were  carried  out  in  air  at  room  temperature. 
Concerning  this  sequence,  the  palladium  amount  upta- 
ken  by  spin-coating  as  a  function  of  the  number  of 
PdAc  droplets  deposited  on  the  PI  substrate  was  deter¬ 
mined.  Such  measurements  were  performed  using 
XRFS.  In  this  particular  case,  for  which  the  PdAc 
thickness  is  very  low,  the  intensity  of  the  X-ray  signal 
characteristic  of  Pd  is  directly  proportional  to  the  deposit 
thickness.  Fig.  3  represents  the  intensity  variation  of  the 
Pd  Lpi  signal  due  to  PdAc  films  deposited  on  such 
as-received  samples  (curve  a)  and  samples  previously 
DBD-treated  for  4  s  (curve  b),  respectively.  In  both 


Electroless  Cu 
deposition 


cases,  the  Pd  LPi  signal  intensity  can  be  considered  as 
constant  whatever  the  number  of  droplets  deposited. 
This  result  means  that,  for  the  high  spin-frequency  of 
about  10^  rpm  used,  the  centrifugation  effect  leaves  on 
the  substrate  surface  only  a  low  material  amount  similar 
in  thickness.  The  Pd  signal  is  about  twice  as  high  in  the 
case  where  PdAc  is  deposited  on  DBD-treated  substrates 
as  in  the  case  where  it  is  deposited  as  a  non-homogen- 
eous  film  on  non-treated  substrates.  This  emphasizes  the 
need  for  surface  pre-treatment,  which  allows  us  to  make 
the  surface  more  ‘reactive’  towards  the  PdAc  deposit 
and  consequently  to  form  thin  films  much  more  uniform 
in  thickness.  In  addition,  XPS  investigations  of  the  PdAc 
films  were  undertaken.  However,  no  quantitative  analy¬ 
sis  is  provided  here  given  that  a  spectral  interference 
exists  between  the  0  1s  and  Pd  3p  3/2  peaks  which 
prevents  us  from  evaluating  the  oxygen  atomic  concen¬ 
tration.  The  use  of  the  O  2s  peak  for  this  purpose  is 
obviously  possible  but  its  very  low  intensity  would  lead 
to  very  large  uncertainties.  On  the  other  hand,  interesting 
information  on  the  chemical  state  of  Pd  can  be  drawn 
from  the  Pd  3d  3/2,  5/2  spectra.  Indeed,  the  DBD 
treatment  of  the  PdAc  layers  causes  a  partial  chemical 
reduction  of  the  deposited  Pd^"^  species.  This  reduction 
gives  rise  to  a  chemical  shift  of  the  spin  doublet  towards 
the  low  binding  energy  side  (Fig.  4)  at  an  intermediate 
value  between  those  of  the  Pd^'^  and  Pd(0)  states  [29]. 
However,  it  appears  that  the  complete  chemical  reduc¬ 
tion  of  the  palladium  species  present  on  the  PI  substrate 
after  the  DBD  treatment  occurs  in  the  plating  bath 
thanks  to  the  action  of  the  reducing  agent  (formaldehyde 
in  the  present  case).  This  is  confirmed  by  spectrum  c  in 
Fig.  4  obtained  after  a  short  immersion  time  (10  s)  in 
the  plating  bath  of  the  DBD-treated  sample.  Indeed,  the 


Fig.  3.  XRFS  experiments:  Pd  LPi  intensity  variation  as  a  function  of 
the  droplet  number  of  spin-deposited  PdAc:  (a)  on  as-received  sub¬ 
strates;  (b)  on  DBD-cleaned  PI  substrates. 


Fig.  4.  Pd  3d  XP  spectra  of:  (a)  a  spin-deposited  PdAc  film;  (b)  the 
same  as  (a)  after  a  DBD  treatment;  (c)  the  same  as  (b)  after  immersion 
for  10  s  in  the  plating  bath. 
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Fig.  5.  Copper  deposits  on  PI  (Kapton®)  after  electroless  plating  (2  min)  of  pre-treated  PI  samples  (pre-treatment  time  10  s,  DBD  power  60  W) 
and  DBD-indiiccd  decomposition  of  PdAc  (treatment  time  5  s)  at  different  powers:  (a)  40  W,  (b)  SOW,  (c)  60  W,  and  (d)  VOW.  Discharge 
gap  175  pm. 


binding  energy  of  the  spin  doublet  is  again  shifted 
towards  the  low  binding  energy  side  and  reaches  the 
energy  value  of  the  Pd(0)  species  (metallic  Pd). 

In  Fig.  5  are  shown  copper  deposits  on  PI 
(Kapton®)  produced  with  the  described  method  using 
different  powers  of  the  DBD.  First  of  all,  a  DBD  power 
of  about  40  W  is  necessary  to  initiate  the  decomposition 
of  the  PdAc  film  [Fig.  5(a)].  At  higher  DBD  powers, 
ring-shaped  copper  layers  are  obtained  due  to  the  higher 
electrical  field  strengths  at  the  edges  of  the  upper 
electrode  of  the  DBD  device  [Fig.  5(b)  and  (c)].  Finally, 
at  about  70  W  circular  copper  coatings  are  achieved 
with  high  reproducibility  [Fig.  5(d)].  Contrary  to  the 
discontinuous  copper  layer  shown  in  the  SEM  image  of 
Fig.  6,  which  is  a  magnified  view  of  Fig.  5(a),  the  copper 


Fig.  6.  SEM  image  of  the  sample  of  Fig.  5(a);  scale  50  pm. 


pads  produced  at  optimal  conditions  (VOW)  consist  of 
a  continuous  layer  (Fig.  7). 

Fig.  8  shows  the  thickness  variation  determined  by 
XRFS  of  the  electroless  copper  film  deposited  on  PI  as 
a  function  of  the  dipping  time.  As  can  be  seen,  the 
deposition  starts  immediately  (no  inhibition  time)  and 
the  rate  of  formation  of  the  copper  layers  is  higher  at 
the  beginning  of  the  deposition  process.  The  typical 
deposition  rate  in  the  copper  bath  used  is  about 
0.1  pm/min. 

3.2.  Experiments  with  excimer  lasers  and  excimer  lamps 

In  order  to  study  the  UV-induced  decomposition  of 
PdAc  with  the  excimer  laser  and  lamp  UV  radiation, 
the  PI  foils  were  spin-coated  as  already  described.  The 
average  thickness  measured  by  EMPA  of  the  PdAc  films 
was  determined  to  be  about  90  nm.  In  the  case  of  the 
incoherent  excimer  lamp  irradiation,  the  formation  of 
the  palladium  film  proceeds  almost  linearly  with  the 
exposure  time.  The  final  thickness  of  about  6nm  is 
reached  in  about  180  s,  after  which  time  no  further 
changes  are  observed.  Excimer  lamp-induced  Pd  layers 
were  smooth  and  continuous  and  were  electrolessly 
coated  with  copper.  All  copper  coatings  have  a  good 
adhesion  and  pass  the  Scotch®  tape  test. 

Different  results  were  obtained  with  pulsed  excimer 
laser  irradiation.  To  perform  these  experiments  we  used 
a  cylindrical  quartz  lens  to  obtain  a  focal  line.  As  found 
in  previous  works,  decomposition  of  PdAc  with  pulsed 
excimer  laser  radiation  (typical  pulse  width  20  ns)  is 
only  possible  above  a  certain  threshold  fluence  value  of 
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Fig.  7.  SEM  pictures  of  a  copper  film  deposited  under  optimum  conditions  [same  parameters  as  in  Fig.  5(d)]:  (a)  overview,  scale  1  mm;  (b)  centre, 
scale  200  pm. 


about  15mJ/cm^  at  A  =  248nm.  Palladium  formation 
on  PI  from  the  thin  solid  PdAc  films  shows  a  very 
complex  behaviour  compared  to  that  obtained  using  the 
incoherent  excimer  lamp  radiation.  First  of  all,  for 
fluences  below  30  mJ/cm^  no  palladium  can  be  detected. 
Indeed,  as  the  laser  treatment  is  inefficient  to  reduce 
Pd^^  to  Pd,  the  whole  PdAc  film  is  removed  by  rinsing 
in  the  chloroform  solution.  PI,  which  is  a  strong  absor¬ 
bent  material,  presents  a  relatively  low  ablation  thresh¬ 
old  fluence  of  about  30  mJ/cm^.  Adherent  palladium 
layers  are  obtained  for  fluences  above  30  mJ/cm^. 
Evidently,  higher  pulse  energies  have  a  beneficial  influ¬ 
ence  on  the  Pd  chemical  transformation  and  on  its 
adhesion  to  the  substrate.  This  is  a  consequence  of  the 
strong  interaction  of  the  UV  radiation  with  the  polyim- 
ide  surface.  Furthermore,  the  number  of  pulses  has  a 
decisive  influence  on  the  process.  For  a  fluence  of  about 
75  mJ/cm^,  the  first  pulse  allows  us  to  obtain  a  0.8  nm 
thick  discontinuous  palladium  layer  while  the  following 
pulse  causes  its  complete  removal  due  to  ablation.  The 
strong  influence  of  the  substrate  material  on  the  film 
deposition  is  typical  for  a  pyrolytic  decomposition  mech¬ 
anism  of  the  thin  solid  layer  in  which  the  extent  of  the 
transient  temperature  rise  is  determined  by  the  thermal 
properties  of  the  coated  substrate  [30].  Therefore,  in 


Fig.  8.  Thickness  changes  of  the  electroless  copper  films  deposited  on 
PI  as  a  function  of  the  dipping  time. 


our  experiments  two  processes,  namely  Pd  chemical 
reduction  and  ablation,  are  in  competition  during  the 
excimer  laser  irradiation.  During  the  first  laser  pulse 
(for  a  fluence  of  about  75  mJ/cm^)  nearly  the  whole  UV 
radiation  is  absorbed  by  the  initial  PdAc  film,  leading 
to  the  removal  of  a  certain  amount  of  PdAc  and 
therefore  to  the  formation  of  only  a  very  thin  Pd  layer 
on  the  PI  surface.  The  energy  of  the  second  pulse  leads 
to  a  fast  heating  of  the  PI  surface,  resulting  in  a  complete 
ablation  of  the  initial  PdAc  layer  so  that  copper  plating 
is  no  longer  achievable.  Additional  experiments  have 
shown  that  at  high  fluences  (roughly  above  0.3  J/cm^) 
the  first  pulse  already  causes  the  complete  removal  of 
the  PdAc  layer. 


4,  Conclusions 

A  simple  electroless  plating  method  was  investigated 
using  excimer  lasers,  excimer  lamps  and  DBDs  with  a 
view  to  pre-activating  PI  surfaces.  We  found  that  the 
characteristics  of  the  UV  source  have  a  decisive  influence 
on  the  nature  of  the  decomposition  process  of  thin  solid 
PdAc  films.  Excimer  laser-induced  formation  of  Pd  films 
is  a  pyrolytic  process  which  depends  strongly  on  the 
thermal  properties  of  the  substrate  material.  The  thick¬ 
ness  of  the  discontinuous  Pd  films  depends  sensitively 
on  the  fluence  and  the  number  of  pulses.  Therefore, 
excimer  lasers  do  not  seem  to  be  well-suited  to  make 
use  of  the  proposed  metallization  method. 

With  the  incoherent  xenon  VUV  lamp,  decomposition 
of  PdAc  is  achieved  resulting  in  smooth  and  continuous 
Pd  films  on  the  PI  surfaces  which  can  be  plated  without 
any  problems.  However,  the  low  efficiency  of  the  excimer 
lamps  presently  in  use,  in  addition  to  the  necessarily 
long  UV  processing  time,  stimulates  the  search  for  new 
and  more  efficient  activation  techniques. 

Pre-treatment  of  the  PI  surfaces  and  activation  of  the 
PdAc  films  for  subsequent  electroless  copper  deposition 
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using  DBDs  at  atmospheric  pressure  have  been  shown 
for  the  first  time.  Surprisingly,  we  found  that  the  surface 
activation  through  the  DBD-induced  decomposition  of 
the  PdAc  precursor  layer  is  possible  only  in  a  few 
seconds  compared  to  long-term  exposure  required  in  the 
case  of  excimer  lamps.  The  use  of  DBDs  for  surface 
treatment  and  activation  by  Pd  of  polymeric  substrates 
for  electroless  metal  plating  instead  of  expensive  excimer 
lamp  and  laser  systems  provides  an  interesting  alterna¬ 
tive  from  an  economical  point  of  view. 
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Abstract 

Growth  of  diamond-like  films  at  room  temperature  by  Nd:YAG  laser  (A  =  532  nm)  irradiation  of  a  polymer  precursor  is 
presented.  The  morphologies  of  the  resulting  samples  were  examined  by  scanning  electron  microscopy  (SEM).  The  structures  of 
films  were  investigated  by  Raman  spectra.  The  mechanism  of  diamond-like  phase  conversion  from  the  polymer  is  discussed.  Our 
results  indicate  that  the  polymer  is  converted  into  sp^  diamond  phases  in  amorphous  carbon  matrix  phases  by  pulsed  laser 
irradiation  in  an  argon  atmosphere.  Raman  spectroscopy  analysis  provides  evidence  for  the  conversion  from  this  polymer  to 
diamond-like  phases.  SEM  micrographs  reveal  the  crystalline  structures.  It  is  proposed  that  the  conversion  of  diamond-like  phases 
may  be  related  to  the  unique  structure  of  the  polymer  and  the  thermal  energy  provided  by  the  laser  beam.  ©  2000  Elsevier  Science 
S.A.  All  rights  reserved. 

Keywords:  Diamond;  Polymer  precursor;  Pulsed  laser;  Pyrolysis 


1.  Introduction 

Diamond  thin  films  offer  a  large  variety  of  possible 
applications  due  to  their  unique  material  properties  such 
as  hardness,  chemical  inertness,  excellent  tribological 
properties,  optical  transparency,  high  thermal  conduc¬ 
tivity  and  high  electrical  resistivity.  Diamond  can  be 
doped  and  used  as  a  wide  band-gap  (5.4  eV)  semicon¬ 
ductor.  Low  temperature  growth  of  diamond  films  is 
important  for  extending  these  applications.  A  variety  of 
techniques  have  been  successfully  applied  in  deposition 
of  diamond  films.  Among  them,  pulsed  laser  deposition 
(PLD)  using  suitable  target  materials  in  a  vacuum  is  an 
emerging  technology  for  forming  diamond  films. 

Of  the  various  possible  target  materials,  graphite  has 
received  the  most  attention.  Using  graphite  targets  in 
high  vacuum,  PLD  can  be  applied  to  produce  nanophase 
and  microphase  diamond  films  [1,2]  at  temperatures 
higher  than  600°C.  However,  during  the  deposition  of 
diamond  and  diamond-like  (DLC)  films  [3]  it  was  found 
that  the  use  of  such  targets  resulted  in  splashed  graphite 
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particles  in  films.  The  deposition  rates  were  initially  slow 
and  decreased  rapidly  if  the  target  was  not  continu¬ 
ously  moved. 

As  graphite  proves  to  be  a  disadvantageous  material 
for  deposition  of  crystalline  diamond  by  PLD,  more 
acceptable  targets  have  been  investigated.  Recently, 
PLD  was  adopted  in  the  synthesis  of  diamond  films 
using  liquid  organic  [4,5]  and  solid  polymeric  targets 
[6,7].  Using  suitable  organic  and  polymeric  targets,  the 
deposition  rates  can  be  effectively  increased  and  splashed 
material  from  graphite  targets  can  be  avoided. 

One  possible  polymeric  target  is  phenylcarbyne.  This 
is  a  carbon  based  random  network  polymer  [8].  This 
polymer  could  be  converted  to  diamond-like  carbon 
phases  at  atmospheric  pressure  after  thermal  decomposi¬ 
tion  [8].  By  plasma  treatment  of  the  polymer  precursor 
in  a  hydrogen  or  hydrocarbon  atmosphere,  diamond 
crystals  were  formed  at  low  temperature  with  high 
growth  rates  [9].  The  polymer  is  readily  soluble  in 
organic  solvents,  which  can  be  applied  to  various  sub¬ 
strates  by  spinning,  dipping  or  draining.  In  addition, 
the  polymer  precursor  undergoes  a  photo-oxidation 
reaction  so  that  it  may  be  photo-patternable  [8].  By 
laser  irradiation  of  the  polymer,  very  small  size  features 
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suitable  for  direct  writing  can  be  formed,  which  is  very 
useful  in  microelectronic  or  micromechanical  processes. 
Although  this  polymer  has  these  possible  advantages, 
no  report  on  treatment  by  laser-based  methods  is  avail¬ 
able.  In  this  article,  we  report  on  the  synthesis  of 
diamond-like  films  using  phenylcarbyne  polymer  as  a 
precursor  by  a  pulsed  Nd:YAG  laser  {I  =  532  nm)  irradi¬ 
ation  at  low  temperature  with  a  high  growth  rate. 


Ramanscope,  which  offers  a  resolution  of  1  cm"\  and 
uses  Ar’^  laser  (2  =  514.5  nm,  laser  power  on  the  sample 
was  less  than  2mW).  Thermal  analysis  was  done  on 
the  polymer.  The  glass  transition  temperature  (Jg)  of 
the  polymer  was  measured  with  a  thermal  analysis  TA 
Instruments  2920  differential  scanning  calorimeter. 


3.  Results  and  discussion 


2.  Experimental 

The  polyphenylcarbyne  polymer  was  inexpensively 
synthesized  by  reductive  condensation  of 
1,1,1-tricholorotoluene  monomer  with  an  ultrasonically 
generated  NaK  alloy  emulsion  in  tetrahydrofuran 
(THF)  under  an  inert  atmosphere  [8].  The  polymer 
solution  was  prepared  by  dissolving  polymer  powder  in 
THF,  and  the  solution  was  applied  on  single  crystal 
silicon  (100)  substrates  by  spin-coating.  After  evapora¬ 
tion  of  the  THF,  polymer  films  were  formed  on  the 
substrates. 

A  schematic  diagram  of  the  experimental  configura¬ 
tion  is  shown  in  Fig.  1.  The  laser  beam  was  focused 
with  a  quartz  lens  and  guided  through  a  quartz  window 
to  irradiate  the  polymer  surface.  The  three  valves 
allowed  evacuation  of  the  cell,  introduction  of  argon  to 
various  pressures,  and  measurement  of  the  vacuum 
pressures.  The  cell  was  evacuated  to  a  pressure  of 
10"^Torr,  and  argon  gas  was  used  to  further  suppress 
the  photo-oxidation  reaction  [8]  and  to  reduce  evapora¬ 
tion  of  the  polymer.  The  pressure  of  the  cell  was 
maintained  at  about  250  Torr  during  the  experiment. 
An  Nd:YAG  laser  (B.M.  industries  5022  D.  Ns.  10) 
operating  in  its  second  harmonic  mode  (2  =  532  nm,  t  = 
7  ns)  was  used  for  growing  diamond  with  a  fluence  of 
950  mJ/cm^  at  a  repetition  of  1  Hz  ,  and  irradiating  the 
polymer  surface  with  one  or  two  pulses. 

The  films  were  investigated  using  SEM  (Hitachi 
S-4100)  and  micro-Raman  spectroscopy.  The  micro- 
Raman  measurements  were  made  with  a  Renishaw 


Lens 


Quartz  window 


Sample 


Fig.  1.  A  schematic  diagram  showing  the  experimental  setup. 


The  typical  SEM  morphologies  of  a  film/crystal 
formed  on  the  surface  of  silicon  substrate  after  laser 
irradiation  are  shown  in  Fig.  2,  which  is  considerably 
different  from  the  SEM  image  of  the  precursor  polymer 
film.  The  precursor  polymer  film  is  smooth  and  feature¬ 
less,  mainly  consisting  of  an  amorphous  phase.  In 
Fig.  2(a),  the  film  consists  of  different  crystallites  with 
sizes  from  several  tens  of  nanometers  to  several  microns. 
Fig.  2(b)  displays  crystallites  of  microns  in  size.  In  most 
cases,  the  converted  carbon  film  consists  of  nanocrystals 


2  v?" 
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Fig.  2.  SEM  images  of  the  film  and  crystals  formed  on  Si  substrate  by 
laser  irradiation  with  a  fluence  of  950  mJ/cm^;  (a)  a  film,  (b)  crystals 
with  different  sizes. 
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and  amorphous  matrix,  only  a  few  micron  crystals  can 
be  observed. 

A  micro-Raman  spectrum  of  a  crystal  region  in  the 
film  is  shown  in  Fig.  3,  which  is  significantly  different 
from  that  of  the  original  polymer  film.  There  is  a  strong 
luminescence  without  detectable  features  in  Raman 
spectrum  of  the  original  polymer  film.  The  peak  at 
1333  cm  “Ms  a  characteristic  for  sp^  bonding  in  diamond 
film  [10],  although  it  is  broadened  by  the  presence  of 
contaminating  sp^  amorphous  carbon.  Further,  the 
broadening  can  also  be  due  to  small  grain  size  [11]  and 
defects  in  the  diamond  structure.  The  broad  peak  at 
1582  cm (G  band)  shows  that  some  sp^  amorphous 
carbon  exists  in  the  carbon.  For  nanocrystal  graphite 
(glassy  carbon),  besides  the  G  band  at  around 
1580  cm“*,  another  peak  at  about  1355  cm“^  which  is 
assigned  to  the  D  band  also  appears  in  the  Raman 
spectrum.  Therefore  we  assume  that  the  broad  peak  at 
1333  cm“Mn  our  Raman  spectrum  may  be  contributed 
to  the  diamond  phase  and  sp^  cluster  carbon  (D  band). 
Associated  with  the  SEM  observation,  we  concluded 
that  the  film  converted  from  the  polymer  consisted  of 
sp^  diamond  phases  with  some  sp^  amorphous  carbon 

Two  mechanisms,  photochemical  and  thermal,  have 
been  considered  for  the  UV  laser  ablation  of  polymers. 
On  absorbing  laser  light,  polymer  molecules  are  excited 
into  high  energy  electronic  states  which  may  decay 
through  direct  bond  dissociation  [12]  or  rapid  conver¬ 
sion  of  photon  energy  into  vibrational  energy  to  produce 
heat  [13].  In  general,  a  distinction  between  these  two 
mechanisms  depends  on  the  identity  of  polymers  and 
experimental  conditions  such  as  laser  fluence,  wave¬ 
length  and  pulse  duration.  For  the  thermal  mechanism, 
the  subsequent  decomposition  is  a  pyrolysis  of  the 
polymer  that  is  not  quite  different  from  the  processes 
observed  with  laser  irradiation  at  visible  or  infrared 


Raman  shift  (  cm'^  ) 


Fig.  3.  Raman  spectrum  of  the  film  formed  on  Si  substrate  by  laser 
irradiation  with  a  fluence  of  950  mj/cm^. 


wavelengths  [14,15].  In  our  experiment,  the  polymer 
[CgHjCJn  is  a  hydrocarbon  network  and  is  mainly 
composed  of  tetrahedral  hybridized  carbon  atoms  which 
bear  one  phenyl  group  and  are  linked  through  three 
single  C— C  bonds  into  a  random  network  of  fused 
rings  [8].  The  bond  energies  in  the  ground  electronic 
states  in  the  polymer  could  be  estimated  in  a  range  from 
4.0  to  7.4  eV.  This  range  assumes  that  tabulated  C— H, 
C=C,  C— QHs  bond  energies  [16]  are  similar  to  those 
formed  in  the  polymer,  and  the  single  C— C  bonds  in 
the  polymer  are  close  to  the  C“C  bond  in  diamond. 
The  photon  energy  for  532  nm  laser  light  is  2.3  eV. 
Consequently,  for  this  laser,  it  appears  unlikely  that 
bond  breaking  occurs  as  a  direct  result  of  absorption  of 
a  single  photon  with  a  large  cross-section.  Thus,  we 
think  that  the  thermal  process  plays  a  more  major  role 
in  the  formation  of  diamond-like  phases. 

When  a  pulsed  laser  irradiates  the  sample  surface, 
the  temperature  distribution  in  the  sample  can  be 
described  by  the  one-dimensional  heat  equation.  The 
temperature  at  any  point  inside  the  sample  T(x,t)  is  a 
function  of  the  distance  from  the  sample  surface  x  and 
time  t,  and  is  governed  by  the  one-dimensional  heat 
equation: 

dT(x,t)  d^T{x,t) 

pc - =k - -b(l-R)a/(0exp(-ax),  (1) 

dt  8x^ 

where  p,  c,  K,  R,  a  and  I(t)  represent  density,  specific 
heat,  thermal  conductivity,  reflectivity,  absorption 
coefficient  of  the  sample  and  laser  intensity  on  the 
sample  surface  respectively.  Since  the  dependence  of  p, 
c  and  K  on  temperature  is  not  known  for  the  phenylcar- 
byne  film,  its  temperature  distribution  cannot  be 
obtained.  However,  estimation  for  the  temperature 
change  AT  in  the  irradiated  polymer  film  can  be  made. 
For  this  polymer  film,  its  reflectivity,  transmissivity  and 
absorption  coefficient  for  the  laser  at  532  nm  wavelength 
were  0.06,  0.42,  2.6xl0^cm“S  respectively,  and  its 
thickness  was  2.6  pm  measured  in  the  experiment.  The 
mass  m  of  the  polymer  film  within  a  spot  size  was 
2.0xl0“''g.  The  laser  spot  size  was  about  0.1  cm^. 
When  the  incident  laser  fluence  was  950mJ/cm^,  the 
energy  absorbed  by  the  spotted  polymer  film  was 
447  mJ/cm^.  From  thermal  analysis  for  the  polymer,  the 
heat  capacity  c  of  the  polymer  is  0.2305  J/g°C  in  the 
glass  range.  If  the  heat  capacity  c  of  the  polymer  film  is 
assumed  to  be  0.2305  J/g°C,  the  temperature  in  the 
spotted  polymer  film  will  rise  by  about  880°C,  which  is 
much  higher  than  required  in  conventional  pyrolysis 
[17].  Therefore,  we  believe  that  visible  pulsed  laser 
absorbed  by  the  phenylcarbyne  polymer  in  our  system 
provides  an  efficient  thermal  source.  The  thermal  process 
must  have  great  importance  in  the  growth  of  diamond¬ 
like  phases. 
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Table  1 

The  physical  properties  of  silicon 


Properties 

Silicon 

Thermal  conductivity  (W/cm  K) 

1)  r<1370K:  1585r-'  -2'’ 

2)  1370  K<r<  1685  K:  0.221 

3)  r>1685K  (liq.  ):  0.70 

Volume  heat  capacity  (J/cm^  K) 

1)  r<1685K:  1.98  +  2.54X  10-*r 
-3.68xl0‘'r'- 

2)  r>1685  K  (liq.  ):  2.4 

Reflectivity 

0.37  (2  =  532  nm) 

Absorption  coefficient  (  cm“‘  ) 

1.06  X  10''(2  =  532  nm) 

When  a  pulsed  laser  irradiates  the  sample  surface, 
the  visible  laser  photons  are  absorbed  not  only  by  the 
polymer  film  but  also  by  the  silicon  substrate.  For  the 
silicon  surface,  the  laser  intensity  l(t)  in  Eq.  (1)  is  the 
fluence  transmitted  by  the  polymer  film,  and  approxi¬ 
mates  to  a  constant  value  throughout  a  pulse  duration 
of  7  ns  and  zero  after  the  pulse.  The  initial  temperature 
To  in  the  silicon  substrate  is  assumed  to  be  the  ambient 
temperature.  Substituting  the  parameters  [18,19,21]  of 
the  silicon  in  Tablet  into  Eq.  (1),  the  temperature 
distribution  in  the  substrate  can  then  be  obtained. 

Fig.  4  shows  the  temperature  distribution  with  time 
at  the  top  surface  of  the  silicon  substrate  by  laser 
irradiation  of  polymer  films  with  a  fluence  of 
950  mJ/cm^.  From  Fig.  4,  the  top  surface  temperature 
of  the  substrate  increases  with  time  during  laser  irradia¬ 
tion,  reaching  810  K  at  3.0  ns,  and  peaking  to  a  maxi¬ 
mum  of  1413  K  at  the  end  of  the  pulse  (7  ns).  This 
temperature  range  is  much  higher  than  required  in 
conventional  pyrolysis  [17].  In  addition,  the  top  surface 
temperature  decreases  rapidly  after  peaking  at  the  maxi¬ 
mum  and  reaches  530  K  at  300  ns.  Therefore,  we  believe 
that  visible  pulsed  laser  in  our  system  provides  an 


Time  (ns) 

Fig.  4.  Temperature  rises  as  a  function  of  time  at  silicon  substrate 
surface  by  laser  irradiation  with  an  incident  fluence  of  950  mj/cm^. 


efficient  thermal  source.  The  thermal  process,  in  which 
temperatures  higher  than  required  in  thermolysis  and 
high  cooling  velocities  occurred,  must  have  a  great 
influence  on  the  formation  of  diamond-like  phases. 

With  a  laser  fluence  of  950  mJ/cm^,  the  local  temper¬ 
ature  was  high  enough  for  decomposition  to  occur  in 
the  spotted  polymer.  Most  of  the  phenyl  substituents 
would  be  removed  from  the  spotted  polymer  and  the 
C— C  bonded  amorphous  network  would  be  resulted  in 
[20].  In  the  conversion  process,  some  phase  transition 
from  an  amorphous  network  to  a  crystalline  structure 
may  occur,  and  some  hydrogen  and  hydrocarbon  radi¬ 
cals  created  from  the  hydrocarbon  polymer  by  the  laser 
irradiation  may  be  beneficial  to  depress  the  sp^  graphite 
phase  and  increase  the  sp^  diamond  phase  to  form 
crystalline  diamond.  Due  to  the  unique  structure  of  the 
polymer,  i.e.  tetrahybridized  carbon  network,  it  is  easier 
to  form  diamond  with  high  conversion  efficiency  at 
lower  temperatures  by  laser  irradiation  on  the  polymer 
than  the  conventional  laser  ablation  process.  The  exact 
mechanism  for  diamond  synthesis  via  this  process  is  yet 
to  be  investigated  further. 


4.  Conclusions 

In  summary,  diamond-like  phases  have  been  con¬ 
verted  from  phenylcarbyne  polymer  precursor  at  room 
temperature  by  pulsed  Nd:YAG  laser  (A  =  532  nm)  irra¬ 
diation  of  the  polymer  in  argon  atmosphere.  The 
film/crystal  has  been  confirmed  by  Raman  spectroscopy 
studies.  It  is  proposed  that  the  conversion  of  diamond¬ 
like  phases  may  be  related  to  the  unique  structure  of 
the  polymer.  The  thermal  process  induced  by  laser 
irradiation  on  the  polymer  has  a  great  influence  on  the 
formation  of  diamond-like  phases. 
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Abstract 

The  results  of  studying  the  influence  of  cathode  sputtering  on  surface  layer  formation  during  gas  nitriding  will  be  presented  in 
this  paper.  Specimens  of  iron  have  been  cathode  sputtered  before  nitriding  in  controlled  ammonia-hydrogen  and/or  nitrogen  gas 
mixtures.  The  cathode  sputtering  process  was  performed  in  a  separated  chamber  in  argon  or  nitrogen  atmospheres.  The  thickness 
and  microhardness  of  the  compound  case  and  internal  diffusion  zone  and  their  structure  were  compared  for  specimens  pre-treated 
and  non-pre-treated  before  gas  nitriding. 

The  increased  number  of  active  centres  caused  by  cathode  sputtering  has  a  very  important  influence  on  the  kinetics  of  surface 
layers  formation.  The  thickness  measurements  of  nitride  layers  show  the  significant  growth  of  thickness  for  all  the  ranges  of 
atmospheres  used.  After  cathode  sputtering,  a  compound  layer  developed  rapidly  on  the  iron  surface  during  the  subsequent 
nitriding.  After  10  min,  the  closed  compound  case  was  noticed.  This  phenomenon  has  an  important  influence  on  the  conditions 
of  the  diffusion  zone  formation.  Its  higher  thickness  achieved  through  cathode  sputtering  was  also  measured. 

The  results  were  controlled  by  metalographic  testings  (scanning  and  light  microscopy)  and  microhardness  measurements.  The 
phase  compositions  of  the  layers  were  evaluated  by  X-ray  diffraction.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Cathode  sputtering;  Gaseous  nitriding;  Nitrides  nucleation;  Nitriding  kinetics;  Surface  activation 


L  Introduction 

Gaseous  nitriding  is  a  thermo-chemical  surface  treat¬ 
ment  of  great  importance.  It  leads  to  the  improvement 
of  the  surface  quality  (hardness,  wear  and  corrosion 
resistance).  During  the  nitride  layer  build-up  several 
stages  can  be  distinguished: 

1.  diffusion  of  nitrogen  carrier  (ammonia)  towards  the 
iron  surface; 

2.  ammonia  adsorption  and  dissociation  on  the  sur¬ 
face;  and 

3.  nitrogen  absorption  and  its  diffusion  into  the  sample. 
The  global  rate  of  the  total  nitriding  process  will  be 

then  determined  by  the  duration  of  the  slowest  of  the 
above  mentioned  stages.  The  formation  and  growth  of 
the  surface  layer  will  depend  on  the  relationship  between 
the  nitrogen  supply  and  nitrogen  demand.  The  nitrogen 
supply  is  regulated  by  the  composition  of  the  nitriding 
atmosphere,  which  is  the  fundamental  parameter  of  the 
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nitriding  process.  Nitrogen  demand  mainly  depends  on 
the  diffusion  process  (e.g.  temperature  and  time). 

The  build-up  of  the  nitriding  layer  starts  from  nitro¬ 
gen  absorption  and  the  layer  develops  by  nitrogen 
diffusion  into  the  bulk  material.  Nitrogen  diffusion  in 
iron  is  thought  to  limit  the  kinetics  of  nitriding  layer 
formation  [1].  When  the  quantity  of  nitrogen  atoms 
produced  from  the  gas  atmosphere  is  smaller  than  its 
capability  to  be  absorbed  in  those  conditions  then  only 
a  solid  solution  Fe(N)  with  nitrides  (y'  —  Fe4N  or 
ot"  —  Fei6N2)  is  formed  in  the  surface  layer.  But  if  the 
nitrogen  supply  exceeds  that  capability,  besides  the 
diffusion  zone,  the  compound  layer  (consisting  of  nit¬ 
rides  y'  and  e)  is  present  [1-5].  In  this  case,  after  a 
period  of  time  (the  so  called  the  incubation  time)  the 
surface  nitrogen  content  reaches  the  solubility  limit 
[6,7],  In  such  a  saturated  area,  the  nucleation  of  nitrides 
takes  place.  Further  growth  of  the  compound  layer 
proceeds  by  growth  of  the  nuclei  until  they  connect  [8- 
10].  The  nucleation  starts  in  some  energetically  preferred 
places  such  as  grain  boundaries,  structural  defects  or 
inclusions  (e.g.  oxides)  [7,9]. 

Activation  of  the  surface  before  or  during  nitriding 
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Table  1 

Conditions  of  the  nitriding  treatment 

Atmosphere  Ammonia  (10,  20,  30,  40,  50%)  tH,  and/or  N2 

Temperature  843  K 

Time  10,  30,  60,  120,  180  min 


is  a  very  common  treatment,  which  enables  the  intensifi¬ 
cation  of  surface  reactions  occurring  during  nitriding  — 
ammonia  adsorption  and  dissociation.  Techniques  such 
as  mechanical  treatment  or  oxidation  are  very  often 
used  [9-11].  In  the  present  paper  cathode  sputtering  is 
suggested  as  an  activation  process,  and  its  influence  on 
the  kinetics  and  conditions  of  nitriding  layer  formation 
is  investigated. 

2.  Experimental 

The  experiments  were  carried  out  on  the  samples 
made  of  a-Fe  2  x  6  x  20  mm  in  size.  Before  the  treatment, 
samples  were  ground  (i^e  =  0.12  pm).  Some  of  them  were 
additionally  polished  (7^a  =  0.05  pm).  Two  series  of 
samples  were  gas  nitrided:  I  —  without  and  II  —  with 
cathode  sputtering  as  a  surface  pre-treatment.  The  nit¬ 
riding  conditions  are  listed  in  Table  1. 

The  process  of  cathode  sputtering  was  carried  out  in 
a  separated  chamber.  The  sample  was  connected  as  a 
cathode.  The  parameters  of  the  treatment  were  as  fol¬ 
lows:  voltage  1200  V,  pressure  13  Pa,  time  20  min,  nitro¬ 
gen  or  argon  was  used  as  a  sputtering  gas.  The  whole 
stand  for  pre-treatment  and  nitriding  was  presented  in 
the  previous  papers  [8,12].  The  sample  immediately 
after  sputtering  was  introduced  into  the  reaction  zone 
of  the  furnace. 

For  every  sample  the  following  investigations  were 
made: 


1 .  Metallography  of  cross-section  of  nitrided  layers  and 
layer  thickness  measurements  (the  compound  layers) 
with  a  Reichert  light  microscope;  the  diffusion  zone 
thickness  was  estimated  from  microhardness  meas¬ 
urements  on  cross-sections  of  nitrided  layers.  The 
distance  from  the  outer  surface  where  the  microhard¬ 
ness  was  50  HV  higher  than  that  in  matrix  was 
recognised  as  a  thickness  of  diffusion  zone.  0.02  HV 
microhardness  was  measured  using  a  Boehler  2000 
microhardness  tester. 

2.  Surface  observation  by  a  scanning  microscope 
JEOL  6100. 

3.  Phase  identification  by  X-ray  diffraction  (CoKoc). 

4.  Roughness  measurements  using  profilometer 
Mitutoyo  Surftest  301. 


3.  Results 

3. 1.  Cathode  sputtering 

The  cathode  sputtering  process  leads  to  an  increase 
in  the  number  of  surface  defects  [13].  Its  influence  on 
macrochanges  of  surface  shape  causing  the  roughness 
increase  was  also  observed  [14].  SEM  observation  con¬ 
firmed  that  even  after  a  very  short  time  of  sputtering 
(30  min:  Fig.  1(a)  and  (b))  the  surface  changes  very 
distinctly.  Some  increase  in  surface  roughness  is  also 
observed  (Fig.  1(c)). 

Cathode  sputtering  was  carried  out  with  two  types 
of  gases:  argon  and  nitrogen.  The  XRD  surface  analysis 
results  reveal  significant  (Fig.  2)  differences  in  phase 
composition  between  the  samples  which  had  undergone 
cathode  sputtering  and  ones  which  had  not.  But  there 
are  no  differences  between  the  samples  scattered  with 
nitrogen  or  argon.  Both  samples  have  the  same  nitriding 
layer  thickness  and  similar  morphology. 


Fig.  1.  (a)  Surface  of  sample  in  the  initial  stage;  (b)  surface  after  30  min  cathode  sputtering  (1200  V,  13  Pa),  SEM;  (c)  change  of  surface  roughness 
versus  time  of  cathode  sputtering. 
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Fig.  2.  X-Ray  diffraction  patterns  of  the  samples:  (a)  without  cathode  sputtering;  (b)  with  cathode  sputtering  with  argon;  (c)  with  cathode  sputtering 
with  nitrogen  (XRD,  CoKa  ).  All  the  samples  were  nitrided  in  a  30%  NH3-I-N2  atmosphere,  for  3  h,  at  843  K. 


i.2.  Nitriding  process 

Cross-section  (LMA)  and  surface  (SEM)  observa¬ 
tions  for  samples  after  a  very  short  time  of  nitriding 
(Fig.  3)  revealed  that  in  the  case  of  pre-treated  samples 
a  close  compound  nitride  layer  is  observed  at  the  very 
beginning  of  nitriding  (after  10  min)  even  for  low  nitro¬ 
gen  potential  atmospheres.  For  samples  which  have  not 
been  pre-treated  close  layer  formation  takes  at  least 
60  min  (Figs.  3,  4(a)  and  (b)).  Also  the  diffusion  zone 
for  cathode  sputtered  samples  is  twice  as  big  as  for  non- 
pretreated  samples. 


The  influence  of  cathode  sputtering  on  the  kinetics 
of  nitride  layer  formation  is  also  observed  only  after  a 
considerably  longer  period  of  time  (3  h)  -  seeFig.  5. 

Moreover  the  XRD  investigations  of  phase  composi¬ 
tion  showed  that  cathode  sputtered  samples  have  higher 
e/y'  ratio  than  samples  without  this  pre- treatment. 


4.  Discussion 

Taking  into  account  the  stages  of  nitriding  layer 
formation  (saturation,  nucleation  and  nucleus  growth) 


Fig.  3.  Thickness  of  compound  case  and  diffusion  zone  versus  duration  of  nitriding  for  samples  with  and  without  cathode  sputtering.  Nitriding 
conditions:  20%  NH3  +  H2,  843  K. 
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a)  b) 


Fig.  4.  Cross-section  of  layers  after  gaseous  nitriding  in  an  atmosphere  50%  NH3-t-N2,  843  K  after  10  min  of  treatment:  (a)  without,  (b)  with 
cathode  sputtering. 


during  gaseous  nitriding  the  following  statements  can 
be  made.  Either: 

1.  The  process  of  surface  saturation  with  nitrogen  is 
not  constant  on  the  whole  surface.  Therefore  some 
parts  reach  the  solubility  limit  more  quickly  than 
others  do  and  the  nucleation  of  nitrides  in  these 
places  is  possible.  Or: 

2.  The  saturation  is  even  on  the  surface  but  some  areas 
are  more  preferred  for  nitride  nucleation.  It  means 
that  the  nitride  is  not  always  formed  on  the  satu¬ 
rated  basis. 

If  the  saturation  was  equal  on  the  whole  surface,  the 
nitride  phase  should  not  have  any  influence  on  the 
diffusion  zone.  The  diffusion  range  should  depend  only 
on  temperature  (diffusion  coefflcient)  and  nitriding 
potential  of  the  atmosphere  (lower  incubation  time).  As 
we  can  see  from  the  present  investigation  for  pre¬ 
sputtered  samples,  which  developed  a  close  compound 
layer  just  after  10  min  treatment,  the  thicker  diffusion 
zone  is  also  observed.  It  was  also  observed  that  for  both 
kinds  of  the  samples  (sputtered  and  not)  the  thickness 


differences  between  the  diffusion  zones  obtained  are  very 
big  and  vary  depending  on  the  nitriding  atmosphere 
composition.  The  higher  nitrogen  potential  of  the  atmo¬ 
sphere  is  the  smaller  difference  is  measured.  This  is  in 
good  accordance  with  the  changes  of  the  incubation 
time  versus  nitriding  potential  [7]. 

The  above  indicates  that  these  active  centers  in  which 
the  nitrides  nucleation  takes  place,  play  a  crucial  role  in 
one  of  the  surface  reactions  which  are  responsible  for 
mass  transfer  during  gaseous  nitriding  (ammonia 
adsorption,  its  dissociation  or  nitrogen  absorption).  The 
cathode  sputtering  process  which  activates  the  upper 
surface  of  the  sample  enables  nitrogen  to  penetrate  into 
iron  through  the  whole  of  its  surface. 

After  the  formation  of  the  close  compound  layer  has 
been  completed,  the  case  growth  is  limited  by  nitrogen 
diffusion  through  the  nitrides.  Because  the  diffusion 
coefficient  of  nitrogen  in  y'  is  much  lower  than  in  iron 
[1-3,5]  the  €  nitride  in  pre-activated  samples  is  formed 
very  quickly.  Therefore  if  we  compare  samples  treated 
in  the  same  nitriding  conditions,  those  which  have  been 


without  sputtering 
with  sputtering 
NHa  +  H2 
NH3+  N2 


Fig.  5.  Thickness  of  compound  cases  after  3  h  of  treatment  for  various  nitriding  atmospheres. 
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pre-treated  must  have  a  higher  €  nitride  content  than 
those  which  have  not  undergone  the  process. 

Moreover,  the  large  differences  between  the  thickness 
of  the  diffusion  zone  for  both  series  of  the  samples  can 
indicate  that  diffusion  is  not  necessarily  responsible  for 
limiting  the  kinetics  of  nitriding  at  an  early  stage  of 
treatment. 


5.  Summary 

The  cathode  sputtering  process  which  increases  the 
number  of  active  centers  on  the  iron  surface  has  an 
important  influence  on  layer  formation  kinetics  for  gas 
nitriding.  Rapid  formation  of  the  continuous  nitride 
layer  in  pre-treated  samples  increases  the  thickness  both 
of  the  compound  layer  and  the  diffusion  zone. 
Comparing  the  kinetics  and  the  conditions  of  nitriding 
layer  formation  for  samples  with  and  without  cathode 
sputtering,  our  attention  is  drawn  to  the  importance  of 
activating  treatment  for  the  initial  stage  of  nitriding.  It 
is  suggested  that  before  the  close  nitride  layer  is  formed 
it  is  not  diffusion  but  the  surface  reaction  kinetics  which 
determines  the  rate  of  the  total  process. 
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Abstract 

A  large  aperture  Hall  current  accelerator  has  been  developed  for  ionic  cleaning  of  glass  and  metallic  strips  before  vacuum  arc 
deposition  of  protective  and  decorative  layers.  The  accelerator  has  a  large  aperture  of  1400  mm  and  power  up  to  10  kW.  Various 
gases  can  be  used  for  sputter  cleaning:  argon,  nitrogen,  oxygen,  etc.  The  advantages  of  the  Hall  current  source  towards  that  of 
Kaufman  in  industrial  processes  are  emphasized.  The  source  sputter  rates  were  measured.  The  maximal  sputter  rate  is  7.5  nm/min 
for  glass  and  100  nm/min  for  poly(methyl  metacrylate).  The  quality  of  ionic  etching  was  demonstrated  with  the  aid  of  Auger 
electron  spectroscopy.  The  current-voltage  characteristics  for  argon  and  oxygen  are  presented.  ©  2000  Elsevier  Science  S.A.  All 
rights  reserved. 

Keywords:  Hall  current  accelerator;  Ionic  etching;  Kaufman  source;  Sputter  cleaning 


1.  Introduction 

Ion  beam  processing  is  an  established  method  for 
surface  treatment  [1].  It  includes  techniques  like  sputter¬ 
ing,  thin  film  deposition  and  ion  implantation.  Though 
the  principle  is  the  same  in  all  cases,  a  given  application 
requires  a  specific  source  design  according  to  the  ion 
energy  range  and  uniformity  needed.  By  the  coating  of 
large  substrates  like  glass  sheets  or  steel  strips  for  architec¬ 
tural  and  structural  applications,  the  substrate  cleaning 
before  coating  is  of  particular  importance  for  the  adhesion 
and  corrosion  resistance  of  the  further  deposited  layers 
and,  therefore,  for  the  long-term  stability  of  properties 
and  of  the  appearance  of  coated  parts  in  various  environ¬ 
ments.  Ion  beam  sputter  precleaning  proved  to  be  an 
efficient  method  to  ensure  high  quality  coatings  on  glass, 
metal  and  plastic  sheets.  For  sputtering  purposes, 
Kaufman  sources  [2-4]  are  usually  chosen.  These  sources 
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are  very  attractive  in  the  sense  that  a  neutralized  beam  is 
generated  with  independently  controllable  ion  energy  and 
current  density.  The  ion  production  is  also  separated  from 
the  substrate  and  target  used.  However,  inherent  design 
considerations  limit  the  use  of  such  sources  in  production 
applications  [5].  The  source  cathode  and  grid  optics  are 
critical  components  which  sometimes  require  excessive 
maintenance.  Local  heating  or  presence  of  reactive  gases 
(such  as  oxygen)  dramatically  reduce  the  source  lifetime 
by  damaging  the  cathode.  Depending  on  the  cathode 
type,  the  source  lifetime  ranges  from  a  few  hundred  to 
one  thousand  hours.  Grid  optics  of  Kaufman  sources 
limit  the  ion  beam  current  that  can  be  extracted  from  the 
chamber.  In  architectural  and  structural  applications  the 
source  design  must  also  meet  the  requirement  of  a  large 
area  treatment. 


2.  Experimental 

In  this  work,  a  large  aperture  Hall  current  accelerator 
was  developed  for  sputter  cleaning  of  large  area  glass, 
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metal  and  plastic  sheets.  Though  less  controllable  than 
Kaufman  sources,  a  Hall  current  accelerator  appears 
better  suited  for  sputter  cleaning  production  require¬ 
ments  [4].  Of  greater  significance  is  the  lack  of  any 
space  charge  flow  limitation  on  the  ion  current  density. 
Furthermore,  the  reliability  in  etching  is  improved 
through  the  absence  of  any  delicate  structures  like 
cathode  or  grid  optics.  The  Hall  current  accelerator 
requires  little  maintenance,  and  the  sputter  cleaning  can 
be  performed  with  reactive  gases  such  as  oxygen,  nitro¬ 
gen  and  carbon  dioxide.  The  scheme  of  the  Hall  current 
accelerator  is  shown  in  Fig.  1 .  It  has  the  shape  of  a  very 
elongated  loop.  The  large  aperture  (1400  mm  in  the 
vertical  direction)  allows  one  to  use  it  in  the  multi¬ 
purpose  ‘Nikolay’  apparatus  for  deposition  on  large 
area  glass  and  plastic  sheets  by  vacuum  arc  deposition 
[6-8]  and  magnetron  sputtering.  Sheets  to  be  treated 
are  successively  transported  under  the  Hall  discharge 
accelerator  at  a  given  translation  speed,  the  substrate 
surface  being  perpendicular  to  the  ionic  flux  axis. 
Changing  the  speed  and  accelerator  power,  one  can 
control  the  sputter  dose  received  by  the  substrate.  The 
aperture  of  the  Hall  current  accelerator  can  be  scaled 
up  to  3000  mm  without  significant  changes  in  design 
and,  therefore,  adjusted  to  a  deposition  apparatus.  A 
twin  aperture  has  two  slots,  55  mm  away  from  one 
another.  Two  juxtaposed  permanent  magnets  act  as 
cathode.  The  water  cooled  anode  of  tubular  shape  runs 
inside  the  groove  made  by  the  cathode.  The  whole 
apparatus  is  set  under  vacuum  in  the  presence  of  a 
sputter  gas  (usually  argon).  Gas  ionization  and  the 
subsequent  ion  acceleration  is  made  through  the  pres¬ 
ence  of  crossed  electric  and  magnetic  fields.  The  electric 
field  is  created  by  the  cathode-to-anode  potential  drop 
whereas  a  quasi-uniform  magnetic  field  is  set  between 
the  two  pole  pieces  of  the  cathode.  In  the  presence  of  a 
low  pressure  gas  and  an  electric  field,  a  glow  discharge 
plasma  is  initiated.  The  magnetic  field  traps  the  plasma 
electrons  and,  together  with  the  electric  field,  causes 


Fig.  1.  Hall  current  accelerator  (section  through  the  middle  plane). 
The  total  length  is  1400  nim. 


them  to  precess  circumferentially  along  the  anode  sur¬ 
face.  Through  their  cycloid  path,  they  collide  with  argon 
atoms  and  ionize  them.  The  high  difference  of  potential 
accelerates  the  argon  ions  away  from  the  anode  and 
towards  the  substrate  to  be  sputter  cleaned. 

In  production  of  materials  for  architectural  and  struc¬ 
tural  needs,  the  sputter  requirements  are  less  demanding 
than  in  microelectronics  or  optics;  nevertheless,  the 
cleaning  profile  of  the  source  must  be  known  in  order 
to  estimate  the  sputter  dose  received  by  the  substrates. 
A  simple  method  was  used  to  derive  the  source  cleaning 
profile.  Two  hundred  millimetre  wide  samples  were 
sputter  cleaned  fixed  to  the  source  for  different  exposi¬ 
tion  times.  Before  cleaning,  pen  mark  lines  were  drawn 
at  a  regular  spacing  interval  on  the  sample  surface.  The 
pen  marks  provided  masking  against  sputter  cleaning  of 
the  sample  surface.  After  cleaning  treatment,  they  were 
removed  with  alcohol,  leaving  a  step  between  the  sput¬ 
tered  and  non-sputtered  parts.  The  step  height  was 
measured  using  a  Taylor-Hobson  profilometer.  The 
measures  along  the  width  of  the  sample  give  the  cleaning 
distribution  of  the  source  for  a  given  exposition  time. 
Such  experiments  were  carried  out  on  samples  made  of 
silicate  glass  and  organic  glass  [poly(methyl  metacry- 
late)].  The  samples  were  placed  300  mm  away  from 
the  source. 

Cleaning  of  aluminium  has  been  assessed  in  terms 
of  impurity  content  after  treatment.  A1  5182  samples 
were  sputter  cleaned  with  oxygen  at  a  pressure  of 
1.5  X  10”^  Pa  at  different  doses  and  immediately  coated 
with  a  thin  Ti02  film  less  than  300  nm  thick.  The 
samples  were  placed  in  the  industrial  scale  deposition 
‘Nikolay’  apparatus.  The  cleaning  conditions  corre¬ 
spond  for  each  gas  to  a  maximum  cleaning  at  a  low 
frame  velocity  (0.15m/min),  to  medium  cleaning  at 
higher  frame  velocity  (0.3  m/min)  and  no  cleaning  at 
all.  The  cleaning  was  performed  through  one  return  of 
the  frame.  The  deposition  parameters  for  the  thin  Ti02 
film  were  the  same  for  all  samples:  Ti  was  evaporated 
under  an  oxygen  pressure  of  2.4  x  10”^  Pa.  The  samples 
were  then  analysed  using  Auger  electron  spectroscopy 
(AES)  in  order  to  derive  the  carbon  content,  considered 
to  be  the  main  source  of  impurity.  The  analysis  was 
carried  out  with  the  excitation  beam  normal  to  the 
specimens.  The  spectra  were  taken  during  argon  ion 
sputtering  which  produced  a  relatively  clean  surface  of 
the  sample  under  study  without  baking  the  system.  The 
etching  rate  was  considerably  faster  than  the  adsorption 
rate  of  the  active  residual  gases.  The  Auger  spectra  were 
measured  on  a  PHI-551  spectrometer  with  a  double¬ 
pass  cylindrical  mirror  analyzer.  The  base  pressure  was 
less  than  2  x  10"^  Pa.  The  spectra  were  excited  by  an 
electron  beam  with  an  energy  of  3  keV  and  a  current  of 
8  pA  through  the  sample.  The  peak-to-peak  modulation 
was  3  V.  The  sputtering  was  accomplished  using  a  5  keV 
Ar"^  ion  beam.  An  ion  gun  was  mounted  to  give  a  beam 
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incidence  angle  of  70°  and,  in  order  to  minimize  possible 
crater  effects,  it  was  rastered.  The  pressure  of  argon 
during  sputtering  was  equal  to  3  x  10“^  Pa.  In  order  to 
provide  a  basis  for  comparison,  a  very  pure  aluminium 
polycrystal  and  chemically  cleaned  5182  aluminium 
samples  were  also  analysed. 


3.  Results  and  discussion 

Cleaning  profile  for  silicate  glass  is  shown  in  Fig.  2. 
Similar  profiles  for  an  organic  glass  were  published 
elsewhere  [9].  As  would  be  expected,  the  form  of  the 
profile  depends  on  the  material  cleaned  because  silicate 
and  organic  glasses  have  a  different  behaviour  towards 
sputtering.  Silicate  glass  has  a  more  reproducible  clean¬ 
ing  profile  with  time  in  comparison  to  organic  glass. 
Two  distinct  peaks  appear  in  the  distribution  (Fig.  2). 
They  correspond  to  two  parallel  parts  of  the  elongated 
anode  loop  (Fig.  1 ).  The  twin  construction  of  the  source 
can  thus  be  resolved  in  the  cleaning  profile  of  silicate 
glass.  In  the  region  of  maximum  sputter  cleaning  (corre¬ 
sponding  to  the  two  peaks),  the  sputter  rate  for  glass 
almost  reaches  7  nm/min.  Organic  glass  has  a  lower 
thermal  resistance  compared  to  silicate  glass.  As  a  result, 
by  sputtering  longer  than  5  min  deterioration  of  the 
organic  glass  occurs.  Below  this  value,  the  material  is 
sputtered  at  a  maximum  rate  of  100  nm/min  [9].  The 
sputter  cleaning  of  two  materials  of  interest  showed  that 
the  source  cleaning  profile  is  highly  non-uniform  and 
material  dependent.  The  source  profile  for  organic  glass 
is  difficult  to  interpret  as  the  ion  bombardment  produces 
a  combined  effect  of  physical  and  thermal  sputtering  of 
the  polymer  with  a  low  thermal  resistance.  Material 
deterioration  similar  to  the  damage  induced  by  ionizing 
radiation  can  be  expected  [10]. 

The  source  cleaning  profile  for  glass  shows  a  distribu¬ 
tion  in  agreement  with  the  twin  aperture  source  design. 
In  a  first  approximation,  the  source  profile  can  be 
modelled  with  a  two-peak  Gaussian  profile  distribution. 
Three  hundred  millimetres  away  from  the  source,  the 


Distance,  cm 

Fig.  2.  Sputter  profile  for  silicate  glass.  The  line  is  a  visual  guide. 


spacing  between  the  Gaussian  peaks  (30  mm)  is  smaller 
than  the  distance  d  between  the  axes  of  the  elongated 
parts  of  the  anode  loop  (Fig.  1).  This  shows  that  the 
source  beam  is  convergent  and  that  a  complete  beam 
description  would  imply  the  derivation  of  the  source 
cleaning  profile  for  different  distances  from  the  source. 
As  far  as  the  process  is  concerned,  silicate  glass  sub¬ 
strates,  when  cleaned,  are  moved  relative  to  the  source 
at  a  given  translation  speed.  It  ensures  a  uniform 
cleaning  treatment  over  the  glass  panel  surface.  An 
estimation  of  the  layer  sputtered  when  moving  at  a 
given  speed  can  be  obtained  by  integrating  the  cleaning 
profile  (expressed  in  cleaning  rate  units,  e.g.  nm/min) 
along  the  source  width.  For  the  speed  range  used  in  the 
industrial  process,  the  silicate  glass  sputtered  layer  varies 
from  13  nm  at  low  speed  to  0.6  nm  at  high  speed.  At 
the  most  widely  used  speed,  the  thickness  of  the  removed 
layer  is  2  nm. 

Usual  values  for  the  source  power  are  the  discharge 
voltage  C/=6kV  and  current  7=0.5  A  under  an  argon 
pressure  P  of  about  0.01  Pa.  The  resulting  ion  beam  has 
an  average  energy  of  6  keV.  The  current-voltage  charac¬ 
teristic  for  argon  at  P  =  2.4xlO"^Pa  is  presented  in 
Fig.  3.  At  high  voltages  the  current  changes  slowly. 
Below  3  kV  the  current  starts  to  decrease,  and  the 
discharge  becomes  unstable.  The  parameters  of  dis¬ 
charge  are  rather  independent  of  the  method  of  gas 
input  (into  vacuum  chamber  or  directly  into  Hall  accel¬ 
erator).  The  current-voltage  characteristic  for  oxygen 
at  P=3.8  X  10"^  Pa  is  presented  in  Fig.  4.  The  interval 
of  stable  discharge  is  much  broader  in  this  case  (dis¬ 
charge  current  up  to  6  A).  The  measured  current- 
voltage  characteristics  allow  one  to  optimize  the  regime 
of  sputter  cleaning  by  finding  the  maximum  power  value 
at  a  stable  discharge. 

The  AES  depth  profiles  for  the  5182  Al  alloy  without 
any  precleaning  (Fig.  5)  and  with  maximal  oxygen  clean¬ 
ing  (Fig.  6)  were  measured.  They  show  that  at  the 
surface  of  the  samples,  the  carbon  contamination  is  high 


Fig.  3.  Current-voltage  characteristic  for  Ar  at  a  pressure  of 
2.4  X  i0“^  Pa.  Gas  input  into  the  vacuum  chamber  (full  symbols)  and 
into  the  Hall  accelerator  (open  symbols).  The  line  is  a  visual  guide. 
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Fig.  4.  Current-voltage  characteristic  for  oxygen  at  a  pressure  of 
3.8  X  10“^  Pa.  The  line  is  a  visual  guide. 
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Fig.  5.  AES  depth  profile  for  the  5182  Al  alloy  coated  with  Ti02  with¬ 
out  preliminary  cleaning.  The  lines  are  visual  guides. 
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Fig.  6.  AES  depth  profile  for  the  5182  Al  alloy  coated  with  TiO,  after 
maximal  oxygen  ionic  sputter  cleaning.  The  lines  are  visual  guides. 


and  decreases  deeper  into  the  substrate.  For  large  sput¬ 
tering  times,  which  correspond  to  the  material  bulk,  the 
values  of  carbon  content  is  still  rather  high  (5  to  10  at.%) 
even  for  the  very  pure  99.999  at.%  Al  polycrystal.  (This 
may  be  explained  by  the  surface  finish  of  both  samples.) 
In  the  experimental  set-up  the  surface  sputtering  is 
accomplished  using  a  5  keV  Ar  ^  ion  beam  at  an  inci¬ 
dence  angle  of  70°.  The  Auger  electrons  are  excited  by 
an  electron  beam  having  an  other  incidence  than  the 
sputtering  beam.  The  high  surface  roughness  may  pro¬ 
vide  some  shadowing  making  the  removal  of  all  surface 
contamination  impossible.  The  oxygen  content  also 


shows  a  surface  contamination  and  some  implantation 
in  the  neighbourhood.  In  the  bulk  of  the  material,  the 
oxygen  content  is  equivalent  to  the  carbon  one.  These 
preliminary  spectra  underline  that  without  any  treat¬ 
ment,  the  bulk  of  the  5182  aluminium  contains  around 
5  at.%  carbon  which  must  be  considered  as  the  back¬ 
ground  content  when  reading  the  cleaning  spectra.  The 
spectra  (Figs.  5  and  6)  show  at  the  beginning  the 
presence  of  the  thin  Ti02  film  with  some  carbon  content. 
The  film/substrate  interface  is  revealed  by  the  sharp 
augmentation  of  the  Al  content.  In  this  region,  the 
carbon  concentration  increases  in  the  case  of  the  non- 
cleaned  sample  while  it  decreases  for  the  oxygen  cleaned 
sample.  In  the  bulk  of  the  material,  a  5  at.%  background 
content  is  found.  The  second  noticeable  cleaning  effect 
is  observed  for  the  oxygen  content.  The  sputtering 
induces  implantation  close  to  the  interface.  It  is  revealed 
by  a  significant  peak  for  oxygen  after  30  min  sputtering 
(Fig.  6).  The  same  behaviour  is  observed  in  the  case  of 
cleaning  with  argon.  The  carbon  content  peak  at  the 
interface  disappears  when  the  sputtering  is  performed. 
However,  no  oxygen  implantation  occurs  by  sputtering 
with  argon. 


4.  Conclusions 

A  large  aperture  Hall  current  accelerator  is  presented. 
The  absence  of  any  lifetime  critical  components  makes 
it  very  attractive  for  industrial  applications  in  compari¬ 
son  to  Kaufman  sources.  Little  or  no  maintenance  is 
needed,  and  active  gases  such  as  oxygen,  carbon  dioxide 
and  nitrogen  can  be  used  for  sputter  cleaning.  The 
source  sputter  profile  under  argon  was  determined  for 
silicate  glass  and  poly(methyl  metacrylate)  treated 
300  mm  away  from  the  source.  In  both  cases,  the 
cleaning  distribution  is  highly  inhomogeneous  and  pres¬ 
ents  only  a  narrow  area  of  maximal  sputtering.  Silicate 
glass  has  a  cleaning  rate  about  12  times  lower  than  that 
of  poly  (methyl  metacrylate).  The  cleaning  profiles  are 
rather  complicated,  whereas  for  silicate  glass  the  two- 
peak  distribution  induced  by  the  twin  aperture  source 
can  be  resolved.  This  type  of  characterization  enables 
one  to  give  an  estimate  of  the  sputtered  glass  layer  when 
the  substrate  is  moved  relative  to  the  source  at  a  given 
speed.  The  current-voltage  characteristic  measured  for 
argon  is  presented.  It  allows  one  to  optimize  the  regime 
of  sputter  cleaning  by  finding  the  maximum  power  value 
at  a  stable  discharge.  The  quality  of  the  sputter  cleaning 
is  demonstrated  with  the  aid  of  AES  depth  profiling  of 
uncleaned  and  cleaned  Al  alloy  strip. 
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Abstract 

The  results  of  laser  cladding  of  Cu  to  alumina  under  different  treatment  conditions  and  gas  medium  are  presented.  The  laser 
surface  treatment  of  alumina  substrates  was  conducted  by  injection  of  copper  powder  into  the  laser-substrate  interaction  region. 
Processing  parameters  included  the  laser  power,  the  scan  speed  of  the  laser  beam,  the  copper  feed  rate  and  heat  treatments 
following  the  laser  treatment.  Laser  treated  alumina  substrates  and  the  alumina-copper  system,  which  was  treated  in  air  and 
under  argon,  were  studied.  Possible  reactions  at  the  metal-ceramic  interface  were  investigated.  Sub-micron  Cu  particles  were 
formed  in  the  amorphous  grain  boundary  glass,  and  CUAIO2  phases  were  found  in  the  alumina  substrate  after  laser  treatment. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Interfacial  reactions  between  Cu  and  AI2O3  have  been 
the  subject  of  several  investigations.  The  eutectic  reac¬ 
tion  of  copper  has  been  used  to  bond  copper  to  oxides, 
especially  to  alumina,  in  order  to  fabricate  substrates 
for  power  electronic  applications.  There  are  several 
studies  which  demonstrated  by  sessile  drop  experiments 
that  oxygen-containing  molten  copper  wets  alumina, 
forming  a  layer  of  cuprous  aluminate  (CUAIO2)  [1]. 
Cu  — CU2O  eutectic  bonding  was  reported  by  Donald 
[2].  Solid-state  bonding  has  also  been  studied  for 
copper-sapphire  and  copper-diamond  systems  by 
Klomp  et  al.  [5]  and  Dewar  et  al.  [6].  There  is  no  doubt 
that  CUAIO2  forms  between  copper  and  alumina  at  the 
temperatures  above  1 500  K  and  high  oxygen  partial 
pressures.  However,  as  indicated  by  Yoshino  and 
Shibata  [7],  it  is  not  certain  if  the  same  reaction  takes 
place  at  temperatures  slightly  above  the  eutectic  temper¬ 
ature.  The  reactions  taking  place  at  the  Cu/alumina 
interface  during  laser  processing  under  different  atmo¬ 
spheres  are  presented. 


*  Corresponding  author. 


2.  Experimental  methods 

2.1.  Processing 

Alumina  (a-Al203)  substrates  of  96%  purity  were 
used  in  the  study.  The  alumina  substrates  were  25  mm 
in  length  and  10  mm  in  width,  with  a  thickness  of 
30  mm.  The  process  was  accomplished  by  feeding  copper 
powder  (average  particle  diameter  of  100  pm)  into  the 
work-zone  at  rates  of  0.125  g/s  and  0.225  g/s. 

A  CO2  laser  with  a  maximum  power  of  3  kW  was 
used  for  the  process.  The  laser  beam  was  scanned  across 
the  substrate  at  a  speed  in  the  range  of  0.66-4.0  cm/s. 
It  was  found  that  it  is  important  to  supply  the  powder 
in  front  of  the  moving  laser  beam.  Specimens  were 
prepared  at  laser  powers  ranging  from  200  W  to  800  W, 
with  a  constant  beam  diameter  of  0.2  cm.  The  substrates 
were  preheated  to  400°C  before  laser  treatment,  in  order 
to  minimize  thermal  shock  effects. 


2.2.  Characterization 

Cross-sections  of  the  metal/ceramic  interfaces  were 
characterized  by  optical  and  electron  microscopy. 
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Electron  microscopy  included  both  scanning  electron 
microscopy  (SEM)  and  transmission  electron  micro¬ 
scopy  (TEM).  For  SEM,  cross-sections  were  metallo- 
graphically  polished  to  a  surface  roughness  of  0.25  pm, 
and  etched  in  H3PO4  +  NH4OH.  SEM  was  conducted 
on  a  JEOL  840  SEM,  routinely  operated  at  10  kV. 
Chemical  analysis  of  the  interface  region  was  conducted 
by  energy  dispersive  spectroscopy  (EDS)  (Link-Oxford) 
mounted  on  the  SEM.  TEM  was  conducted  on  a  JEOL 
2000FX  operated  at  200  kV.  The  2000FX  also  includes 
a  Link  EDS  system  which  was  used  for  micro-elemental 
analysis.  Specimens  for  TEM  were  prepared  by  slicing 
300  pm  thick  cross-sections,  mechanical  thinning  to 
^100  pm,  mechanical  dimpling  to  ~25pm,  and  ion¬ 
milling  with  Ar  at  6kV  and  0.5  mA  to  perforation. 
TEM  specimens  were  coated  with  carbon  to  prevent 
charging  in  the  TEM. 


3.  Results  and  discussion 

3. 1.  Laser  treatments  in  air 

Laser  cladding  of  Cu  to  alumina  in  air  resulted  in 
the  agglomeration  of  molten  Cu  close  to  the  edges  of 
the  melt  pool  (Fig.  1 ).  Fig.  2  presents  a  SEM  micrograph 
of  the  alumina/Cu  interface  region  and  the  correspond¬ 
ing  Cu  and  Al  EDS  linescans. 

The  linescans  reveal  that  the  chemical  composition 
changes  abruptly  at  the  alumina/Cu  interface.  These 
results  indicate  that  no  reaction  took  place  between  the 
Cu  and  the  alumina  substrate  when  the  molten  Cu  is 
located  on  the  solid  alumina.  All  joints  revealed  cracks 
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Fig.  2.  SEM  image  of  the  AI2O3/CU  interface  region  and  corresponding 
Cu  and  Al  EDS  linescans. 

due  to  weak  interfacial  bonds  [8].  These  results  imply 
that  a  reaction  might  be  essential  to  obtain  a  crack-free 
Cu/alumina  interface  with  strong  chemical  bonds 
between  the  Cu  and  alumina.  In  order  to  access  the 
thermal  stability  of  the  joints,  heat  treatments  were 
conducted  in  air  at  900-1000°C  for  6-24  h.  After  heat 
treatments,  the  copper  agglomerates  spread  over  the 
AI2O3  substrate  (see  Fig.  3). 

This  can  be  correlated  with  a  high  interfacial  energy 
between  liquid  copper  and  liquid  AI2O3,  which  promotes 


Fig.  1.  SEM  micrograph  of  the  CU/AI2O3  interface  (laser  treatment  in 
air)  and  a  scheme  drawing  showing  the  relative  size  and  position  of 
the  alumina  melt-pool. 


Fig.  3.  SEM  micrograph  of  a  heat-treated  (950°C  for  20  h)  laser  pro¬ 
cessed  Cu— alumina  bond  (800  W,  800mm/min)  (laser  treatment  in 
air). 


42 


L.  Shepelevci  et  al  /  Surface  and  Coatings  Technology  125  ( 2000)  40-44 


Fig.  4.  SEM  micrograph  of  a  Cu-alumina  joint,  showing  the  presence 
of  CUAIO2  which  forms  between  the  alumina  and  metal  (laser  treat¬ 
ment  in  air). 


Cu  agglomeration,  whereas  the  low  interfacial  energy 
between  liquid  Cu  and  solid  AI2O3  results  in  the  forma¬ 
tion  of  a  Cu  layer  on  the  substrate.  In  addition  an  inter¬ 
layer,  approximately  80  pm  thick,  was  found  between 
the  Cu  and  the  alumina  (Figs.  3  and  4). 

This  layer  was  identified  by  EDS  as  CUAIO2 
(28.1  wt.%  Cu,  35.6  wt.%  Al,  33.3  wt.%  O). 

Fig.  5  is  a  TEM  micrograph  of  the  alumina  near  the 
melt-pool,  formed  during  laser  treatment  at  800  W  at 
800mm/min  followed  by  heat  treatment  for  20  h  at 
9WC. 

The  microstructure  is  characterized  by  small  sub¬ 
micron  particles  of  Cu  located  at  alumina  grain  bound¬ 
aries.  The  particles  are  surrounded  by  glass,  which  exists 
at  the  boundaries.  In  some  regions  Cu  particles  at  the 
grain  boundaries  were  much  smaller  than  those  shown 
in  Fig.  5.  Fig.  6  presents  bright-field  micrographs  of 
nano-sized  particles  of  Cu  located  in  the  glass  at  the 
alumina  grain  boundaries  and  triple  junctions.  These 
particles  are  in  the  form  of  small  dendrites.  These  results 
indicate  that  during  the  laser  treatment  Cu  is  transported 
to  the  base  region  of  the  melt-pool,  most  probably  in 
the  liquid  state  [9]. 


Fig.  6.  Bright-field  TEM  micrographs  of  nano-Cu-dendrites  located  in 
the  glass  (laser  treatment  in  air):  (A)  at  grain  boundaries;  (B)  at 
triple  junctions. 


3.2.  Laser  treatment  in  argon 

Laser  treatments  in  argon  at  lower  scan  speeds 
resulted  in  a  melted  zone  which  consists  of  two  regions: 
a  zone  of  melted  copper  and  a  zone  of  melted  alumina 
(Fig.  7). 

A  chemical  compound  between  Cu  and  AI2O3  at  the 
interface  between  the  two  zones  is  shown  in  Fig.  8.  The 
compound  located  in  this  region  is  CUAI2O4,  which  was 
determined  by  EDS  in  SEM.  The  width  of  the 
CUAI2O4  region  is  12-14  pm.  TEM  of  the  alumina 
located  directly  below  the  CUAI2O4  compound  also 
showed  the  presence  of  Cu.  However,  in  these  regions 
the  Cu  grains  are  adjacent  to  pockets  of  glass  (Fig.  9). 

3.3.  Possible  reactions  at  the  metal-ceramic  interface 


Fig.  5.  TEM  micrograph  of  the  heat-treated  alumina  near  the  melt 
pool.  A  Cu  particle  is  located  at  a  grain  boundary  (laser  treatment 
in  air). 


The  reaction  of  copper  and  cuprous  oxide  is  a  practi¬ 
cal  means  to  wet  alumina.  It  is  used  to  manufacture 
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Fig.  7.  SEM  image  of  the  Cu/alumina  interface  (laser  treatment 
under  argon). 


Fig.  8.  SEM  image  of  the  Cu/alumina  interface  (laser  treatment  in 
argon). 

copper-bonded  alumina  substrates  for  power  semicon¬ 
ductor  applications.  The  bonding  of  copper  to  alumina 
is  carried  out  at  a  temperature  slightly  above  the  eutectic 
temperature,  1065°C,  in  a  properly  controlled  oxygen- 
containing  atmosphere.  Oxygen-rich  liquid  copper  is 
known  to  form  a  CUAIO2  layer  when  it  is  in  contact 
with  alumina  [5].  A  CUAIO2  phase  is  known  to  form 
between  oxygenated  liquid  copper  and  alumina  by  the 
reaction: 

CU2O  -t-  AI2O3  =  2Cu  AIO2  ( 1 ) 

It  is  known  from  the  literature  that  the  adhesion  at 
the  copper-alumina  interface  varies  reversibly  with  the 
concentration  of  the  oxygen  at  the  interface,  and  there 


Fig.  9.  Bright-field  TEM  micrograph  of  the  Cu  grains  (laser  treatment 
in  argon). 


is  a  critical  oxygen  concentration  above  which  the  bond 
energy  shows  no  further  increase  [3,4]. 

The  critical  value  corresponds  to  the  solubility  limit 
at  850°C,  and  is  about  one-tenth  of  the  solubility  limit 
for  the  eutectic  temperature,  according  to  the  latest  Cu- 
O  phase  diagrams  [5], 

The  absence  of  the  CUAIO2  phase  after  the  laser 
treatment  can  be  attributed  to  the  formation  of  a  very 
thin  oxide  layer  on  the  molten  Cu  which  hinders  the 
diffusion  of  Al  into  the  Cu.  Hence  the  very  short  laser 
treatment,  compared  with  the  exposure  to  930°C  for 
20  h  required  to  form  this  phase  during  the  hear  treat¬ 
ment,  is  insufficient  to  form  CuAlOi-  For  samples  pro¬ 
cessed  in  Ar  the  CUAI2O4  should  form  according  to 
reaction  (2) 

3Cu-l-4Al203-^3CuAl204-|-2Al  (2) 

The  absence  of  Cu  oxide  on  the  Cu  particles,  which 
are  in  contact  with  the  AI2O3,  enables  this  reaction  to 
form  CUAI2O4  even  during  short  interaction  times  char¬ 
acteristic  of  the  laser  treatment.  The  presence  of  Al  in 
the  resolidified  Cu  and  the  CUAI2O4  layer  in  the  samples 
treated  under  Ar  confirms  this  reaction. 


4.  Conclusions 

The  characterization  of  the  joints  has  resulted  in  a 
number  of  important  conclusions. 

•  Sub-micron  Cu  particles  form  in  the  amorphous  grain 
boundary  glass  at  the  base  of  the  melt-pool.  The 
presence  of  Cu  at  these  grain  boundaries  would  be 
expected  to  influence  the  mechanical  properties  of 
the  ceramic  substrate. 

•  No  CUAIO2  is  formed  during  laser  treatment  in  air 
due  to  an  oxide  layer  formed  on  the  copper  particles. 

•  Heat  treatments  following  the  laser  process  result  in 
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the  formation  of  CUAIO2  between  the  alumina  and 
the  Cu  (laser  treatments  in  air). 

•  In  the  case  of  laser  treated  alumina  under  argon, 
CUAI2O4  was  formed  due  to  good  contact  between 
the  Cu  and  AI2O3.  Regions  containing  small  Cu 
particles  adjacent  to  pockets  of  glass  were  found. 
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Abstract 

A  comparative  study  of  two  different  techniques  for  the  application  of  wear-resistant  coatings  for  contact  surfaces  of  shroud 
shelves  of  gas  turbine  engine  blades  (GTE)  has  been  conducted.  Wear-resistant  coatings  were  applied  on  In713  by  laser  cladding 
with  direct  injection  of  the  cladding  powder  into  the  melt  pool.  Laser  cladding  was  conducted  with  a  TRUMPF-2500,  CW-CO2 
laser.  The  laser  cladding  was  compared  with  commercially  available  plasma  cladding  with  wire.  Both  plasma  and  laser  cladded 
zones  were  characterized  by  optical  and  scanning  electron  microscopy.  It  was  found  that  the  laser  cladded  zone  has  a  higher 
microhardness  value  (650-820  HV)  compared  with  that  of  the  plasma  treated  material  (420-440  HV).  This  is  a  result  of  the 
significant  reduction  in  grain  size  in  the  case  of  laser  cladding.  Unlike  the  plasma  cladded  zones,  the  laser  treated  material  is  free 
of  micropores  and  microcracks.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

The  operational  stability  of  turbine  blades  with 
shroud  shelves  depends  on  the  wear  resistance  of  the 
shroud  shelves.  [1,2].  It  is  known  that  during  operation, 
as  a  result  of  dynamic  contact  as  well  as  vibration  and 
heat,  the  contact  surfaces  of  shroud  shelves  undergo 
intensive  wear.  This  leads  to  the  formation  of  a  gap 
between  them  and,  as  a  result,  increases  the  amplitude 
of  alternating  loads  on  the  blade  critical  cross-section 
[2].  Thus,  the  wear  of  the  blade  shroud  shelves’  contact 
area  determines  the  overall  service  life  of  the  GTE  [2,3]. 
To  increase  the  service  life  of  turbine  blades  with  shroud 
shelves,  plasma  cladding  of  cobalt  stellites  supplied  in 
the  form  of  wire  is  used.  These  materials  exhibit  suffi¬ 
ciently  high  tribological  properties  [1,3]. 

In  spite  of  a  significant  increase  in  wear  resistance 
for  cladded  blades  (compared  with  non-cladded  blades) 
plasma  cladding  technology  has  some  essential 
drawbacks: 

•  plasma  cladding  is  performed  manually,  and  does  not 
provide  the  required  uniformity  of  the  coating; 

•  the  layer  contains  cracks  and  pores  both  at  the  layer- 
substrate  interface  and  in  its  entire  volume; 

•  the  plasma  cladded  layer  has  a  sharp  boundary  with 
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the  substrate,  where  high  stress  concentration  leads 
to  the  formation  of  cracks  and  pores  under  loading; 
and 

•  plasma  cladding  increases  the  hardness  of  the  coating 
by  20-  40  HV  above  that  of  the  substrate. 

These  limitations  can  be  overcome  by  applying  coat¬ 
ing  techniques,  such  as  laser  cladding  [3-5]. 

This  paper  presents  a  comparison  between  the  micro¬ 
structure  and  properties  of  plasma  cladding  in  which 
the  clad  material  is  supplied  via  a  wire,  and  laser 
cladding  with  direct  injection  of  cladded  powder  into 
the  melt  pool. 


2.  Experimental  methods 

Commercially  available  blades  with  plasma  cladding 
were  investigated,  as  well  as  wear-resistant  coatings 
produced  by  laser  cladding,  using  the  method  of  direct 
injection  of  cladding  powder  into  the  melt  pool.  All 
tests  were  performed  with  alloy  In?  13. 

Laser  cladding  was  conducted  with  a  TRUMPF-2500 
CW-CO2  laser  operated  at  a  laser  power  density  in  the 
range  of  2.8  x  10'^-3.6  x  lO'^  W/cm^  and  scanning  veloci¬ 
ties  of  0.5-0.7cm/s.  The  powder  feed  rate  was  0.015- 
0.02  g/s.  Both  plasma  and  laser  cladding  zones  were 
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Fig.  1.  SEM  micrograph  of  the  plasma  cladded  zone  and  its  interface 
with  the  substrate. 
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Fig.  2.  EDS  line-scan  analysis  of  the  major  elemental  distribution 
across  the  plasma  clad-substrate  interface 


characterized  by  optical  and  scanning  electron  micro¬ 
scopy  (SEM). 

3.  Results  and  discussion 

3.  L  Plasma  cladding  zone 

The  plasma-cladding  zone  and  its  interface  with  the 
substrate  are  shown  in  Fig.  1.  In  this  figure  one  can  see 
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Fig.  3.  (a)  SEM  micrograph  of  a  laser  cladded  substrate  region,  (b) 
EDS  line-scan  analysis  of  the  major  elemental  distribution  across  the 
laser  clad-substrate  interface. 


that  the  plasma  cladded  zone  is  characterized  by  the 
presence  of  microcracks  and  pores,  which  might 
adversely  affect  the  wear  resistance  of  contact  surfaces 
of  blades  [2].  The  low  content  of  Ni,  which  originates 
from  the  substrate,  in  the  cladding  is  evident  in  Fig.  2. 
From  Figs.  1  and  2  it  can  be  concluded  that  the  bound¬ 
ary  between  the  clad  and  substrate  is  very  sharp  and 
contains  a  large  quantity  of  microcracks  and  pores.  The 
sharp  boundary  can  be  correlated  with  the  processing 
characteristics  —  e.g.  the  relative  size  of  the  plasma¬ 
heating  source  compared  with  that  of  the  wire  and  the 
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Fig.  4.  EDS  line-scan  analysis  of  concentration  changes  of  basic  ele¬ 
ments  of  a  laser  cladded  layer  and  substrate  in  interdendritic  regions. 


substrate.  Therefore,  the  melted  wire,  which  spreads  on 
the  unmelted  surface  of  the  substrate,  is  not  sufficiently 
overheated  to  ensure  mixing  and/or  mutual  dissolution 
of  elements  from  both  components. 

This  is  reflected  in  the  concentration  profiles  seen  in 
Fig.  2.  The  porosity  seen  in  Fig.  1  results  from  gas 
entrapped  in  the  high  viscosity  melt  [6].  The  microhard¬ 
ness  of  the  plasma  cladded  layer  is  420-440  HV.  The 
microhardness  of  the  substrate  is  400  HV. 

3.2.  Laser  cladded  Zone 

The  laser  cladded  zone  has  a  uniform  microstructure 
with  a  smooth  boundary  between  the  cladded  layer  and 
the  substrate  (Fig.  3(a)  and  (b)). 

The  crack-  and  pore-free  interface  between  the  laser 
cladded  zone  and  the  substrate,  at  higher  magnification, 
and  the  enrichment  of  the  cladding  with  Ni  from  the 
substrate  are  evident  in  Fig.  4.  The  formation  of  a 
smooth  interface  by  laser  cladding  can  be  explained  by 
the  fact  that  the  laser  beam  causes  significant  heating  of 
the  injected  powder  and  essential  overheating  of  the 
molten  surface  of  the  substrate,  and  hence  the  hot 
particles  melt  on  hitting  the  melt  bath.  The  high  temper¬ 
atures  prevail  in  the  melt  and  the  gradient  in  the  surface 
tension  throughout  this  melt  pool  result  in  dissolution 
of  constituents  from  the  substrate,  and  their  distribution 


Table  1 

The  microhardness  at  various  locations  in  the  laser  cladded  blades  by 
various  power  densities 


Sample 

group 

Laser  treatment 
conditions  x  lO"* 
(W/cm^) 

Microhardness  (HV) 

Base 

Boundary 

Cladded  layer 

1 

3.6 

400 

572 

824 

2 

3.2 

400 

522 

680-724 

3 

2.8 

400 

464 

542 

in  the  melt  due  to  the  intensive  mixing.  The  low  viscosity 
of  the  melt  bath  and  the  directional  dendritic  growth, 
which  nucleated  on  the  cold  substrate,  result  in  the 
crack-  and  pore-free  interface  [6]  seen  in  Fig.  4.  Table  1 
presents  the  microhardness  at  various  locations  in  the 
laser  treated  blades  by  various  power  densities. 

The  microhardness  for  both  interface  and  laser  clad¬ 
ded  zones  increase  as  a  function  of  laser  radiation  power 
density.  The  laser  cladded  zones  reveal  a  significant 
grain  refinement  (Fig.  5)  which  raises  their  microhard¬ 
ness  values. 


4.  Conclusions 

1.  Laser  cladding  of  the  contact  surfaces  of  shroud 
shelves  by  direct  powder  injection  provides  a  cladding 
layer  with  a  higher  hardness  than  plasma  treated 
surfaces. 

2.  Laser  cladded  zones,  unlike  the  plasma  treated  sur¬ 
faces,  are  free  of  microcracks  and  pores. 

3.  The  laser  cladded  zone  has  a  smooth  interface  with 
the  substrate,  which  prevents  stress  concentration  at 
the  clad-substrate  interface  during  operation. 


Fig,  5.  SEM  micrograph  of  a  laser  clad-substrate  interface. 
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Abstract 

The  paper  presents  a  review  of  original  investigations  on  the  surface  modification  of  metallic  materials  with  low  energy  (up  to 
40  keV),  high  current  (up  to  40  J/cm^)  electron  beams  of  microsecond  duration.  Based  on  materials  research  and  on  simulations 
of  temperature  and  stress  fields,  the  regularities  and  mechanisms  for  the  changes  in  the  defect  structure  and  in  the  strain-stress 
state  of  pure  metals  (Fe)  on  pulsed  heating  are  considered.  The  peculiarities  of  the  formation  of  non-equilibrium  structure-phase 
states  and  graded  structures  on  pulsed  melting  of  film-substrate  (Fe-Ta,  Al-Si,  and  Al-C)  systems  have  been  studied.  For  a 
broad  spectrum  of  structural  and  tool  materials  (steels,  aluminum  and  titanium  alloys,  hard  alloys)  it  has  been  shown  that  the 
most  pronounced  changes  in  the  structure-phase  state  occur  in  the  near-surface  layer  quenched  from  the  liquid  state,  where  the 
velocity  of  the  crystallization  front  reaches  its  maximum.  In  this  layer,  the  second  phases  are  partially  or  completely  dissolved, 
and  oversaturated  solid  solutions  and  nanosized  second-phase  segregates  are  formed.  This  substantially  improves  the  electrochemical 
and  strength  properties  of  the  surface  layer.  It  has  been  established  that  the  action  of  dynamic  stresses  has  the  result  that  the 
modified  layer  with  enhanced  strength  properties  is  substantially  thicker  than  the  heat-affected  zone.  ©  2000  Elsevier  Science  S.A. 
All  rights  reserved. 

Keywords:  Pulsed  electron  beams;  Surface  thermal  treatment 


1.  Introduction 

In  the  last  few  decades,  new  methods  have  been 
developed  for  surface  modification  of  metallic  materials 
which  are  based  on  the  use  of  intense  pulsed  laser  [1], 
electron  [1-5]  and  ion  beams  [6,7].  Irradiation  induces 
dynamic  temperature  fields  in  the  surface  layers  giving 
rise  to  superfast  heating,  melting  and  evaporation,  fol¬ 
lowed  by  superfast  solidification  of  the  material.  The 
dynamic  stress  fields  formed  cause  intense  deformation 
processes  in  the  material.  As  a  result,  metastable  struc¬ 
ture-phase  states  may  appear  in  the  surface  layers,  which 
are  capable  of  providing  improved  physical,  chemical 
and  strength  properties  of  the  material  unattainable  with 
conventional  surface  treatment  techniques. 

We  began  our  studies  on  the  action  of  pulsed  electron 
beams  on  metals  in  the  mid  1970s  [8].  In  the  1980s,  a 
series  of  experiments  was  performed  by  Follstaedt  and 
Knapp  [9,10]  on  pulsed  melting  of  pure  materials  and 
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film- substrate  systems,  and  by  Demidov  et  al.[2]  on 
surface  treatment  of  iron-base  alloys.  In  recent  years, 
considerable  success  has  been  achieved  in  the  creation 
of  sources  of  low  energy  high  current  electron  beams 
(LEHCEBs)  [3,4].  The  sources  contain  an  electron  gun 
with  an  explosive  emission  cathode  and  a  plasma  anode, 
placed  in  a  guide  magnetic  field.  The  LEHCEB  operating 
parameters  are  as  follows:  electron  energy  0.5-40  keV; 
pulse  duration  0.5-5  ps;  energy  density  0.5-40  J/cm^; 
beam  cross-section  area  10-50  cm^;  and  pulse  repetition 
rate  0.2  Hz.  These  sources,  because  of  their  simplicity 
and  reliability,  have  essential  advantages  over  the  pulsed 
lasers  and  high  power  ion  beam  sources  used  for  surface 
treatment  of  materials.  This  paper  reviews  the  results  of 
original  studies  of  the  features  and  mechanisms  of  the 
LEHCEB  modification  of  the  structure  and  properties 
of  a  broad  spectrum  of  metallic  materials. 


2.  Modification  of  the  structure  and  properties  of  metallic 
materials 

The  major  factors  which  determine  the  state  and 
properties  of  a  material  in  the  beam-affected  zone  are 


0257-8972/00/$  -  see  front  matter  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
PII:  80257-8972(99)00604-0 


50 


D.l  Proskurovsky  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  49-56 


the  noil-stationary  temperature  fields  appearing  in  the 
surface  layers  as  a  result  of  absorption  of  the  beam 
energy,  and  the  stress  fields  caused  by  pulsed  heating  of 
the  surface.  The  techniques  and  results  of  the  calcula¬ 
tions  of  temperature  fields  and  stress  waves  are  described 
elsewhere  [4].  We  used  the  results  of  these  calculations 
in  interpreting  experimental  data. 

2.1 .  Pure  metals 

It  has  been  shown  that  pulsed  heating  of  pure 
(-10"^at.%  C)  recrystallized  iron  near  the  melting 
threshold  (-20  keV,  0.8  ps,  2-2.5  J/cm^)  leads  to  plastic 
deformation  of  the  surface  layer  and  the  formation  of 
an  extended  (—100  pm)  non-uniformly  hardened  zone 
with  a  microhardness  maximum  located  at  a  depth  of 
—  20  pm  [11].  The  microhardness  (Vickers)  profile 
H^{x)  follows  the  dislocation  density  depth  distribution 
p(x)(Fig.  1). 

In  the  surface  layer  of  thickness  up  to  —  5  pm,  plastic 
deformation  is  accompanied  by  primary  recrystallization 
with  the  recrystallization  nuclei  (2-5  pm)  appearing  at 
grain  boundaries.  From  thermal  calculations  and  stress 
field  estimates,  it  follows  that  the  non-monotonic  depth 
change  in  the  material  substructure  and  microhardness 
are  related  to  the  plastic  deformation  caused  by  com¬ 
pressing  (in  the  surface  plane)  quasi-static  thermoelastic 
stresses  and  to  the  recrystallization  processes  caused  by 
the  heat  transfer  into  the  material  bulk.  The  stress  wave, 
because  of  its  low  amplitude  [4],  has  a  minor  effect  on 
the  material  structure  and  properties. 

The  character  of  the  bending  of  thin  (  —  0.5  mm) 
specimens  have  confirmed  that  compressive  stresses 
acted  in  the  surface  plane  in  the  process  of  irradiation. 
Estimates  based  on  measuring  plastic  microstrain  curves 
have  shown  [12]  that  on  single  irradiation  these  resulting 
stresses  are  as  high  as  —  400  MPa,  i.e.  far  exceeding  the 
dynamic  yield  limit  for  Fe. 

As  the  pulse  is  completed,  the  near-surface  layer  is 
cooled  and  then  compressed;  therefore,  residual  tensile 
stresses  are  formed  here.  Measurements  have  shown 
that  for  the  number  of  pulses  V=l-50  these  stresses 


Fig.  1.  Depth  distribution  of  dislocation  density  (1,  2)  and  microhard- 
ncss  (3)  for  iron  after  irradiation  (2.2  J/cnP,  0.8  ps):  Pulse  number; 
//  =  5  ( 1,3);  A^=300  (2).  The  Vickers  diamond  pyramid  load  was  0.2  N. 


make  up  40-80  MPa,  i.e.  they  are  about  an  order  of 
magnitude  lower  than  the  compressive  stresses  acting 
on  irradiation.  The  residual  stresses  have  a  maximum 
at  a  depth  of  -  5  pm  and  are  effective  within  the  heat 
affected  zone  (HAZ)  whose  thickness  is  —20  pm.  The 
existence  of  a  maximum  agrees  with  the  data  on  recrys¬ 
tallization  in  the  surface  layer  of  -  5  pm.  The  monotonic 
decrease  in  the  residual  stresses  beyond  the  recrystallized 
layer  correlates  with  the  H^{x)  and  p{x)  distributions 
(see  Fig.  1). 

As  the  melting  threshold  is  achieved,  the  dominant 
effect  on  the  microstructure  of  the  surface  layer  is 
exerted  by  the  processes  of  rapid  crystallization  from 
melt  and  plastic  deformation  in  dynamic  stress  fields.  It 
follows  from  thermal  calculations  that  as  the  energy 
density  is  increased  in  the  range  E’s  =  2.3-5.2  J/cm^  the 
melt  thickness  and  lifetime  increase  in  the  ranges  0.7- 
2.5  pm  and  0.5-3  ps,  respectively.  The  increase  in  melt 
thickness  decreases  the  melt  cooling  rate  from  —10^^ 
to  - 10^  K/s  and  the  crystallization  front  velocity  from 
—  5  to  —2  m/s. 

An  analysis  of  the  spectra  of  positron  lifetimes  (slow 
positron  annihilation  spectroscopy)  in  the  surface  layer 
of  recrystallized  iron  (—10^^%  C)  has  shown  that  as  a 
result  of  quenching  from  melt  vacancy-type  defects, 
mainly,  vacancy  clasters  (divacancies  and  trivacancies) 
are  formed  [13].  Fig.  2  presents  the  S  parameter  of 
Doppler  broadening  of  the  annihilation  peak  as  a  func¬ 
tion  of  positron  energy  for  specimens  irradiated  with 
various  values  {S  parameter  defined  as  the  ratio  of 
the  central  area  to  the  total  area  of  the  annihilation 
peak).  The  increase  of  the  S  parameter  is  directly 
correlated  with  the  increase  of  the  vacancy-like  defect 
concentration.  Thus,  the  dependencies  given  in  Fig.  2 
correspond  to  the  vacancy  concentration  profiles.  It  can 
be  seen  that  quenching  from  melt  increases  the  defect 
concentration  against  the  initial  state.  The  dependence 
of  the  degree  of  defectiveness  of  this  layer  (at  depths 
v:>500nm)  on  is  represented  by  a  curve  with  a 
maximum  at  £"3  =  4.2  J/cm^.  This  regularity  can  be 


Fig.  2.  Depth  distributions  of  the  S  parameter  for  iron  before  and  after 
pulsed  melting:  untreated  (•);  2.3J/cm^  (A,-|-);  4.2  J/cm^  (<0,O); 
5.2  J/cm^(n). 
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accounted  for  as  follows.  The  concentration  of  quench 
vacancies  is  determined  by  their  nucleation  at  the  crystal¬ 
lization  front  and  recombination  at  the  dislocations 
formed  under  the  action  of  dynamic  stress  fields.  As 
is  increased  and  correspondingly  increases  the  melt 
thickness  and  lifetime,  the  vacancy  concentration 
decreases.  The  dependence  of  the  dislocation  density  on 
has  the  same  character.  This  is  associated  with  the 
decrease  in  the  temperature  gradients,  with  an  increase 
in  the  thickness  of  the  energy  release  zone  and,  hence, 
with  the  reduction  of  the  quasi-static  stresses.  For  low 
E^  (2.3  J/cm^),  a  significant  fraction  of  non-equilibrium 
vacancies  may  recombine  at  dislocations  since  the  dislo¬ 
cation  density  is  high.  As  E^  is  increased,  the  probability 
of  recombination  falls  because  of  the  decrease  in  disloca¬ 
tion  density.  Thus,  there  exists  a  critical  energy  density 
at  which  the  concentration  of  vacancies  is  a  maximum. 

The  distribution  is  shown  in  Fig.  3.  An  increase 
in  microhardness  is  accompanied  by  an  increase  in  the 
wear  resistance  of  the  surface  layer  [14].  As  follows 
from  thermal  calculations,  the  near-surface  hardened 
layers  are  formed  on  quenching  from  the  liquid  state. 
The  increased  microhardness  in  these  layers  is  due  to 
strain  hardening  under  the  action  of  quasi-static  stresses 
formed  at  the  stage  of  cooling  after  the  completion  of 
crystallization.  This  is  evidenced  by  the  presence  of 
slipping  marks  and  by  the  formation  of  a  dislocation 
substructure  [9].  The  amplitude  of  the  stress  wave,  as 
for  the  pre-melting  irradiation  mode,  is  low.  Moreover, 
within  the  melt  lifetime  this  wave  propagates  over  a 
considerable  distance  from  the  surface  and,  therefore,  it 
has  only  a  slight  effect  on  the  formation  of  the  affected 
zone.  The  intricate  character  of  the  hardening  at 
5.2  J/cm^  might  be  associated  with  the  combined  effect 
exerted  on  the  material  microstructure  by  the  deforma¬ 
tion  processes  in  the  HAZ  and  by  the  processes  of 
redistribution  of  dislocations  and  recrystallization  in  the 
near-surface  layers  where  the  temperature  reaches  its 
maximum. 
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Fig.  3.  Depth  distributions  of  microhardness  for  iron:  (1)  untreated, 
(2)  3.3  J/cm^  (3)  5.2J/cm^.  The  Vickers  diamond  pyramid  load  was 
0.002  N  [13]. 


2.2.  Microcraters 

On  irradiation  of  previously  deformed  metals,  the 
uniform  melting  of  the  near-surface  layer  is  preceded 
not  by  plastic  deformation  but  by  the  formation  on  the 
surface  of  microcraters  of  size  10“ "^-10“^  cm  [15]. 
Crater  formation  is  also  observed  on  irradiation  of 
almost  all  metallic  alloys.  The  microcrater  size  and 
distribution  density  depend  on  the  material  purity,  the 
grain  size,  etc.,  and  on  the  beam  parameters.  As  the 
melting  threshold  is  achieved,  microcraters  show  up  as 
well  on  the  background  of  the  complicated  relief  of  the 
molten  surface.  On  going  to  the  evaporation  mode, 
microcraters  are,  as  a  rule,  not  observed.  It  should  be 
noted  that  crater  formation  is  also  observed  on  metals 
and  alloys  treated  with  pulsed  s)  laser  and  ion 

beams  [16]. 

The  specific  symmetry  of  the  microcraters  testifies  to 
a  local  melting  of  the  metal.  A  reason  for  the  local 
melting  may  be  the  irregularity  of  the  microstructure  in 
the  near-surface  layer  and/or  the  discrete  cross-sectional 
structure  of  the  electron  beam  (presence  of  individual 
microjets  with  an  elevated  current  density).  Experiments 
have  shown  [16,17]  that  the  dominant  reason  is  the  first, 
namely,  the  presence  of  microirregularities  of  the  chemi¬ 
cal  and  phase  composition  which  are  responsible  for 
local  melting  at  temperatures  below  the  melting  thresh¬ 
old  for  the  matrix.  For  instance,  in  copper  these  impuri¬ 
ties  are  insoluble  Pb  and  Bi  which  form  eutectics  at  326 
and  270''C  as  well  as  O  and  S  present  as  intermediate 
phases  of  CU2O  and  CU2S  which  enter  into  the  eutectics, 
whose  thermal  conductivity  is  more  than  two  orders  of 
magnitude  lower  than  that  of  copper. 

The  consequences  of  crater  formation  are  the 
increased  roughness  of  the  surface  and  the  formation  in 
the  near-surface  layer  of  local  regions  with  highly  non- 
uniform  structure-phase  and  strain-stress  states. 
Obviously,  these  changes  should  deteriorate  the  tribo- 
technical  characteristics  and  impair  the  strength  proper¬ 
ties  and  corrosion  resistance  of  the  material.  This  makes 
the  search  for  efficient  methods  for  combatting  this 
unwanted  effect  an  urgent  problem. 

2.5.  Film-substrate  systems 

The  pulsed  melting  of  these  systems  is  of  considerable 
interest  since  it  makes  it  possible  to  form  metastable 
states,  amorphous  states  included,  such  that  the  thick¬ 
ness  of  the  modified  layer  may  be  about  an  order  of 
magnitude  greater  than  that  achievable  on  high-dose 
ion  implantation  [1,9,10],  Detailed  investigations  were 
performed  for  single  layer  (Ta-Fe)  and  multilayer  (Al- 
Si  and  Al-C)  systems.  These  systems  are  characterized 
by  a  limited  solubility  of  the  components  in  the  solid 
state,  and  the  system  Al-C  is  inconsistent  in  the  liquid 
state. 
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On  irradiation  of  the  Ta-Fe  system  (0.8-1. 5  ns  and 
1.5-6  J/cm^),  as  shown  by  thermal  calculations,  the 
presence  of  a  refractory  Ta  film  (lOOnm)  increases 
severalfold  the  thickness  and  lifetime  of  the  molten  layer 
of  the  substrate  (Fe)  and  decreases  the  velocity  of  the 
crystallization  front  as  compared  to  pure  Fe.  With  the 
RBS  and  Auger  spectroscopy  methods  it  has  been  shown 
that  the  liquid  phase  component  mixing  has  the  result 
that  the  thickness  of  the  Ta-doped  layer  is  two  or  three 
times  greater  than  that  of  the  film.  Increasing  beam 
energy  density  favors  the  mixing  and  increases  the 
thickness  of  the  mixed  layer.  The  effective  coefficient  of 
the  liquid  phase  diffusion  of  Ta  into  Fe  is 
~5  X  10^“’ cm^/s.  With  transmission  electron  micro¬ 
scopy  (TEM)  it  has  been  established  that  the  structure 
formed  as  a  result  of  quick  quenching  from  the  melt 
has  a  complex  phase  composition  and  is  inhomogeneous 
in  depth  (Fig.  4).  In  the  close  vicinity  of  the  surface  (at 
a  depth  of  ~0.2  pm),  particles  (<0.3  pm )  of  undissolved 
Ta,  the  Fe-Ta  amorphous  phase  and  dispersed  segregates 
of  the  intermetallic  compound  Fe2Ta  are  observed.  The 
deeper  layers  consist  predominantly  of  Fe2Ta  particles 
and  Fe(Ta)  solid  solution  grains  with  a  high  dislocation 
density.  The  layer-by-layer  disposition  of  the  structures 
is  due  to  the  decrease  in  Ta  concentration  with  depth, 
resulting  from  Ta  diffusion  in  the  liquid  phase,  and  to 
the  difference  in  the  cooling  rates  at  the  surface  and  in 
deeper  layers  of  the  melt.  In  the  process  of  thermal 
cycling  realized  on  multiple  pulsed  heating,  the  presence 
of  the  refractory  Ta  film  has  the  result  that,  in  the  near¬ 
surface  layer,  a  microstructure  is  formed  with  the  dislo¬ 
cation  density  and  long  range  stresses  elevated  compared 
to  pure  iron  [17], 

In  the  original  state,  the  multilayer  (Al/Si/Al/ 
Si/Al/Si/Al )  system  on  an  Al  substrate  consists  of  four 
polycrystalline  Al  layers  (~350nm)  separated  with 
amorphous  silicon  interlayers  (~50nm).  According  to 
Auger  electron  spectroscopy  data  carbon  (up  to  5  at.%) 
is  present  at  the  Al-Si  interfaces.  On  irradiation  in  the 


Fig.  4.  Microstnicturc  of  a  multilayer  (Al/Si/Al/Si/AI/Si/Al)  system  on 
an  Al  substrate  after  pulse  melting  of  Al:  (a)  bright-fiold  image,  (b) 
diffraction  pattern. 


Fig.  5.  Microstriicture  of  a  multilayer  (Al/C/Al/C)  system  on  an  Al 
substrate  after  pulse  melting  of  Al;  (a)  bright-field  image;  (b)  and  (c) 
diffraction  patterns  for  top  and  bottom  parts  of  (a). 

mode  of  melting  of  the  Al  layers  preceding  the  melting 
threshold  for  Si  (2.5  ps,  2.3-3. 1  J/cm^),  the  multilayered 
texture  is  retained:  however,  the  concentration  of  Si  in 
the  Al  layers  increases  abruptly  due  to  the  diffusion  of 
Si  atoms  into  the  liquid  Al.  The  superfast  crystallization 
of  the  Si-enriched  Al  layers  from  the  liquid  state  results 
in  the  formation  of  nanosized  ( ~  30  nm)  Al  crystallites 
combined  in  complexes  ~100nm  in  size.  At  the  Al 
crystallite  boundaries,  nanosized  particles  of  the  second 
phase  Al4Si2C5  are  segregated  (Fig.  4).  In  the  amor¬ 
phous  Si-Al-C  interlayers,  partial  crystallization  with 
the  formation  of  nanosized  Si  particles  takes  place.  As 
the  melting  threshold  for  Si  is  achieved  (£'^>4  J/cm^), 
the  efficiency  of  mixing  decreases  abruptly  because  of 
ablation  of  the  coating. 

The  unaffected  (Al/C/Al/C)  system  on  an  Al  sub¬ 
strate  consists  of  alternating  two  polycrystalline  Al 
layers  ( ~  700  and  ~  500  nm)  and  two  amorphous  carbon 
layers  (~ 200  and  ~  100  nm).  On  irradiation  in  the  mode 
of  melting  of  the  Al  layers  (2.5  ps,  1.8J/cm^),  the 
following  structures  are  formed:  coarse  (up  to  ~  20  pm) 
molten-off  Al  particles;  regions  consisting  of  submicron 
Al  grains  with  nanosized  (2-3  nm)  particles  of  cubic 
lattice  carbon  segregated  along  the  grain  boundaries; 
regions  consisting  of  50-100  nm  cells  of  amorphous 
carbon  with  nanosized  (3-5  nm)  Al  segregates  (major 
type  structures.  Fig.  5),  and,  finally,  amorphous  carbon 
particles  (a  few  micrometers)  formed  on  destruction  of 
the  original  carbon  layers.  The  formation  of  these  struc¬ 
tures  points  to  the  stratification  of  Al  and  C  on  pulsed 
melting  under  the  given  conditions.  As  distinct  from  the 
previous  system,  the  second  phases  (AI4C3)  are  absent, 
which  may  be  related  to  the  insufficiently  high  temper¬ 
ature  (<1700°C)  and  short  lifetime  (~10”®s)  of  the 
Al  melt. 

2. 4.  Carbon  steels 

Let  us  consider  the  features  of  the  hardening  on  the 
example  of  Steel  45  (0.45%  C).  In  doing  this,  we  also 
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use  the  results  we  have  obtained  with  electron  beams 
whose  duration  was  longer  than  that  of  the  LEHCEBs. 
Experiments  have  shown  that  with  T>10ps  and 
£'^>10  J/cm^  sufficient  to  melt  a  surface  layer  of  thick¬ 
ness  >  5  pm,  irrespective  of  the  original  state  of  the 
steel,  a  quench  structure  (martensite  and  residual  austen¬ 
ite)  with  enhanced  microhardness  and  wear  resistance  is 
formed  in  this  layer.  Metallographically,  this  structure 
shows  up  as  a  weakly  etchable  (‘white’)  layer.  In  the 
layer  heated  to  a  temperature  over  the  quench  temper¬ 
ature,  the  microhardness  decreases  gradually  with  dis¬ 
tance  from  the  surface.  The  highest  degree  of  hardening 
is  achieved  on  irradiation  of  the  pre-quenched  steel. 

As  the  pulse  duration  is  shortened  to  ^  1  ps 
(LEHCEB),  the  martensitic  transformation  of  the  steel 
on  quenching  from  the  liquid  state  and,  hence,  efficient 
hardening  of  the  surface  layer  are  realized  only  at  energy 
densities  such  that  the  melt  thickness  is  over  the  critical 
value  equal  to  ^5  mm.  This  is  related  to  the  existence 
of  a  minimum  critical  grain  size  for  the  original  phase 
( 1  pm)  necessary  for  the  nucleation  of  martensitic 
crystals  [18].  This  criterion  is  in  good  agreement  with 
the  data  on  the  effect  of  the  grain  size  on  the  temperature 
at  which  martensitic  transformation  begins,  M^,  avail¬ 
able  in  the  literature  and  allows  an  interpretation  of 
both  our  results  and  the  data  on  laser  treatment  of  steels 
available  in  the  literature. 

For  1  ps  and  E^  =  2.5  J/cm^,  when  the  melt  thick¬ 
ness  is  noticeably  below  the  critical  value,  a  steel  origi¬ 
nally  having  a  ferritic-pearlitic  structure  is  not  hardened 
for  the  above  reason.  As  for  the  pre-quenched  steel,  its 
hardening  is  substantially  different  in  character.  In  this 
case,  an  extended  (^^200  pm)  hardened  zone  with  two 
microhardness  maxima  is  formed  (Fig.  6)  with  the 
microhardness  reaching  abnormally  high  values  (up  to 
~  16  GPa)  on  multiple  irradiation  [3,4,19]. 

As  the  number  of  pulses  is  increased,  accumulation 
of  the  y-phase  occurs  in  the  HAZ  ('^15  pm),  which  is 
associated  with  the  increase  in  carbon  concentration. 


GPa 


Fig.  6.  Depth  distributions  of  microhardness  for  pre-quenched  carbon 
steel  45  after  irradiation  (2.5  J/cm^  0.8  ps):  (1)  pulse  number  A^=l; 
(2)  TV  =  300.  For  untreated  steel  H^=1.5  GPa.  The  Vickers  diamond 
pyramid  load  was  0.5  N. 


Layer-by-layer  TEM  examination  has  shown  that  a 
graded  structure  is  formed  in  the  HAZ,  and  in  the  near¬ 
surface  layer  quenched  from  melt  a  nanocrystalline 
structure  consisting  of  grains  of  a-  and  y-phases  and 
containing  no  martensite  crystals  is  formed.  The  forma¬ 
tion  of  nanostructures  correlates  with  the  fact  that  the 
rate  of  quenching  from  the  melt  and  the  velocity  of  the 
crystallization  front  reach  their  maxima  (^10^^  K/s  and 
^5  m/s  respectively)  at  the  surface. 

At  the  microhardness  maxima  located  beyond  the 
HAZ,  fragmentation  and  twinning  of  the  original 
martensite  crystals  and  segregation  of  dispersed  cement- 
ite  particles  are  observed.  These  effects  may  be  related 
to  the  action  of  stress  waves  and/or  quasi-static  stresses. 
To  eliminate  the  quasi-static  stresses,  a  10  pm  thick  Ta 
foil  was  pasted  on  the  surface.  After  irradiation  of  this 
three-layer  structure,  the  character  of  hardening  did  not 
changed  [15].  It  follows  that  the  formation  of  the 
hardened  layers  is  related  to  the  action  on  martensite  of 
low  amplitude  cyclic  stress  waves.  A  feature  of  these 
waves,  as  distinct  from  ordinary  bipolar  waves  formed 
under  the  action  nanosecond  electron  beams,  is  that  the 
stress  changes  its  sign  several  time  [4],  i.e.  the  loading 
is  quasi-periodic.  With  this  type  of  loading,  the  dominant 
role  in  hardening  is  played  by  the  carbon  present  in  the 
martensitic  structure.  As  distinct  from  the  original  fer- 
ritic-pearlitic  structure,  the  carbon  in  the  martensite  is 
in  a  weakly  bound  state  (mainly,  at  dislocations). 
Therefore,  even  at  low  amplitudes  of  the  stress  wave,  it 
is  prone  to  diffusion,  segregation  in  some  places  and, 
eventually,  to  the  formation  of  dispersed  segregates  of 
cementite. 

On  irradiation  of  previously  quenched  structural  and 
tool  steels,  their  hardening  is  similar  in  character  to  that 
described  above.  Testing  has  shown  that  irradiation 
increases  about  twofold  the  operating  life  of  drills, 
cutters  and  other  tools  subjected  to  standard  hardening 
thermal  treatment,  and  this  correlates  with  the  increase 
in  microhardness. 

2.5.  Stainless  steels 

For  type  304  austenitic  steel  it  has  been  shown  [20] 
that  multiple  pulsed  melting  produced  with  the  use  of 
an  LEHCEB  is  accompanied  by  a  smoothing  of  the 
surface  microrelief  and  substantially  enhances  the  corro¬ 
sion  resistance  of  the  material.  A  more  detailed  investiga¬ 
tion  using  samples  of  Steel  440  A  (Fe-0.65  C-16.6  Cr) 
and  Steel  304  (Fe-0.04  C-18.3  Cr-8.5  Ni)  have  shown 
that  on  pulsed  melting,  in  the  near-surface  layer  of 
thickness  0.2  pm,  the  concentration  of  chromium 
increases  due  to  its  liquid  phase  diffusion  from  the 
deeper  layers  of  the  melt  to  the  carbonized  surface. 
Depending  on  the  energy  density  and,  hence,  on  the 
conditions  for  crystallization,  the  original  particles  of 
second  phases  (carbides  and  intermetallic  compounds) 
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dissolve  in  this  layer  partially  or  completely.  Fast  crystal¬ 
lization  of  the  liquid  phase  enriched  with  chromium  and 
carbon  has  the  result  that  the  matrix  phase  grains 
become  much  smaller,  namely,  a  non-disoriented  nanos¬ 
ized  (up  to  100  nm)  structure  is  formed  in  Steel  440A 
and  a  submicron  0.5  pm)  structure  in  Steel  304.  The 
stability  of  this  structure  is  due  to  the  presence  of 
disperse  segregates  of  second  phases  at  the  intraphase 
boundaries  [4]. 

Corrosion  tests  have  shown  that  these  structure- 
phase  changes  lead  to  significant  (by  1 — 3  orders  of 
magnitude)  decrease  in  passivation  current  density,  for 
a  long  time  and  to  a  substantially  reduced  tendency  to 
pitting  corrosion.  This  testifies  to  the  formation  of  a 
strong  passive  film  on  the  irradiated  surface  [4]. 


2.6.  Aluminum  alloys 

Investigations  were  performed  with  specimens  of  type 
A12024  (Al-4.3  Cu)  and  type  A16061  (Al-0.6  Si-0.7  Fe) 
alloys.  For  A12024  alloy  irradiated  in  the  melting  mode 
(melt  thickness  ^7  pm),  complete  dissolving  of  coarse 
( -- 1  pm)  particles  takes  place  in  the  near-surface  layer 
of  thickness  up  to  0.4  pm,  and  the  second  phase 
segregates  become  smaller  as  compared  to  the  original 
state.  For  A16061  alloy,  a  similar  dispersion  of  second- 
phase  particles  is  observed,  but  coarse  inclusions  are 
dissolved  incompletely  [4]. 

After  irradiation  of  A12024  alloy  in  a  more  intense 
mode  (with  the  melt  thickness  '^25pm),  an  ordered 
structure  is  formed  as  a  result  of  the  dissolving  of  second 
phase  coarse  particles,  followed  by  the  decay  of  the 
oversaturated  solid  solution.  This  structure  consists  of 
non-disoriented  matrix  phase  grains  of  size  200-300  nm 
with  nanosized  CuAl2  segregates  coherently  bound  with 
the  matrix  and  localized  along  the  grain  boundaries. 
Microcracks  are  also  observed  which  can  be  related  to 
the  shrinkage  of  the  molten  surface  layer  on  solidifica¬ 
tion.  For  A16061  alloy  irradiated  under  similar  condi¬ 
tions,  complete  dissolving  of  all  original  second  phase 
particles  (nanosized  segregates  included)  is  observed. 
With  that,  an  AI2O3  film  uniform  in  thickness  (-^30  nm) 
is  formed  on  the  surface,  while  for  the  original  specimens 
the  thickness  of  such  a  film  varies  in  the  range  from  5 
to  40  nm.  These  two  eflfects  substantially  enhance  the 
corrosion  resistance  of  the  material  which  is  evidenced 
by  corrosion  resistance  measurements  [4]. 

Irradiation  of  these  alloys  in  both  modes  results  in 
the  formation  of  an  extended  ('^  400  pm)  zone  non- 
uniformly  hardened  in  depth,  which  shows  enhanced 
wear  resistance.  This  is  accounted  for  by  the  formation 
of  high  strength  quenched  states  in  the  near-surface 
layer  and  by  the  strain  hardening  of  the  material  at 
larger  depths  under  the  action  of  stress  fields. 


2. 7.  Titanium  alloys 

Experiments  were  performed  on  specimens  of  BT8M 
(Ti-5.8  Al-3.7  Mo)  and  BT18Y  (Ti-6.3  Al-4.5  Mo) 
alloys  subjected  to  preliminary  annealing  at  920  and 
940°C  and  aging  at  550  and  600°C,  respectively.  It  has 
been  found  [4]  that  pulsed  melting  makes  it  possible  to 
clean  the  surface  of  oxygen  and  carbon  impurities,  to 
increase  the  aluminum  content  in  the  near-surface  layer 
to  20%,  to  make  the  component  distribution  in  this 
layer  more  uniform,  and  to  reduce  the  surface  roughness 
to  0.1  pm.  With  that,  however,  the  phase  composition 
changes  to  some  extent:  tensile  weak  residual  stresses 
are  induced  in  the  near-surface  layer,  and  microcraters 
appear  on  the  surface.  When  irradiating  these  materials 
in  optimum  modes,  crater  formation  can  be  suppressed 
and  the  annealing  following  makes  it  possible  to  restore 
the  original  phase  composition  and  to  enhance  substan¬ 
tially  the  operating  properties  of  the  materials,  namely, 
the  endurance  limit  by  more  than  20%,  the  cyclic  durabil¬ 
ity  by  more  than  tenfold,  the  resistance  to  dust  erosion 
at  low  loads  by  more  than  twofold,  and  the  short  term 
strength  by  up  to  8%,  with  the  plasticity  also  being 
substantially  improved.  With  that,  the  surface  micro¬ 
hardness  and  the  heat  resistance  are  retained  at  the 
original  level. 

The  enhancement  of  the  strength  properties  of  the 
materials  is  related  to  the  smoothing  of  the  surface  due 
to  its  melting,  to  the  cleaning  of  the  surface  of  impurities, 
and  to  the  increase  in  aluminum  content  in  the  near¬ 
surface  layer.  Fractography  has  shown  that  on  static 
loading,  pulsed  melting  changes  the  fracture  mechanism 
from  intercrystallite,  or  quasi-viscous,  to  viscous.  Under 
cyclic  loading,  the  fracture  of  original  specimens  is 
initiated  at  the  surface  of  sharp  edges,  while  characteris¬ 
tic  of  irradiated  specimens  is  subsurface  nucleation  of 
cracks.  It  is  just  this  circumstance  which  determines  the 
improvement  of  the  fatigue  properties  of  the  irradiated 
specimens. 

3.  Hard  alloys 

It  has  been  shown  [4]  that  irradiation  of  cemented 
carbide  inserts  in  the  surface  melting  modes  (2.5  ps, 
1-7  J/cm^)  increases  about  threefold  the  wear  resistance 
of  the  inserts  at  high  cutting  speed.  TEM  investigation 
of  irradiated  T15K6  (WC-I5  TiC-6  Co)  inserts  has 
shown  that  in  the  near-surface  layer  (<  1  pm)  a  subgrain 
(0. 1-0.2  pm)  structure  is  formed  in  the  binding  phase, 
nanosized  (^10  nm)  particles  of  new  carbide  phases  are 
segregated  in  the  near-boundary  regions,  and  the  trans¬ 
formation  a-WC=>  WC(fcc)  occurs  in  part.  In  the  pro¬ 
cess  of  cutting,  intense  plastic  deformation  of  the 
material  takes  place  which  is  accompanied  by  annealing 
of  defects  in  the  near-surface  contact  zone.  In  unirradi- 
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ated  tools,  relaxation  of  stresses  leads  to  the  formation 
in  the  cobalt  binder  of  a  relatively  depth-homogeneous 
dislocation  structure  v^ith  a  low  dislocation  density,  and 
to  the  formation  of  micropores  at  the  interphase  bound¬ 
aries.  In  irradiated  inserts,  immediately  beneath  the 
wearing  surface  layer,  a  substructure  is  formed  which  is 
characterized  by  a  high  dislocation  density  in  the  cobalt 
and  carbide  (WC)  phases  and  by  the  presence  of  micro¬ 
twins  in  the  carbide  phase  (Fig.  7(a))  and  of  nanosized 
second  carbide  segregates  in  the  binder  and  at  the 
interphase  boundaries  (Fig.  7(b)).  It  follows  that  the 
main  reason  for  the  enhancement  of  the  wear  resistance 
of  the  inserts  is  dispersion  and  grain  boundary  hardening 
of  the  cobalt  binder  on  pulsed  melting.  Because  of  this, 
in  the  process  of  cutting,  a  dislocation  structure  stable 
to  high  thermomechanical  loads  is  continuously  being 
formed  beneath  the  wearing  surface.  The  stability  of 
this  structure  is  due  to  the  fact  that  dislocations  are 
fixed  by  the  nanosized  segregates  formed  in  the  process 
of  cutting. 

Experiments  were  performed  [21]  to  study  the  action 
of  an  LEHCEB  (2.5  ps,  5-40  J/cm^  1-50  pulses)  on  a 
hard  alloy  of  WC-30%  Steel  110G13  (Fe-1.1  C-13  Mn). 
The  binder  had  a  y-lattice  (fee)  which  is  characterized, 
as  distinct  from  cobalt,  by  an  elevated  structural  instabil¬ 
ity  in  deformation.  The  experiments  have  shown  that, 
beginning  from  -^40  J/cm^  and  77>  3,  along  with  surface 
hardening,  quasi-periodic  hardening  is  observed 
throughout  the  thickness  (up  to  7  mm)  of  the  specimen. 
The  distance  between  the  microhardness  maxima  is 
0.25-1  mm  with  the  microhardness  reaching  ^15  GPa 
(as  against  7.5  GPa  in  the  original  state).  Similar  effects 
are  observed  in  a  carbon  steel  with  martensitic  structure 
irradiated  with  an  LEHCEB  (Fig.  6)  and  with  a  mega¬ 
volt  high  current  electron  beam  [15].  At  the  same  time, 
in  WC-Co  hard  alloys  there  are  no  changes  in  micro¬ 
hardness  on  LEHCEB  irradiation,  and  this  points  to 
the  dominant  role  of  the  binder  in  hardening. 

Investigations  have  shown  that  the  surface  hardening 
is  due  to  the  formation  on  quenching  from  a  melt  of  a 


nanocrystalline  structure  consisting  of  particles  of  WC 
(fee  and  hep  lattice)  and  of  type  M23C6  and  M7C3 
complex  carbides  and  to  the  decrease  in  the  fraction  of 
the  binder  caused  by  its  selective  evaporation.  The 
formation  of  hardened  layers  in  the  bulk  is  related  to 
the  increase  in  dislocation  density  and  to  the  partial 
y=>a  martensitic  transformation  in  the  binder,  as  well 
as  to  the  increase  in  dislocation  density  and  twinning  in 
WC.  The  material  structure  in  the  layers  located  between 
the  microhardness  maxima  is  weakly  distinct  from  the 
original  one. 

The  reason  for  the  spatial  changes  in  microhardness 
is  the  action  on  the  material  of  the  stress  wave  formed 
due  to  the  effect  of  thermoelasticity  and  the  recoil  pulse 
of  the  scattering  material  vapor.  Estimates  show  that 
the  amplitude  of  this  wave  is  not  over  200  MPa,  which 
is  far  below  the  yield  limit  of  the  material.  However, 
because  of  the  effects  similar  to  those  realized  in  the 
Bridgemen  chamber,  the  local  stresses  at  the  carbide- 
binder-carbide  contact  may  be  an  order  of  magnitude 
or  more  greater  than  the  stress  wave  amplitude.  The 
results  obtained  suggest  that  to  realize  spatial  hardening 
under  the  given  conditions,  it  is  necessary  that  the 
structure-phase  state  of  the  material  (or  some  its  phases) 
be  unstable.  In  carbon  steels  and  hard  alloys  with  a 
structurally  unstable  binder,  this  state  is  attained  by 
quenching. 

The  effect  of  irradiation  with  an  LEHCEB  (2.5  ps, 
3-5J/cm^,  5  pulses)  on  the  microstructure  and  wear 
resistance  of  TiN  coatings  deposited  by  the  PVD  method 
on  carbide  (WC-TiC-TaC-Co)  inserts  is  described  else¬ 
where  [22].  The  lower  level  of  corresponded  to  the 
initial  melting  of  the  coating.  The  experiments  have 
shown  that,  after  irradiation,  the  coating  is  cracked 
because  of  the  high  intensity  of  tensile  stresses  formed 
at  the  stage  of  cooling.  Notwithstanding  this,  the  coating 
retains  its  good  adhesion  to  the  substrate.  The  stoichiom¬ 
etry  and  phase  composition  of  the  coating,  except  the 
surface  itself,  remain  unchanged.  However,  the  residual 
compressive  stresses  reduce  to  zero  and  the  concen- 


Fig.  7.  Microstructures  of  the  sublayer  of  cutting  edge  of  a  pre-irradiated  T15K6  carbide  insert.  The  cutting  time  was  120  s.  The  arrows  indicate 
(a)  microtwins,  and  (b)  nanosized  carbide  segregates. 


56 


D.I.  Proskurovsky  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  49-56 


tration  of  vacancies  noticeably  decreases,  indicating  that 
pulsed  annealing  of  defects  took  place.  These  substruc- 
tural  changes  make  it  possible  (at  3  J/cm^)  to  double 
the  wear  resistance  of  the  inserts  in  steel  cutting. 


4.  Conclusion 

The  principal  peculiarities  and  mechanisms  of  the 
changes  in  the  structure-phase  state,  and  in  the  strength 
and  electrochemical  properties  of  the  surface  layers  of 
metallic  materials  occurring  on  pulsed  melting  with  an 
LEHCEB  have  been  discussed.  The  results  obtained 
suggest  that  the  LEHCEB  sources  show  promise  for  the 
development  of  new  and  highly  efficient  technologies  for 
surface  treatment  of  materials. 
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Abstract 

The  direct  deposition  of  ions  at  low  energy  enables  fine  control  of  the  fundamental  processes  of  thin  film  formation.  Using  a 
source  of  carbon  and  nickel  ions  with  energy  ranging  from  a  few  tens  to  a  few  hundreds  of  electron  volts,  combined  with  an 
ultra-high  vacuum  scanning  electron  tunneling  microscope,  we  have  studied  the  formation  of  thin  films  for  thicknesses  equivalent 
to  less  than  one  atomic  layer.  We  have  revealed  the  influence  of  ion-induced  defects  on  the  formation  mechanisms  of  the  thin  film 
as  a  function  of  ion  energy  using  the  dynamic  scaling  analysis  of  the  roughness  of  the  thin  film  terminal  surfaces.  In  the  case  of 
carbon  ions  we  acknowledge  the  formation  of  an  sp^  bonded  layer  at  300°C,  that  is  above  the  critical  temperature  where  the 
formation  of  a  diamond-like  carbon  sp^  layer  recess  as  described  by  the  subimplantation  model  [4].  ©  2000  Elsevier  Science  S.A. 
All  rights  reserved. 

Keywords:  Carbon;  Fractal  surface;  Ion  beams;  Nickel;  Scanning  tunneling  microscope;  Thin  films 


1.  Introduction 

The  direct  deposition  of  ions  at  low  to  medium  energy 
enables  full  control  of  deposition  parameters.  A  wide 
range  of  isotopically  selected  materials,  including  metals, 
can  be  deposited  using  an  ionized  beam.  Despite  very 
low  yields,  the  direct  deposition  of  ions  has  proved  to 
be  an  excellent  tool  to  control  the  density  of  deposited 
atoms  on  a  substrate  surface  accurately.  By  coupling 
such  a  source  with  an  ultra-high  vacuum  scanning 
tunneling  microscope  (STM)  one  may  investigate  the 
early  moments  of  thin  film  formation.  These  fundamen¬ 
tal  studies  are  instrumental  in  clarifying  the  growth 
mechanisms  of  materials.  A  comprehensive  understand¬ 
ing  of  thin  film  formation,  nucleation  and  island  growth 
is  critical  for  several  industrial  fields.  Results  will  be 
applied  to  the  fabrication  of  future  generations  of  mate¬ 
rials  whose  properties  might  be  tuned  through  nano¬ 
particles’  size  effects,  such  as  quantum  confinement. 

We  present  here  some  of  our  results  concerning  the 
growth  of  carbon  and  nickel  thin  films  by  direct  depos¬ 
ition  of  ions  at  energy  up  to  100  eV. 
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2.  Experiments 

In  direct  ion  beam  deposition  (DIED)  ions  are  directly 
impinged  on  the  substrate  at  low  energy.  The  experimental 
configuration  is  very  similar  to  industrial  ion  implanters 
except  for  the  energy  of  ions  reaching  the  substrate:  in 
DIED  ions  do  not  penetrate  deep  inside  the  substrate 
material.  For  ion  implantation  it  is  necessary  to  use  a 
high  energy  of  several  keV  for  extraction  and  acceleration 
in  order  to  generate  a  reasonable  current  in  the  ion  beam. 
Mass  selection  requires  highly  accelerated  ions  as  well. 
Therefore,  for  direct  deposition  at  low  energy,  an  addi¬ 
tional  deceleration  electrode  is  necessary. 

Our  experimental  setup  consisting  of  a  low  energy 
DIED  coupled  with  an  ultra-high  vacuum  (UHV)  STM 
has  been  extensively  described  in  Ref.  [1].  It  is  entirely 
dedicated  to  the  study  of  initial  thin  film  formation  as 
the  design  provides  only  a  very  low  ion  current,  equiva¬ 
lent  to  less  than  an  atomic  monolayer  per  hour.  With 
the  system,  the  attainable  energy  of  landing  ions  ranges 
from  a  few  tens  of  electron-volt  (eV)  up  to  300  keV. 

ions  were  generated  from  ionized  carbon  dioxide. 
Ni’^  ions  were  generated  from  nickel  chloride  placed  in 
the  oven  of  a  Colutron  G2  ion  gun  surounded  by  ionized 
argon.  Substrates  were  bombarded  with  average  densi¬ 
ties  ranging  from  1  to  about  40  ions/nm^,  while  the 
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1(L  35  eV  argon  ions 

Fig.  1.  (lOOx  100  nm)  STM  images  of  defects  induced  by  argon  ions 
(a)  below,  and  (b)  above  the  energy  threshold. 

pressure  was  kept  at  10”^  Pa.  Highly  oriented  pyrolytic 
graphite  (HOPG)  substrates  were  cleaved  just  before 
being  put  in  the  deposition  chamber  in  the  1000  class 
clean  room  where  the  whole  system  is  installed  —  no 
contamination  of  the  surface  was  been  detected  using 
this  process.  STM  observations  were  conducted  at 
10”^  Pa  in  a  separate  UHV  chamber. 


by  an  argon  beam  at  30  eV  and  40  eV,  that  is  just  below 
and  just  above  the  damaging  energy  threshold.  While 
the  surface  of  the  first  sample  is  virtually  unchanged 
from  a  cleaved  HOPG,  the  second  image  is  protruded 
by  several  hillocks  of  several  nanometers  in  size.  These 
are  the  symptoms  of  induced  damages  to  the  HOPG 
surface.  The  most  probable  defects  for  energy  just  above 
the  damaging  threshold  are  single  vacancies  in  the 
surface  lattice,  when  an  incoming  ion  pushes  out  one 
atom  from  a  crystal  cell. 

The  fine  tip  of  an  STM  picks  the  partial  electronic 
density  of  charge  at  the  surface.  Noting  this  fact  is 
crucial  as  the  images  obtained  are  not  a  true  representa¬ 
tion  of  the  surface  morphology,  as  would  be  obtained 
from  an  atomic  force  microscope  (AFM)  for  instance. 
As  a  consequence  it  is  difficult  to  assert  the  type  of 
defect  induced  in  Fig.  1(b),  even  at  the  highest  reso¬ 
lution  of  our  instrument, 

3.2.  Deposition  of  carbon  ions 


3.  Observation  and  discussion 

3. 1.  Effects  of  argon  ions  on  HOPG  surface 

In  regular  molecular  beam  epitaxy  (MBE)  the  particles 
impinged  on  substrates  have  an  energy  of  only  a  few  eV. 
This  energy  in  not  usually  controlled,  as  opposed  to 
DIED  where  adjustment  is  enabled  through  the  decelera¬ 
tion  voltage  of  the  ion  beam.  For  very  low  energy,  ions 
have  no  effect  on  the  substrate.  There  is  a  threshold  where 
the  energy  of  the  incoming  particles  start  to  disturb  the 
lattice  structure  of  the  substrate.  This  threshold  is  reported 
to  be  38.7  eV  for  the  c  plane  of  HOPG  [2].  In  the  case 
of  an  argon  beam,  ions  will  neutralize  when  reaching  the 
substrate  surface,  they  will  immediately  desorb  and  be 
pumped  out.  Argon  ions  are  not  to  be  observed  by  STM 
after  irradiation,  nevertheless  the  defects  they  induce  on 
the  HOPG  surface  will  be  visible. 

Fig.  1  presents  two  STM  images  of  samples  which 
have  been  identically  irradiated,  at  room  temperature, 


Fig.  2  presents  several  STM  images  taken  for  samples 
irradiated  with  carbon  ions  with  energy  ranging  from 
25  to  100  eV.  Above  the  38.7  eV  threshold,  the  defects 
become  numerous  and  their  number  increases  with  ion 
energy.  Again,  in  Fig.  2  most  hillocks  have  undefined 
edges,  and  in  most  cases  it  is  difficult  to  identify  the 
type  of  defects  induced  in  the  surface. 

In  contrast  to  argon  ions,  carbon  ions  are  adsorbed 
on  the  substrate  surface  after  they  have  been  neutralized. 
These  carbon  atoms  will  diffuse  on  the  surface  and 
probably  settle  in  preferential  sites,  form  islands  and 
eventually  a  thin  film.  Moreover,  carbon  atoms  pushed 
out  of  the  surface  lattice  by  incoming  ions  will  have  the 
same  fate  and  will  migrate  on  the  surface. 

For  low  densities  of  defects,  when  the  surface  is  still  in 
‘good  condition’,  a  few  atoms  settled  in  particular  sites 
may  induce  a  perturbation  of  the  electronic  density  of 
charge  with  a  very  large  extension  (of  more  than  10  nm). 
While  single  atoms  are  not  visible  in  images,  the  perturba¬ 
tion  they  induce  is  very  sharply  revealed.  Fig.  3  shows  a 
singular  feature  where  two  such  electronic  perturbations 
interfere  to  form  a  geometrical  figure  with  an  attractive 


C-G30L101  C-G28L103  C-G826B1L1  C-G4302L1  C-G4519L1 

(25  eV)  (30  eV)  (50  eV)  (75  eV)  (100  eV) 


Fig.  2.  (lOOx  100  nm)  STM  images  of  defects  induces  ans  islands  created  on  HOPG  by  carbon  ions  as  a  function  of  energy  below  and  above 
the  threshold. 
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Fig.  3.  (10  X  10  nm)  STM  image  of  a  complex  superstructure  induced 
by  carbon  ions  (CG83F4M1). 


periodic  pattern  [1,3].  The  periodicity  is  3  larger  than  that 
of  graphite  and  the  directions  of  symetry  are  tilted  60° 
with  respect  to  the  underlying  HOPG  lattice. 

When  ions  are  deposited  at  high  density  (equivalent 
to  several  atomic  layers),  graphitization  occurs  only 
above  a  critical  substrate  temperature  7],.  Below  this 
critical  temperature,  which  is  a  function  of  ion  energy 
(7’,  =  150°C  for  120  eV  ions  [4];  r,=250°C  for  92  eV 

ions  [5]),  the  growth  of  a  dense,  mostly  sp^  bonded 
film  was  reported.  The  subimplantation  model  suggests 
that  ions  with  low  energy,  but  just  enough  to  penetrate 
below  the  surface,  induce  stress.  The  growth  of  a  dia¬ 
mond  film  is  attributed  to  the  formation  of  sp^  bounds 
in  these  stressed  sublayers.  In  our  experiments  it  is 
probable  that  a  majority  of  the  100  eV  ions  actually 
penetrate  below  the  surface  as  shown  in  a  previous 
molecular  dynamics  study  [6],  but  they  also  generate 
numerous  defects  in  the  surface.  Nevertheless,  having 
deposited  only  very  low  densities  of  a  few  ions  at  low 
energy  (it  is  very  time  consuming  as  the  ion  current  is 
very  low)  there  was  no  clear  confirmation  of  the  forma¬ 
tion  of  a  diamond-like  thin  film  or  islands. 

We  could  prepare  samples  with  a  large  density  equiva¬ 
lent  to  a  monolayer  ( ~  38  ions/nm^)  only  for  higher 
energy,  or  above  the  corresponding  critical  temperature 
7],,  when  defects  induced  by  ions  seriously  damage  the 
surface  stress  is  released  and  the  process  of  creating 
sp^  bounds  recess:  only  a  rough,  low  density,  sp^ 
bounded  graphite  film  is  formed.  The  temperature  of 
300°C  during  deposition  in  our  experiments  at  high 
density  is  certainly  above  the  critical  temperature  for 
100  eV  ions  when  compared  to  reported  values  of 
for  92  eV  ions  and  120  eV  ions.  The  rough,  rather 
disordered,  layer  observed  for  these  samples  is  compati¬ 
ble  with  the  graphitization  process  as  clarified  by  the 
subimplantation  model. 

3.3.  Deposition  of  Ni  ions 

The  deposition  of  carbon  ions  on  HOPG  supposes  a 
homogenous  growth  as  both  the  deposit  and  the  sub¬ 
strate  are  made  of  the  same  material.  It  is  also  interesting 
to  study  a  heterogeneous  growth,  such  as  the  deposition 


of  a  metal  on  carbon  graphite.  The  effects  of  nickel  ions 
on  the  HOPG  surface  also  depend  on  energy,  with  a 
threshold  implying  displacement  in  the  lattice  structure. 
In  the  following  we  present  results  concerning  the  forma¬ 
tion  of  islands  and  their  growth  for  100  eV  ions. 

The  image  in  Fig.  4  is  an  atmospheric  AFM  image 
of  the  HOPG  surface  after  irradiation  by  100  eV  at  a 
density  of  2  ions/nm^  at  room  temperature.  As  the  image 
scale  is  much  larger  than  for  previous  figures  (1x1  pm) 
the  atomic  layers  finishing  the  surface  of  cleaved  HOPG 
are  clearly  revealed.  Nickel  islands  have  a  uniform 
distribution  on  free  surfaces,  but  one  notices  numerous 
islands  aligned  along  the  atomic  steps.  Despite  neutral¬ 
ized  nickel  ions  have  the  freedom  to  diffuse  a  few  tens 
of  nanometers  on  the  surface  at  room  temperature,  they 
tend  to  be  captured  by  edges  where  there  are  perturb¬ 
ations  of  the  surface  free  energy. 

3.4.  Scaling  study 

We  computed  the  dynamic  scaling  function  of  rough¬ 
ness  (DSFR)  [7]  by  dividing  each  STM  or  AFM  image 


Nf  (100  eV,  2  ions/nm').  File  Ni06.000  LIO 

Fig.  4.  (1x1  jim)  AFM  image  on  nickel  deposited  by  DIBD  on 
cleaved  HOPG. 


Fig.  5.  Plot  of  the  dynamic  scaling  function  as  computed  from  Fig.  4. 
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6a.  Ni-01D2L1  (100x100  nm) 
(^30  ions/ntn) 


6b.  Ni-01B8L1  (100x100  nm) 
(S  ions/nm^) 


6c.  Ni-01D3M2  (20x20  nm) 
(^30  ions/nrn) 


Fig.  6.  STM  images  of  Ni  deposits  prepared  by  DIED:  (c)  is  an  image  of  the  same  sample  as  in  (a)  but  scanned  at  a  smaller  scale. 


(256x256  pixels)  in  smaller  boxes  of  specific  length  L 
( 1 28  X  1 28,  64  X  64,  ...,  2  X  2  pixels) .  The  ‘specific  rough¬ 
ness’  g{L)  is  the  roughness  for  a  specific  length  scale  L 
and  is  then  obtained  by  first  calculating  the  root  mean 
square  roughness  inside  each  LxL  box,  then  averaging 
over  the  ensemble  of  boxes  of  the  same  size  in  one  STM 
image.  This  function  describes  the  degree  of  self-scaling 
(degree  of  fractality)  of  the  surface  and  it  embodies  the 
growth  mechanisms  of  the  thin  film.  The  rising  slope  of 
the  DSFR  (x,  called  the  scaling  exponent  of  roughness) 
is  particularly  representative  of  the  growth  mode.  In 
brief,  the  value  of  x  would  be  zero  for  an  ideal  layer- 
by-layer  growth,  and  tends  to  a  value  of  unity  for  tri¬ 
dimensional  growth  (pyramidal  islands  growth).  Fig.  5 
is  a  plot  of  the  DSFR  for  the  AFM  image  shown  Fig.  4. 
The  slope  in  the  first  part  of  the  curve  is 

From  a  large  number  of  STM  images  of  nascent 
films,  the  scaling  exponent  of  roughness  stabilize  around 
XNi-sTM  =  0.78 +0.05  for  the  DIED  of  Ni.  The  values 
obtained  from  STM  images  (such  as  in  Fig.  6)  and 
AFM  images  (such  as  in  Fig.  4)  are  remarkably  close, 
despite  the  scales  differing  by  one  order.  This  is  very 
satisfactory  as  the  DSFR  is  an  intrinsic  property  of  the 
surface  and  embodies  the  characteristic  of  growth,  there¬ 
fore  the  scaling  parameters  are  constant  within  the 
domain  of  the  surface  fractality. 

This  intermediate  value  of  XNi-ions  =  0.75  (average  of 
ZNi-sTM  a^d  Xni-afm)  has  to  be  compared  to  the  value  of 
X  close  to  that  obtained  for  evaporation  [8].  Defects 
induced  by  incoming  ions  on  the  HOPG  surface  generate 
nucleation  centers  for  islands  and  consequently  reduce 
the  mean  free  path  of  neutralized  nickel  atoms  on  the 
surface  of  the  substrate.  This  phenomena  is  also  qualita¬ 
tively  seen  in  Fig.  6.  The  number  of  ions  bombarded  in 
Fig.  6(a)  is  about  five  times  larger  than  that  in  Fig.  6(b) 
and  consequently  the  island  network  is  much  more 
dense.  If  no  defects  were  created  during  growth,  as  in  a 
simple  evaporation,  one  would  simply  expect  existing 
islands  to  grow,  in  contrast  to  the  present  situation 
where  many  small  islands  can  be  seen. 


4.  Conclusion 

In  this  paper  we  have  presented  several  experiments 
concerning  the  deposition  of  materials  by  direct  low 
energy  ion  beam.  Our  observations  by  UHV-STM  at 
atomic  resolution  confirm  the  existence  of  an  energy 
threshold  below  40  eV  where  the  lattice  of  the  HOPG 
is  damaged  and  vacancies  are  created.  Defects  induced 
by  incoming  ions  of  moderate  energy  (~100eV  order) 
generate  perturbations  of  the  partial  density  of  charge 
at  the  surface.  These  perturbations  extend  far  away 
from  the  defect  they  originate  in.  Our  experiments  show 
the  graphitization  of  the  deposit  and  we  could  not 
observe  the  formation  of  a  diamond-like  thin  film.  The 
defects  on  the  HOPG  surface  play  a  crucial  role  in  the 
subsequent  growth  mechanisms  and  probably  reduce 
diffusion  by  enhancing  the  spatial  distribution  nucle¬ 
ation  centers. 


Acknowledgement 

Authors  would  like  to  thank  Dr.  Yonosuke  Makita 
of  the  Electrotechnical  Laboratory,  AIST,  MITI 
(Tsukuba  Science  City,  Japan)  for  fruitful  discussions 
and  support. 


References 

[1]  H.-A.  Durand,  K.  Sekine,  K.  Etoh,  K.  Ito,  I.  Kataoka,  J.  App. 
Phys.  84  (5)  (1998)  2591. 

[2]  H.J.  Steffen,  D.  Marton,  J.W.  Rabalais,  Nucl.  Inst,  and  Meth.  B 
67  (1992)  308. 

[3]  J.  Van,  J.  Appl.  Phys.  75  (3)  (1994)  1390. 

[4]  Y.  Lifshitz,  G.D.  Lempert,  E.  Grossman,  Phys.  Rev.  Lett.  72 
(1994)  2753. 

[5]  S.  Sattel,  J.  Robertson,  H.  Ehrhardt,  J.  Appl.  Phys.  82  (1997)  4566. 

[6]  K.  Nordlund,  J.  Keionen,  T.  Mattila,  Phys.  Rev.  Lett.  77  (1996) 
699. 

[7]  R.S.  Williams,  W.M.  Tong,  T.T.  Ngo,  Symp.  on  Fractal  Aspects 
of  Materials,  Proc.  Mat.  Res.  Soc.,  Pittsburgh  MA  273  (1995). 

[8]  H.-A.  Durand  et  al.,  (submitted  for  publication). 


ELSEVIER 


Surface  and  Coatings  Technology  125  (2000)  61-65 


www.elsevier.nl/locate/surfcoat 


Structural  stability  of  irradiated  metallic  and  non-metallic  films 

P.M.  Ossi  *,  R.  Pastorelli 

INFM-Dipartimento  di  Ingegneria  Nucleare,  Politecnico  di  Milano,  via  Ponzio  3413,  20133  Milan,  Italy 


Abstract 

The  segregation  charge  transfer  model  allows  the  interpretation  of  the  nucleation  of  either  crystalline  or  vitreous  phases  in 
binary  non-metallic  as  well  as  metallic  compounds,  ion  bombarded  under  conditions  favourable  to  the  formation  of  dense  collision 
cascades.  At  the  cascade-matrix  interface  a  non-equilibrium  electronic  density  profile  forms  and  it  is  re-equilibrated  by  charge 
transfer  reactions  (CTRs),  each  involving  a  couple  of  dissimilar  atoms,  which  undergo  single  ionization.  The  energy  cost  associated 
with  a  single  CTR  and  the  local  volume  change  provoked  by  CTR  products  are  evaluated.  Thresholds  in  the  values  taken  by  the 
above  physical  quantities  are  found  for  both  families  of  irradiated  materials.  Those  thresholds  separate  the  compounds  amorphized 
from  those  remaining  crystalline  under  ion  bombardment.  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Radiation  effects;  Structural  stability;  Surface  binary  compounds 


1.  Introduction 

The  use  of  energetic  ion  beams  to  favour  the  depos¬ 
ition  or  the  modification  of  surface  films  with  specific 
(e.g.  mechanical  and  transport)  properties  is  becoming 
widespread.  The  possible  amorphization  of  the  surface 
layer  is  associated  with  the  use  of  ion-assisted  techniques; 
the  capability  to  control  surface  structure  evolution 
under  irradiation  is  crucial,  given  the  different  behaviour 
of  a  crystalline  or  a  vitreous  system  with  respect  to  the 
above  properties. 

It  is  generally  accepted  that  quite  different  characteris¬ 
tics,  such  as  bond  directionality  and  non-uniform  charge 
distribution  in  ceramics  [  1  ],  as  well  as  chemical  disorder¬ 
ing,  and  excess  of  point  defect  production  and  accumula¬ 
tion  in  metallic  systems  [2],  promote  structural 
destabilization.  In  this  work  the  main  features  of  the 
segregation  charge  transfer  (SCT)  atomistic  model,  able 
to  interpret  and  predict  the  structural  stability  of  ion 
bombarded  films,  are  discussed.  Both  metallic  and  non- 
metallic  binary  compounds  are  considered,  taking  into 
account  the  detailed  evolution  of  collision  cascades, 
which  is  largely  independent  of  the  chemical  nature  of 
the  material.  Cascade  formation  is  dominated  by  ballistic 
processes  and  their  history  is  determined  by  the  evolu- 
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tion  of  thermodynamic  quantities  towards  free  energy 
minimization.  The  history  of  a  prototypical  cascade 
includes  a  "ballistic'  stage,  of  about  0.1  ps,  in  which 
projectile  slowing  down  involves  nuclear  stopping,  and 
causes  atomic  displacements,  which  deeply  alter  the 
crystalline  nature  of  the  region  surrounding  the  ion 
path;  in  the  cascade  core,  atomic  density  is  strongly 
lowered  (vacancy  enrichment)  just  after  the  very  first 
evolution  stage  [3].  The  "thermal  spike'  stage,  with  a 
lifetime  of  some  picoseconds,  begins  once  no  more 
recoils  can  occur,  i.e.  when  the  deposited  energy  has 
been  distributed  among  all  atoms  in  the  cascade  (see 
Fig.  1).  Energy  dissipation  is  provided  both  by  a  temper¬ 
ature  gradient  and  by  an  atomic  density  wave  propagat¬ 
ing  from  the  centre  to  the  periphery  of  the  spike  [4]. 
The  wave  is  caused  by  the  inhomogeneous  radial  atomic 
distribution  around  the  ion  track,  which  is  a  direct 
consequence  of  the  initial  ballistic  processes.  A  typical 
density  increase  associated  with  the  matter  wave  is  about 
20%  with  respect  to  core  values  [4].  Considering  a 
binary  system,  towards  the  end  of  the  ballistic 

stage  the  energy  of  higher-order  recoils  lies  between  the 
displacement  energies  E'd(A)  and  E'd(B)  [e.g. 
E'd(A)<E’d(B)]  of  compound  constituents,  so  that  dis¬ 
placements  can  involve  only  atoms  of  the  species  with 
lower  E'd  value  (i.e.  A  atoms).  Thus,  at  the  end  of  the 
ballistic  stage  the  fraction  of  displaced  A  atoms,  with 
respect  to  all  displaced  atoms,  is  higher  than  the  initial 
fraction  of  A  atoms,  namely  x.  For  this  reason  the 
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interface  segregation 


Fig.  1.  Schematic  view  of  the  temperature  and  density  evolution  across 
a  thermal  spike  (adapted  from  Ref.  [4]).  Enrichment  at  the  spike- 
matrix  interface  of  one  compound  constituent  is  shown. 


atomic  density  wave  is  progressively  enriched  in  A  atoms 
with  respect  to  bulk  stoichiometry  on  moving  away 
from  the  spike  centre  [5].  In  the  last  'relaxation'  stage, 
residual  defects  relax  towards  an  equilibrium  configura¬ 
tion  over  times  of  the  order  of  10  ps  [6];  the  SCT  model 
interprets  such  a  relaxation,  pointing  at  those  phen¬ 
omena  that  occur  at  the  spike-matrix  interface. 


2,  Theory 

In  a  binary  A^By  compound,  SCT  model  analysis 
concentrates  on  the  spike-crystalline  matrix  interface 
(Fig.  1),  where  bombardment-driven  preferential  migra¬ 
tion  of  one  compound  constituent  is  assumed  to  occur. 
In  agreement  with  the  indication  by  Gibbsian  segre¬ 
gation  in  irradiated  systems  [7],  the  constituent  with 
lower  surface  energy  y  is  taken  to  segregate  to  the 
interface.  The  same  criterion  is  also  adopted  for  com¬ 
pounds  for  which  segregation  data  is  lacking.  As  y 
values  scale  with  values  along  the  Periodic  Table  [8], 
a  coherent  explanation  for  the  interface  enrichment  is 
provided:  in  our  example  E^(A)  is  lower  than  £'d(B) 
and  y^  is  lower  than  and  the  spike-matrix  interface 
is  thereby  enriched  in  A  constituent.  The  temperature 
range  spanned  by  the  spike  is  wide  enough  to  secure 
that  propagation  of  the  matter  wavefront  is  related  to 
a  meaningful  compositional  enrichment.  Thus,  localized 
segregation  events  induce  (i)  lowering  of  system  energy, 
(ii)  compositional  gradient  formation,  and  (iii)  develop¬ 


ment  of  a  non-equilibrium  electronic  charge  density 
profile. 

In  the  SCT  model  the  re-equilibration  of  such  a 
profile  is  taken  to  occur  via  localized  charge  transfer 
reactions  (CTRs).  This  assumption  [9]  is  a  generalization 
of  electronic  re-equilibration  mechanisms  observed  in 
many  ion-irradiated  systems,  both  metallic  and  non- 
metallic  [  10,1 1  ],  in  which  the  charge  transfer,  experimen¬ 
tally  ascertained  by  electron  energy  loss  spectroscopy, 
is  correlated  [12]  with  the  short-range  order  (SRO)  of 
the  amorphous  compound  and  its  (meta)  stability. 
Supposing  again  that  the  starting  compound  is  A^B^ 
and  that  y^  is  lower  than  yg,  in  each  CTR  one  A  atom 
and  one  B  atom,  which  constitute  the  starting  dimer,  are 
involved  and  one  electron  is  assumed  to  be  transferred 
from  the  B  atom  of  the  non-segregating  constituent  to 
the  A  atom  of  the  segregating  species,  according  to  the 
scheme: 

if  yA<>'B  A-fle"->A” 

AB 

B-le“-^B+. 

Conversely,  if  yA  is  higher  than  yg 

if  A  — le^-^A”^ 

AB 

B  +  Ic  — >‘B  . 

Here  A  and  B  are  neutral  atoms  with  atomic  number 
Za  and  Zb;  such  a  rather  crude  atomistic  approximation 
is  justified  by  the  high  energy  of  the  spike.  Indeed, 
although  the  local  coordination  in  a  liquid  at  high 
temperature  is  often  the  same  as  in  the  corresponding 
crystal  (the  SRO  is  the  same),  yet  that  value  is  an 
average  value  with  large  fluctuations,  increasing  with 
temperature,  which  are  specifically  responsible  for 
system  fluidity.  A“,  B  +  ,  A'^,  B"  are  singly  charged 
ions.  In  the  SCT  model  they  are  defined  as  effective 
elements. 

Referring  to  Eqs.  (1)  and  (2),  both  CTRs  go  in  the 
direction  of  shell  closing  in  both  atoms.  Indeed,  y  values 
are  progressively  lower  in  elements  with  progressively 
filled  electronic  shells,  so  one  electron  is  gained,  via 
charge  transfer,  by  the  constituent  with  lower  surface 
energy. 

In  the  framework  of  the  SCT  model  it  is  possible  to 
calculate  physical  quantities  whose  values  are  interpreted 
in  terms  of  structural  stability  of  an  irradiated  system. 
Among  the  considered  quantities  [1,13],  in  this  work 
we  focus  on  the  two  that  best  characterize  the  charge 
transfer  process. 

Referring  for  example  to  Eq.  (1),  the  energy  cost 
AEq-  associated  with  a  single  CTR  consists  of  the 
algebraic  sum  of  the  positive  term  AE^^-,  needed  to 
extract  one  electron  from  the  free  B  atom,  plus  the 
negative  term  AE+^-,  needed  to  add  the  same  electron 
to  the  free  A  atom  [1,2].  When  AE^-  is  positive, 
formation  of  effective  elements  is  structure  destabilizing 


(1) 

(2) 
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Table  1 

Calculated  SCT  model  parameters  for  ion-bombarded  binary  non-metallic  compounds:  a-,  amorphized  under  ion  beam;  c-,  crystalline  under  ion  beam 


Starting  compound 

Ref. 

Segregant 

Ref. 

Ions  (CTR) 

AEl  (eV) 

a-Cr7C3 

[14] 

Cr 

[15] 

Cr“ 

8.16 

0.70 

a-Cr3C-> 

[14] 

Cr 

[15] 

Cr- 

8.16 

0.65 

a-FCgN 

[16] 

N 

[17] 

Fe-"  N" 

3.69 

0.35 

a-GaN 

[18] 

N 

[17] 

Ga^ 

10.29 

1.90 

a-NbN 

[19] 

N 

[17] 

Nb^  N“ 

-1.34 

1.17 

a-Si3N4 

[20] 

N 

[17] 

Si^N' 

1.52 

1.65 

a-TaN 

[19] 

N 

[17] 

Ta^  N" 

11.48 

l.Ol 

a-TiB2 

[21] 

Ti 

[17] 

Ti-  B  + 

6.25 

0.65 

c-Cr2N 

[22] 

N 

[17] 

Cr^  N“ 

-0.91 

0.13 

c-Fe2B 

[23] 

B 

[17] 

Fe-'  B" 

n.a. 

0.40 

c-HfC 

[24] 

C 

[15] 

C- 

~0 

0.18- 

0.30 

c-MoN 

[22] 

N 

[17] 

0 

+ 

-0.44 

1.22 

c-TaC 

[25] 

Ta 

[15] 

Ta- 

7.77 

0.6 

c-TiC 

[21] 

C 

[15] 

Ti+  C- 

0.93 

0.17 

c-Ti2N 

[21] 

N 

[17] 

Ti^  N" 

-0 

0.13 

C-W2N 

[22] 

N 

[17] 

W+  N- 

0.89 

0.21- 

0.80 

c-ZrC 

[24] 

C 

[15] 

Zr+  C- 

-0 

0.36 

c-ZrN 

[26] 

N 

[17] 

Zt*  N- 

-0.88 

1.17 

^  Electron  binding  energies  from  Ref.  [27];  absolute  electronegativities  from  Ref.  [28];  n.a. :  not  available. 

^  Crystallographic  data  from  Ref.  [29];  neutral  atom,  positive  ion  and  negative  ion  radii  from  Refs.  [30,31]. 


and  the  dimer  of  effective  elements,  e.g.  A”B^,  is 
considered  an  amorphization  nucleus.  Conversely,  when 
A£'e-  is  negative,  the  effective  element  dimer  plays  the 
role  of  a  crystallization  nucleus. 

It  is  conceivable  that  the  target  suffers  a  local  defor¬ 
mation  as  a  consequence  of  a  CTR;  this  is  likely  to  be 
associated  with  volume  changes.  Given  the  prototypical 
A^By  unit,  with  starting  volume  per  atom  if,  for 
example,  x<y,  the  CTRs  involved  yield  x(A"-hB^) 
ions  and  (t  — x)B  neutral  atoms,  with  an  average  volume 
per  atom  Ictr-  non-metallic  compounds  I^tr  includes 
both  ion  volumes  and  and  neutral  volume 
Fb-  In  metallic  alloys  the  neutrals  are  not  taken  into 
account,  given  the  system  ability  to  withstand  ionization 
effects  due  to  bond  non-directionality. 

The  local  volume  changes  are  evaluated  by  compar¬ 
ing  Fs  with  the  pertinent  Fctr.  In  non-metallic  com¬ 
pounds  the  absolute  value  of  the  relative  volume 
variation  |AF|rei  is  calculated 

|AF1„,=|(Fctr-F,)/Kctr|.  (3) 

In  metallic  alloys,  given  the  exiguity  of  volume  changes 

|Ak1  =  |(FcTR-F3)|.  (4) 

In  both  kinds  of  material  a  high  local  volume  change 
favours  structure  destabilization.  In  the  following  data 
analysis  the  threshold  |AF|  values  are  identified  that 
separate  amorphizing  from  crystalline  systems. 


3.  Results  and  discussion 

In  Tables  1  and  2  starting  compounds,  segregants, 
ions  resulting  from  CTR,  AE^,  lAFlrei  and  |AF|  are  listed 
respectively  for  18  non-metallic  compounds,  and  for  33 
metallic  alloys.  In  the  SCT  model  a  given  system  is 
considered  amorphized  (a-)  when  in  one  kind  of  experi¬ 
ment  it  has  been  amorphized. 

AE^~  values  are  positive  among  amorphized  non¬ 
crystalline  compounds,  with  one  exception  (NbN) 
(Table  1);  calculated  |AF|j.ei  values  are  greater  than  0.60, 
with  one  exception  (FegN).  For  crystalline  compounds, 
three  AE^-  values  (for  TaC,  TiC  and  W2N)  are  positive 
and  two  |AF|rei  values  are  greater  than  0.60  (for  MoN 
and  ZrN).  Concerning  W2N,  |AF|j.ei  lies  across  a  range 
of  values  including  the  threshold  value,  corresponding 
to  the  widest  range  of  values  of  ion  radii.  It  is  remarkable 
that  model  predictions  for  amorphized  compounds  are 
largely  in  agreement  with  experimental  results  [47];  we 
expect  that  among  those  systems  presently  considered 
crystalline  under  irradiation,  which,  however,  are  excep¬ 
tions  with  respect  to  model  predictions,  some  could  be 
amorphized  under  proper  experimental  conditions. 

AE^  values  are  positive  for  all  amorphized  alloys,  for 
which  I A  FI  values  are  greater  than  15  x  10“^  nm^  with 
four  exceptions  (Cr67Ti33,  Fe67Cr33,  NbsoCrso, 
Ni67Si33).  For  crystalline  alloys  the  |AF|  values  are 
negative,  in  agreement  with  the  model,  and  |AF|  is  lower 
than  15x10“^  nm^,  with  two  exceptions  (AI55C045  and 
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Table  2 

Calculated  SCT  model  parameters  for  ion  bombarded  binary  metallic  alloys:  a-,  amorphized  under  ion  beam;  c-,  crystalline  under  ion  beam 
Starting  alloy  Ref.  Segregant  Ref.  Ions  (CTR)  (eV)  |AF|’"(xlO  ^nm^) 


^"Co5oTi5o 

a"Co48Zr52 

a-Civ,7Ti33 

a-Cr67Zr33 

a“Cu<55Ta43 

a“Cu5oZr5o 

a-Fe67Cr33 

a“Fe75Mo25 

a“Fe68Nd32 

a-Fe67Ti33 

a~Gd75Co25 

a-NbsoCrso 

a-Nb75lr25 

a-Nb8oZr2o 

a-Ni(i7Si33 

a“N  i75Sn25 

a-NijoTajo 

a-Ni65Ti35 


[32] 

Ti 

[34] 

Zr 

[35] 

Ti 

[36] 

Zr 

[9] 

Cu 

[35] 

Zr 

[35] 

Fe 

[37] 

Fe 

[13] 

Nd 

[32] 

Ti 

[13] 

Gd 

[39] 

Cr 

[40] 

Nb 

[41] 

Nb 

[42] 

Ni 

[43] 

Sn 

[44] 

Ni 

[43] 

Ni 

[45] 

Zr 

[33] 

Co+  Ti" 

[33] 

Co*  Zr" 

[33] 

Cr+  Ti¬ 

[33] 

er-"  Zr- 

[33] 

Cu"  Ta-" 

[33] 

Cu-"  Zr- 

[33] 

Fe-  Cr-" 

[33] 

Fe-  Mo-" 

[38] 

Fe-"  Nd- 

[33] 

Fe-"  Ti¬ 

[38] 

ed-  Co" 

[33] 

Nb"  Cr- 

[33] 

Nb-  Ir" 

[33] 

Nb-  Zr" 

[38] 

Ni-  Si" 

[38] 

Ni"  Sn- 

[33] 

Ni-  Ta" 

[33] 

Ni-  Ti" 

[33] 

Zr-  Ni" 

0.091 

21 

0.083 

22 

0.280 

14 

0.426 

22 

0.070 

30 

0.283 

21 

0.390 

11 

0.080 

17 

0.310 

23 

0.095 

21 

0.320 

18 

0.800 

14 

0.030 

22 

0.100 

17 

0.075 

9-10 

0.270 

15 

0.090 

26 

0.300 

17 

0.200 

18 

C'’Al55C045 

C’’Al5oSb5o 

C-AU(-,7Al33 

C-C098_8oTa2_20 

C”Cr5oNi5o 

C-CU75Pd2,s 

c-Fe67Mo33 

c-Fe^sNias 

C"Fe55V45 

c-Fe8oYb2o 

C-M050W50 

c-NbsoMoso 

c-Pd73Ta25 

C“Pd75V25 

c-RusoTiso 

c-Zr(',7Ni33 


[40] 

AI 

[9] 

Sb 

[34] 

Au 

[46] 

Co 

[9] 

Cr 

[44] 

Cu 

[44] 

Fe 

[39] 

Ni 

[40] 

Fe 

[13] 

Yb 

[32] 

Mo 

[32] 

Mo 

[13] 

Pd 

[44] 

Pd 

[32] 

Ti 

[35] 

Ni 

[38] 

Al-  Co" 

[38] 

Al"  Sb- 

[38] 

Au-  Al" 

[33] 

Co-  Ta" 

[33] 

Cr-  Ni" 

[33] 

Cu-  Pd" 

[33] 

Fe-  Mo" 

[33] 

Fe"  Ni- 

[33] 

Fe-  V" 

[38] 

Fe"  Yb- 

[33] 

Mo-  W" 

[33] 

Nb"  Mo- 

[33] 

Pd-  Ta" 

[33] 

Pd-  V" 

[33] 

Ru"  Ti- 

[33] 

Zr"  Ni- 

-0.130 

20 

-0.020 

0-3 

-0.850 

0 

-0.040 

6 

-0.030 

15 

-0.155 

3-6 

-0.220 

9 

-0.030 

6 

-0.070 

9 

-0.190 

15 

-0.295 

14-19 

-0.340 

15 

-0.120 

6 

-0.175 

6 

-0.250 

20-24 

-0.200 

0 

“  Electron  binding  energies  from  Ref.  [27]. 

’’Crystallographic  data  from  Ref.  [29];  neutral  atom  and  negative  ion  radii  from  Refs.  [30,31]. 


RusoTiso).  Notice  that  two  exceptions  among  |AF|  values 
for  amorphized  alloys  (Cr57Ti33  and  Nb5oCr5o)  are  mar¬ 
ginally  at  variance  with  respect  to  the  threshold  value. 
For  some  alloys  an  interval  of  | A  V\  values  is  reported; 
this  corresponds  to  the  widest  range  of  values  of  ion 
radii. 

In  conclusion,  the  SCT  model,  which  is  based  on  the 
evolution  of  collision  cascades,  shows  a  good  degree  of 
interpretative  success  with  a  reasonably  large  set  of 
irradiated  compounds,  both  non-metallic  and  metallic. 
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The  interface  between  TiAlN  hard  coatings  and  steel  substrates 
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Abstract 

The  microstriicture  of  TiAlN  coatings  deposited  by  reactive  unbalanced  magnetron  (UBM)  sputtering  after  substrate 
bombardment  with  Cr  ions,  generated  by  a  cathodic  arc,  and  compositional  changes  of  the  ferritic  steel  substrate  have  been 
investigated  for  different  bias  voltages  during  the  Cr  bombardment.  Analysis  was  carried  out  using  cross-sectional  transmission 
electron  microscopy  (XTEM)  and  conversion  electron  Mossbauer  spectroscopy  (CEMS).  The  aim  of  the  Cr  bombardment  is  a 
substrate  sputter  cleaning  effect.  This  is  achieved  when  a  bias  voltage  of  —1200  V  is  applied.  In  this  case  subsequent  UBM 
deposition  of  TiAlN  leads  to  the  growth  of  dense  coatings  exhibiting  local  epitaxy.  For  lower  bias  voltages  CEMS  indicates  Cr 
deposition  resulting  in  an  open  columnar  structure  of  the  subsequently  grown  TiAlN  film,  although  small  areas  with  oriented 
growth  can  still  be  observed.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Cathodic  arc;  Epitaxy;  Interface;  Mossbauer  spectroscopy;  Sputter  cleaning 


1.  Introduction 

Substrate  sputter  cleaning  is  an  important  step  in  all 
PVD  processes.  An  alternative  approach  to  the  sputter 
cleaning  in  an  argon  glow  discharge  prior  to  sputter 
deposition  is  metal  ion  etching  where  a  cathodic  arc 
serves  as  an  ion  source  as  used  prior  to  arc  deposition. 
This  provides  high  ion  energies  and  fluxes  and  it  has 
been  shown  that  PVD  coatings  deposited  after  metal 
ion  etching  give  better  results  in  adhesion  testing  [1]. 

It  has  been  shown  that  metal  ion  etching  modifies 
the  bombarded  substrate  surface  [2]  and  the  microstruc¬ 
ture  of  the  initial  growth  region  of  the  coating  deposited 
immediately  after  metal  ion  etching  [3].  Local  epitaxy 
in  the  coating  has  been  observed  for  Tio.sAlo.s  etching 
indicating  that  a  relatively  clean  growth  surface  with 
well  preserved  crystalline  order  has  been  achieved.  The 
presence  of  heavier  and  more  energetic  Nb  ions  during 
the  Tio.ssNbo.is  etching  led  to  the  formation  of  an 
amorphous  interface  layer  and  subsequent  competitive 
columnar  growth. 

A  drawback  of  the  cathodic  arc  metal  ion  etching 
technique  is  the  deposition  of  droplets  on  the  substrate 
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surface,  which  produce  subsequent  growth  defects  in  the 
coating.  Earlier  investigations  have  shown  that  high 
melting  point  materials,  which  also  have  high  vapour 
pressure,  should  be  used  as  etching  materials  in  order 
to  minimise  this  effect  [4,5],  This  and  the  findings  in 
Ref.  [3]  make  chromium,  with  its  medium  atomic  mass, 
relatively  high  melting  point  and  extremely  high  vapour 
pressure  [6],  attractive  for  use  in  metal  ion  etching. 

A  special  feature  of  metal  ion  etching  with  a  cathodic 
arc  is  that,  besides  multiply  ionised  metal  ions,  metal 
atoms  are  present.  This  makes  the  bias  voltage  applied 
to  the  substrate  during  metal  ion  etching  a  crucial 
process  parameter,  because  high  bias  voltage  levels  may 
cause  substrate  surface  overheating  whereas  low  bias 
voltages  may  result  in  metal  deposition  rather  than 
substrate  sputter  cleaning  [7]. 

The  present  study  investigates  the  influence  of  the 
bias  voltage  during  cathodic  arc  ion  etching  of  steel 
substrates  on  the  interface  region  between  a  TiAlN 
coating  deposited  by  unbalanced  magnetron  sputtering 
and  the  Cr  etched  mild  steel  substrate.  The  substrate 
surface  modification  has  been  investigated  using  conver¬ 
sion  electron  Mossbauer  spectroscopy  and  cross-sec¬ 
tional  transmission  electron  microscopy.  The  latter 
technique  has  also  been  employed  for  the  microstructure 
investigation  of  the  TiAlN  coating. 
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2.  Experimental  procedure 

Cr  ion  etching  and  coating  deposition  has  been 
performed  employing  a  combined  CA/UBM  deposition 
system  [8]  as  shown  in  Fig.  1.  The  chromium  cathode 
is  operated  in  the  CA  mode  during  metal  ion  etching. 
For  coating  deposition  the  cathodes  are  coupled  via 
electromagnetic  coils  to  form  a  closed  magnetic  field 
and  the  Tio.sAlo.s  targets  are  operated  in  the  UBM 
mode.  The  substrates  are  undergoing  three-fold  rotation 
during  substrate  sputter  cleaning  and  coating  deposition 
(see  Fig.  1  with  Ti  =  7.5rpm,  T2  =  27rpm,  T3  =  4.5rpm) 
and  have  an  average  distance  of  250  mm  from  the 
targets.  The  chamber  was  evacuated  to  a  pressure  of 
6x  10“^mbar  and  heated  to  400°C  (measured  with  a 
thermocouple  attached  to  a  dummy  substrate).  The 
pump  down  and  heating  is  followed  by  a  Cr  metal-ion 
bombardment.  The  etching  of  the  substrate  is  carried 
out  over  a  period  of  20  min  by  biasing  the  substrates  at 
- 1200  V,  - 1000  V,  -800  V  or  -600  V  and  operating 
the  steered  cathodic  Cr  arc  at  an  arc  current  of  100  A. 
The  Ar  working  pressure  was  kept  at  6  x  10“'^  mbar  for 
stable  arc  operation.  During  the  Cr-ion  etching  step  the 
substrate  temperature  is  raised  to  450‘'C  either  by  high- 
energy  ion  impact  at  high  bias  voltages  (—1200  V  and 
—  lOOOV)  or  in  the  other  cases  additional  radiant 
substrate  heating.  The  temperature  is  kept  constant  by 
radiant  substrate  heating  during  TiAlN  reactive  depos¬ 
ition  at  a  working  gas  pressure  of  3.4x10“^  mbar 
(50:30  Ar:N2  gas  mixture).  The  target  power  on  both 
TiAl  targets  was  set  to  8  kW  and  the  unbalancing  coil 
current  was  6  A.  The  bias  voltage  during  coating  growth 
is  reduced  to  —75  V.  UBM  deposition  has  been  per¬ 
formed  for  10  min  giving  a  coating  thickness  of 
~100nm  in  order  to  stay  below  the  escape  depth  of 
conversion  electrons  used  in  Mossbauer  spectroscopy. 

The  substrate  material  was  mild  steel 


Fig.  i.  Schematic  drawing  of  the  combined  CA/UBM  four-target 
deposition  system. 


(25  x25  X  0.7  mm^).  All  substrates  were  polished  using 
1  pm  diamond  paste  in  the  final  step  resulting  in  a 
roughness  R^  =  5  nm.  The  substrates  were  wet  cleaned 
in  an  automatic  10  station  industrial  cleaning  line  con¬ 
taining  a  range  of  aqueous  based  alkali  detergents, 
de-ionised  water  and  vacuum  radiant  heating. 

The  XTEM  samples  were  prepared  using  a  diamond 
saw  to  obtain  2x0.5mm^  slabs  which  were  further 
thinned  to  20  pm  by  mechanical  polishing.  The  samples 
were  mounted  on  a  Cu  slot  grid  and  Ar  (5  keV,  16  mA, 
5°)  ion  milled  to  electron  transparency.  The  transmission 
electron  microscopy  has  been  carried  out  using  a  Philips 
CM20  microscope  operated  at  200  kV  acceleration  volt¬ 
age.  Chromium  etched  mild  steel  samples  were  studied 
using  conversion  electron  Mossbauer  spectroscopy  in  a 
gas  flow  proportional  counter  with  an  anode  wire  poten¬ 
tial  of  1500  V.  A  25  mCu  cobalt  57  radionuclide  source 
in  a  rhodium  matrix  was  placed  on  a  Wissel  velocity 
transducer,  and  data  was  collected  by  an  EG&G 
ORTEC  multi-channel  analyser. 


3.  Results  and  discussion 

3.  L  Compositional  changes  of  the  substrate 

The  CEMS  studies  of  the  various  etched  samples 
show  a  reduction  in  relative  counts  when  the  bias  voltage 
is  reduced,  showing  that  the  overall  coating  thickness 
(TiAlN +  Cr)  is  increased  due  to  increasing  chromium 
deposition.  The  effect  of  the  etching  process  suggests 
the  presence  of  the  iron  rich  a-FeCr  phase.  As  the  bias 
voltage  is  decreased  the  amount  of  FeCr  similarly 
reduces  (see  Table  1  and  Fig.  2). 

The  presence  of  the  FeCr  phase  is  shown  by  the 
change  in  isomer  shift  d  and  quadrupole  interaction 
AE'q  (see  Table  2)  at  the  substrate  surface. 

For  an  untreated  mild  steel  sample  a  symmetrical 
sextet  with  little  or  no  quadrupole  interaction  would  be 
expected.  For  Cr  etched  samples  it  was  found  that  the 
line  half-widths  at  half-maximum  height  were  uneven, 
showing  the  presence  of  a  second  sextet  at  a  similar 
position  to  the  substrate. 

The  isomer  shift  becomes  less  negative  showing  a 
reduction  in  the  ‘s’  electron  density  at  the  iron  nuclei 
coupled  with  an  increase  in  electric  field  gradient  shown 
by  the  increase  in  the  quadrupole  field.  This  represents 


Table  1 

Observed  parameters  of  the  substrate  and  interface  for  all  bias  voltages 


Bias  voltage  C/b  (V) 

Relative  area  of  FeCr  to  Fe  {%) 

-1200 

16 

-1000 

13 

-800 

10 

-600 

8 
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Fig.  2.  Comparison  of  CEMS  studies  at  varying  bias  voltages.  The  more  intense  sextet  of  mild  steel  substrate  overlays  the  sextet  of  the  inteiface  region. 


Table  2 

Change  in  relative  peak  area  of  interface  to  substrate  material  for 
different  bias  voltage 


Substrate  steel 

Interface  material 

<5  (mm  s  0 

-0.11  ±0.02 

-0.05  ±0.02 

AEq  (mm  s  "  0 

O.OOfO.Ol 

0.06  ±0.01 

H(T) 

33.0±0.1 

32.5±0.1 

a  change  in  the  surroundings  of  the  iron  sites  due  to  the 
presence  of  chromium.  There  is  a  slight  reduction  in  the 
magnetic  field  strength  H  also,  showing  the  presence  of 
Cr,  since  alloys  of  FeCr  with  high  levels  of  Cr  are 
paramagnetic  as  opposed  to  ferromagnetic  iron.  These 
parameters  remain  constant  throughout  the  range  of 
bias  voltages  showing  that  the  same  phase  is  formed 
each  time  although  in  smaller  amounts  at  lower  bias 
voltages. 

3,2.  Microstructure  of  the  interfacial  region 

Figs.  3-5  show  bright  field  images  of  the  interfacial 
region  for  samples  etched  at  different  bias  voltages.  In 
Fig.  4(a)  a  typical  interface  region  of  a  sample  etched 
at  a  bias  voltage  of  -600  V,  taken  in  underfocused 
conditions,  is  shown  so  that  regions  of  low-density 
material  appear  bright.  These  regions  were  only  found 
for  substrates  etched  at  —600  V.  Fig.  4(b)  shows  such 
an  area  at  higher  magnification.  The  dark  layer  presuma¬ 
bly  formed  during  the  substrate  cleaning  varies  in  thick- 


Fig.  3.  Bias  voltage  during  cathodic  Cr  arc:  (a)  11^  =  —SOOV;  (b) 

f/b=-1000V. 


ness  considerably.  CEMS  suggests  that  this  layer  is  a 
deposited  chromium  layer. 

Fig.  5  presents  the  interface  region  for  a  bias  voltage 
of  —1200  V.  In  Fig.  5(c)  evidence  of  removal  of  sub¬ 
strate  material  of  '-'lOOnm  is  visible.  The  substrate 
beneath  the  droplet  is  -- 100  nm  thicker  than  the  sur¬ 
rounding  substrate,  which  was  exposed  to  further  ion 
impact  indicating  that  an  etch  rate  of  at  least  5  nm/min 
is  obtained  under  these  cleaning  conditions.  Therefore, 
the  marked  area  in  Fig.  5(f)  can  be  identified  as  the 
modified  substrate  in  contrast  to  the  deposition  layer  in 
Fig.  4.  Because  of  the  similarity  of  Cr  and  Fe  in  the 
atomic  mass  (atomic  number  24  and  26,  respectively), 
the  visible  contrast  is  not  attributed  to  atomic  number 
but  is  believed  to  be  due  to  local  strain  fields  caused  by 


C.  Schdnjalm  et  at.  /  Surface  and  Coatings  Technology  125  ( 2000)  66-70 


69 


Fig.  4.  Bias  voltage  during  cathodic  Cr  arc  U^  —  —600  V:  (a)  bright 
field  image  (BF)  (underfociised);  (b)  BF  at  higher  magnification  (over¬ 
focused);  (c)  dark  field  image  (DF);  (d)  convergent  beam  diffraction 
pattern  from  TiAlN;  (e)  CEBD  from  steel  substrate. 


Fig.  5.  Bias  voltage  during  cathodic  Cr  arc  ^4=  — 1200  V:  (a)  BF;  (b) 
DF  from  (220)  reflection;  (c)  BF  showing  droplet  and  protected  steel; 
(d)  CBED  TiAlN;  (e)  schematic  DP  of  TiAlN;  (f )  BF  higher  magnifi¬ 
cation;  (g)  CBED  from  steel  substrate;  (h)  schematic  DP  of  steel. 

dislocation  cores  or  defect  clusters  generated  by  highly 
energetic  Cr  ion  impact.  The  thickness  of  the  modified 
region  was  measured  by  XTEM  imaging  to  be  ^^5  nm. 
TRIM  [9]  simulation  assuming  an  acceleration  potential 
of  1.2  kV  applied  to  the  Fe  substrates  and  a  maximum 
charge  state  of  Cr^^  [10]  shows  that  target  displacement 
events  and  vacancy  production  takes  place  in  a  depth 
of  up  to  6  nm. 

Because  the  described  surface  modification  due  to 
metal  ion  etching  leads  to  modified  initial  nucleation 
conditions,  the  microstructure  of  the  TiAl  coating  is 
expected  to  be  affected  by  the  substrate  pre-treatment. 
Indeed,  an  increase  in  grain  size  is  found  for  high  etching 
bias  voltages  as  demonstrated  in  Fig.  3(a),  (b)  and 


Fig.  5(a).  Here  the  grain  boundaries  of  the  coating 
match  the  grain  boundaries  of  the  substrate,  as  can 
most  clearly  be  seen  in  Fig.  3(b).  This  indicates  local 
epitaxial  growth  of  the  coating  (fee,  a  =  0.417  nm  [11]) 
on  the  ferritic  steel  (bcc,  «  =  0.286nm  [12]).  The  dark 
field  image  taken  from  the  (220)  reflection  shown  in 
Fig.  5(b)  demonstrates  the  large  dimension  of  areas 
with  the  same  orientation.  In  Fig.  5(d)  and  (g)  con¬ 
vergent  beam  diffraction  patterns  (CBED)  of  the  TiAlN 
coating  and  the  steel  substrate  are  presented,  showing 
that  the  [Oil]  zone  axis  of  the  coating  is  parallel  to  the 
[Ill]  zone  axis  of  the  steel  substrate.  This  shows  that 
although  some  damage  has  been  induced  in  the  substrate 
surface  during  the  Cr  ion  bombardment,  the  crystallinity 
of  the  substrate  surface  is  preserved  so  that  local  epitax¬ 
ial  growth  can  occur  [bright  almost  structureless  area  in 
Fig.  5(b)]. 

In  contrast  the  low  etching  bias  voltage  of  —600  V 
gives  rise  to  finer  grain  size  as  can  be  seen  from  Fig.  4(a) 
and  (c).  Porosity  between  the  grains  is  observed.  On 
some  areas  local  orientated  growth  can  still  be  observed. 
This  is  confirmed  in  Fig.  4(d)  and  (e)  showing  a  [001] 
zone  axis  CBED  pattern  of  the  coating  and  a  [Oil] 
CBED  pattern  of  the  underlying  steel  grain,  respectively. 

The  presence  of  the  above  described  film  porosity 
can  be  avoided  when  the  substrates  are  treated  at  higher 
bias  voltages  {U^=-S00  to  -1200  V).  It  is  thought 
that  the  improved  nucleation  conditions  of  a  'cleaner’ 
substrate  surface  stimulate  void  free  film  growth  in 
contrast  to  the  possibly  gas  bubble  containing  Cr  depos¬ 
its  as  shown  in  Fig.  4(a)  labelled  ‘low  density’. 


4.  Conclusions 

CEMS  and  XTEM  investigations  on  ferritic  steel 
samples  coated  with  TiAlN  after  Cr  ion  bombardment 
at  different  bias  voltages  (i7b=~600V,  —800  V, 

-lOOOV  and  —1200  V)  have  been  carried  out. 
Significant  differences  in  substrate  surface  modification, 
such  as  substrate  material  removal  for  ^b=”1200V 
(etching)  and  deposition  of  low  density  material  for 
6/b=  —600  V,  have  been  observed.  This  led  to  substan¬ 
tial  changes  in  microstructure  of  the  subsequently  grown 
TiAlN  coating,  ranging  from  columnar  growth  with  an 
open  structure  for  U^=  -600  V  to  local  epitaxial  growth 
at  U^=  —1200  V.  In  the  latter  case  an  improved  adhe¬ 
sion  of  the  coating  on  the  steel  is  expected.  For  verifica¬ 
tion  thicker  TiAlN  coatings  should  be  deposited  in  order 
to  perform  adhesion  tests. 
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Abstract 

Plasma-based  ion  implantation  (PBII)  is  a  recent  method  to  implant  ions  into  materials  for  modifying  surface  properties. 
Negative  high  voltage  pulses  are  applied  to  the  substrate  to  extract  ions  from  the  plasma  and  accelerate  them  directly  onto  the 
substrate  surface.  The  main  advantages  of  PBII  over  ion  beam  implantation  are  its  simplicity  for  processing  large  surfaces  or 
three-dimensional  objects  and  the  possibility  of  preparing  surfaces  in  situ  prior  to  the  implantation  process.  The  two  general 
specifications  required  for  PBII  are  low  pressure,  large  size  plasmas  and  high  voltage-high  current  pulse  generators.  Multipolar 
discharges  excited  by  distributed  electron  cyclotron  resonance,  which  can  operate  with  reactive  gases  and  can  be  easily  scaled  up, 
are  thus  well  adapted  to  the  PBII  process.  In  order  to  produce  the  high  voltage-high  current  pulses  with  rise  and  fall  times  of  the 
order  of  the  inverse  ion  plasma  frequency  necessary  for  PBII  processing,  generators  using  pulse  transformers,  where  the  voltage 
at  the  primary  is  provided  by  transistor  switches  and  where  the  energy  is  stored  at  a  low  voltage  level,  have  been  developed.  Then, 
before  discussing  the  various  limitations  of  the  process,  PBII  in  plasmas  is  illustrated  through  few  selected  examples.  ©  2000 
Published  by  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Ion  implantation  was  first  used  in  the  1960s  to  dope 
semiconductor  materials  for  the  electronics  industry  [1]. 
Then,  the  idea  of  using  ion  beams  to  enhance  the  surface 
properties  of  metals  emerged  in  the  early  1970s  [2].  It 
was  found  that  implantation  of  nitrogen,  carbon,  or 
boron  into  steel  and  other  alloys  resulted  in  increased 
wear  and  corrosion  resistance  and  enhanced  surface 
properties. 

In  conventional  ion  implantation,  an  ion  source  is 
used  to  create  an  ion  beam  of  the  species  to  be  implanted. 
The  ion  beam  is  accelerated  through  a  potential  of  from 
tens  to  hundreds  of  kilovolts  and  transported  to  the 
substrate.  Since  the  beam  spot  size  is  usually  smaller 
than  the  wafer  size,  mechanical  and  electrostatic  scan¬ 
ning  are  used  to  achieve  dose  uniformity.  The  relatively 
low  beam  currents,  limited  by  the  source  optics,  lead  to 
high  costs  for  high-dose  applications.  Lower-energy 
implantation  (energies  less  than  lOkeV)  can  also  be 
limited  by  ion  beam  optics,  especially  if  high  doses  are 
required.  Conventional  ion  implantation  is  a  line-of- 


Corrcsponding  author. 


sight  process,  and  the  objects  being  processed  generally 
require  manipulation  in  order  to  implant  the  desired 
surfaces.  The  limitation  of  this  approach  is  that,  for 
large  size  and  three-dimensional  (3-D)  objects,  the  abil¬ 
ity  to  implant  their  surfaces  uniformly  becomes  difficult 
and,  at  times,  cost  prohibitive. 

Plasma  immersion  ion  implantation  (PHI)  or  plasma- 
based  ion  implantation  (PBII)  was  initially  developed 
by  Conrad  and  Castagna  [3]  in  1987  to  circumvent  the 
beam  line  restrictions.  In  this  PBII  technique,  substrates 
are  immersed  directly  in  the  plasma  and  are  then  pulsed 
biased  to  high  negative  voltages.  As  the  sheath  conform¬ 
ably  surrounds  the  substrate,  all  surfaces  are  implanted 
at  the  same  time,  so  that  rastering  and  manipulation  of 
the  substrate  are  not  necessary.  PBII  eliminates  the 
intermediate  stages  of  beam  extraction,  focusing,  scan¬ 
ning,  and  wafer  manipulation.  The  PBII  technique  has 
many  advantages  over  the  conventional  implantation, 
such  as  high  dose  rates  (10^^  cm"^  s"^),  wide  ion  energy 
range  starting  from  0  up  to  100  keV  or  more,  large 
implant  areas,  and  treatment  of  3-D  workpieces  with 
complex  shapes. 

However,  a  few  limitations  and  disadvantages  of  PBII 
in  comparison  with  beam-line  ion  implantation  can  be 
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pointed  out:  (i)  no  ion  mass  separation;  all  the  ions  in 
the  plasma  (monatomic  and  molecular  ions)  are 
implanted;  (ii)  not  strictly  monoenergetic,  mainly 
depending  on  gas  pressure  and  pulse  shape;  (iii)  in  situ 
dose  monitoring  is  difficult  and  requires  calibration;  (iv) 
the  production  of  secondary  electrons  under  ion  impact 
and  their  acceleration  in  the  sheath  leads  to  high  current 
densities  and  X~ray  formation;  (v)  biasing  of  thick 
dielectric  objects  is  not  possible.  Despite  these  disadvan¬ 
tages,  PBII  appears  particularly  attractive  for  mass 
production  in  metallurgy  and  in  the  semiconductor  and 
flat  panel  display  industry. 

The  aim  of  this  article  is  to  present  the  plasma  and 
pulse  generator  specifications  generally  required  for  PBII 
processing.  In  particular,  we  will  demonstrate  the  neces¬ 
sity  to  dispose  of  low  pressure  and  large  size,  scalable 
plasmas  up  to  square  or  cubic  meters.  Such  plasma 
dimensions  can  be  easily  provided  by  discharges  confined 
with  multipolar  magnetic  field  structures.  Also,  new 
concepts  of  pulse  generators  able  to  fulfill  the  require¬ 
ments  assigned  to  the  high  voltage  pulses  for  PBII 
processing  are  being  developed.  Finally,  before  conclud¬ 
ing,  we  will  discuss  the  physical  and  technological  limita¬ 
tions  of  PBII  and  plasma-based  ion  implantation  and 
deposition  (PBIID)  through  selected  examples  of  surface 
treatments. 


2.  PBII  basic  mechanisms 

2. 1.  Evolution  of  the  plasma  sheath 


of  time  is  shown  in  Fig.  2  and  the  experimental  corre¬ 
sponding  evolution  of  the  ion  current  is  reported  in 
Fig.  3.  In  the  above  expressions  giving  the  electron  and 
ion  plasma  frequencies,  Cq  is  the  permittivity  of  free 
space,  —e  the  electron  charge,  and  n-^  are  respectively 
the  electron  and  ion  densities,  and  and  their 
masses. 


2.2.  Sheath  thickness 


Since,  in  PBII,  the  duration  of  negative  pulses  is 
much  longer  than  the  inverse  ion  plasma  frequency  (see 
Fig,  3),  we  can  generally  consider  that  the  sheath  thick¬ 
ness  g  is  that  given  by  the  steady-state  Child-Langmuir 
law,  i.e. 


25/4^y2  ^3/4 

3exp(-l/4)  e^>^ny\kT,y^^ 


(1) 


where  —  Vq  is  the  potential  of  the  substrate  during  the 
pulse  (as  a  first  approximation,  the  plasma  potential  is 
assumed  equal  to  the  ground  potential),  the  electron 
temperature  of  the  plasma,  k  the  Boltzmann  constant, 
and  Ape  the  electron  Debye  length.  As  shown  in  Eq.  (1), 
the  thickness  g  of  the  sheath,  independent  of  the  mass 
of  ions,  is  poorly  dependent  on  the  electron  temperature 
and  varies  proportionally  with  the  inverse  of  the  square 
root  of  the  plasma  density.  Accordingly,  the  amplitude 
Eq  of  the  electric  field  at  the  substrate  surface  (the 
highest  amplitude  in  the  sheath)  is  given  by 


The  evolution  of  the  plasma  sheath  when  a  negative 
high  voltage  pulse  is  applied  to  a  substrate  immersed  in 
a  plasma  has  already  been  extensively  studied  [4-6]. 
According  to  the  time  scale,  three  different  phases,  as 
shown  in  Fig,  1,  must  be  distinguished.  (1)  On  the 
time  scale  of  the  inverse  plasma  frequency 
z={eQm^/n^e^y'^  10“^^  s  for  «e  =  10^®cm“^, 

electrons  are  repelled,  whereas  ions,  much  more  massive 
than  electrons,  are  left  back.  Therefore,  an  ion  ‘matrix’ 
sheath  that  is  free  of  electrons  is  formed  around  the 
substrate.  (2)  On  the  time  scale  of  the  inverse  ion 
plasma  frequency  cOpj^  ;^3  x  10"^  s  for 

ions/cm^,  the  ions  in  the  matrix  sheath 
close  to  the  substrate  are  accelerated  towards  the  sub¬ 
strate.  The  energy  distribution  of  ions  depends  of  course 
on  their  initial  position  in  the  ion  ‘matrix’  and  the  ion 
current  density  reaches  a  sharp  maximum  before 
decreasing.  Then,  once  the  ions  in  the  matrix  are  col¬ 
lected,  new  ions  are  extracted  from  the  plasma  edge  and 
the  plasma  sheath  expands.  (3)  On  a  large  time  scale, 
typically  tens  of  a>~f,  the  sheath  and  the  current  density 
evolve  to  the  steady  state  (static  sheath)  given  by  the 
Child-Langmuir  law.  The  theoretical  evolution  [6]  of 
the  ion  current  collected  on  the  substrate  as  a  function 


Eo- 


2^!^  exp(-l/4)e'^‘^ 


^1/2 


nii^vy\kT,yi\ 


(2) 


The  amplitude  of  the  electric  field,  poorly  dependent  on 
the  pulse  voltage  and  on  the  electron  temperature,  is 
proportional  to  the  square  root  of  the  ion  density. 

The  numerical  evolution  of  the  thickness  g  of  the 
static  sheath  as  a  function  of  the  pulse  voltage  is  shown 
in  Fig.  4,  when  considering  a  plasma  with  a  density 
«^=10^®cm"^  and  an  electron  temperature  kT^^l  eV. 
For  example,  the  sheath  thickness  exceeds  40  cm  for 
Fo  =  100kV.  Such  a  result  has  strong  implications  on 
the  specifications  of  PBII  systems,  as  discussed  below. 


3.  Plasma  specifications 

A  first  specification  concerns  the  size  of  the  plasma, 
which  must  be  much  larger  than  the  sheath  thickness  in 
order  to  avoid  total  depletion  of  the  plasma  between 
the  substrate  and  the  plasma  walls.  As  an  example,  at 
Fo=100kV,  the  sheath  thickness  (40  cm)  is  such  that 
the  implantation  of  a  30  cm  wafer  requires  reactor 
dimensions  more  than  1  m  in  diameter  and  40  cm  high. 
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a) 


b) 


t 


t  ~  I  /  COp(j 

Electrons  are  repelled 

Ions  are  left  back  and  an 
ion  matrix  is  formed 


t  ~  1  /  COpi 

Ions  are  accelerated  towards 
the  substrate 

The  plasma  sheath  expands 


Fig.  1.  Evolution  of  the  plasma  sheath  with  time  when  a  negative  voltage  pulse  V{t)  is  applied  to  a  substrate. 


The  other  plasma  specifications  mainly  concern  the 
energy  distribution  function  of  the  ions  being  implanted. 
Since,  for  a  given  application,  the  energy  of  implanted 
ions  is  generally  predetermined,  the  control  of  the  energy 
distribution  function  is  necessary.  Implantation  of 
monoenergetic  ions  using  PBII  requires  different  condi¬ 
tions.  As  deduced  from  the  above  description  of  the 
sheath  dynamics,  this  goal  first  requires  a  large  pulse 
length  compared  with  so  that  the  fraction  of  ions 
implanted  from  the  initial  matrix  (accelerated  under  a 
potential  difference  less  than  Vf),  is  small  with  respect 
to  the  fraction  of  ions  extracted  from  the  plasma  at  the 
sheath  edge  (accelerated  under  the  applied  potential 
difference  Vf)  [6].  Secondly,  the  ion  transit  in  the  sheath 


must  be  collisionless,  i.e.  an  ion  mean  free  path  on  the 
order  or  longer  than  the  sheath  thickness.  Under  these 
conditions,  monoenergetic  ion  bombardment  can  be 
obtained.  Otherwise,  the  effect  of  ion-neutral  collisions 
in  the  sheath  is  to  reduce  significantly  the  ion  energy 
below  the  expected  value.  Unfortunately,  even  in  the 
ideal  case  of  a  monoenergetic  ion  bombardment,  owing 
to  the  presence  in  the  plasmas  of  several  ionic  species, 
the  different  ion  populations  reach  the  substrate  surface 
with  distinct  velocities  and,  hence  are  implanted  with 
distinct  projected  depths. 

However,  despite  the  difficulty  of  achieving  a  perfect 
control  of  the  velocity  distribution  function  of  ions  at  the 
substrate  surface,  low  pressure  plasmas  would  be  prefer- 
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Fig.  2.  Normalized  implantation  current  density  as  a  function  of 
reduced  time  T—o^^t.  The  lines  show  the  analytical  solutions  for 
r<2.7  and  r>3.0  (from  Ref.  [6]). 
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Fig.  3.  Typical  voltage  and  current  experimental  waveforms  at 
-25  kV. 

able  in  order  to  exploit  the  total  capabilities  of  the 
voltage  pulse  supplier. 

Finally,  too  dense  a  plasma,  which  leads  to  shorter 
sheath  thickness  and  higher  ion  current  densities,  is  not 
attractive  owing  to  enhanced  risks  of  arcing  in  the 
sheath  [7,8]  (higher  electric  field  intensity)  and  increased 
substrate  heating. 

4.  Pulse  generator  specifications 

The  specifications  for  the  pulse  generators  in  PBII 
processing  directly  follow  from  the  sheath  dynamics 
described  above.  Firstly,  the  pulse  generator  must  be 
able  to  provide  enough  current  in  order  to  clear  the 


Fig.  4.  Sheath  thickness  as  a  function  of  the  voltage  amplitude  Vq  of 
the  negative  pulse. 


initial  current  peak  after  the  application  of  the  pulse.  In 
addition,  as  the  sheath  thickness  (geometrical  factor  for 
non-planar  substrates)  and  secondary  electron  yield  both 
increase  with  the  pulse  voltage,  the  required  maximum 
peak  current  also  increases  with  the  pulse  voltage. 
Consequently,  when  the  pulse  generator  cannot  provide 
enough  current,  the  rise  time  of  the  pulse  voltage 
becomes  huge  compared  with  the  pulse  duration  (see 
Fig.  5)  and  the  ion  energy  distribution  of  the  ions  cannot 
be  kept  under  control. 

As  already  discussed  in  Section  3,  the  second  specifi¬ 
cation  corresponds  to  the  necessity  to  reach  a  quasi- 
monoenergetic  energy  distribution  for  the  implanted 
ions.  To  achieve  this  goal,  it  is  necessary  to  apply  pulses 
with  rise  and  fall  times  of  the  order  of  and  a 
duration  time  t  much  larger  than  In  this  way,  the 
time  during  which  the  ion  energy  distribution  is  not 
monoenergetic  is  restricted  to  the  minimum  and  is  thus 
much  shorter  than  the  total  pulse  duration  t.  Since 
cOpi^  is  typically  of  the  order  of  1  jus  in  the  low-density 
plasmas  used  for  PBII,  rise  and  fall  times  of  less  than 
1  jus  and  pulse  durations  of  more  than  a  few  tens  of 
microseconds  are  required  in  most  cases.  At  a  given 
plasma  density,  the  dose  per  pulse  is  controlled  by  its 
duration  length  t,  whereas  the  dose  rate  is  controlled 
by  the  product  of  pulse  duration  r  and  its  repetition 
rate  /.  The  final  dose  is  then  proportional  to  the  total 
duration  of  the  PBII  process. 

Another  important  requirement  is  to  avoid  any 
reverse  positive  voltage,  in  particular  at  the  end  of  the 
pulse.  In  this  way,  ion  bombardment  of  reactor  walls 
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Fig.  5.  Typical  voltage  and  current  waveforms  when  the  pulse  genera¬ 
tor  cannot  clear  the  initial  peak  current. 


and  contamination  of  the  substrate  from  reactor  wall 
sputtering  is  thus  avoided. 

Finally,  additional  requirements  for  the  pulse  genera¬ 
tor,  in  particular  in  terms  of  reliability  and  safety,  are 
also  important:  the  generator  must  be  protected  against 
short-circuits  in  the  load  (arcing  protection)  and  also 
energy  storage  at  the  lowest  voltage  level  is  highly 
desirable. 


5.  Multipolar  plasmas  for  large-area  PBII  processing 

The  above  discussions  have  shown  the  necessity  to 
generate  low-pressure,  large-sized  plasmas  for  PBII. 
Discharges  confined  by  multipolar  magnetic  fields 
exhibit  these  two  characteristics.  In  addition,  the  scaling 
up  of  these  plasmas  is  possible  up  to  several  cubic  meters 
without  any  difficulty  [9,10]. 

5. 1.  Multipolar  magnetic  field  confinemen  t 

Conventional  multipolar  magnetic  field  structures 

[11]  generally  consist  of  parallel  magnet  bars  with 
alternating  polarities.  Such  magnetic  fields  are  well 
known  to  be  very  efficient  in  providing  homogeneous 
plasmas  at  low  pressure  (typically  between  10“^  and 
1  Pa)  with  densities  of  up  to  two  orders  of  magnitude 
higher  than  that  obtained  without  magnetic  confinement 

[12] .  However,  the  confinement  effect  of  a  multipolar 
magnetic  field  on  the  plasma  itself  is  weak.  In  fact,  the 
improved  uniformity  and  the  enhanced  density  of  the 
plasma  mainly  result  from  the  very  efficient  confinement 
of  fast  electrons  that,  once  trapped  in  the  magnetic  field. 


produce  the  peripheral  ionization  of  the  plasma.  Then, 
from  this  region,  the  plasma,  i.e.  the  ions  and  the  slow 
thermal  electrons,  diffuses  perpendicularly  to  the  mag¬ 
netic  field  lines  under  the  influence  of  the  density 
gradients 

5.2.  Fast  electrons  in  a  multipolar  magnetic  field 

At  low  pressure,  the  fast  electrons  behave  like  free 
energetic  particles  in  motion  in  the  external  fields,  includ¬ 
ing  the  multipolar  magnetic  field  and  the  space  charge 
electric  field  of  the  plasma.  However,  as  the  variation 
of  the  potential  inside  the  plasma  usually  does  not 
exceed  a  few  electron-volts,  the  trajectory  of  the  fast 
electrons  is,  in  contrast  to  that  of  the  slow  plasma 
electrons,  only  weakly  influenced  by  the  space  charge 
electric  field. 

Neglecting  the  influence  of  the  space  charge  electric 
field  with  respect  to  the  action  of  the  magnetic  field,  the 
study  [13,14]  of  the  trajectories  demonstrates  that  the 
motion  of  the  fast  electrons  trapped  in  the  multipolar 
magnetic  field  is  confined  between  two  field  lines  and 
oscillates  between  two  opposite  poles  until  they  suffer 
elastic  or  inelastic  ionizing  collisions. 

A  more  complete  description  of  the  motion  of  fast 
electrons  also  shows  that,  besides  the  oscillations 
between  mirror  points  in  front  of  two  successive  cusps, 
these  electrons  undergo  a  drift  velocity  along  the  mag¬ 
nets  due  to  the  magnetic  field  curvature  and  magnetic 
field  gradient  [13,14].  The  direction  of  this  drift  velocity 
changes  with  the  direction  of  either  the  magnetic  field, 
or  the  curvature  radius  vector. 

Because  of  the  magnetic  drift  of  the  fast  electrons 
along  the  multipolar  magnetic  structure,  leakage  of  these 
electrons  inevitably  occurs  at  the  extremities  of  the 
magnet  bars  that  constitute  an  open,  non-closed  mag¬ 
netic  field  configuration.  Loss  of  fast  electrons  can  be 
overcome  by  adding  magnets  at  the  extremities  of  the 
magnet  bars  in  such  way  as  to  close  the  magnetie 
structures  onto  themselves  according  to  ring,  racetrack 
or  comblike  configurations  [15].  These  magnetic  struc¬ 
tures  are  the  same  as  those  currently  realized  in  the 
magnetron  plasmas  used  worldwide  for  sputtering 
applications. 

5.3.  Production  of  the  fast  electrons  in  the  multipolar 
magnetic  fields 

For  more  than  a  decade  following  the  initial  study  of 
Limpaecher  and  MacKenzie  [12],  the  excitation  of 
multipolar  plasmas  was  almost  exclusively  ensured  by 
electron  emission  from  heated  filaments  located  in  the 
central  volume  (free  from  magnetic  field),  and  biased 
negatively  with  respect  to  the  multipolar  magnetic  struc¬ 
ture  and  the  chamber  wall.  At  low  pressure,  the  fast 
electrons  can  reach  the  multipolar  magnetic  sheath. 
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become  trapped  and  produce  the  peripheral  ionization 
of  the  plasma.  Another  attractive  solution  is  to  produce 
the  fast  electrons  directly  in  the  multipolar  magnetic 
field  by  placing  the  filaments  directly  in  the  magnetic 
sheath  [16]. 

Unfortunately,  hot  filaments  cannot  be  used  to  sus¬ 
tain  plasmas  in  reactive  gases  (O2,  FH,  CI2).  Thus,  at 
very  low  pressure,  another  attractive  solution  is  to 
transfer  high  frequency  (HF)  energy  to  the  electrons  by 
electron  cyclotron  resonance  (ECR)  within  the  confining 
magnetic  field.  The  development  of  this  excitation,  called 
distributed  ECR  or  DECR,  is  based  on  two  ideas  [17]: 

1.  the  permanent  magnet  rows  intended  for  multipolar 
magnetic  field  confinement  are  also  used  to  provide 
the  magnetic  field  intensity  needed  for  the  ECR 
coupling 

Bo  =  2n{mJe)fo,  (3) 

where  /o  is  the  microwave  frequency; 

2.  the  HF  electric  field  required  for  ECR  is  provided 
by  linear  applicators  (or  antennas)  running  along  and 
close  to  the  magnet  rows  [17].  This  scheme  results  in 
the  generation  of  the  plasma  in  the  multipolar  mag¬ 
netic  field,  where  the  fast  electrons  (accelerated 
through  ECR)  are  trapped  and  oscillate  between  two 
successive  cusps  until  they  ionize  the  gas. 

The  evolution  of  plasma  density  as  a  function  of 
microwave  power  and  excitation  frequency  [15,18] 
shows  that,  when  the  microwave  power  increases,  the 
plasma  density  at  first  varies  proportionally  to  the 
microwave  input  power.  Next,  the  plasma  density 
reaches  a  maximum  value  of  the  order  of  the  critical 
density: 

n^=eoni^o)lle^  (4) 

with  coQ  =  2nfQ.  Since  the  critical  density  varies  according 
to  the  square  of  the  excitation  frequency,  the  highest 
densities  are  obtained  at  the  highest  excitation  frequency 
[18].  However,  for  PBII  applications,  on  the  one  hand 
the  substrate  heating  due  to  the  power  deposited  by  the 
ion  bombardment  and,  on  the  other  hand,  arcing  due 
to  the  high  electric  fields  developed  in  the  sheaths  [7,8] 
do  not  argue  in  favor  of  too  dense  a  plasma.  Thus,  the 
2.45  GHz  excitation  frequency  is  high  enough  to  provide 
the  plasma  densities  required  for  PBII,  i.e.  of  the  order 
of  10^^  cm"^ 

Finally,  another  possibility  commonly  used  to  acceler¬ 
ate  electrons  in  a  multipolar  magnetic  field  is  to  bias  the 
magnetic  structure  negatively  with  respect  to  the  walls 
by  applying  radio  frequency  (RF)  or  negative  DC 
voltages.  The  ions  are  accelerated  through  the  sheath 
towards  the  surface  above  the  magnetic  structure,  yield¬ 
ing  sputtering  of  the  surface  and  emission  of  secondary 
electrons.  These  secondary  electrons  are  then  accelerated 
in  the  ion  sheath  surrounding  the  magnetic  structure; 
outside  the  sheath,  these  electrons,  trapped  in  the 


multipolar  magnetic  field,  oscillate  between  two  opposite 
adjacent  magnetic  poles  until  they  ionize  the  plasma. 
This  scheme  is  currently  applied  in  the  well-known 
magnetron  plasmas  used  for  direct  or  reactive  sputtering 
of  solid,  non-volatile  materials. 

Clearly,  plasmas  confined  by  multipolar  magnetic 
fields  and  excited  at  very  low  pressure  are  perfectly  well 
suited  to  large-area  PBII  processing.  In  particular,  the 
scaling  up  of  these  plasma  sources  is  possible  up  to 
square  or  cubic  meters  without  any  difficulty  or  limita¬ 
tion.  As  a  confirmation,  the  large  volume  PBII  system 
developed  at  the  Hughes  Research  Laboratory  (1.2m 
in  diameter,  2.4  m  long)  allows  the  implantation  of  large 
substrates  with  250  keV  ions  [19].  In  this  reactor,  the 
plasma  is  excited  with  an  array  of  hot  filaments  and  can 
thus  be  operated  only  with  non-reactive  gases.  In  con¬ 
trast,  with  hot  cathode  multipolar  discharges,  DECR 
plasmas  can  operate  with  highly  reactive  gases  such  as 
oxygen  or  fluorine.  Such  a  reactor,  60  cm  in  diameter, 
70  cm  high,  previously  described  [20-22],  allows  PBII 
processing  without  arcing  up  to  60  keV.  Of  course, 
higher  voltages  would  require  larger  reactor  dimensions. 

Another  possibility  of  multipolar  structures  is 
illustrated  by  magnetron  plasmas  excited  by  DC  or  RF 
voltages.  In  this  way,  an  array  of  magnetrons  surround¬ 
ing  a  pulsed  biased  substrate  can,  by  sputtering,  produce 
the  partially  ionized  metallic  vapors  involved  in  PBIID 
processing.  As  for  multipolar  plasmas,  such  reactors  can 
be  scaled  up  without  any  difficulty,  as  is  already  the 
case  for  magnetrons  at  the  industrial  level. 

Considering  the  aforementioned  plasma  specifica¬ 
tions,  it  clearly  appears  that,  at  low  pulse  voltages, 
typically  less  than  30  kV  (sheath  thickness  less  than 
10  cm),  all  kinds  of  plasma  can  be  used  for  PBII 
processing.  In  contrast,  at  high  pulse  voltages,  the 
plasma  requirements  are  much  more  difficult  to  meet. 
Multipolar  discharges,  which  can  be  excited  in  different 
ways  according  to  the  application,  are  particularly  well 
suited  to  applications  of  ion  implantation  up  to  100  kV 
or  more. 


6.  Pulse  generators  for  large-area  PBII  processing 

As  discussed  above,  the  pulse  generator  is  a  central 
component  in  PBII  processing  since  it  has  to  deliver 
very  high  instantaneous  power,  to  present  rise  and  fall 
times  within  a  microsecond  and  finally  to  resist  sudden 
short  circuits  in  the  load. 

The  most  commonly  used  high  voltage  pulse  genera¬ 
tor  described  in  the  literature  combines  a  high  voltage 
power  supply  and  a  high  voltage  switch  [22,23].  A 
conventional  system  includes  a  positive  DC  high  voltage 
supply  (typically  a  few  tens  of  kilovolts,  a  few  milliamps) 
connected  to  a  capacitor  (tens  of  nanofarads  or  more) 
through  a  charging  resistor  (100  to  200  kQ).  The  pulse 
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duration,  controlled  by  a  tetrode  (the  positive  electrode 
of  the  capacitor  is  switched  down  to  ground  through 
the  tetrode  by  grid  control),  can  reach  100  ps  with  a 
repetition  rate  of  up  to  a  few  100  Hz.  The  target  bias 
voltage  and  current  during  implantation  can  be  moni¬ 
tored  with  a  voltage  divider  and  a  current  transformer. 
However,  the  main  limitation  of  most  vacuum  tubes  is 
the  maximum  current  being  emitted  by  current  hot 
cathodes. 

Since  the  currents  delivered  by  vacuum  tubes  are 
generally  limited  to  values  of  the  order  of  10  A,  other 
solutions  must  be  developed  to  provide  the  high  currents 
required  for  PBII  processing  at  the  industrial  level.  For 
this  purpose,  a  100  kV/100  A  generator  (10  MW  power) 
using  a  pulse  transformer  [24]  is  presented  in  Fig.  6.  A 
magnetic  core  is  used  as  step-up  pulse  transformer. 
Voltage  duration  at  the  primary  is  provided  by  transistor 
switches  that  can  achieve  rise  and  fall  times  of  less  than 
1  ps  and  maximum  pulse  currents  of  100  A.  The  primary 
of  the  transformer  consists  of  96  turns  wired  up  in 
parallel  and  the  secondary  of  96  turns  wired  up  in  series. 
The  performances  reported  with  this  type  of  pulse 
generator  have  been  obtained  on  a  test  resistor  and  then 
on  a  substrate  immersed  in  a  plasma  [24].  An  example 
of  pulse  characteristics  obtained  with  a  load  constituted 
by  a  substrate  immersed  in  a  DECK  nitrogen  plasma 
[20-22]  is  presented  in  Fig.  7(a).  In  this  example,  the 
average  voltage  is  60  kV  and  the  initial  peak  current 
reaches  95  A.  In  Fig.  7(b),  the  waveform  of  a  pulse  with 
intentional  arcing  is  shown.  The  other  characteristics 
are  such  that  all  the  requirements  for  PBII  processing 
are  fulfilled  [24]. 

The  high  current  pulse  generator  described  above 
appears  particularly  well  suited  for  large-area  PBII 
processing.  The  absence  of  a  vacuum  tube  and  of  a  high 
voltage  power  supply  makes  this  pulse  generator  of 
comparatively  low  cost  with  respect  to  other  conven¬ 
tional  systems.  In  addition,  energy  storage  at  low  voltage 
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Fig.  6.  Schematic  circuit  diagram  of  a  pulse  transformer. 
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Fig.  7.  Typical  voltage  and  current  waveforms  obtained  on  a  nitrogen 
plasma  using  a  lOOkV-lOOA  pulse  transformer:  (a)  pulse  without 
short  circuit;  (b)  pulse  with  arcing. 

level  (1  kV)  is  quite  attractive  for  safety  purposes.  Also, 
the  possibility  to  extend  the  available  voltage  and  current 
ranges  to  much  higher  values  opens  interesting  perspec¬ 
tives  for  PBII  processing  at  the  industrial  level. 


7.  Limitations  and  perspectives  for  PBII 

Up  to  now,  the  physics  and  the  possible  applications 
of  PBII  have  already  been  extensively  studied  [25]. 
However,  the  transfer  of  processes  from  the  laboratory 
to  industry  is  mainly  limited  to  very  specific  and  low- 
energy  applications.  In  fact,  mass  production  using  PBII 
processing  requires  production  tools  still  under  develop¬ 
ment.  Large-volume  multipolar  plasma  reactors,  on  the 
one  hand,  and  high  power  pulse  supplies  (100  kV- 
1000  A/100  MW),  on  the  other  hand,  are  mandatory 
for  the  rise  of  PBII  at  the  industrial  scale.  Nevertheless, 
considering  the  sheath  thickness  as  a  function  of  the 
pulse  voltage  (Fig.  4),  it  is  obvious  that  operating  much 
above  250  kV  is  unrealistic  and  would  lead  to  plasma 
dimensions  and  plasma  production  means  requiring  very 
high  investments. 

The  great  disadvantage  of  PBII  compared  with  beam¬ 
line  ion  implantation  is  the  absence  of  mass  separation. 
Consequently,  all  the  ions  (atomic,  molecular,  ionic 
impurities)  present  in  the  plasma  are  implanted.  As 
examples,  in  oxygen  or  nitrogen  plasmas,  the  density  of 
monatomic  ions  (O"^  or  N'^)  is  of  the  same  order  of 
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magnitude  as  diatomic  ions  (O2  or  N ^),  so  that  equiva¬ 
lent  doses  of  atoms  (O  or  N)  are  implanted  at  two 
distinct  projection  depths.  A  possible  way  to  circumvent 
this  drawback  is  the  careful  choice  of  the  parent  gas.  In 
general,  provided  the  implantation  of  hydrogen  ions  is 
not  cumbersome,  the  hydrogenated  compounds  (when 
they  exist)  of  the  elements  to  be  implanted  appear  as 
fairly  good  candidates:  NH3  for  nitrogen  implantation, 
H2O  for  oxygen,  H2S  for  sulfur,  FH  for  fluorine,  etc. 
In  the  case  of  a  nitrogen  plasma,  the  projected  depths 
520 /?p  in  Si  of  N  atoins  from  90  keV  and  ions 
are  2010  A  and  1090  A  respectively.  In  the  case  of  an 
ammoniac  (NH3)  plasma,  the  projected  depths  of  N 
atoms  from  90keV  N"^,  NH^  and  NH2  ions  are 
2010  A,  1970  A  and  1855  A  respectively  [26].  Since  the 
corresponding  longitudinal  stragglings  are  of  the  order 
of  600  A,  the  implantation  profile  is  practically  that  of 
nitrogen  atoms  implanted  with  the  same  velocity.  In  this 
way,  using  gas  mixtures,  controlled  multispecies  ion 
implantation  can  be  achieved  in  one  step. 

Finally,  a  very  great  advantage  of  PBII  over  other 
techniques  lies  in  achieving  sequential  processing  in  the 
same  reactor,  such  as  cleaning,  etching  and  deposition 
prior  or  after  PHI.  Such  a  possibility  opens  new  fields 
of  applications  and  new  perspectives  for  the  PBII 
technique. 
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Abstract 

Nitriding  of  aluminum  was  carried  out  successfully  using  a  distributed  electron  cyclotron  resonance  (DECR)  nitrogen  plasma 
without  RF  bias  voltage  or  heating  of  the  substrate.  The  surface  compositions  and  chemical  environments  of  the  treated  samples 
were  characterized  by  X-ray  photoelectron  and  Auger  spectroscopy  (XPS-XAES).  AIN  formation  was  evidenced.  Ar^  etching 
sequences  in  the  ultra  high  vacuum  chamber  of  the  spectrometer  allowed  us  to  investigate  the  internal  nature  of  the  samples,  and 
to  estimate  the  nitride  layer  thickness.  It  is  shown  that  the  residual  oxide  layer  acts  as  a  diffusion  barrier.  An  efficient  in  situ 
preliminary  cleaning  was  researched  in  order  to  get  a  high  nitriding  rate.  An  [Ar(90%)-(-H2(10%)]  plasma  followed  by  a 
[N2(96%)  + Ar(4%)]  plasma  allowed  us  to  nitride  60%  of  the  whole  detected  aluminum.  For  this  sample,  the  nitride  layer  thickness 
was  estimated  to  22  A.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Aluminum  nitride;  Electron  cyclotron  resonance;  Nitridation;  Plasma 


1.  Introduction 

Nitriding  is  one  of  the  processes  which  enables  an 
increase  in  the  hardness  of  metal  surfaces  without  affect¬ 
ing  their  bulk  properties.  Nitriding  of  aluminum  has 
already  been  carried  out  by  direct  thermal  nitriding  [1], 
reactive  RF  sputtering  in  a  nitriding  atmosphere  [2], 
and  direct  current  nitrogen  plasma  [3].  Recently,  the 
electron  cyclotron  resonance  (ECR)  plasma  has  become 
a  very  attractive  energy  source  for  material  processing 
as  a  result  of  its  relatively  high  degree  of  ionization  in 
the  low  pressure  range  in  comparison  with  other  conven¬ 
tional  discharges  [4].  Nitriding  of  A1  by  ECR  was 
demonstrated  to  be  possible,  but  high  temperature  and 
substrate  polarization  were  always  required  [5,6].  In  the 
present  work,  A1  surfaces  were  nitrided  by  an  ECR 
nitrogen  plasma  without  external  heating  or  RF  bias 
voltage  of  the  substrate.  Optimum  process  conditions 
were  determined  by  a  spectroscopic  characterization  of 
the  nitrogen  plasma. 


*  Corresponding  author. 


2.  Experiment 

2.L  Nitridation  reactor 

The  DECR  reactor  with  a  multipolar  magnetic  field 
is  shown  Fig,  1.  The  plasma  chamber  was  a  stainless 
steel  cylinder  (200  mm  height  x  250  mm  diameter).  The 
vaccum  system  included  a  turbomolecular  pump 
(5001/s)  allowing  a  low  base  pressure  (10”^Torr)  and 
operating  pressure  around  lO^^Torr.  The  pressure  {p) 
was  measured  by  a  Pirani-Penning  gauge  and  baratron 
manometer.  Six  injectors  allowed  the  introduction  of 
the  gas  along  the  whole  height  of  the  reactor.  The  gas 
flow  (Q)  was  regulated  by  a  mass  flow  controller.  The 
microwave  (2450  MHz)  power  (P)  was  fed  through  six 
antenna  rods  located  inside  the  periphery  of  the  chamber 
and  close  to  its  wall.  Six  pairs  of  permanent  magnets 
with  alternated  polarities,  settled  in  front  of  the  antenna, 
created  resonant  field  cusps  next  to  the  antenna.  The 
energetic  electrons  were  trapped  in  the  magnetic  cusps 
and  were  sufficiently  accelerated  to  ionize  the  gas  inside 
them.  These  cusps  behave  like  local  sources,  from  which 
a  cold  plasma  diffuses  towards  the  center  of  the  reactor, 
where  the  substrate  is  settled. 
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2.2,  Plasma  diagnostics 

The  gas  phase  was  studied  by  UV-visible  optical 
emission  spectroscopy.  The  measurements  were  per¬ 
formed  using  a  monochromator  Jobin  Yvon  HR460 
equipped  with  a  CCD  detector.  An  optical  fibre  could 
collect  the  emission  though  a  quartz  window  located 
above  the  vertical  axis  of  the  reactor  (Fig.  1). 

2.5.  Surface  characterization 

The  surface  compositions  and  chemical  environments 
of  the  treated  samples  were  characterized  by  X-ray 
photoelectron  spectroscopy  (XPS,  Leybold  LHS  10 
spectrometer,  AlKa  source  operating  at  13  kV  and 
20  mA).  The  samples  were  always  exposed  to  the  ambi¬ 
ent  air  before  analysis.  The  binding  energies  (BE)  were 
calculated  taking  as  reference  either  the  Cls  peak  at 
BE—2%5.0  eV  or  the  oxidized  A12p  peak  at  BE=1A,%  eV 
when  carbon  is  absent.  The  integrated  peak  ratio  IJI-q 
can  be  converted  into  the  corresponding  A/B  ratio  using 
the  cross  sections  relative  to  each  core  level  [7].  Atomic 
percentages  (denoted  by  x,-  for  the  element  /)  were  then 
evaluated,  assuming  a  homogeneous  distribution  within 
the  analyzed  depth.  The  precision  of  these  values  is 
about  5%.  In  addition,  a  depth  profile  was  achieved 
with  Ar  etching  sequences  (about  1  A/min)  in  the  XPS 
spectrometer,  the  duration  of  which  is  denoted  by  t. 

2.4,  Nitridation  procedure 

Aluminum  always  has  a  dense  surface  oxide  layer;  so 
before  nitriding,  aluminum  samples  were  previously  in 
situ  cleaned  by  a  DECK  argon  plasma  (with  or  without 


hydrogen)  for  1  h.  This  pre-treatment  was  immediately 
followed  by  the  DECK  nitrogen  plasma  (with  or  without 
argon  and/or  hydrogen)  used  without  polarization  or 
external  heating  of  the  substrate.  Two  gas  qualities  were 
used:  ‘U’  level  (purity  >99.998%;  ©2  =  3  ppm;  H2O  = 
3  ppm)  and  ‘GC  level  (purity  >99,999%;  02  =  5ppb; 
H2O  =20ppb). 


3.  Results  and  discussion 

3.1.  Spectroscopic  study 

A  nitrogen  (GC  quality)  DECK  plasma  is  created 
iQ  =  \3  sccm,;?=  1  mTorr  and  P—100  W).  In  these  con¬ 
ditions,  a  global  spectrum  recorded  between  300  and 
1015  nm  consists  of  three  emission  systems:  the  first 
positive  system  N2  (B^Ilg-^A^Eu)  denoted  (1+),  the 
second  positive  system  N2  (C^ITu-^B^ng)  denoted  (2+), 
and  the  first  negative  system  N2^  (B^E^  ^X^Eg^)  denoted 
(1  — ).  The  optical  emissions  of  bands  located  at  380.5, 
391.4  and  762.6  nm  and  corresponding  respectively  to 
the  vibrational  transitions  (0  —  2)  of  (2+),  (0-0)  of 
(1— )  and  (3  —  1)  of  (1+)  are  measured  versus  various 
experimental  parameters.  These  transition  intensities 
respectively  denoted  by  I2  +  ,  f-  and  1^+  correspond  to 
the  dominant  emission  peak  in  each  studied  system.  For 
given  p  and  Q  values,  /2  +  ,  f-  and  increase  with  P 
ranging  from  300  to  900  W.  For  given  P  and  Q  values, 
the  evolutions  of  /2+,  and  /i+  versus  p  give  evidence 
for  a  maximum  value  appearing  around  2  mTorr. 
Whatever  the  experimental  conditions,  /2+//1+  remains 
approximately  constant  while  /2+//1-  and  A+//i„ 
decrease  when  P  increases  (for  given  p  and  Q)  and 
increase  when  p  increases  (for  given  P  and  2)-  So  low 
pressure  and  high  microwave  power  are  required  to 
favour  the  N2(B^Eu)  concentration  [8].  Taking  into 
account  these  results,  the  experimental  conditions 
used  for  the  nitriding  process  were  /7  =  2mTorr, 
gN2=16  seem  and  P=800  W.  In  these  conditions,  the 
gas  temperature  estimated  from  the  rotational  temper¬ 
ature  of  the  N2(C^n  J  is  approximately  equal  to  500  K. 
The  vibrational  temperature  calculated  from  the  vibra¬ 
tional  distribution  function  deduced  from  the  emission 
of  (2+)  is  estimated  to  be  around  8000  K. 

The  influence  of  an  argon  addition  to  nitrogen  is 
studied  from  the  evolution  of  (2+),  (1+)  and  (1— ) 
versus  the  2Ar/2N2  ratio  for  a  given  pressure  equal  to 
1  mTorr.  4+  and  increase  until  a  gAr/gN2  value 
around  0.05.  Then  by  increasing  the  argon  addition, 
these  intensities  decrease.  This  maximum  shows  the 
contribution  of  the  atomic  argon  in  the  nitrogen  plasma 
formation  as  it  was  already  explained  by  Aleksandrov 
et  al.[9].  The  intensity  decreases  on  the  whole 
QAr/0N2  range.  So  a  weak  quantity  of  argon  (4%) 
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Table  1 

Evolution  of  the  surface  composition  (at.%)  versus  the  nitriding  duration  (?)  and  the  Ar'^  etching  duration  (t) 


T 

Samples  A 

Sample  B 

t=lh 

0 

Sample  C 

t=l  h 

0 

t  =  30  min 

t=  Ih 

t  =  6h 

0 

5  min 

15  min 

0 

5  min 

15  min 

0 

5  min 

15  min 

xA\ 

36.0 

41.9 

41.4 

33.0 

39.7 

43.5 

38.0 

42.8 

44.8 

39.8 

38.6 

xO 

33.5 

41.6 

44.9 

25.4 

35.7 

42.8 

25.1 

31.7 

38.7 

31.6 

31.6 

xN' 

19.0 

12.9 

9.9 

24.8 

17.5 

10.4 

25.1 

23.2 

14.6 

21.5 

25.9 

xN" 

2.2 

0.0 

0.0 

2.3 

0.0 

0.0 

1.5 

0.0 

0.0 

0.0 

0.0 

xC 

2.9 

0.0 

0.0 

4.6 

0.0 

0.0 

6.5 

0.0 

0.0 

3.8 

3.1 

xC" 

0.0 

0.0 

0.0 

1.0 

0.0 

0.0 

0.0 

0.0 

0.0 

0.0 

0.0 

xF 

3.6 

3.6 

3.8 

3.3 

3.7 

3.3 

1.9 

2.3 

1.9 

3.3 

0.8 

xSi 

bo 

0.0 

0.0 

5.6 

3.4 

0.0 

1.9 

0.0 

0.0 

0.0 

0.0 

added  to  the  nitrogen  DECK  plasma  enables  an  increase 
in  the  N2^(B^Eu)  concentration. 

3.2.  XPS  results 

3.2. 1.  Characterization  of  a  commercial  reference 

A  study  was  carried  out  on  a  commercial  sample  of 
AIN  (Goodfellow)  in  order  to  get  reference  values  for 
binding  energies  (BE).  The  A12p  photopeak  shows  two 
components  located  at  BE^13.1  tW  and 
and  corresponding,  respectively,  to  the  nitrided  and 
oxidized  components.  The  nitride  component  of  the  Nls 
photopeak  is  located  at  5E'=396.8eV.  Oxygen  and 
carbon  detected  are  certainly  due  to  the  exposure  of  the 
ambient  air,  but  could  also  be  provided  by  the  elabora¬ 
tion  procedure  of  the  sample.  The  Ols  photopeak, 
approximately  symmetrical,  is  located  at  BE=5Z2  6W. 
The  Cls  photopeak  shows  two  components  around 
285.0  eV  (contamination  carbon)  and  288.3  eV  (oxidized 
carbon). 

3.2.2.  Characterization  of  nitrided  Al  samples 

Before  nitridation,  the  aluminum  substrate  was 
always  cleaned  by  an  Ar  (U  quality)  pre-treatment  for 
1  h  (g  ~  9  seem,  p  =  1  mTorr  and  P  =  800  W )  in  order  to 


eliminate  the  oxide  layer.  But,  as  a  transfer  to  ambient 
air  between  this  pretreatment  and  the  analysis  can  not 
be  avoided,  it  is  impossible  to  control  the  surface  of  the 
sample  before  the  nitridation  step.  So,  samples  were 
only  analyzed  after  nitridation.  The  A12p,  Nls,  Ols, 
Cls,  FIs  and  Si2p  were  detected.  The  evolution  of  the 
atomic  percentage  of  each  element  versus  the  nitriding 
time  (t)  and  the  ionic  etching  sequences  (t)  in  the 
spectrometer  are  shown  in  Table  1.  For  the  pre-treatment 
with  Ar  (U  quality)  plasma  and  nitridation  with  N2 
(GC  quality)  plasma  (sample  A),  a  contamination  by 
fluorine  appears  in  the  bulk  of  the  material,  while  silicon 
and  carbon  are  only  surface  contaminants.  The  contam¬ 
inations  by  Si  and  F  are  not  similarly  distributed  because 
of  the  different  diffusion  kinetics  for  this  two  elements. 
The  amount  of  oxygen  (xO)  increases  with  t,  which 
shows  that  the  cleaning  pre-treatment  is  not  efficient 
enough  to  eliminate  the  native  oxide  layer. 

The  N  Is  photopeak  shows  a  nitride  component  (as 
N')  and  an  oxide  component  (N").  The  BE  of  the  nitride 
component  (397,0  eV)  as  well  as  the  kinetic  energy  of 
the  NKLL  Auger  peak  (378.0  eV),  unambiguously 
shows  the  formation  of  AIN  independent  on  t  and  t. 
The  BE  values  agree  with  those  observed  in  the  literature 
[6, 10- 12]. The  AIN  nitride  rate  (xN')  increases  from  /  = 


thin  film  of  oxidized  carbon  and  nitrogen 
coming  from  the  exposure  to  the  ambient 
air  before  analysis 


-  aluminum  nitride  layer 


-  -AhOa 


native  oxide  layer 


//////  /7 

Al 


aluminum  substrate 


Fig.  2.  Scheme  of  the  treated  sample  layers. 
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Tabic  2 

Influence  of  hydrogen  addition  to  the  argon  cleaning,  and  argon  or  hydrogen  addition  to  the  nitrogen  treatment 


a-AI 

.yN 

.vO 

yC 

yF 

A' All 

a'A12 

.yA13 

rfo.  (A) 

d„^  (A) 

c 

Ar-N. 

38.6 

25.9 

31.6 

3.1 

0.8 

49.2 

49.0 

1.8 

100 

15 

D 

Ar  +  H,(10%)-N, 

42.7 

25.2 

22.7 

7.7 

1.3 

34.2 

59.0 

6.8 

56 

21 

E 

Ar  +  H2(30%)-N2 

44.5 

25.3 

24.0 

4.4 

0.9 

34.8 

56.8 

8.3 

52 

20 

F 

Ar  +  H2(50%)-N2 

45.9 

23.8 

22.5 

7.3 

0.5 

31.8 

51.9 

16.3 

35 

18 

G 

Ar  +  H2(70%)-N2 

41.3 

22.7 

21.1 

12.0 

2.9 

34.1 

55.0 

10.9 

45 

19 

H 

Ar  +  H.C  1  0%)-N2  +  n.i  1 0%) 

42.2 

22.8 

28.3 

5.5 

0.8 

44.0 

54.0 

2.0 

95 

18 

I 

Ar  +  H.i  1  0%)-N2  +  Ar  ( 4%) 

40.8 

24.5 

22.0 

11.5 

0.8 

35.3 

60.0 

4.7 

66 

22 

30  min  to  1  h  and  seems  to  reach  a  limiting  value 
approximately  equal  to  25%  for  ?>lh.  The  native 
aluminum  oxide  layer  which  was  not  eliminated  before 
the  nitriding  step,  seems  to  act  as  a  diffusion  barrier.  Si 
contamination  was  eliminated  by  removing  the  quartz 
window  located  on  the  reactor  side  (sample  B).  For  t  = 
1  h  and  t  =  0,  a  comparison  between  samples  A  and  B 
shows  that  xSi  and  xW  decrease  simultaneously,  sug¬ 
gesting  that  the  silicon  was  nitrided;  on  the  other  hand 
SiO  bonding  is  probably  not  involved  as  xO  does  not 
decrease  with  the  removal  of  the  window.  The  elimina¬ 
tion  of  fluorine  is  more  difficult  as  it  is  provided  by 
teflon  parts  present  in  the  reactor  which  are  difficult  to 
substitute.  Contrarily,  the  carbon  contamination  can 
not  be  provided  by  teflon  parts  as  the  CN  emission 
bands,  very  strong,  are  not  detected  by  emission  spectro¬ 
scopy.  Contamination  during  exposure  to  the  ambient 
air  is  more  likely.  The  Cls  photopeak,  which  shows  two 
components  around  285  eV  (contamination  carbon  C') 
and  288.5  eV  (oxidized  carbon  C"),  disappears  for 
T  >  5  min  giving  evidence  for  surface  contamination  by 
carbon. 

As  no  influence  was  noticed  using  Ar  (GC  quality  — 
sample  C)  instead  of  Ar  (U  quality  —  sample  B),  the 


oxygen  contamination  can  be  attributed  either  to  the 
reactor  or  to  a  diffusion  from  the  inner  oxide  layer 
towards  the  surface.  The  presence  of  residual  oxygen  in 
the  reactor  can  not  be  excluded  even  if  the  base  pressure 
is  10“^  Torr. 

In  order  to  reduce  the  native  oxide  layer,  a  cleaning 
procedure  using  a  mixture  [Ar(GC)  +  a%H2(U)]  was 
used  followed  by  a  nitriding  step  with  N2(GC  —  sample 
D  to  G  in  Table  2).  Whatever  the  ‘a%'  value,  results  are 
improved  as  xO  decreases  from  31.6%  (for  a  =  0)  to  a 
mean  value  approximately  equal  to  23%  whatever  'a%' 
ranging  from  10%  to  70%.  In  this  'a%’  range  of  values, 
xN’  remains  constant.  After  a  pre-treatment  by 
[Ar(GC)  +  10%H2(U)]  plasma,  the  addition  of  H2(U) 
to  the  N2(GC)  plasma  is  harmful  (sample  H):  xO 
increases  and  xN  decreases  in  comparison  with  the 
sample  D.  This  may  be  provided  by  a  preferential 
etching  of  nitrogen  atoms  by  hydrogen,  but  reactive 
nitrogen  species  can  also  react  with  H2  instead  of  being 
implanted  on  the  Al  sample:  NH  radicals  and  H  atoms 
were  already  identified  in  a  [N2  +  25%H2]  ECR  plasma 
by  Matsumoto  and  Takemura  [6]. 

The  determination  of  relative  oxide  (d^^)  and  nitride 
(^/nit)  thicknesses  of  different  samples  can  be  obtained 


Fig.  3.  Spectral  A12p  decomposition  of  sample  I. 
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from  the  comparison  of  the  relative  intensities  of  the 
oxide,  nitride  and  metal  components  of  the  A12p  pho¬ 
topeak  [7]  considering  the  layers  as  homogeneous  as  in 
the  scheme  proposed  in  Fig.  2  (in  fact,  the  structure 
may  be  more  complex  and  the  nitrided  layer  may  contain 
oxygen  atoms).  In  this  aim,  the  A12p  band,  broad  and 
dissymmetrical,  was  decomposed  assuming  a  gaussian 
profile  in  three  peaks  whose  BE  are  75.2,  73.8  and 
72.2  eV  and  which  correspond  respectively  to  oxide 
(All),  nitride  (A12)  and  metal  (A13)  components.  These 
binding  energy  values  agree  with  the  commercial  refer¬ 
ence  values.  Results  of  the  decomposition  and  layer 
thickness  values  are  shown  in  Table  2,  and  Fig.  3  shows 
the  A12p  decomposition  of  the  sample  I,  for  which  the 
best  nitrogen  rate  is  obtained.  Whatever  ranging 
from  100  A  (sample  C)  to  35  A  (sample  F),  remains 
approximately  constant  and  equal  to  20  A.  This  very 
thin  thickness  suggests  that  the  oxide  layer  acts  as  a 
diffusion  barrier  for  nitrogen  atoms  in  the  aluminum. 
This  hypothesis  could  be  confirmed  by  the  elimination 
of  this  oxide  layer.  On  the  other  hand,  the  AIN  layer 
could  also  act  as  a  diffusion  barrier  for  nitrogen  atoms. 
The  weak  addition  of  argon  (4%)  during  the  nitridation, 
in  a  quantity  corresponding  to  the  maximum 
N2  (B^Eu  )  concentration  determined  by  optical  emission 
spectroscopy,  does  not  seem  to  improve  the  nitridation 
efficiency. 

Aluminum  samples  previously  in  situ  cleaned  by  an 
[Ar(GC)  + 10%H2(U)]  plasma  shows  a  nitrided  alumi¬ 
num  rate  equal  to  60%  of  the  whole  analyzed  aluminum 
after  a  nitridation  by  a  [N2(GC)  +  4%Ar(GC)]  plasma 
over  1  h. 


4.  Conclusion 

An  oxidized  aluminum  sample,  previously  in  situ 
cleaned  for  1  h  by  a  DECK  argon  +  hydrogen  (10%) 


plasma,  can  be  nitrided  by  a  DECK  nitrogen  +  argon 
(4%)  plasma.  The  nitrided  layer  thickness  obtained  after 
1  h  of  nitriding  is  estimated  to  be  22  A.  The  nitridation 
is  achieved  without  external  heating  or  substrate  polar¬ 
ization.  Removal  of  the  native  oxide  layer  from  the 
surface  of  the  aluminum  substrate  before  nitriding  is 
not  completely  achieved  by  the  procedure  described.  It 
is  probable  that  a  more  efficient  etching  of  the  native 
aluminum  oxide  layer  will  favour  a  more  efficient  nitrid¬ 
ing  of  the  aluminum  substrate.  However,  due  to  possible 
diffusion  limitation  of  nitrogen  atoms  within  the  AIN 
layer,  its  thickness  could  also  reach  a  limiting  value. 
Studies  are  presently  in  progress  to  improve  the  AIN 
layer  thickness  and  composition. 
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Abstract 

Raman  spectroscopy  was  used  to  study  thin  titanium  oxide  (Ti02)layers  obtained  by  oxygen  plasma  immersion  ion  implantation 
(Pill)  at  rather  low  temperatures  between  265  and  550°C.  A  pulse  voltage  of  -30kV  and  different  pulse  numbers  between 
5  X  10^  and  4x  10^'  were  used.  The  phase  composition  was  investigated  with  Raman  spectroscopy,  showing  that  rutile  is  present 
for  all  temperatures  and  doses  used  in  this  investigation.  The  results  were  corroborated  with  glancing  angle  X-ray  diffraction 
(XRD).  The  grain  size,  as  determined  by  scanning  electron  microscopy  (SEM),  changed  from  40-100  to  10-30 nm  when  the 
temperature  was  decreased  from  430  to  380*^0.  The  retained  dose  and  the  layer  thickness  were  determined  by  elastic  recoil 
detection  (ERD),  yielding  an  incident  dose  of  6  x  10“  oxygen  atoms  per  pulse  and  a  maximum  layer  thickness  beyond  100  nm. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Ke\nvords:  Elastic  recoil  detection;  Plasma  immersion  ion  implantation;  Raman  spectroscopy;  Titanium  Oxide;  X-ray  diffraction 


1.  Introduction 

Ti02  thin  films  have  been  widely  studied  due  to  their 
peculiar  optical  and  chemical  properties  [1].  The  refrac¬ 
tive  index  of  Ti02  in  the  optical  region,  in  combination 
with  a  low  refractive  index  material  such  as  Si02,  makes 
it  an  ideal  material  for  multilayer  antireflection  coatings. 
Another  widely  investigated  application  is  its  use  as  a 
biocompatible  protective  coating  on  medical  implants 
[2],  where  a  protective  surface  layer  of  Ti02  increases 
the  wear  resistance  and  hardness  considerably  [3]. 
Additionally,  they  exhibit  bioinertness  and  act  as  a 
diffusion  barrier  for  metals  such  as  Ti  and  Ni  [4]. 
However,  low  treatment  temperatures  between  250  and 
400°C  are  necessary  to  avoid  changes  in  the  bulk  proper¬ 
ties,  especially  to  retain  the  transformation  temperature 
of  TiNi  shape-memory  alloys. 

Various  techniques,  such  as  chemical  vapor  depos¬ 
ition  (CVD),  sputtering  and  laser  ablation  have  been 
used  to  prepare  Ti02  thin  films  on  different  substrates 
[1,5,6].  At  lower  temperatures  mainly  amorphous  Ti02 
or  the  metastable  anatase  phase  are  obtained  [7]. 
Between  400  and  800X  a  transformation  into  rutile,  the 
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energetically  favoured  phase  at  higher  temperatures,  is 
observed  with  the  exact  transformation  temperature 
depending  on  the  fabrication  method  [8]. 

In  a  previous  experiment,  oxygen  PHI  into  Ti6A14V 
and  pure  titanium  was  investigated  using  XRD  and 
RBS  [9].  For  temperatures  between  550  and  600°C  the 
formation  of  TiO  and  rutile  was  observed  in  pure  Ti, 
while  in  the  alloy  Ti6A14V  additional  anatase  was 
detected.  At  lower  temperatures  no  phase  identification 
was  possible,  which  could  indicate  either  an  amorphous 
phase  or  very  small  crystals  which  are  not  detectable 
for  layers  below  100  nm  by  XRD.  The  dissolution  of  Ti 
metal  ions  from  rutile  is  one  order  of  magnitude  lower 
than  from  anatase  [2],  so  that  rutile  is  the  preferred 
phase  for  biomedical  applications.  Using  Raman 
spectroscopy,  it  is  possible  to  identify  the  phases  in  an 
optically  transparent  material,  like  titania,  with  thick¬ 
nesses  down  to  some  50  nm  [10],  making  it  a  much 
more  sensitive  characterisation  tool  than  XRD. 

In  this  paper  we  present  Raman  spectra  of  thin  layers 
produced  by  oxygen  PHI  into  pure  Ti  at  temperatures 
between  265  and  550°C,  and  deduce  the  phase  composi¬ 
tion  of  these  films.  For  comparison  glancing  angle  XRD 
was  performed.  ERD  was  used  to  measure  the  dose  and 
layer  thickness,  while  SEM  was  used  for  characterising 
the  grain  structure  of  the  titanium  oxide. 
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2.  Experiment 

PHI  treatments  were  performed  in  an  HV  system 
using  an  ECR  plasma  source  [11]  with  a  base  pressure 
of  2xl0^^mbar  and  a  working  pressure  of 
3xl0“^mbar.  High  voltage  pulses  of  —  30kV  with  a 
rise  time  of  less  than  0.5  ps  [12]  were  used.  A  repetition 
rate  of  1  kHz  was  used  until  the  process  temperature, 
between  265  and  550°C,  was  reached  then  the  frequency 
was  lowered  to  maintain  this  temperature  until  the  end 
of  the  process.  Pulse  numbers  between  0.5  and  4x  10^ 
were  used,  resulting  in  total  process  times  between  8  min 
and  8  h. 

The  micro-Raman  spectra  were  recorded  in  back- 
scattering  configuration  by  the  Instruments  S.A.  T64000 
triple  Raman  spectrometer  equipped  with  a  microscope. 
For  the  excitation  the  514.5  and  488.0  nm  lines  of  an 
Ar^  ion  laser  were  used.  The  laser  intensity  at  the 
sample  surface  was  between  3  and  5  mW  for  all  measure¬ 
ments,  so  that  no  thermal  heating  of  the  sample  occurred 
during  the  measurements. 

Glancing  angle  XRD  measurements  were  performed 
on  a  Siemens  D500  with  a  copper  anode  using  the 
CuKot-line,  a  fixed  incident  angle  6  =  5°,  a  step  size  of 
O.F  and  a  measuring  time  of  60  s  per  step.  Additionally, 
to  obtain  a  higher  sensitivity  for  selected  samples,  meas¬ 
urements  using  synchrotron  radiation  were  performed. 
At  the  DESY-B2  beamline  in  Hamburg  the  parameters 
were  a  wavelength  of  1.2026  A,  0  =  5°,  stepsize  0.05°  and 
2  s  per  step.  ERD  measurements  were  performed  using 
210  MeV  ions  with  19°  incident  angle  and  a 

detector  placed  at  a  scattering  angle  of  37°.  SEM 
micrographs  were  taken  by  a  LEO  DSM  982  Gemini 
scanning  electron  microscope  equipped  with  a  Schottky 
field  emission  cathode. 


3.  Results 

Fig.  1  presents  the  Raman  spectra  for  selected 
samples.  In  Fig.  1(a)  the  spectra  for  488.0  and  514.5  nm 
laser  excitation  measured  on  a  sample  treated  with 
4x  10^  pulses  at  550°C  are  compared,  confirming  that 
the  observed  features  result  from  Raman  scattering.  For 
rutile  single  crystals,  four  Raman  active  modes  at  143, 
447,  612  and  826  cm  are  reported  in  the  literature 
[13,14].They  are  all  observable  in  the  present  spectra. 
In  contrast,  no  structures  which  could  be  associated 
with  other  titania  phases,  such  as  anatase  or  brookite 
(the  less  common  low  temperature  phase)  have  been 
detected  [15].  The  positions  where  the,  respective,  four 
and  six  Raman  active  lines  from  rutile  and  anatase 
should  appear  are  indicated  in  Fig.  1(a).  In  addition  to 
the  first  order  Raman  lines,  broad  structures  around 
250cm“S  as  well  as  between  320  and  360cm”\  are 


Fig.  1.  Raman  spectra  for  different  samples:  (a)  using  two  different 
excitation  wavelengths;  (b)  spectra  for  different  treatment  temper¬ 
atures;  (c)  evolution  of  the  spectra  for  increasing  dose  at  265°C;  (d) 
evolution  for  550°C. 

observed.  They  can  be  traced  back  either  to  disorder 
induced  scattering  or  second  order  processes  [13]. 

Fig.  1(b)  shows  five  different  spectra  corresponding 
to  samples  treated  at  different  temperatures  between  265 
and  550°C  with  10^  pulses.  The  Eg  and  Aig  modes  at 
447  and  612  cm“^  are  present  in  all  spectra,  while  the 
B^g  mode  and  the  bands  around  250  and  320  cm  are 
extremely  weak.  For  the  structure  at  250  cm” \  a  weak 
shift  towards  lower  wavenumbers  is  observed  with 
decreasing  temperature.  The  evolution  of  the  spectra 
with  increasing  dose  is  shown  in  Fig.  1(c)  and  (d)  for 
samples  treated  at  550  and  265°C  respectively.  At  265°C 
no  significant  difference  is  found  for  the  samples  with  1 
and  4  x  10^  pulses,  while  changes  can  be  seen  at  550°C 
for  increasing  dose.  The  signal/noise  ratio  increases  for 
all  three  rutile  modes  and  an  additional  structure  around 
175  cm” ^  appears  for  the  highest  dose  (Fig.  1(a)). 

The  diffractograms  depicted  in  Fig.  2(a),  which  were 
measured  using  synchrotron  radiation,  show  the  forma¬ 
tion  of  rutile  for  all  samples.  In  contrast,  only  for  the 
high  temperature  high  dose  sample  was  a  positive  identi¬ 
fication  possible  using  Cu  Ka  radiation  from  a  labora¬ 
tory  X-ray  tube.  The  phase  identification  was  done  using 
the  PDF  files  44-129  and  21-1276  for  a-Ti  and  rutile 
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Angle  20  (°) 

Fig- 1.  X-ray  diffractograms  of  different  samples:  (a)  measured  with  synchrotron  radiation  at  a  wavelength  of  1.2026  nm;  (b)  using  Cu  Ka  radiation. 

respectively.  No  additional  peaks  corresponding  to  dose  increases  from  2.7  via  3.7  to  5.3  x  10^”^  oxygen 

other  TiO,v.  phases  were  found.  The  relative  peak  inten-  atoms/cm^  for  0.5,  1  and  4  x  10®  pulses  respectively.  For 

sities  point  to  a  random  orientation  distribution  for  the  sample  implanted  at  480°C  with  10®  pulses,  a  Ti02 

rutile,  whereas  a  strong  fibre  texture  was  found  for  the  layer  of  80  nm  followed  by  a  broad  diffusion  tail  down 

a-Ti  substrate.  to  more  than  250  nm  was  found,  corresponding  to  a 

The  ERD  spectra  for  four  samples  are  shown  in  total  dose  of  5.6  x  10*^  0/cm“^. 

Fig.  3.  The  three  sample  implanted  at  265°C  show  Fig.  4  shows  SEM  micrographs  of  two  samples 

stoichiometric  TiOj  on  top  of  Ti  with  the  sharpness  of  implanted  at  480  and  265°C  respectively.  Interpreting 

the  transition  limited  by  the  depth  resolution  of  ERD,  the  dimensions  of  the  observed  structures  in  terms  of 

i.e.  about  25  nm  in  the  present  case.  The  retained  different  grain  sizes,  a  reduction  of  the  mean  grain  size 


Depth  (nm) 


Fig.  3.  ERD  spectra  for  four  samples:  one  high  temperature  and  three  low  temperature  with  different  doses. 
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Fig.  4.  SEM  micrographs  for  two  samples  implanted  at  (a)  480°C  and 
(b)  265°C. 


from  40-100  nm  at  480°C  down  to  10-30  nm  at  265°C 
can  be  deduced. 

4.  Discussion 

Using  oxygen  PHI  for  the  formation  of  titania  films, 
only  rutile  has  been  observed  by  Raman  spectroscopy 
in  the  temperature  range  between  265  and  550°C,  which 
is  also  confirmed  by  XRD  measurements.  Recently, 
calibration  curves  for  stoichiometry  of  Ti02-5  based  on 
the  shift  of  the  Eg  mode  have  been  reported  [14].  In  our 
case,  small  non-systematic  peak  shifts  between  447  and 
435  cm' ^  indicating  minor  stoichiometry  variations 
within  the  samples  between  ^  =  0.0  to  0.02,  have  been 
observed.  ERD  results  corroborate  this  observation. 

Towards  lower  temperatures,  the  scattering  intensities 
for  XRD,  as  well  as  for  Raman,  decrease  strongly.  We 
interpret  this  in  terms  of  smaller  grain  size  and  decreas¬ 
ing  crystal  quality,  maybe  even  a  transition  towards  an 
amorphous  structure.  The  size  of  the  surface  structures 
observed  by  SEM,  decreasing  from  40-100  nm  down  to 


10-30  nm  with  decreasing  temperature,  confirm  this 
tendency.  Two  features  in  the  Raman  spectra  require 
further  comments.  While  all  lines  decrease  in  intensity 
with  lower  temperature,  the  band  around 
215-260 cm~^  is  relatively  increased.  Correlating  this 
band  with  disorder,  as  proposed  in  Ref.  [13],  may 
indicate  a  weaker  annealing  of  the  defects  induced  by 
the  energetic  oxygen  ions.  A  new  structure  is  observed 
at  175  cm  for  the  high  temperature  samples,  increasing 
with  implanted  dose  (Fig.  1(d)).  An  unequivocal  assign¬ 
ment  would  require  further  studies.  Considering  the 
possibility  of  disorder  induced  transitions,  we  want  to 
point  to  a  high  density  of  states  for  an  infrared  active 
A2u  mode  at  this  energy  [16]. 

Box-shaped  profiles  were  found  even  beyond  the 
depth  of  30  nm  given  by  the  sputter  saturation  limit, 
indicating  a  strong  tendency  for  titania  phase  formation 
and  appreciable  diffusion  at  all  temperatures.  Albeit, 
the  formation  of  Ti02  by  diffusion  of  Ti  and  O  proceeds 
more  slowly  at  lower  temperatures,  yielding  a  lower 
retained  dose  for  the  same  pulse  number. 


5.  Summary  and  Conclusions 

After  oxygen  PHI  into  titanium,  stoichiometric  rutile 
was  found  in  the  whole  temperature  range  from  265  to 
550'"C,  with  no  indication  of  the  alternative  Ti02  phases 
anatase  and  brookite.  Two  different  morphologies,  large 
grains  at  high  temperature  and  smaller  grains  at  low 
temperatures,  were  found  in  SEM  micrographs  and 
correlated  with  XRD  and  Raman  results.  Using  XRD 
it  is  extremely  difficult  to  detect  rutile  for  samples  of 
100  nm  or  less,  whereas  Raman  spectroscopy  allows  the 
phase  analysis  of  layers  with  thicknesses  down  to  50  nm. 
Pill  is  suitable  for  treating  medical  titanium  implants 
at  temperatures  below  300°C,  resulting  in  the  formation 
of  the  high  temperature  rutile  phase,  which  is  preferred 
over  anatase  due  to  better  biocompatibility. 
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Abstract 

The  effect  of  ion  beam  implantation  and  plasma  immersion  ion  implantation  of  chlorine  on  the  high  temperature  oxidation  of 
titanium  aluminides  above  800°C  in  air  was  investigated.  Thermogravimetric  oxidation  tests  (TGA)  were  performed  to  examine 
the  long  term  protection.  Depth  profiling  with  Auger  electron  spectroscopy  (AES)  was  used  to  investigate  Cl  diffusion  and  oxide 
formation  during  the  first  stage  of  oxidation.  A  microscopic  model  of  the  ‘Cl-effect’  will  be  discussed.  A  systematic  variation  of 
the  implantation  energy  and  fluence  shows  that  there  is  a  narrow  regime  of  Cl  concentration  for  optimum  protective  effect.  The 
time  to  form  a  protective  AI2O3  layer  depends  on  the  local  Cl  concentration.  The  oxidation  rate  after  this  incubation  time  is 
reduced  by  about  two  orders  of  magnitude  compared  to  untreated  Ti50Al  and  is  nearly  independent  of  the  fluence.  The 
implantation  energy  is  not  a  sensitive  parameter  because  the  implanted  chlorine  profile  changes  very  quickly  during  high 
temperature  oxidation.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

y-TiAl  based  intermetallic  compounds  are  very  prom¬ 
ising  as  structural  materials  in  high  temperature  applica¬ 
tions  because  of  the  low  density  of  3.6  g/cm^.  The 
problems  which  hinder  the  use  of  this  material  are  its 
low  ductility  at  room  temperature  and  oxidation  above 
700°C.  The  basic  effects  of  alloying  ternary  elements  on 
the  oxidation  kinetics  of  TiAl  are  still  not  understood 
completely.  Because  the  equilibrium  oxygen  partial  pres¬ 
sure  of  Ti/TiO  and  AI/AI2O3  is  very  similar  [\],  sl  mixed 
oxide  layer  is  formed  during  oxidation.  Whether  a  dense 
protective  layer  of  AI2O3  is  formed  or  a  fast  growing 
scale  depends  on  the  local  activities  of  the  metals  and 
the  oxides,  which  are  influenced  mainly  by  the  oxygen 
partial  pressure,  and  also  by  alloying  elements  [2,3].  In 
Ref.  [4]  it  is  reported  that  very  small  amounts  of  halo- 
genides  improve  the  oxidation  behavior  dramatically. 
Chlorine  is  found  to  have  the  strongest  effect.  The  ‘Cl- 
effect’  protects  TiAl  at  very  low  concentration  below 
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500  ppm.  The  underlying  mechanism  and  the  influence 
of  Cl  concentration  is  discussed  in  Ref.  [5].  Briefly,  a 
catalytic  process  involving  volatile  AlCl  leads  to  A1 
enrichment  in  the  oxide  scale,  which  forms  a  protective, 
dense  AI2O3  layer.  Ion  implantation  of  Cl  is  useful  to 
study  this  microalloying  effect.  Systematic  screening  of 
the  implantation  parameters  of  Cl  shows  [6]  that  there 
is  a  narrow  regime  of  the  fluence  (IxlO^^cm"^)  for 
optimum  oxidation  protection.  The  implantation  energy 
is  not  a  sensitive  parameter  in  the  range  200  keV  up  to 
1  MeV.  It  has  been  shown  that  the  important  processes 
take  place  in  the  first  minutes  of  oxidation  [6,7].  Long 
term  oxidation  tests  have  proved  that  TiSOAl  can  be 
protected  at  900°C  in  air  for  at  least  1000  h  [8]. 

In  this  study,  low  energy  beam  line  implantation  is 
used  to  investigate  the  Cl-effect  for  implantation  into 
the  very  near  surface  layer.  Conventional  beam  line  ion 
implantation  is  not  without  drawbacks,  prior  to  scan¬ 
ning  complexity  and  efficiency.  Moreover,  sometimes  it 
is  impossible  to  implant  shadowed  areas  of  the  work- 
piece  even  by  the  use  of  highly  sophisticated  systems  for 
target  movement.  A  positive  result  of  low  energy  beam 
line  implantations  encouraged  experiments  using  plasma 
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immersion  ion  implantation  (PP).  PI^  was  developed 
as  an  alternative  technology  to  conventional  beam  line 
ion  implantation  [9-11].  A  plasma  is  generated  in  a 
sufficiently  large  vacuum  chamber  surrounding  the 
workpiece  on  all  sides.  By  applying  negative  high  voltage 
pulses  to  the  sample,  positively  charged  ions  are 
extracted  from  the  plasma  through  the  plasma  sheath 
and  implanted  into  the  surface.  First  results  and  an 
assessment  of  the  applicability  of  PP  will  be  given. 


2.  Experimental 

A  binary  alloy  Ti50Al  was  used  to  compare  the  effect 
of  15  keV  implantation  with  results  obtained  for  higher 
implantation  energies.  Specimen  of  dimension  of 
approximately  1  x  1  cm^  with  a  thickness  of  1  mm  were 
prepared.  The  surface  was  ground  using  4000  grit  SiC 
paper.  Beam  line  implantations  were  performed  at  the 
DANFYSIK  1090  implanter.  Three  different  fluences 
(5  X  10^^,  1  X  10^^'  and  2.5  x  10^^’  cm“^)  were  implanted 
at  an  energy  of  15keV.  For  the  fluence  1  x  lO^^cm”^ 
the  influence  of  an  enhanced  implantation  temperature 
of  500°C  was  studied.  The  surface  quality  of  the  samples 
was  not  changed  by  beam  line  implantation.  PP  was 
done  in  a  high  vacuum  chamber  (stainless  steel).  A 
detailed  description  of  the  system  can  be  found  in 
Ref.  [12].  Prior  to  treatment,  the  system  was  pumped 
to  a  pressure  of  10“^mbar  to  minimize  contamination 
by  hydrogen,  oxygen  and  nitrogen.  The  chamber  was 
then  filled  with  Ar  and  pumped  again.  Dry  CI2  gas  was 
filled  into  the  chamber  up  to  the  working  pressure  of 
0.3  Pa.  This  high  pressure  was  chosen  to  have  a  stable 
plasma  and  to  minimize  the  dissociation  of  CU  [13]. 
The  plasma  was  maintained  by  an  ECR  source.  High 
voltage  pulses  of  30  keV  with  a  duration  of  5  ms  were 
applied  to  the  samples,  leading  to  an  effective  implant¬ 
ation  energy  of  15keV  for  Cl  (30keV  Cl2^).  In  order 
to  vary  the  implanted  fluence,  the  number  of  pulses  was 
varied  over  a  wide  range  (3x10^,  6x10^  and  3x10^) 
at  a  fixed  repetition  rate  of  1500  Hz.  This  variation 
overlaps  the  optimum  Cl  fluence  (1  x  10^^cm“^)  found 
at  higher  energies  [8].  The  temperature  was  measured 
using  a  pyrometer.  It  rose  during  implantation  within  a 
time  of  approximately  10  min.  Therefore  it  was  not 
constant  for  the  low  pulse  numbers,  where  the  treatment 
took  only  3.5  min  and  7  min  respectively.  The  longest 
treatment  was  70  min  leading  to  a  final  temperature  of 
approximately  500'’C.  The  heating  due  to  implantation 
was  controlled  by  the  repetition  rate  of  the  pulses.  The 
influence  of  temperature  was  checked  by  reducing  the 
repetition  rate  to  150  Hz,  which  led  to  a  temperature  of 

r=ioo°c. 

The  surface  was  analyzed  using  SEM.  The  element 
distribution  was  measured  by  depth  profiling  with  Auger 
electron  spectroscopy  (AES,  MICROLAB  310F). 


Thermal  treatment  for  10  min  at  800°C  and  24  h  at 
900°C  in  a  conventional  furnace  was  used  to  study  the 
first  stage  of  oxidation  and  the  mass  gain  due  to 
oxidation.  Isothermal  TGA  tests  were  performed  at 
900X  in  air  for  100(TGA)h  using  a  thermobalance  to 
continuously  record  the  mass  gain. 


3.  Results  and  discussion 

3.1.  Beam  line  implantations 

AES  depth  profiling  (Fig.  1)  shows  that  the  implant¬ 
ations  into  Ti50Al  result  in  non-gaussian  depth  profiles. 
Cl  is  distributed  partially  in  the  oxide  layer.  Implantation 
of  a  high  dose  at  elevated  temperature  leads  to  a  growth 
of  the  oxide  during  implantation  [Fig.  1(d)  and  (e)]. 
Therefore,  a  significant  amount  of  Cl  is  found  in  the 
oxide.  A  sufficient  concentration  of  Cl  [6]  is  found  in 
the  bulk  close  to  the  oxide  at  a  depth  of  approximately 
30  nm  for  the  implantation  of  1  x  10^^  cm"^  [Fig.  1(c)]. 

In  order  to  study  the  first  stage  of  oxidation,  the 
samples  were  oxidized  for  10  min  at  800°C  in  air.  In 
Fig.  2  the  corresponding  AES  depth  profiles  are  com¬ 
piled.  The  sample  with  the  lowest  fluence  shows  a  similar 
structure  in  the  oxide  scale  compared  to  an  untreated 
control  sample  [Fig.  2(a)  and  (b)].  Therefore  no  protec¬ 
tive  effect  is  expected.  For  the  fluence  of  1  x  10^^  cm"^. 


sputter  time  (s) 

Fig.  1 .  AES  depth  profiles  of  oxygen  and  chlorine  of  the  as-implanted 
state  for  15  keV  beam  line  implantation  into  TiSOAl  with  three  different 
fluences  (a,  c  and  e)  and  at  r=500''C  (d). 


V.  Hornauer  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  89-93 


91 


CO 


d 

c 


o 

o 


c 


c 


70 

1  1  1  1  1  1  1  I  »  T-  1  1  1  1  1 

70 

[III  i-  r-i  1  1  1  1  1  1  1  r-r- 

60 

“(3)  5e15CI/cm^  “ 

60 

-(b)  unimplanted  “ 

50 

50 

z  '  - 

40 

^Ai  - 

40 

30 

30 

20 

20 

10 

0 

{  cixio  : 

10 

0 

1  1  1  1  >  1  >  1  1  »  1  i  V  1 .1- 

0  500  1000  1500  2000  0  500  1000  1500  2000 


sputter  time  (s) 


Fig.  2.  AES  depth  profiles  after  10  min  at  800X  for  different  samples 
(a,  c  and  e).  Implantation  at  RT  for  given  fluences  (b);  unimplanted 
reference  sample  (d):  implantation  at  500°C. 


an  enrichment  of  Al  in  the  scale  can  be  found  [Fig.  2(c)] 
close  to  the  remaining  Cl  content.  This  indicates  the 
formation  of  a  protective  AI2O3  layer  induced  by  Cl, 
similar  to  prior  experiments  [6].  The  adhesion  of  the 
scale  is  good  and  no  relevant  spallation  of  the  scale 
occurs.  The  higher  Cl  fluence  and  the  implantation  at 
higher  temperature  [Fig.  2(d)  and  (e)]  leads  to  spallation 
after  cooling.  Only  a  very  thin  oxide  scale  of  approxi¬ 
mately  15  nm  is  detectable  (different  depth  scale). 
Therefore  the  implantation  of  1  x  10^^  cm“^  was  studied 
using  continuous  TGA  for  100  h. 

Fig.  3  shows  the  very  good  protective  behavior  mea¬ 
sured  using  TGA.  After  a  short  incubation  period  with 
fast  oxidation,  the  oxidation  follows  AI2O3  kinetics  for 
at  least  100  h.  This  is  an  decrease  of  the  oxidation  rate 
by  two  orders  of  magnitude  compared  to  untreated 
Ti50Al.  The  oxidation  kinetics  is  the  same  as  for 
implantations  at  higher  energies.  For  the  thick  scales  no 
AES  measurements  were  possible  due  to  charging  effects 
of  the  surface. 


Fig.  3.  TGA  results:  beam  line  implantation  at  15keV  into  Ti50Al 
leads  to  a  very  good  protection  for  100  h  in  comparison  to  untreated 
Ti50AI. 


pulses  was  not  etched  significantly.  Therefore,  it  is 
assumed  that  there  is  only  minor  etching  in  the  pulse 
pauses.  Measuring  the  etch  step  gives,  on  average,  about 
700  nm  etch  loss  for  all  samples.  The  projected  range 
(TRIM95  [14])  is  i?p  =  20nm  for  15keV  implantation 
of  Cl  into  TiAl.  Therefore  the  retained  dose  is  governed 
by  the  equilibrium  between  implantation  and  etching. 
Fig.  5  shows  the  exemplary  AES  depth  profile  of  one 
sample.  The  depth  distribution  is  comparable  to  simu¬ 
lated  profiles  assuming  a  strong  etching  (sputter  satura¬ 
tion).  The  Cl  is  distributed  in  the  first  20  nm  of  the 
sample.  A  high  content  of  Fe  is  found  close  to  the 
surface.  This  is  due  to  etching  of  the  chamber  walls  and 
contamination  of  the  plasma.  Integrating  the  Cl  profile 
with  an  approximate  sputter  rate  of  3  A/s  gives  a  small 
dependence  of  the  retained  Cl  dose  on  the  number  of 
pulses,  as  shown  in  Fig.  6.  A  retained  dose  in  the  order 
of  IxlO^^cm"^  is  achieved  with  the  high  repetition 
rate.  The  lower  rate  gives  a  dose  of  2.1  x  10^^  cm“^.  The 
main  parameter  controlling  the  Cl  content  is  the  temper¬ 
ature  during  implantation.  This  is  probably  due  to  a 
lower  etch  rate. 

Continuous  TGA  was  performed  on  the  sample 
implanted  with  6  x  10^  pulses  at  150  Hz,  which  exhibited 
the  highest  Cl  content  (Fig.  3).  The  mass  gain  is  reduced 
strongly  in  the  first  stage  of  oxidation.  The  difference 
between  beam  line  implanted  and  PI^  treated  Ti50Al 
may  also  be  due  to  non-optimized  process  parameters 
of  the  PI^  treatment. 


3.2.  Plasma  immersion  ion  implantation 

Fig.  4  shows  that  the  surface  is  etched  strongly  by 
the  PP  treatment  using  a  CI2  plasma.  A  reference 
sample,  which  was  in  the  plasma  for  7  min  without  HV 


4.  Conclusions 

In  continuation  of  previous  work,  it  has  been  shown 
that  implantation  of  chlorine  into  a  binary  Ti50Al  alloy 
has  a  very  good  protective  effect  on  the  high  temperature 
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Fig.  4.  Surface  after  plasma  immersion  ion  implantation  of  6  x  lO^pulses  of  30  kV  at  1500  Hz.  The  magnification  x  500  shows  selective  etching  of 
different  grains.  Higher  magnification  (x  10000)  of  the  boundary  between  two  grains. 


oxidation  behavior  in  air,  even  at  low  ion  energy.  The 
protective  effect  is  almost  independent  of  the  energy 
between  1  MeV  and  15  keV  and  depends  on  the  retained 
Cl  dose.  A  narrow  regime  of  the  fluence  for  optimum 
protection  is  found  (1  x  lO^^cm”^).  The  ion  energy  of 
1 5  keV  seems  to  be  the  lower  limit  since  the  projected 
range  falls  into  the  oxide  scale. 

In  order  to  treat  non-planar  surfaces  and  to  use  the 
Cl-effect  for  application,  first  experiments  with  CI2 
plasma  immersion  ion  implantation  were  presented.  A 
short  time  PI  treatment  for  protection  of  TiAl  alloys 
against  high  temperature  oxidation  is  possible  using  the 
Cl-effect.  Ion  enhanced  etching  leads  to  an  increased 
surface  roughness,  which  may  be  positive  for  the  adher- 


sputter  time  (s) 


Fig.  5.  AES  depth  profile  after  implantation  using  PI^.  The  treatment 
took  only  3.5  min  using  3x10*^  pulses  at  1500  Hz.  Cl  is  found  close  to 
the  surface.  Contamination  with  Fe  is  due  to  etching  of  the  chamber 
walls. 


Fig.  6.  Integrated  Cl  profiles  show  only  a  small  dependence  of  the 
retained  Cl  dose  from  the  number  of  pulses.  The  influence  of  temper¬ 
ature  is  more  pronounced. 

ence  of  the  scale.  The  Cl  depth  distribution  is  very  close 
to  the  surface  and  is  limited  by  the  equilibrium  between 
etching  and  implantation.  The  main  parameter  con¬ 
trolling  the  retained  Cl  dose  is  the  temperature  during 
the  treatment.  Optimization  of  the  plasma  properties, 
the  processing  window  and  the  reduction  of  contamin¬ 
ations  are  necessary  in  order  to  approach  the  excellent 
effect  of  beam  line  implantations. 
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Abstract 

Plasma  immersion  ion  implantation  can  be  used  to  modify  the  near  surface  region  of  steels  at  temperatures  lower  than  400  C. 
Hence  even  the  surface  properties  of  heat-sensitive  steels  like  eold-work  steels,  which  are  not  accessible  for  conventional  nitriding, 
can  be  enhanced  by  rediieing  the  friction  coefficient  and  improving  wear  behaviour.  Subsequent  implantation  of  nitrogen  and 
carbon  into  X155CrVMol2.1  steel  using  voltage  pulses  of  -30  kV  with  combined  doses  up  to  2.7  x  10*®  cm“^  was  performed  at 
different  temperatures  between  300  and  400’C.  Layers  of  e-Fe2+;,(C,N)  of  several  micrometers  were  detected  using  X-ray  diffraetion 
and  glow  discharge  optical  spectroscopy.  Wear  tests  were  performed  with  an  oseillating  ball-on-disc  tribometer  using  a  stainless 
steel  ball  and  contact  pressures  between  0.7  and  1.4  GPa.  For  the  lower  contact  pressure,  a  reduction  of  the  abrasive  wear  by  one 
order  of  magnitude  was  observed  while  the  friction  coefficient  was  reduced  by  75%.  At  the  higher  contact  pressures  the  wear 
mechanism  changed  from  adhesive  wear  to  slightly  abrasive  wear  after  nitrogen/carbon  implantation,  eliminating  the  cold  welding 
between  a  stainless  steel  ball  and  the  untreated  sample  completely.  An  optimum  treatment  temperature  of  350  C  was  found. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Thermal  treatment  and  quenching  of  iron  and  steel 
has  been  used  for  a  long  time  to  increase  the  hardness 
and  the  lifetime  of  tools.  In  recent  times,  other  methods 
such  as  gas  nitriding  or  plasma  nitriding  [  1  ]  have  been 
introduced  for  selectively  improving  the  surface  without 
changing  the  bulk  properties.  Another  recent  technique 
is  ion  implantation  to  form  new  phases,  even  far  away 
from  the  thermal  equilibrium  in  the  surface  region  [2,3]. 
Plasma  immersion  ion  implantation  (PHI)  combines  the 
advantages  of  plasma  nitriding  and  ion  implantation, 
namely  treatment  of  the  whole  surface  at  the  same  time 
and  penetration  of  the  ions  below  surface  barriers  [4,5], 
and  allows  the  introduction  of  this  method  into  commer¬ 
cial  ventures. 

Tool  steels  are  still  the  backbone  of  the  machining 
industry  where  they  are  used  for  different  purposes  such 
as  forming,  cutting  and  transforming.  During  the  last 
century  their  properties  and  lifetime  were  continuously 
improved  by  advanced  thermal  cycling  and  adding  new 
alloying  elements.  For  cold-work  steels,  plasma  or  gas 
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nitriding  is  not  a  viable  method,  as  the  last 
annealing/quenching  cycle  for  this  class  of  steels  is 
around  300-400°C,  and  renewed  heating  to  500°C  or 
above  would  change  the  bulk  properties  and  lead  to 
increased  embrittlement.  PHI,  with  moderate  temper¬ 
atures  around  300°C,  can  induce  further  improvements. 

In  this  work,  we  have  investigatde  the  influence  on 
wear  behaviour  of  nitrogen  or  combined  nitrogen/ 
carbon  implantation  using  PHI  into  X155CrVMol2.1 
steel  (DIN  1.2379).  Nitrogen  is  known  to  reduce  the 
wear  [6,7]  while  carbon  reduces  the  friction  coefficient 
by  forming  solid  lubricants  [8].  No  pure  carbon  or 
carbon/nitrogen  treatment  was  used  as  it  is  known  that 
the  formation  of  cementite  can  lead  to  a  phase  segre¬ 
gation  into  Fe  and  graphite,  drastically  reducing  the 
hardness  [9].  The  goal  of  this  investigation  was  to  find 
an  optimal  set  of  parameters  for  treating  transforming 
tools,  reducing  the  cold  welding  tendency  as  well  as  the 
wear,  and  increasing  their  lifetime. 


2.  Experiment 

Flat  samples  were  prepared  from  X155CrVMol2.1 
steel  with  a  diameter  and  height  of  10  mm  and  subjected 
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to  a  standard  hardening  procedure  with  a  final  annealing 
temperature  of  450°C  to  allow  treatments  up  to  400°C. 
The  dimensions  of  the  samples  were  chosen  to  avoid 
buckling  during  pre-treatment.  Before  the  Pill  experi¬ 
ments,  they  were  polished  to  a  mirror  finish  and  cleaned 
with  acetone  and  isopropanol. 

PHI  treatments  were  performed  in  an  HV  system 
using  an  ECR  plasma  source  [10]  with  a  base  pressure 
of  2xl0"^mbar  and  a  working  pressure  of 
3xl0”^mbar.  High  voltage  pulses  of  —  30kV  with  a 
rise  time  of  less  than  0.5  ps  [1 1]  were  used.  The  repetition 
rate  was  varied  between  230  and  500  Hz  to  maintain 


process  temperatures  of  300,  350  or  400°C.  For  the  pure 
nitrogen  PHI  treatment,  total  pulse  numbers  ranged 
between  2  and  6x10^,  corresponding  to  doses  between 
0.6  and  1.8  x  10^^  cm“^.  The  dose  per  pulse  was  obtained 
in  a  separate  experiment  [12].  For  the  combination 
treatment,  first  nitrogen  was  implanted  and  in  a  second 
step  methane  gas  was  used  for  subsequent  carbon 
implantation  with  similar  incident  doses. 

Implantation  profiles  of  the  samples  were  obtained 
to  a  depth  of  a  few  micrometers  with  glow  discharge 
optical  spectroscopy  (GDOS).  Structure  and  phase  for¬ 
mation  was  analysed  with  X-ray  diffraction  (XRD). 
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Fig.  3.  Specific  wear  as  measured  with  an  oscillating  ball-on-disk  tribometer  at  a  contact  pressure  of  0.7  GPa  after  a  wear  path  of  56  m. 


Fig.  4.  Relative  friction  coefficient  for  an  untreated  sample,  and  three  different  treatments  as  measured  during  the  wear  tests  with  1.4  GPa  con¬ 
tact  pressure. 


The  wear  and  relative  friction  coefficient  were  simulta¬ 
neously  determined  using  an  oscillating  pin-on-disc 
tribometer  with  a  5.0  mm  stainless  steel  ball  (DIN 
1.4541)  using  an  oscillation  amplitude  of  2.9  mm  and  a 
frequency  of  4.0  FIz,  resulting  in  a  maximum  velocity  of 
46.4  mm/s.  A  controlled  temperature  and  humidity  of 
22°C  and  45%  respectively  were  used  during  the  tests. 
After  the  tests  the  wear  tracks  were  investigated  with  an 
optical  microscope  and  a  DEKTAK  profilometer. 


3.  Results 

The  nitrogen  implantation  profile  is  shown  in  Fig.  1 
as  an  example  for  a  sample  treated  with  9x  10^^  ions/ 


cm^  at  350''C.  A  100  nm  layer  with  a  nitrogen  concen¬ 
tration  of  up  to  25  at.%,  corresponding  to  a  compound 
layer,  followed  by  a  3  pm  thick  diffusion  layer  was 
obtained.  Also  shown  in  Fig.  1  is  the  carbon,  which  was 
mostly  bound  in  carbides  and  partially  in  solid  solution. 
The  free  carbon  diffused  along  with  the  nitrogen,  leaving 
a  carbon  deriched  surface  layer. 

X-ray  diffractograms  for  an  untreated  sample  and 
samples  treated  at  different  temperatures  and  for 
different  doses  are  presented  in  Fig.  2.  The  untreated 
sample  consisted  of  a-Fe  and  M7C3  carbide  phases.  For 
the  treated  samples,  irrespective  of  the  temperature,  dose 
or  carbon  content,  only  additional  peaks  corresponding 
to  €-Fq2  +  x^  [or  6-Fe2+x(C,N)]  were  found.  No  peaks 
corresponding  to  cementite  could  be  found. 
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Fig.  5.  Optical  micrographs  of  the  wear  tracks  obtained  at  a  contact  pressure  of  1.4  GPa  for  different  treatments  in  low  and  high  magnification: 
(a)  and  (b)  untreated;  (c)  and  (d)  9xlO^^N/cm^  at  350°C;  (e)  and  (f)  9  x  10^^  ion/cm^  +  4.5  x  10^^  C/cm^  at  300°C;  (g)  and  (h) 
6  X  10^’  N/cm^H- 1.8  x  10'®  C/cm^  at  350°C. 


The  wear  experiments  were  performed  with  two 
different  loads,  1  and  7  N,  yielding  contact  pressures  of 
0.7  and  1.4  GPa,  respectively.  The  results  for  the  lower 
load  and  samples  implanted  with  the  same  dose  of 
nitrogen  are  shown  in  Fig.  3.  At  350°C  a  decrease  in 
the  specific  wear  by  a  factor  of  six  was  obtained,  while 
at  300  and  400°C  a  smaller  decrease  was  obtained.  The 
depth  of  the  wear  tracks  was  around  1  pm.  For  longer 
tests,  an  increase  of  the  specific  wear  was  observed  when 
the  wear  track  is  getting  deeper  than  the  modified  layer. 
For  9  X  lO^'^  ions/cm^  this  occurred  after  a  total  wear 


path  of  168  m  and  a  wear  track  depth  of  3  pm,  in 
accordance  with  the  nitrogen  depth  profile  of  Fig.  1. 
Additional  carbon  implantation  further  reduced  the 
wear. 

For  a  load  of  7  N  a  completely  different  picture  was 
obtained.  While  for  0.7  GPa  abrasive  wear  was  observed 
for  the  untreated  as  well  as  the  treated  samples,  the 
mechanism  changed  to  adhesive  wear  at  a  contact 
pressure  of  1.4  GPa  for  the  untreated  sample.  After 
nitrogen  treatment,  no  significant  change  was  observed. 
Albeit,  after  a  combined  nitrogen/carbon  treatment  a 
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drastic  reduction  of  the  adhesive  wear  was  observed. 
Material  was  no  longer  deposited  on  the  wear  tracks  — 
instead  a  smooth  surface  with  minor  grooves,  pointing 
to  slightly  abrasive  wear,  was  measured  using  the 
DEKTAK  profilometer. 

The  relative  friction  coefficient,  obtained  during  the 
wear  tests  is  presented  in  Fig.  4  for  the  high  load  and 
different  treatments.  For  the  untreated  sample,  a  con¬ 
stant  high  friction  coefficient  was  obtained  after  a  short 
settling  period.  For  the  sample  implanted  only  with 
nitrogen,  the  same  behaviour  was  observed.  After  adding 
carbon  in  a  subsequent  implantation,  a  reduction  of  the 
friction  coefficient  was  observed.  For  a  dose  of 
4.5  X  10*''  C/cm^  this  reduction  lasted  until  a  wear  path 
of  5  m  was  reached,  then  an  increase  in  the  original 
friction  was  observed.  Increasing  the  carbon  dose  to 
1.8  X  10'®  C/cm^  further  stabilised  the  low  friction  until 
a  wear  path  of  1 1  m  was  reached. 

Finally,  in  Fig.  5  optical  micrographs  at  two  magnifi¬ 
cations,  50  X  and  1000  x ,  of  the  wear  tracks  are  pre¬ 
sented  after  a  total  wear  path  of  56  m.  The  same  samples 
used  for  the  relative  friction  coefficient  measurements  in 
Fig.  4  are  presented.  For  the  untreated  sample,  a  broad 
wear  track  with  large  spots  of  material  deposited  from 
the  stainless  steel  ball  were  observed.  With  increasing 
nitrogen  and  carbon  dose,  the  width  of  the  wear  tracks 
decreased  and  less  material  was  deposited.  Finally,  in 
Fig.  5(h)  the  base  structure  of  the  steel  with  carbide 
precipitates  is  observed,  indicating  almost  no  damage 
during  the  wear  test. 


4.  Discussion 

The  two  layer  structure  of  compound  and  diffusion 
layer  obtained  after  nitrogen  treatment  is  similar  to  that 
observed  at  higher  temperatures  or  conventional  nitrid¬ 
ing.  Ion  implantation  is  known  to  lower  the  phase 
formation  temperature  in  several  systems.  Here  no 
Y-Fe4N,  the  high  temperature  phase,  was  observed, 
indicating  that  this  effect  has  no  role  in  cold-work  steel. 
The  layer  thickness  of  3  pm,  as  shown  in  Fig.  1 ,  corres¬ 
ponds  to  a  diffusion  constant  Z)=4.2  x  10“'^  cm^^/s. 
As  the  steel  used  contained  12wt.%  Cr,  reducing  the 
diffusion  of  nitrogen,  the  difference  compared  to  litera¬ 
ture  values  of  4.7  x  10^'°  cm'^s  for  a-Fe  can  be 
explained  [13].  The  subsequently  implanted  carbon 
diffuses  along  the  same  sites  with  the  same  speed  as 
nitrogen  [6]  so  that  only  one  diffusion  constant  is 
necessary  to  calculate  the  final  layer  thickness. 

The  loads,  and  the  respective  contact  pressures,  were 
chosen  to  simulate  the  operating  conditions  of  tool 
application  where  the  real  contact  pressure  is  between 
0.7  and  1.4  GPa.  Pure  nitrogen  treatment  is  an  excellent 
method  of  reducing  purely  abrasive  wear  for  steel,  while 


the  use  of  carbon  reduces  the  friction  coefficient  and  the 
abrasive  wear.  Hence,  the  combination  treatment  of 
nitrogen  followed  by  carbon  implantation  proved  to  be 
the  best  treatment  for  the  complex  wear  behaviour  of 
the  cold-work  steel  in  contact  with  stainless  steel.  The 
main  wear  mechanism  determined  from  investigations 
of  untreated  worn  tools  is  cold  welding  leading  to 
deposition  of  material  on  the  tool  and  not  the  abrasive 
wear  removing  material  from  the  tool.  Hence,  the 
treatment  depth  of  6-8  pm  for  the  dose  of 
6x  lO'^N/cm^ -1-1.8  X  10'®  C/cm^  at  350°C  is  deep 
enough  to  increase  the  lifetime  of  the  tools. 


5.  Summary  and  conclusions 

PHI  is  a  suitable  low  temperature  treatment  for 
improving  the  mechanical  properties  of  tools  made  from 
cold-work  steel.  The  wear  behaviour  was  significantly 
improved  as  determined  in  oscillating  ball-on-disc  test 
using  a  stainless  steel  ball.  For  a  contact  pressure  of 
0.7  GPa,  a  reduction  in  the  specific  wear  by  a  factor  of 
sixc  was  obtained  using  nitrogen  implantation  at  350°C. 
Furthermore,  the  friction  coefficient  was  decreased  by  a 
factor  of  two  by  adding  a  second  treatment  with  carbon 
after  the  nitrogen  treatment.  At  a  contact  pressure  of 
1.4  GPa  the  dual  nitrogen/carbon  treatment  changed 
the  wear  mechanisms  from  adhesive  to  slightly  abrasive, 
and  improved  the  mechanical  behaviour  considerably. 

An  optimal  treatment  for  X155CrVMol2.1  steel 
was  found  to  be  6xlO'’'N/cm^  followed  by  1.8  x 
10’®  C/cm^  at  a  temperature  of  350°C.  Industrial  tests 
using  tools  treated  with  these  parameters  are  in  progress 
and  the  results  on  the  effect  on  their  lifetime  will  be 
reported  in  a  further  publication. 
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Abstract 

Nitrided  surfaces  and  nitrogen  composition  gradients  in  thin  films  exhibit  interesting  mechanical,  electrical  and  optical 
properties.  Metal,  semiconductor  or  oxide  surfaces  can  be  transformed  into  a  nitrided  compound  via  interactions  of  nitrogen 
species  issued  from  a  plasma  or  an  ion  beam.  The  thermal  activation  is  a  key  factor  in  both  cases  to  ensure  chemical  reactions 
and  short/long-range  diffusion  necessary  to  allow  the  growth  of  stable  or  metastable  structures.  In  this  work,  we  focus  our 
attention  on  zirconium  nitrides  prepared  under  controlled  temperature  through  reaction  and  diffusion,  in  Zr  films,  of  low  energy 
NHj  species  produced  in  NH3  plasma  and  through  the  implantation-diffusion  of  energetic  ions  during  Zr  deposition  by  using 
double  ion  beam  sputtering.  Zirconium  nitrides  show  optical  and  electrical  properties  that  depend  on  the  conditions  and  on 
kinetics  of  the  nitrogen  take-up;  the  material  exhibits  a  transition  from  the  stable  metallic  ZrN  to  a  metastable  phase  ZrjN^  that 
appears  transparent  and  insulating.  The  influence  of  the  energy  of  the  nitriding  species  and  of  the  temperature  on  nitride 
compositions  and  phases  are  addressed.  A  model  using  coupled  implantation  and  thermal  diffusion  mechanisms  is  proposed  to 
explain  the  phases  produced.  In  relation  with  the  described  phenomena,  a  temperature-controlled  plasma-immersion  ion- 
implantation  system  is  proposed  for  tailoring  in-depth  stable/metastable  ceramic  structures  such  as  nitrides,  oxides  and  carbides. 
©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Being  generally  more  covalent  than  oxides,  metal  and 
semiconductor  nitrides  are  hard  and  dense  materials. 
When  used  as  ceramic  coatings,  they  act  as  barriers 
withstanding  diffusion  and  resisting  oxidation  [1,2]. 
Native  growth  of  nitride  on  a  metal  generally  requires 
high  temperatures  and  long  durations  because  of 
retarded  diffusion  due  to  the  film  growth  itself  [3].  In 
the  case  of  refractory  metals  these  severe  conditions  lead 
to  partial  oxidation  due  to  the  interaction  with  residual 
water  vapour  [4].  Nitridation  of  metals  using  plasma  or 
low  energy  ion  beams  has  been  used  to  enhance  the 
reaction  rates  or  to  decrease  the  temperatures,  like  in 
steel  nitridation.  When  thermal  diffusion  is  predominant, 
the  resulting  film  material  is  generally  a  stable  phase; 
this  is  the  case  for  TiN  [5],  ZrN  [6]  and  Fe4N  [7], 


*  Corresponding  author. 


which  are  respectively  obtained  after  native  nitridation 
of  titanium,  zirconium  and  Fe-C  alloys.  Metastable 
phases  have  been  observed,  especially  when  using 
implantation  or  low  energy  ion-beam  bombardment 
coupled  with  sputtering  [8-11].  To  emphasise  the  role 
of  diffusion  and  implantation  on  the  nitridation,  this 
paper  reports  on  the  production  of  stable  and  metastable 
phases  of  zirconium  nitrides  by  NH3  plasma  nitridation 
of  Zr  films  and  by  double  ion  beam  sputtering  (DIBS). 


2.  Experimental 

Plasma  nitridation  experiments  were  conducted  using 
the  thermally  assisted  plasma  reactor  URANOS  (unit 
of  reaction  assisted  for  the  nitridation  and  oxidation  of 
surfaces)  [12,13].  The  system  is  composed  of  a  silica 
tube  2  m  long,  with  0.3  m  diameter,  in  which  the  plasma 
is  created  by  surfatron  coupling.  The  external  and 
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circular  electrode  around  the  tube  excites  surface  waves 
at  the  end  of  the  insulating  vessel.  Their  propagation 
along  the  walls  results  in  an  homogeneous  and  cold 
plasma  in  the  entire  volume.  A  three-zone  furnace 
around  the  centre  part  of  the  tube  allows  one  to  control 
the  substrate  temperature  between  room  temperature 
and  1000°C.  The  mean  electron  energy  is  around  3  eV. 
Neutrals  and  radicals  are  in  thermal  equilibrium  with 
silica  walls  and  the  ion  energy  is  around  10  eV,  which 
is  determined  by  the  difference  between  the  plasma  and 
floating  potential  —  Ff.  For  plasma  nitridation  a 
100  nm  thick  zirconium  film  deposited  on  silicon  by 
argon  sputtering  at  1200  eV  was  used.  The  silicon  wafer 
itself  was  nitrided  to  a  depth  of  5  nm  to  ensure  that  no 
interaction,  such  as  silicidation,  occurs  between  substrate 
and  film.  Nitridation  was  performed  at  700°C  for  2  and 
7  h  in  low-pressure  (93  pbar)  ammonia  using  plasma- 
assisted  reaction  and  for  comparison  using  pure  thermal 
nitridation  with  the  same  conditions. 

For  reactive  deposition,  DIBS  was  used  with  RF 
excitation  of  the  ion  gun  sources.  The  first  beam  was 
used  to  sputter  a  Zr  target  with  ionised  argon  at  1.2  keV 
with  a  current  of  80  mA.  The  second  beam  was  used  to 
bombard  the  substrate  by  nitrogen  ions  during  depos¬ 
ition  with  an  energy  varying  between  50  and  300  eV. 
The  substrate  temperature  was  controlled  during  depos¬ 
ition  between  room  temperature  and  450°C.  The  ionised 
nitrogen  fluence  was  maintained  constant  for  all  the 
experiments  by  controlling  the  current  at  40  mA. 
Nuclear  reaction  analysis  (NRA)  and  Rutherford  back- 
scattering  (RBS)  were  used  to  determine  the  N/Zr  and 
O/Zr  relative  concentrations.  Auger  electron  spectrome¬ 
try  (AES)  with  in  situ  profilometry  was  dedicated  to 
diffusion  gradient  determinations  in  nitride  films.  The 
Auger  peaks  monitored  during  sputtering  are  as 
following:  120  eV  (Zr),  385  eV  (N),  510  eV  (O)  and 
90  eV  (Si).  The  N  and  O  concentrations  as  a  function 
of  depth  were  determined  by  plotting  the  N/Zr  and 
O/Zr  atomic  ratios.  Spectrometric  ellipsometry  was  per¬ 
formed  on  specific  samples  to  compare  their  electronic 
properties. 


3.  Results 

3,1.  Plasma  nitridation  of  Zr  films 

The  N/Zr  and  O/Zr  atomic  ratios  are  plotted  in  Fig.  1 
as  a  function  of  the  sputtering  time  for  zirconium  nitride 
films  grown  after  7  h  at  700°C  in  NH3  plasma  (a)  and 
after  a  pure  thermal  treatment  under  the  same  conditions 
(b).  For  the  sample  nitrided  in  plasma,  the  film  is 
entirely  converted  into  zirconium  nitride.  The  N/Zr  ratio 
is  close  to  unity  over  the  whole  thickness;  it  corresponds 
to  the  expected  stoichiometry  of  the  stable  material 
ZrN.  Oxygen  contamination  is  clearly  observed;  this  is 


sputtering  time  (min) 


Sputtering  time  (min) 


Fig.  1.  Comparison  of  plasma  and  thermal  AES  profiles  of  native 
growth  zirconium  nitrides. 

due  to  the  strong  reaction  of  zirconium  at  this  temper¬ 
ature  with  residual  oxidising  species  produced  by  water 
vapour  outgassing  of  walls  and  substrate  holders.  When 
the  film  is  nitrided  under  same  conditions  but  without 
igniting  the  plasma,  the  nitride  conversion  is  limited  to 
the  upper  part  of  the  zirconium.  Underneath,  the  metal 
has  been  totally  transformed  into  zirconium  oxide. 
Fig.  2(a)  illustrates  the  way  the  two  elements  O  and  N 
enter  the  metal  during  the  initial  step  where  temperature 
was  ramping  from  room  temperature  up  to  the  working 
temperature.  During  this  step,  which  is  common  to  all 
sample  treatments,  the  temperature  is  linearly  increased 
at  about  25X/min.  This  means  that  for  the  sample 
treated  15  min,  the  NH3  plasma  treatment  was  per¬ 
formed  at  a  maximum  temperature  of  400°C.  The  AES 
profile  shows  that  after  15  min  of  ramping  temperature, 
oxygen  and  nitrogen  present  diffusion  gradients  close  to 
the  surface.  Oxygen  has  penetrated  deeper  and  shows 
higher  concentration  values.  This  may  indicate  that,  in 
this  low  temperature  range,  the  nitridation  rate  is  lower 
than  that  of  oxidation.  Fig.  2(b)  shows  the  same  O  and 
N  profiles  after  a  2  h  plasma  nitridation  at  700°C.  In 
the  surface  region  the  nitrogen  content  is  higher  and 
approaches  ZrN  stoichiometry  whereas  oxygen  is  nearly 
absent.  This  can  be  interpreted  by  a  reaction  of  nitriding 
species  with  oxidised  zirconium  that  results  in  an 
exchange  between  nitrogen  and  oxygen.  In  the  deeper 
part  of  the  film,  and  up  to  the  interface,  the  metal  is 
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Fig.  2.  AES  profiles  of  plasma-nitridcd  zirconium  films. 

partially  nitrided  and  partially  oxidised.  For  longer 
times,  as  shown  in  Fig.  1,  an  increase  of  nitrogen  in  the 
deepest  regions  occurs  in  conjunction  with  oxygen  rejec¬ 
tion.  Compared  with  thermal  nitridation,  the  reaction 
of  nitridation  of  the  oxidised  zirconium  is  clearly 
enhanced  with  plasma.  species  are  thought  to  play 
a  major  role  in  the  enhancements  of  nitrogen  diffusion 
and  reduction  of  the  oxide. 

The  optical  constants  obtained  using  spectroscopic 
ellipsometry  in  the  [0.2-0.8  pm]  spectral  range  are  pre¬ 
sented  in  Fig.  3.  The  n  and  k  values  are  very  similar  to 
those  of  gold,  the  refractive  index  n  being  less  than  1.0 
in  a  major  part  of  the  visible  spectrum  (0.45-0.7  pm) 
and  the  k  extinction  coefficient  increasing  with  the 
wavelength  up  to  very  high  values  in  the  infrared  region. 
This  behaviour,  due  to  free  electrons,  is  characteristic 
of  a  good  conducting  sample.  Optical  index  variations 
have  been  well  simulated  by  the  free-electron  Drude 
model,  giving  an  electron  plasma  energy  of  7.27  eV  and 
an  electron  energy  relaxation  of  about  0.57  eV.  A  static 
electrical  resistivity  of  73  x  10“"^  Q  cm  has  been  deduced, 
which  is  in  good  agreement  with  four-probes  resistivity 
measurements. 

3.2.  Reactive  deposition  using  DIBS 

In  Fig.  4  the  atomic  ratio  N/Zr  of  the  nitride  film  is 
plotted  as  a  function  of  the  substrate  temperature  (a) 
and  of  the  nitrogen  ion  energy  (b).  The  composition  of 


Fig.  3.  Optical  indices  of  zirconium  nitrides  produced  by  plasma  nitri¬ 
dation  at  700'’C,  7  h  (ZrN  plasma),  reactive  deposition  by  DIBS  at 
450'’C,  50  eV  (ZrN  DIBS)  and  at  room  temperature,  200  eV 
(Zi-Ni.8)- 
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Fig.  4.  Nitrogen  composition  of  DIBS-deposited  nitrides  as  a  function 
of  the  substrate  temperature  and  of  the  nitrogen  ion  energy. 
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the  film  obtained  by  reactive  sputtering  of  Zr  in  N2 
atmosphere  is  given  in  Fig.  4(b)  at  £*=0  eV.  This  ‘0  eV’ 
sample  was  deposited  without  igniting  the  second  ion 
source  at  a  N2  pressure  of  around  10  mbar.  A  stoichi¬ 
ometry  and  optical  indexes  (Fig.  3)  that  are  very  similar 
to  the  stable  phase  ZrN  are  obtained.  This  shows  that 
Zr  deposition  in  the  N2  atmosphere  due  to  the  feeding 
of  the  ion  source  leads  to  ZrN  films.  These  conditions 
of  reactive  sputtering  in  N2  and  under  thermal  condi¬ 
tions  constitute  the  ground  level  of  ion  beam  deposition. 
Thus,  this  means  that,  when  using  the  secondary 
ion  source,  the  accelerated  nitrogen  ions  are  bombarding 
a  nitrided  material  with  N/Zr  close  to  unity.  The 
following  results  deal  with  such  sputter-deposited  films 
assisted  by  nitrogen  ion  beams  with  energies  ranging 
from  50  to  300  eV.  At  a  low  energy  of  50  eV  similar 
ZrN-like  films  are  obtained  in  the  whole  range  of 
temperature  studied  from  room  temperature  to  450°C. 
At  higher  energies,  the  films  are  overstoichiometric  with 
N/Zr  ranging  between  1.3  and  1.8.  At  room  temperature 
with  the  energies  of  50  and  100  eV,  N/Zr  ratios  are  near 
1.33.  This  stoichiometry  is  that  of  Zr3N4.  Superior 
values  are  obtained  at  higher  energies.  With  increasing 
temperature  the  N/Zr  ratio  tends  towards  unity 
[Fig.  4(a)].  At  the  maximum  energy  studied  of  300  eV, 
sputtering  predominates  with  rates  close  to  deposition 
rates.  For  these  films  the  resultant  growth  rates  are 


nearly  null.  Spectroscopic  ellipsometry  characterisation 
of  samples  prepared  at  room  temperature  and  with 
200  eV  nitrogen  ion  energy  is  presented  in  Fig.  3.  The 
nitride  film  shows  an  insulating  transparent  behaviour 
with  low  k  extinction  coefficient  values  of  about  0.3  for 
wavelengths  up  to  0.4  pm;  this  increases  to  1.0,  due  to 
bound  electron  contribution,  in  the  UV  region  (0.2- 
0.4  pm).  The  n  values  are  larger  than  two  over  the  whole 
range  explored. 

4.  Discussion  and  implantation-diffusion  growth  model 

Growth  of  nitride  films  using  sputtered  metal  by  a 
first  beam  and  irradiation  of  the  film  being  deposited 
by  a  second  nitrogen-ion  beam  is  the  result  of  numerous 
interacting  mechanisms.  One  such  mechanism  is  point 
defect  diffusion,  which  is  particularly  active  in  surface 
regions  subjected  to  implantation.  A  model  taking  into 
account  enhanced  diffusion  under  irradiation  has  been 
established  for  explaining  the  experimental  results.  As 
illustrated  by  Fig.  5,  the  nitride  growth  has  been  sepa¬ 
rated  into  the  four  following  steps.  Step  1  (a)  corres¬ 
ponds  to  sputter  deposition  at  low-pressure  nitrogen 
and  leads  to  ZrN  type  films  more  easily  when  temper¬ 
ature  is  high.  This  is  the  well-known  reactive  sputtering 
process  whose  mechanisms  are  generally  described  as 


Fig.  5.  Growth  modelling  of  DIBS-deposited  zirconium  nitrides. 
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sputtered  metal  atoms  adsorbing  on  the  substrate  and 
reacting  with  the  incoming  reactive  species,  which  are 
mainly  neutral  molecular  N2.  As  a  matter  of  fact,  in 
most  of  the  sputtering  systems,  the  base  pressure  is 
principally  composed  of  neutrals.  Then,  in  our  case,  a 
ZrN  film  was  grown  whose  thickness  was  chosen  to  be 
equal  to  1  nm.  Growth  rates  corresponding  to  this  step 
have  been  calculated  using  thickness  measurements  on 
samples  deposited  under  low  pressure  N2  (‘0  eV’ 
sample).  These  growth  rates  have  been  used  to  determine 
the  time  necessary  to  grow  the  1  nm  initial  layer  and 
then  to  determine  the  corresponding  fluence  and  thick¬ 
nesses  used  in  further  steps.  Step  2  (b)  refers  to  low 
energy  implantation.  Nitrogen  ions  are  implanted  in  the 
subsurface  region  at  a  depth  related  to  the  ion  projected 
range  The  implanted  nitrogen  profiles  have  been 
calculated  using  TRIM  code.  Step  3  (c)  deals  with 
implantation-enhanced  diffusion,  which  is  thought  to 
play  a  major  role  in  assisted  deposition.  We  assume  that 
atomic  displacements  due  to  collisions  largely  improve 
the  nitrogen  diflfusivity  allowing  the  material  to  tend 
very  rapidly  to  equilibrium,  which  is  the  stable  ZrN 
phase  in  our  case.  We  defined  the  thickness  e^rN  the 
depth  corresponding  to  a  complete  relaxation  of  the 
film  into  stoichiometric  ZrN.  As  the  diffusivity  is 
strongly  enhanced  by  the  ion  interactions,  the  depth 
might  be  related  to  the  ion  projected  range  R^.  It  must 
also  be  increased  for  deposits  realised  at  high  temper¬ 
ature.  The  <?zrN  depth  value  is  the  only  variable  parameter 
of  the  simulations.  Classical  sputtering  by  nitrogen  ions 
striking  the  surface  is  included  in  this  step,  leading  to  a 
sputtered  thickness  T(E)  depending  on  the  ion  energy. 
The  sputtering  rates  have  also  been  estimated  using 
TRIM  and  verified  by  measuring  etching  rates  of  ZrN 
films  subjected  to  the  secondary  N2  ion  beam,  with  the 
primary  Ar  beam  being  switched  off.  After  this  step  the 
nitrogen  profile  (c)  is  composed  of  two  regions:  a  surface 
region  with  stoichiometric  ZrN  followed  by  a  tail  with 
a  nitrogen  composition  largely  superior  to  the  first  one. 
Homogenisation  by  classical  thermal  diffusion  occurring 
during  the  whole  deposit  time  is  described  by  step  4  (d). 
As  only  short-range  diffusion  is  necessary  to  smooth  the 
nitrogen  profiles,  homogeneous  layers  may  be  obtained 
at  low  temperature.  The  first  three  steps  are,  in  reality, 
simultaneous.  However,  our  model  considers  them  as 
occurring  sequentially.  We  assume  that  this  does  not 
make  a  difference  unless  the  different  thicknesses  used 
for  the  calculations  are  too  thin.  This  is  the  case  for  the 
1  nm  value  chosen  for  the  reactive  sputter  deposited 
initial  layer,  for  the  ion  projected  range  Rp  at  low  energy 
implantation,  and  for  the  T(E)  sputter  etched  layer.  By 
simulating  step  by  step  the  nitride  growth,  we  could 
calculate  the  evolution  of  the  N/Zr  ratios  during  growth. 
The  results  are  shown  in  Fig.  6  for  nitrides  deposited 
with  different  energies  of  the  nitrogen  beam  at  room 
temperature.  When  compared  with  the  obtained  experi- 


Fig.  6.  Numerical  results  of  N/Zr  ratios  as  a  function  of  nitrogen  ions 
energy  using  implantation-diffusion  model  and  comparison  with 
experimental  data. 


mental  values,  the  best  fit  was  obtained  using  an 
value  equal  to  2.2Rp.  This  agrees  with  the  above  assump¬ 
tion  that  diffusion  is  predominant  at  low  temperature 
in  the  region  where  numerous  atomic  displacements 
occur.  It  would  not  be  the  case  for  deposition  performed 
at  higher  temperature  where  the  value  must  be 
increased  with  thermal  diffusion  length.  Such  coupled 
implantation  and  thermal  diffusion  mechanisms  are  the 
determining  factor  for  the  growth  of  ceramic  coatings 
in  plasma-immersion  ion-implantation  (P3I)  systems.  In 
order  to  realise  a  better  control  of  both  mechanisms, 
and  to  take  advantage  of  the  plasma  efficiency  in 
improving  surface  reactivity,  we  have  recently  developed 
a  thermally  controlled  P3I  system  that  enables  implant¬ 
ation  in  the  2-70  keV  range  between  room  temperature 
and  lOOO^C.  This  temperature-controlled  plasma-immer¬ 
sion  ion-implantation  offers  the  opportunity  to  tailor 
in-depth  stable/metastable  ceramic  phases  such  as  nit¬ 
rides,  oxides  and  carbides. 


5.  Conclusion 

This  study  shows  that  it  is  possible  to  produce  stable 
and  metastable  zirconium  nitrides  by  native  nitridation 
in  NH3  plasma  and  by  reactive  double  ion-beam  depos¬ 
ition.  Plasma  nitridation  improves  the  diffusion  of  nitro¬ 
gen  species  and  their  reaction  with  metallic  Zr.  It  allows 
a  faster  reduction  of  partially  oxidised  regions  by 
increasing  the  exchanges  between  oxygen  and  nitrogen. 
This  leads  to  a  stable  ZrN  phase  that  is  goldish  and 
conductive.  Double  ion  beam  deposition  enables  the 
production  of  overstoichiometric  nitrides.  Keeping  the 
two  ion-beam  currents  constant,  the  nitrogen  ion  energy 
and  the  temperature  determine  the  composition  and 
phase  of  the  deposited  nitride  layers.  A  phase  close  to 
Zr3N4  was  produced  that  appears  transparent  and  insu¬ 
lating.  To  explain  the  appearance  of  such  metastable 
structures,  a  model  was  proposed  that  considers  low 
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energy  implantation  and  short-range  diffusion  as  the 
two  relevant  mechanisms.  The  combination  of  the 
plasma  efficiency  to  enhance  surface  reactions  with  the 
ability  of  ion  implantation  to  produce  non-equilibrium 
phases  has  been  proposed  in  a  temperature-controlled 
P3I  system. 
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Abstract 

The  main  problem  in  growing  c-BN  rich  films  in  the  past  has  been  their  very  high  intrinsic  stress,  leading  to  partial  or  complete 
detachment  from  the  substrate  after  reaching  a  critical  thickness  of  200  nm.  The  process  we  are  using  is  closely  related  to  IBAD 
or  lAE.  However,  in  addition  to  the  evaporation  of  boron  atoms  and  simultaneous  nitrogen  ion  bombardment  by  an  ion  gun, 
the  films  were  grown  in  a  highly  reactive  gas  (SF^,  BF3)  atmosphere,  provided  by  a  nozzle  close  to  the  Si  substrate  [chemically 
modified  ion  assisted  evaporation  (CMIAE)].  Reactive  gases  were  used  to  verify  preferential  etching  of  impurities  and  different 
phases  of  boron  nitride.  SF^  represents  a  pure  etchant,  BF3,  in  addition,  is  a  boron  source. 

With  this  modification  it  was  possible  to  grow  films  at  450°C  with  a  c-BN  content  of  85%  up  to  a  thickness  of  800  nm.  The 
films  showed  very  good  adhesion  and  could  be  deposited  over  a  wide  range  of  ion/neutral  (I/N)  ratios  (0.4-1. 2),  depending  on 
gas  flux  and  geometrical  condition.  Furthermore,  c-BN  films  could  also  be  grown  at  much  lower  temperatures  down  to  120''C. 

The  analysis  of  the  films  was  performed  by  IR  and  AES  spectroscopy.  The  film  thickness  was  measured  independently  by 
Talystep  and  Dektak.  Although  the  details  of  the  mechanism  are  not  yet  understood,  the  reactive  gas  assistance  is  very  promising 
for  obtaining  rather  thick  films  with  high  c-BN  content  and  good  adhesion.  Further  experiments  on  CMIAE  deposition  on  iron 
and  steel  substrates  are  in  preparation.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Adhesion;  BF3;  c-BN;  SF(s 


1.  Introduction 

The  main  problem  preventing  the  practical  use  of 
c-BN  coatings  for  tools  or  work  pieces  [1]  is  the  high 
compressive  stress  in  the  films.  Independent  of  the 
method  of  deposition,  the  film  thickness  is  limited  to 
less  than  200-300  nm  and  the  films  tend  to  delaminate. 
There  have  been  many  attempts  to  improve  the  situation 
by  using  multilayers  or,  for  example,  postbombardment 
with  energy  rich  ions  [2].  However,  they  were  not  very 
successful  up  to  now.  We  developed  a  different  depos¬ 
ition  technique  to  prepare  c-BN  coatings  with  improved 
adhesion  and  reduced  stress.  The  normal  lAE  deposition 
technique  was  modified  by  injection  of  reactive  gases  to 
the  target  surface.  Their  influence  on  the  enrichment  of 
c-BN  and  the  properties  of  the  synthesised  coatings  were 
investigated.  Boron  evaporation  and  irradiation  with  a 
mixture  of  nitrogen  and  argon  ions  was  done  in  the 
presence  of  reactive  gases  like  SFg  and  BF3  using  a 
nozzle  which  could  be  arranged  at  different  geometrical 
positions.  By  this  investigation  we  were  able  to  verify 
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that  it  is  possible  to  grow  c-BN  rich  films  at  much  lower 
temperatures  (120'"C)  using  the  CMIAE  technique. 


2.  Experimental 

All  BN-films  were  prepared  by  evaporation  of  boron 
and  by  ion  bombardment  with  a  low  energy  ion  source 
(Anatech  Ltd.)  delivering  a  Gaussian  beam  profile. 
Owing  to  this  profile  it  was  possible  to  synthesise  films 
with  various  ion  to  neutrals  ratio  (I/N)  on  the  same 
substrate  and  under  similar  conditions  in  a  single  experi¬ 
ment  (Fig.  la  and  b). 

Silicon  wafers  (100)  were  used  as  substrate  material. 
Before  the  BN  deposition  started  we  deposited  a  20  nm 
thick  boron  layer  [3]  on  the  substrate.  The  depositions 
were  made  in  the  Heidelberg  IBAD  facility 
ALLIGATOR  [4].  The  position  of  the  gas  nozzle  for 
the  reactive  process  gases  relative  to  the  ion  beam  centre 
on  the  target  and  the  gas  flow  were  varied  to  investigate 
the  influence  of  reactive  gas  concentration  at  the  surface 
on  the  formation  of  the  cubic  phase.  Also,  the  ion 
energy  and  the  ion  current  density  in  the  beam  centre 
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Fig.  1 .  (a)  Ion  beam  profiles  of  the  low  energy  ion  source  Anatech  with 
and  without  reactive  gas  flux,  (b)  Scheme  of  a  deposited  substrate  and 
gas  nozzle. 

were  altered.  Other  parameters  like  the  angle  of  ion 
incidence  (20''),  the  N2-Ar  mixture  (65/35)  in  the  ion 
source  and  the  distance  between  the  ion  source  and  the 
growing  film  (20  cm)  were  kept  constant.  The  rate  of 
thermal  boron  (neutrals)  during  deposition  was  mea¬ 
sured  by  a  quartz  crystal  monitor.  The  pressure  in 
the  vacuum  chamber  was  between  4x10“^  and 
1.5  X  10" mbar  depending  on  the  amount  of  the  chemi¬ 
cal  additives  (BF3  or  SF^).  The  ion  current  density  was 
measured  with  a  Faraday  cup  before  deposition  with 
and  without  gas  flow  (see  Fig.  la).  To  calculate  the  I/N 
ratio  in  the  different  substrate  regions  (Fig.  lb),  meas¬ 
urements  of  ion  current  density  under  simultaneous  gas 
flow  were  performed.  Another  set-up,  where  the  gas 
nozzle  was  positioned  further  from  the  ion  beam  centre 
while  keeping  the  gas  flux  constant,  showed  that  the  ion 
current  density  decreases  with  decreasing  distance 
between  nozzle  and  beam  centre  (Fig.  2).  This  results 
in  a  moderate  increase  in  pressure  on  the  substrate 
surface  and  correspondingly  an  increasing  number  of 
neutrals  in  the  beam  if  the  nozzle  is  near  the  beam 
centre.  Furthermore,  the  film  growth  was  studied  at 
different  temperatures  from  120°C  up  to  450''C. 


3.  BN-film  characterisation 

A  Fourier  transformed  infrared  spectrometer 
(brucker  IFS  66  V)  in  the  wavenumber  range  between 
600  and  1700  cm  was  used  to  identify  the  h-BN  and 
c-BN-phases  (see  Fig.  3).  The  absorption  peak  at 
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distance  nozzle  -  faradaycup  (horizontal)  [cm] 

Fig.  2.  Ion  current  density  as  a  function  of  the  horizontal  distance 
between  gas  nozzle  and  ion  beam  centre. 
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Fig.  3.  Infrared  spectra  of  a  BN  coating  containing  h-BN  and  c-BN 
prepared  by  BF3-CMIAE 

1 390  cm  correlates  with  the  B-N  in  plane  stretching 
vibrations  of  hexagonal  BN.  Also,  the  B-N-B  out  of 
plane  bending  vibrations  at  780  cm  are  associated 
with  hexagonal  BN.  Cubic  Boron  Nitride  shows  a 
transversal  optical  peak  in  the  region  between  1 057  and 
llOOcm"h  By  comparing  areas  under  these  peaks,  the 
c-BN  content  was  estimated.  The  c-BN  peak  shifts  with 
increasing  intrinsic  stress  up  to  higher  wavenumbers  [5]. 
Great  care  must  be  taken  to  calculate  the  value  of 
compressive  stress  from  this  peakshift  because  it  is  also 
dependent  on  other  parameters  such  as  contamination, 
crystallite  size  and  stoichiometry  effects  [6,7].  Auger 
depth  profiling  (AES)  was  carried  out  to  estimate  the 
elemental  concentrations  in  the  film  and  was  verified  by 
photoelectron  spectroscopy  (XPS).  The  thickness  of  the 
film  was  measured  with  a  Talystep  and  Dektak  instru¬ 
ment  and  compared  with  scanning  electron  microscopy 
(SEM)  cross-sections. 


4.  Results  and  discussion 

The  formation  of  cubic  boron  nitride  by  using  the 
ion  assisted  evaporation  (lAE)  technique  depends  on  a 
high  ion  to  neutral  ratio  (  >  I)  [8]  up  to  the  threshold 
of  resputtering  (I/N  ^1.5)  and  requires  ion  energies 
between  500  and  700  eV  [8]. 

Fig.  4  shows  the  c-BN  content  as  a  function  of  the 
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Fig.  4.  C“BN  content  as  a  function  of  the  ion  to  neutral  ratio  for 
SFfi-CMIAE  films  prepared  by  different  gas  flow  and  ion  energies 
compared  with  the  c-BN  content  of  an  lAE  film. 


I/N  ratio  of  samples  that  were  coated  with  chemically 
modified  lAE  under  SF6  flow  compared  with  conven¬ 
tional  lAE  technique.  The  results  show  clearly  that  it  is 
possible  to  prepare  coatings  with  high  amounts  of  the 
cubic  phase  at  drastically  lower  I/N  ratios  if  SF^  is  used 
as  the  chemical  additive  rather  than  without  SF6.  So  far 
the  highest  amount  (60-70%)  was  found  by  using  a  gas 
flux  of  15  seem.  The  c-BN  content  decreases  consider¬ 
ably  with  higher  flux  (25  seem)  of  SF^  when  the  ion 
energy  (500  eV;  700  eV)  is  kept  constant.  The  films 
synthesised  under  the  same  geometric  conditions  under 
BF3  flow  contain  an  even  higher  percentage  of  the  cubic 
phase  (70-85%)  for  the  same  I/N  ratio.  Fig.  5  shows 
the  c-BN  content  as  a  function  of  the  I/N-ratio  for 
different  ion  energies  and  a  constant  gas  flux  of  10  seem. 

Substantial  higher  ion  energy  has  to  be  be  used  to 
get  a  reasonable  amount  of  the  cubic  phase  in  compari¬ 
son  to  the  normal  lAE  or  SF^  treated  CMIAE  films. 
An  important  parameter  for  the  growth  of  c-BN  at  low 
I/N  ratios  is  the  position  of  the  gas  nozzle  relative  to 
the  beam  centre  near  the  substrate  (Fig.  lb).  If  no 
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Fig.  5.  c-BN  content  as  a  function  of  I/N  for  different  ion  energies  and 
a  constant  gas  flux  of  10  seem  BF3 


nozzle  is  used  but  the  pressure  in  the  deposition  chamber 
is  equal  to  that  with  nozzle,  no  c-BN  can  be  found  in 
the  lateral  regions  of  the  substrate.  This  must  be  caused 
by  a  decreasing  concentration  of  the  chemical  additive 
or  its  decomposition  products  near  the  substrate  surface. 
Furthermore,  the  ion  density  in  the  beam  centre  must 
be  kept  high  (  >  200  pA/cm^)  to  obtain  c-BN  formation 
at  low  I/N  ratios.  This  leads  to  the  conclusion  that 
dissociation  products  like  ions  or  radicals  of  the  used 
gas  (BF3  or  SFg)  are  generated  by  collisions  with  ions. 
Another  important  question  is  whether  energy  rich 
neutral  particles  may  be  produced  in  these  collisions. 
These  particles  must  be  added  to  the  number  of  ions  in 
the  I/N  ratio  because  of  their  additional  impulse  transfer 
to  the  growing  film.  To  study  this  problem  we  measured 
the  ion  beam  profile  with  and  without  gas  flux  (Fig.  la). 
The  ion  density  in  the  beam  centre  (210pA/cm^) 
decreases  by  less  then  10%  using  a  gas  flux  of  15  seem. 
Furthermore,  the  I/N  ratio  threshold  of  film  growth 
(resputter  region)  does  not  change  drastically  compared 
to  lAE  films  1.5  (500  eV) ;  ^  1.3  (1 100  eV)].  Another 
possibility  that  would  increase  the  ‘effective’  I/N  ratio 
is  preferential  etching  of  the  condensing  thermal  boron. 
This  should  equally  lead  to  a  lower  I/N  threshold  for 
resputtering  as  well  as  to  a  decreasing  film  thickness  at 
similar  I/N  ratios  compared  to  lAE  films.  However,  this 
could  not  be  verified  experimentally.  The  films  prepared 
with  normal  lAE  and  SF6  added  CMIAE  technique 
were  deposited  up  to  a  film  thickness  of  300  nm  in  situ 
measured  on  the  quartz  crystal  monitor.  This  measure¬ 
ment  naturally  only  relates  to  boron,  and  does  not  relate 
to  nitrogen  or  resputtering.  Therefore,  some  of  the  films 
also  underwent  thickness  measurements  by  profilometry. 

The  thickness  of  SF^  added  CMIAE  films  is  compara¬ 
ble  or  lower  than  that  of  normal  lAE  films  at  similar 
I/N  ratios  (Fig.  6).  If  selective  etching  of  h-BN  or  boron 
was  the  reason  for  the  high  amount  of  c-BN  at  lower 
I/N  ratios  using  the  CMIAE  technique,  there  should  be 
a  decrease  of  film  thickness  compared  to  lAE  films, 
which  is  not  the  case.  The  thickness  of  deposited  boron 


Fig.  6.  Talystep  thickness  measurements  of  SFs-CMIAE, 
BF3-CMIAE  and  lAE  films  as  a  function  of  the  I/N  ratio. 
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Fig.  7.  SEM  representation  of  an  85%  c-BN  film  prepared  at  an  I/N 
of  0.4  and  1 150  eV  ion  energy  and  a  gas  flux  of  10  seem  BF3, 


measured  on  the  quartz  crystal  monitor  during  the 
deposition  under  BF3  gas  flow  was  about  160  nm.  The 
thickness  obtained  by  profilometry  was  200-380  nm  at 
I/N  ratios  between  0.4  and  0.8.  The  thickness  of  the 
c-BN  film  at  the  I/N  ratio  of  0.4  was  measured  by  SEM 
as  400  nm.  Fig.  7  also  shows  that  there  is  no  film 
detachment.  In  another  case,  800  nm  film  thickness 
could  be  measured  by  profilometry,  while  boron  was 
deposited  up  to  480  nm  on  the  quartz  crystal  monitor. 
It  was  also  found  that  the  ratio  of  deposited  boron  to 
the  real  film  thickness  changes  with  the  substrate  temper¬ 
ature.  This  means  an  increase  of  thickness  must  be 
caused  by  the  additional  boron  delivered  via  BF3  and/or 
a  radiation  induced  transfer  of  nitrogen  radicals  from 
the  residual  gas  into  the  growing  film. 
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Fig.  8.  Auger  depth  profiles:  (a)  lAE  film  (87%  c-BN);  (b) 
SFg-CMIAE  film  (65%  c-BN);  (c)  BF3-CMIAE  film  (85%  c-BN). 


4.1.  Adhesion  and  stress 

BN-films  prepared  by  lAE  and  similar  PVD  tech¬ 
niques  with  a  high  amount  of  c-BN  normally  crack  off 
if  the  critical  film  thickness  of  200-300  nm  is  reached 
[6].  This  is  caused  by  the  high  intrinsic,  compressive 
stress  (>  10  Gpa)[6,9].  This  process  starts  immediately 
after  deposition  or  if  the  films  are  exposed  to  air.  In 
contrast,  c-BN  films  prepared  at  low  I/N  ratios  (0.3- 
0.8)  using  the  CMIAE  technique  have  good  adhesion 
and  do  not  show  any  cracks  even  though  the  film 
thickness  is  much  higher  than  200  nm.  It  was  possible 
to  synthesise  c-BN  films  (80-85%)  up  to  a  thickness  of 
800  nm  without  any  signs  of  cracking  or  detachment. 
In  Fig.  8  the  AES  depth  profiles  of  films  prepared  by 
normal  lAE,  SF^  and  BF3  added  CMIAE  are  shown. 
The  depth  profile  in  the  case  of  SF6-CMIAE  (Fig.  8b) 
shows,  in  contrast  to  the  normal  lAE  film,  a  broadened 
interface  that  might  be  responsible  for  the  good  adhesion 
at  lower  I/N  ratios.  The  interface  region  of 


BF3-CMIAE  films,  however,  is  not  as  broad  as  that  of 
the  SFg-CMIAE  films  (Fig.  8c),  but  they  also  show  a 
good  adhesion.  A  detailed  study  is  not  yet  available  and 
further  investigations  are  necessary.  Remarkable  is  the 
absence  of  substantial  amounts  of  oxygen,  fluorine, 
sulfur  or  carbon  in  the  BF3-CMIAE  coating  in  contrast 
to  the  other  two  samples. 

5.  Conclusions 

The  lAE  process  was  modified  by  leading  reactive 
gases  to  the  substrate  chamber  through  a  nozzle.  The 
presence  of  SF^  and  BF3  molecules  had  a  distinct  effect 
on  the  c-BN  formation.  Whereas  in  the  normal  lAE 
process  I/N  ratios  of  >  1  were  necessary  to  achieve  a 
content  of  85%  cubic  boron  nitride  in  the  deposited 
layer,  in  the  deposition  with  reactive  gases  an  I/N  ratio 
as  low  as  0.4  led  to  a  c-BN  content  of  65%  in  the  case 
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of  SF^  and  85%  using  BF3.  The  optimal  c-BN  formation 
took  place  at  500  eV  ion  energy  for  SF^  addition  and 
1050  eV  and  450°C  for  BF3.  However,  even  at  120°C, 
films  with  55%  c-BN  could  be  synthesised.  The  decompo¬ 
sition  products  of  the  reactive  gases,  produced  by  colli¬ 
sion  with  ions,  are  thought  to  be  responsible  for  this 
effect.  BN  films  synthesised  by  lAE  show  very  poor 
adhesion  even  with  low  concentration  of  c-BN  (40%). 
They  often  delaminate  after  deposition  even  without 
load.  This  could  be  greatly  improved  by  the  CMIAE 
process.  Films  with  85%  c-BN  and  a  thickness  of  800  nm 
show  no  cracks  even  after  long  exposure  to  air,  probably 
because  of  the  reduced  film  stress  caused  by  etching  and 
the  lower  I/A  ratio.  The  detailed  mechanism  of  the 
influence  of  the  reactive  gases  on  the  growth  and  quality 
of  the  coatings  is  not  fully  understood  yet.  However, 
the  results  bear  interesting  perspectives  for  the  future 
production  of  c-BN  coatings  with  reduced  stress  on 
various  substrates. 
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Abstract 

Using  an  in  situ  ultra  high  vacuum  (UHV)  electron  tunneling  microscope,  we  have  studied  the  influence  of  ion  induced  defects 
on  highly  oriented  pyrolitic  graphite  on  metallic  thin  film  formation.  The  impact  of  ions  with  energy  ranging  from  10  to  300  eV 
induces  several  kinds  of  defects  on  the  substrate  surface.  We  classified  defects  according  to  impinging  energy  of  ions  and  this 
correlates  well  with  atomic  resolution  images  of  bombarded  surfaces.  More  precisely,  we  will  present  here  the  influence  of  these 
defects  on  the  initial  formation  of  nickel  and  molybdenum  thin  films.  We  have  analyzed  thin  films  deposited  by  both  direct  ion 
beam  and  electron  beam  evaporation.  We  reveal  clear  differences  and  prove  the  dramatic  influence  of  surface  defects  on  the 
nucleation  of  thin  films.  These  investigations  have  specific  importance  for  the  control  and  production  of  materials  enclosing 
metallic  and  semiconducting  nanoparticles  used  in  a  new  generation  of  magnetic  and  optoelectronic  devices.  ©  2000  Elsevier 
Science  S.A.  All  rights  reserved. 

Keywords:  Fractal  surface;  Ion  beams;  Molybdenum;  Nickel;  Scanning  tunneling  microscopy;  Thin  films 


1.  Introduction 

An  understanding  the  fundamental  mechanisms  of 
thin  film  formation  is  essential  where  ‘ultra  smooth’, 
‘ultra  thin’  films  are  to  be  used.  Applications  of  thin 
films  for  high  accuracy  interferometric  sensors  and  opto¬ 
electronic  devices  are  of  crucial  importance  in  many 
industries.  Furthermore,  basic  formation  mechanisms 
may  lead  to  the  natural  construction  of  networks  of 
metallic  islands  which  can  be  embedded  in  a  matrix 
material.  This  is  advantageous  for  adjusting  the  proper¬ 
ties  of  functional  materials  using  quantum  confinement 
in  nanoparticles.  Using  a  scanning  tunneling  microscope 
(STM)  in  UHV,  we  show  that  the  influence  of  low 
energy  ion  induced  defects  on  a  surface  enables  direct 
control  of  the  morphology  of  a  network  of  metallic 
nano-islands.  Ion  irradiation  at  a  macroscopic  scale 
enables  control  of  the  nanoscale  morphology  of  the 
surface. 
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2.  Experiments 

In  the  following  experiments,  graphite  substrates  were 
irradiated  by  100  eV  Ar'^  ions  in  order  to  induce  defects 
in  the  surface.  Subsequently,  we  deposited  Ni  and  Mo 
by  electron  beam  evaporation  on  these  prepared  sub¬ 
strates,  and  on  virgin  substrates  for  comparison. 

The  ion  beam  deposition  system  consisted  of  a  beam 
line  directly  attached  to  the  UHV-STM  chamber.  This 
system  has  been  extensively  described  in  Ref.  [1].  It  is 
dedicated  to  the  study  of  initial  thin  film  formation 
because  the  design  provides  only  a  very  low  ion  cur¬ 
rent  —  equivalent  to  less  than  1  ML/h.  It  should  be 
noticed  that  larger  scale  direct  ion  beam  deposition 
(DIED)  systems  [2]  allowing  practical  yields  of  the 
order  of  1  A/min  are  available  and  are  used  for  the 
preparation  of  films  with  complex  compositions.  Ion 
energy  can  range  from  a  few  eV  to  1  keV,  although  all 
experiments  presented  here  were  performed  with  100  eV 
ions.  In  our  experiments  ions  were  generated  from 
nickel  chloride  placed  in  the  oven  of  a  Colutron  G2  ion 
gun  and  the  substrates  were  bombarded  with  average 
densities  ranging  from  1  to  about  40  ions/nm^,  while  the 
pressure  was  kept  at  10“"^  Pa.  Highly  Oriented  Pyrolitic 
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Graphite  (HOPG)  substrates  were  cleaved  just  before 
placement  in  the  deposition  chamber  in  the  1000  class 
clean  room  where  the  whole  system  was  installed;  no 
contamination  of  the  surface  was  been  detected  using 
this  process. 

For  evaporation  we  used  a  commercially  available 
electron  beam  evaporator  (Oxford  Instruments  EGN4). 
The  Ni  and  Mo  sources  were  commercially  available 
99.9%  pure  metal  rods  placed  in  the  sockets  of  the 
evaporator.  The  distance  between  the  evaporation  point 
and  the  substrate  was  150  mm  conducted  at  10“®Pa  in 
a  separate  UHV  chamber. 

3.  Observation  of  nanostructures  and  discussion 

In  the  following  we  will  discuss:  (i)  the  formation  of 
defects  induced  by  low  energy  ions  on  HOPG;  (ii)  the 
initial  formation  of  Ni  and  Mo  films  by  evaporation; 
(iii)  the  formation  of  an  Ni  film  on  an  HOPG  surface 
which  included  defects;  and  (iv)  a  comparison  with  films 
prepared  using  Ni^  ions  directly. 

i.  7.  Defects  induced  by  ions  on  an  HOPG  surface 

We  have  previously  classified  ion  induced  defects  as 
a  function  of  ion  energy  [3].  In  short,  for  100  eV  Ar"^ 
ions  most  of  the  defects  induced  on  the  HOPG  surface 
are  vacancies,  intersticials  and  ‘settled  ato-clusters’. 
Indeed,  a  few  carbon  atoms  are  removed  from  the 
surface  lattice  by  incoming  energetic  ions.  These  recoil 
carbon  atoms  migrate  on  the  surface  by  diffusion,  even 
at  low  deposition  temperature,  and  settle  alone  or  in 
groups  of  two  or  three  on  several  preferential  sites  on 
the  graphite  surface  lattice:  they  form  ‘settled  ato- 
clusters’.  We  assumed  that  all  these  surface  defects  are 


nucleation  centers  and  influence  thin  film  formation 
drastically. 

Fig.  1  shows  the  influence  of  annealing  at  200  and 
300°C  on  the  reconstruction  of  the  HOPG  surface.  By 
tuning  the  annealing  temperature  and  duration,  one 
may  eliminate  some  categories  of  defects  —  such  as 
vacancies  and  intersticials.  The  remaining  defects  visible 
on  STM  images  presented  in  Fig.  1  are  settlements  of  a 
few  atoms  on  a  unique  graphite  cell  [3].  This  particular 
type  of  defect  generates  a  perturbation  of  the  electronic 
density  surrounding  the  defects  and  extends  to  several 
nanometers  around  each  settled  ato-cluster.  This 
electronic  density  perturbation  is  beautifully  revealed  by 
the  electron  scanning  microscope  by  a  periodic  pattern. 
By  comparison  with  computer  simulations  [4],  the  sym¬ 
metry  of  these  patterns  reveals  the  number  of  atoms 
and  their  respective  position  in  the  crystal  network  [3]. 

5.2,  Formation  of  evaporated  films  on  virgin  HOPG 

Fig.  2  presents  STM  images  on  the  atomic  scale  of 
the  early  stages  of  the  formation  of  Mo  and  Ni  thin 
films.  In  Fig.  2(b)  (compare  with  Fig.  2(e))  the  virgin 
HOPG  substrate  has  received  eight  times  more  Ni  (or 
Mo)  particles  than  in  Fig.  2(a)  (compare  with  Fig.  2(d)), 
and  so  on  for  Fig.  2(c)  (compare  with  Fig.  2(f)).  For 
increasing  density,  many  more  islands  are  visible  and 
the  substrate  is  almost  covered  by  the  Ni  (or  Mo)  films. 
Nevertheless,  many  more  islands  exist  for  Mo  than  for 
Ni.  This  significant  difference  in  morphology  results 
from  the  diverse  behavior  of  elements  regarding  thin 
film  growth.  For  each  material,  growth  mechanisms  are 
driven  by  the  balance  between  sticking  and  cohesion 
energy.  Assuming  a  macroscopic  equilibrium  between 
the  condensed  phases  and  their  vapors,  the  theory  of 
wetting  [5]  predicts  the  nucleation  of  bulk  phase  clusters 


100x100  nm  20x20  nm  10x10  nm 


Fig.  1.  STM  images  of  annealed  HOPG  surfaces  protruded  by  Ar'^  100  eV  ion  induced  defects  at  different  scales  up  to  atomic  resolution. 
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2d.  Mo05B3L2  (Density  1)  2e.  Mo09B6L2  (Density  8) 


2f.  Mol0A0L2  (Density  16) 


Fig.  2.  STM  image  of  Ni  and  Mo  films  evaporated  on  virgin  HOPG  (200  x  200  nm). 


( Volmer- Weber  growth  mode)  or  a  total  wetting  of  the 
substrate  by  the  adsorbate  (van  der  Merwe  growth 
mode). 

It  is  difficult  to  draw  conclusive  remarks  regarding 
growth  mechanisms  simply  from  visual  inspection  of 
STM  images,  even  using  three  dimensional  representa¬ 
tions.  Therefore  several  ways  of  representing  complex 
surfaces  as  a  one  dimensional  function  have  been  pro¬ 
posed.  Notably,  the  powerful  theory  concerning  the 
dynamic  evolution  of  fractal  surfaces  allows  the  reduc¬ 
tion  of  images  to  unidimensional  functions  [6],  while 
the  parameters  embodied  in  the  dynamic  scaling  function 
of  roughness  [2]  (DSFR)  are  characteristic  of  the  growth 
mechanisms.  This  theory  has  already  been  presented 
extensively  [7]  and  the  following  summarizes  features 
relevant  to  the  present  work.  One  can  easily  compute 
[1]  the  DSFR  from  digitized  images  of  the  surface 
obtained  by  STM. 


For  most  growth  models,  the  DSFR  log-log  plots 
give  two  distinct  regions  separated  by  a  crossover  length 
Lq  [7].  For  L<Lq  the  diffusive  terms  dominate,  and  the 
DSFR  increases  with  a  slope  of  for  L>Lo,  the 
adsorption/desorption  terms  govern  and  leads  to  x  =  0 
in  three  dimensions,  x  is  called  the  roughness  scaling 
exponent  and  it  is  characteristic  of  the  growth  mecha¬ 
nisms.  Therefore,  the  plots  of  the  DSFR  calculated  from 
experimental  images  lead  to  a  graphical  reading  of  the 
roughness  exponent  x^  giving  indications  of  the  mecha¬ 
nisms  of  growth  of  the  surface.  Several  models  have 
been  proposed  for  an  established  steady  growth  of  a 
solid  thin  film  [7].  These  models  balance  the  roughening 
caused  by  the  ballistic  arrival  of  incoming  particles  with 
the  smoothing  effect  of  transport  processes  on  the  sur¬ 
face.  For  example,  in  the  simplest  Wolf-Villain  [8]  model 
of  growth  for  three  dimensions  Lai-Das  Sarma 

[9]  formed  a  characteristic  function  of  growth  with  the 
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Fig.  3.  Evolution  of  the  dynamic  function  of  roughness  as  a  function  of  density  Mo  deposits  (100  x  100  nm).  The  DSFR  for  the  HOPG  surface  is 
also  presented  for  comparison  (STM  200  x  200  nm  scan,  CG83B4L2). 
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Tabic  1  .... 

Experimental  values  of  the  roughness  scaling  exponent  for  Mo  and  Ni  grown  by  evaporation  and  DIBD  and  corresponding  interpietation 


Material 

Deposition 

Z 

Remarks  on  growth  mechanisms 

HOPG 

Argon 

Molybdenum 

Nickel 

Nickel 

Nickel 

Virgin 

100  eV  ions 

Electron  beam 

Electron  beam 

Ar"^  on  irradiated  HOPG 

1 00  cV  ions 

0.2-0.3 

0.6-0.7 

0.67 

Steady  growth,  stabilizing  at  1 
0.7-0.4 

0.73 

Cleaved  HOPG  —  this  represents  atomic  corrugation. 
Diffusion  driven  of  recoil  atoms  at  initial  stage  on  HOPG 
Diffusion  driven  at  the  initial  stage 

Three  dimensional  growth 

Enhanced  nucleation  of  islands 

Self-enhanced  nucleation  of  islands 

first  term  representing  surface  diffusion,  while  a  second 
term  takes  into  account  the  incident  flux  of  particles. 
The  theoretical  value  of  the  scaling  exponent  is  then  x  = 
ll'i  in  three  dimensions. 

All  these  models  were  developed  for  steady  growth 
under  low  energy  particle  (or  ion)  flux  of  a  material 
identical  to  the  substrate,  that  is  homogenous  growth. 
In  contrast,  our  experiments  concerned  the  hetero¬ 
geneous  growth  of  metals  on  HOPG.  The  growth  of 
ultra  thin  films  starts  from  the  virgin,  flat  substrate 
surface  and  is  not  steady,  at  least  until  the  coalescence 
of  islands.  Before  reaching  the  steady  homogeneous 
growth,  that  is  after  the  full  coverage  of  the  HOPG 
substrate,  the  value  of  the  scaling  exponents  evolves 
with  density  of  deposits. 

Fig.  3  shows  the  evolution  of  the  DSFR  for  the 
increasing  density  of  evaporated  Mo  particles.  At 
coalescence,  the  DSFR  saturates  and  the  scaling  expo¬ 
nent  becomes  steady.  Further  evolution  follows  the 


characteristics  of  a  growing  fractal  interface  while  the 
scaling  exponent  will  be  kept  at  the  value  of  saturation. 
This  roughness  scaling  exponent  saturates  at  a  value  of 
-2/3  for  Mo  and  1  for  Ni  for  evaporation  (see  Table  1). 

33.  Surface  defects  and  thin  film  formation 

In  Fig.  4  one  can  compare  the  island  networks  of  Ni 
grown  by  evaporation  on  virgin  HOPG  (Fig.  4(a)),  Ni 
grown  by  evaporation  on  100  eV  Ar"^  bombarded 
HOPG  (Fig.  4(b)),  and  Ni  grown  by  direct  deposition 
of  100  eV  Ni'^  ions  on  HOPG  (Fig.  4(c)).  The  number 
of  Ni  atoms  on  the  surface  is  approximately  the  same. 
Ar^  induced  defects  on  the  HOPG  surface  in  Fig.  4(b) 
have  an  enormous  influence  on  the  number  and  size  of 
islands.  Fig.  4(c)  represents  an  intermediate  state  as 
incoming  100  eV  Ni’^  ions  themselves  induce  defects 
which  will  lead  to  subsequent  Ni  island  formation.  The 
latter  case  allows  less  controllability  as  the  processes  of 


4a.  NM3A1L1 
(Ni  on  virgin  HOPG) 


4b.  Ni-20F2L1 

(Ni  onAr^  induced  defects) 


4c.  Ni-01D2L1 
(DIBD  lOOeVNt) 


Fig.  4.  STM  (lOOx  100  nm)  images  of  Ni  films  deposited  by:  (a)  evaporation  on  a  virgin  HOPG  substrate;  (b)  evaporation  on  a  100  eV  Ar'*' 
irradiated  substrate;  and  (c)  by  direct  100  cV  Ni"^  ion  beam  on  virgin  HOPG. 


Ni20J6Ll 


Ni20F8Ll 


Ni20D0Ll 


(Ar^ density  2  ions/nrn  )  (Ar*  density'll!  ions/ntn)  (Ar  density'^20  ions/nm  ) 

Fig.  5.  STM  images  of  Ni  film  deposited  on  Ar  100  eV  ion  irradiated  HOPG  for  various  ion  densities  from  2  to  20  ions/nm^  (100  x  100  nm). 
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defect  creation  and  island  formation  occur  at  the  same 
time. 

Fig.  5  shows  STM  images  of  Ni  evaporated  at  an 
equivalent  and  constant  density  of  eight  arbitrary  units 
(similar  to  image  Fig.  2(b))  on  FIOPG  substrates  pre¬ 
pared  by  100  eV  Ar*^  irradiation  with  densities  varying 
from  2  to  20  ions/nm^.  The  conclusion  is  easy  —  the 
more  Ar’^  ions  irradiated  on  HOPG,  the  more  islands 
generated  for  Ni  thin  film  during  the  subsequent  evapo¬ 
ration.  The  average  size  of  islands  is  logically  smaller  as 
they  become  numerous.  From  these  three  STM  images 
it  is  already  clear  that  ion  induced  defects  have  a 
dramatic  influence  on  nucleation. 

Creating  nucleation  centers  has  a  similar  effect  to 
reducing  diffusion,  meanwhile  growth  is  shifting  from  a 
three  dimensional  mode  to  a  mode  close  to  the  Lai-Das 
Sarma  model.  For  DIED  of  Ni  the  scaling  coefficient 
has  an  intermediate  value  of  %~0.73  —  these  show  the 
great  influence  of  Ni"^  ion  induced  defects  in  thin  film 
formation. 


4.  Conclusion 

We  believe  that  such  a  method  of  inducing  defects 
using  medium  energy  Ar^  ions  for  controlling  island 
size  at  the  nanometer  scale  can  have  a  significant  impact 


on  the  technology  of  thin  film  growth.  Our  experiments 
were  conducted  on  a  carbon  graphite  substrate,  but  the 
same  effects  can  be  expected  for  materials  such  as  silicon 
or  arsenide  monocrystals  which  are  important  in  the 
electronic  and  optoelectronic  industry. 
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Abstract 

Amorphisation  of  thin  films  is  a  very  common  phenomenon  when  their  synthesis  is  assisted  by  a  beam  of  ions.  In  this  case, 
X-ray  diffraction  or  related  diffraction  procedures  do  not  provide  a  complete  description  of  the  phase  structure  of  the  films,  and 
alternative  methods  have  to  be  used  to  get  information  about  the  atom  distribution  within  the  lattice.  This  paper  presents  some 
approaches  using  X-ray  absorption  and  infrared  spectroscopy  to  account  for  the  local  structure  and  other  crystallographic  effects 
which  may  appear  in  thin  films  prepared  by  ion  beams.  Tin,  iron  and  zirconium  oxide  thin  films,  all  prepared  by  ion  beam  induced 
CVD,  have  been  selected  to  show  the  possibilities  of  the  different  characterisation  methods.  The  local  distribution  of  atoms  and 
the  evolution  of  the  crystal  structure  upon  annealing  are  studied  as  a  function  of  the  type  of  ion  species  (i.e.  or  Ar  )  used 
for  the  preparation  of  the  films.  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Amorphisation;  Crystal  orientation;  IBAD;  IR;  Thin  films;  XAS 


1.  Introduction 

Ion  beam  assisted  deposition  procedures  (IBAD), 
used  for  the  synthesis  of  thin  films,  have  become  very 
popular  during  the  last  few  years  because  of  the  optimal 
characteristics  of  the  films  prepared  by  assisting  the  film 
growth  with  accelerated  ion  species  [1,2].  Generally, 
these  methods  are  preferred  when  thin  films  with  a  high 
densification,  homogeneity  and  adhesion  are  required 
[3].  A  common  effect  of  assisting  the  growth  of  thin 
films  by  bombardment  with  ions  is  the  appearance  of 
compressive  stress  that  can  be  a  problem  for  certain 
applications  [4].  It  is  also  generally  found  that  in  these 
films  the  crystallographic  structure  is  also  modified. 
Amorphisation,  preferential  growth  of  some  crystallo¬ 
graphic  planes,  etc.  are  some  of  the  phenomena  attrib¬ 
uted  to  the  assistance  of  the  bombardment  with  low 
energy  ions  [5,6]. 

In  bulk  materials  changes  in  composition,  amorphisa¬ 
tion,  crystallisation,  preferential  growth  of  certain  crys¬ 
tallographic  planes  and  other  structural  effects  have 
been  widely  reported  [7,8].  With  thin  films  prepared  by 
IBAD  methods,  systematic  studies  on  the  modifications 
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of  the  crystallographic  structure  are  less  numerous, 
probably  because  in  most  cases  only  X-ray  diffraction 
is  used  to  structurally  characterise  the  films.  As  a 
consequence,  no  direct  information  is  accessible  about 
amorphisation  or  other  related  phenomena. 

The  present  paper  constitutes  an  attempt  to  investi¬ 
gate  the  structural  modifications,  in  particular  amorphi¬ 
sation,  induced  by  the  ion  bombardment  of  growing 
films.  The  use  of  alternative  methodologies  based  on 
X-ray  absorption  spectroscopy  (XAS)  and  infrared  (IR) 
spectroscopy  is  proposed  as  a  complement  to  the  classi¬ 
cal  investigation  of  the  structure  by  X-ray  diffraction 
(XRD).  The  possibilities  of  these  methods  are  illustrated 
with  examples  of  oxide  thin  films  (i.e.  Sn02,  Fe203  and 
Zr02)  prepared  by  means  of  the  ion  beam  induced  CVD 
(IBICVD)  procedure  [9].  These  thin  film  materials  are 
interesting  because  of  their  optical,  magneto-optical  and 
heat  resistance  applications  [10-12].  It  is  shown  that 
the  use  of  Ar^  ions  for  assisting  the  film  growth  has  a 
clear  influence  on  the  structure  of  the  films. 


2.  Experimental 

The  basic  principles  of  the  IBICVD  procedure  have 
been  discussed  previously  [9].  The  procedure  consists  of 
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bombarding  a  suitable  substrate  with  an  ion  beam  while 
a  flow  of  a  volatile  metal  precursor  is  directed  onto  its 
surface.  Typically,  ions  are  used  for  the  preparation 
of  oxide  thin  films,  although  synthesis  is  also  possible 
using  mixtures  of  ions  such  as  +  Ar^,  All  the  exam¬ 
ples  presented  in  this  paper  correspond  to  thin  film 
oxides  prepared  with  ion  kinetic  energies  of  400  eV  and 
beam  currents  at  the  sample  position  of 
^  100  pA  cm^^. 

The  present  paper  focuses  on  the  structural  effects  in 
thin  films  of  Fe203,  Sn02  and  Zr02  materials,  taken  as 
examples.  Surface  morphology  and  other  properties  of 
these  thin  Aims  will  not  be  discussed  here.  Nevertheless, 
it  is  worth  mentioning  that  all  the  films  were  dense  and 
presented  a  very  low  roughness.  No  significant  amount 
of  impurities,  such  as  C  or  Cl  atoms,  existing  in  the 
precursors,  were  incorporated  into  the  film  during  prepa¬ 
ration.  All  the  films  had  good  optical  properties  and 
presented  good  adhesion  to  the  substrate. 

XRD  spectra  were  recorded  using  Cu  Ka  radiation 
with  a  Siemens  D5000  diffractometer  at  an  incidence 
angle  of  0.5°  to  increase  the  sensitivity.  Films  were 
deposited  on  fused  quartz  or  silicon  wafers.  No  influence 
of  the  support  could  be  detected  by  XRD  for  the 
different  films.  Crystallite  size  was  determined  from  the 
XRD  pattern  using  the  Scherrer  formula. 

X-ray  absorption  spectra  at  the  Sn  Lj  and  Lm  edges 
of  Sn02  thin  films  were  recorded  using  synchrotron  light 
at  LURE,  Orsay  (France).  Monochromatisation  of  the 
light  was  carried  out  through  a  Si(lll)  double  crystal 
monochromator.  The  system  for  collecting  data  con¬ 
sisted  of  an  ionisation  chamber  in  front  of  the  sample 
to  monitor  the  incident  beam  and  a  conversion  electron 
yield  detector  [13].  XA  spectra  at  the  Fe  K-edge  of 
Fe203  samples  were  taken,  using  a  similar  set-up,  in  the 
SERC  synchrotron  at  the  Daresbury  Laboratory  (UK). 
Although  data  will  not  be  shown  here,  all  spectra  were 
first  treated  by  the  usual  procedures  consisting  of  extrac¬ 
tion  of  the  extended  X-ray  absorption  fine  structure 
(EXAFS)  oscillations,  Fourier  transformation  (FT)  and 
fitting.  A  systematic  analysis  of  the  spectra  has  also 
been  attempted  by  means  of  the  FEFF  code  [14].  This 
procedure  consists  of  simulating  the  EXAFS  and  the 
FT  curves  of  atom  clusters  representing  the  actual 
structure  of  the  studied  samples.  These  clusters  are 
typically  constructed  by  incorporating  successive  atom 
spheres  (cations  and  anions)  around  a  central  atom. 
Then,  the  EXAFS  oscillations  corresponding  to  these 
structures  are  simulated  by  calculating  and  averaging 
the  individual  EXAFS  curves  of  the  cation  atoms  within 
the  cluster.  Comparison  of  experimental  and  calculated 
curves  provides  a  way  to  define  the  cluster  whose 
structure  better  describes  the  experimental  results.  X-ray 
absorption  near-edge  structure  (XANES)  spectra  have 
been  treated  mathematically  by  means  of  the  mathemati¬ 
cal  method  of  factor  analysis  [15].  This  technique  has 


been  previously  used  to  assess  the  percentage  of  amor¬ 
phous  and  crystalline  components  contributing  to  the 
shape  of  experimental  XANES  spectra  of  Sn02  nanopar¬ 
ticles  [16]. 

IR  spectra  were  recorded  in  the  transmission  mode 
in  a  Nicolet  510  FT-IR  spectrometer  for  samples  grown 
on  KBr  pellets  or  silicon  substrates.  Apart  from  the 
total  transmission,  no  differences  were  observed  depend¬ 
ing  on  the  substrate  used  for  the  deposition  of  the  films. 


3.  Results  and  discussion 

In  this  paper  we  present  the  structural  characterisa¬ 
tion  of  several  oxide  thin  films  by  means  of  XRD,  XAS 
and  IR  spectroscopy.  We  have  focused  our  study  on  the 
following  issues:  determination  of  the  degree  of  amorphi- 
sation,  effect  of  ion  bombardment  on  crystal  nucleation 
and  subsequent  crystal  growth,  preferential  orientation 
of  crystallographic  axis  and  control  of  the  structure  by 
the  type  of  ion  species  used  for  the  preparation  of 
the  films. 

3.1.  Quantitative  evaluation  of  the  amorphisation  degree 
in  thin  films 

Fig.  1  shows  the  XRD  patterns  of  an  original  Sn02 
thin  film  prepared  at  room  temperature  and  of  this  film 
after  annealing  in  air  at  573  and  773  K  for  8  h.  From 
these  diagrams  it  can  be  determined  that  the  crystalline 


Fig.  1.  XRD  diagrams  of  a  Sn02  thin  film  prepared  by  IBICVD  at 
300  K  and  then  annealed  at  573  and  773  K.  The  diagram  of  a  reference 
sample  is  included  for  comparison. 
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domains  existing  in  the  original  and  773  K  annealed 
films  have  an  average  size  of  35  and  100  A,  respectively. 
Simultaneously,  the  height  of  the  diffraction  peaks 
increases  and  their  relative  intensity  changes  as  a  result 
of  the  annealing  treatments.  This  evolution  is  consistent 
with  a  progressive  crystallisation  of  the  film  with  the 
preferential  growth  of  certain  crystallographic  planes. 
However,  from  these  results  no  quantitative  estimation 
can  be  inferred  about  the  amorphisation  degree  of  the 
films.  On  this  point,  a  more  complete  structural  charac¬ 
terisation  is  furnished  by  XAS,  a  technique  that  proves 
the  local  order  around  a  given  atom.  Fig.  2  shows  the 
Sn  L,„  XANES  spectra  of  Sn02  thin  films  equivalent  to 
those  studied  above  by  XRD.  For  comparison,  the  figure 
also  shows,  as  a  reference,  the  spectrum  of  a  crystalline 
sample  of  Sn02  (cassiterite).  At  a  first  glance  it  appears 
that  the  XANES  spectra  of  the  original  sample  depict  a 
less  defined  shape  than  the  rest.  Calculation  by  FA  of 
an  ample  series  of  experimental  XANES  spectra  shows 
that  the  number  of  principal  components  (PCs)  that  by 
lineal  combination  reproduce  the  whole  set  is  two.  FA 
also  provides  a  way  to  determine  the  spectral  shape  of 
these  PCs.  Here,  one  of  these  two  PCs  was  equivalent 
in  shape  to  the  experimental  spectrum  of  the  Sn02 
reference  and,  therefore,  is  attributed  to  the  crystalline 
phase  existing  in  the  films.  The  other,  also  plotted  in 
Fig.  2,  had  no  direct  correspondence  with  any  of  the 
experimental  spectra  and  is  attributed  tentatively  to 
amorphous  Sn02.  As  shown  in  Fig.  2,  the  experimental 
spectra  are  well  reproduced  by  a  lineal  combination  of 
these  PCs.  The  partition  coefficient  of  these  two  compo- 
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Fig.  2.  Sn  L|i,  XANES  spectra  of  a  Sn02  thin  film  prepared  by  IBICVD 
at  300  K  and  then  annealed  at  573  and  773  K.  The  spectrum  of  a 
reference  sample  is  included  for  comparison.  Points:  experimental 
spectra.  Dashed  line  (displaced  with  respect  to  the  experimental 
curves):  spectra  calculated  by  FA.  Thin  line:  principal  components 
calculated  by  FA. 


nents  for  each  experimental  spectrum,  also  determined 
by  FA,  can  be  taken  as  a  measure  of  the 
amorphous/crystalline  contributions  to  the  structure  of 
the  films.  The  values  for  the  amorphous  component 
were  57,  29  and  10%  for  the  originai  and  the  573  and 
773  K  annealed  samples,  respectively.  So,  it  appears  that 
in  the  original  sample  there  is  a  majority  amorphous 
contribution  and  that  this  phase  decreases  with  the 
annealing  treatments. 

3.2.  Nucleation  and  growth  of  crystal  domains  in  thin 
films 

The  crystal  nuclei  formed  during  bombardment  of 
the  growing  film  must  have  being  created  in  tight 
association  with  the  atom  tracks  generated  by  the 
impinging  ions.  An  important  issue  is  the  description  of 
such  nuclei  in  terms  of  size,  atomic  structure,  etc.  Here, 
we  propose  a  simple  methodology  consisting  of  the 
analysis  of  the  experimental  EXAFS  spectra  and  FT 
curves  by  means  of  the  FEFF  methodology.  Fig.  3 (left) 
shows  the  FTs  of  a  reference  sample  and  Sn02  thin 
films  in  their  original  form  and  after  annealing  at  573 
and  773  K.  Fig.  3  (middle)  also  shows  several  FEFF 
simulations  of  increasingly  large  clusters  of  this  material 
with  the  cassiterite  structure.  These  clusters  are  built  by 
considering  successive  coordination  spheres  around  a 
central  atom  of  tin.  Comparison  of  the  calculated  and 
experimental  spectra  reveals  that  at  least  four-sphere 
clusters  are  necessary  to  reproduce  the  intense  peak  at 
R~3.1  A,  and  that  at  least  14-sphere  clusters  are 
required  to  reproduce  all  the  experimental  features 
appearing  for  7?  <  6  A.  The  evolution  of  the  experimental 
spectra  with  the  annealing  temperature  is  characterised 
by  a  relative  increase  of  the  features  between  2  and  5  A. 
It  is  also  worth  noting  that  these  peaks  at  R<6  A 
already  exist,  although  with  very  small  intensity,  in  the 
as-deposited  film.  So,  it  can  be  concluded  that  in 
the  original  films  there  are  already  small  crystallites 
reproducing  the  cassiterite  structure  and  that  the  mini¬ 
mum  size  of  these  crystallites  is  equivalent  to  that  of 
14-sphere  clusters  (i.e.  ~12A,  a  value  that  is  smaller 
than  the  size  of  35  A  determined  by  XRD  for  the 
crystalline  domains  existing  in  this  sample).  Moreover, 
it  can  be  deduced  that  no  order  beyond  the  second/third 
sphere  exists  in  the  amorphous  component,  otherwise 
the  very  intense  peak  at  ~3.6  A  appearing  for  the  four- 
sphere  cluster  would  be  more  intense  in  the  spectrum  of 
the  original  sample.  A  good  description  of  this  amor¬ 
phous  component  is  a  cluster  formed  by  an  atom  of  tin 
surrounded  by  just  one  coordination  sphere  of  oxygen 
atoms  (i.e.  no  order  at  a  scale  larger  than  the  first  Sn- 
O  distance  would  exist  in  that  structure  as  described 
above).  Fig.  3 (right)  shows  that  the  best  agreement  of 
the  relative  intensities  of  the  peaks  in  the  experimental 
FTs  of  the  original  and  773  K  annealed  samples  is 
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Fig.  3.  (Left)  Experimental  FT  curves  of  the  Sn02  thin  film  prepared  by  IBICVD  at  300  K  and  then  annealed  at  573  and  773  K;  the  curve  of  a 
reference  sample  is  included  for  comparison.  (Middle)  FT  curves  calculated  with  the  FEFF  code  for  clusters  of  increasing  size  reproducing  the 
cassiterite  structure  of  Sn02.  (Right)  Analysis  of  experimental  spectra  as  lineal  combinations  of  FEFF  curves:  LC1=0.6  (one-sphere) +  0.4 
(14-spheres).  LC2  =  0.2  (one-sphere) +  0.8  (14-spheres). 


obtained  by  lineal  combinations  of  the  FEFF  curves  of 
one-sphere  and  14-sphere  clusters.  By  analysis  of  the 
XANES  spectra  it  has  been  shown  that  in  the  original 
films  there  is  a  57%  contribution  of  an  amorphous 
phase.  From  the  FEFF  analysis  it  also  results  that 
annealing  increases  the  relative  contribution  of  the  crys¬ 
talline  component  from  about  a  40%  in  the  ‘as-deposited’ 
sample  to  80%  in  the  sample  annealed  at  773  K,  in  good 
agreement  with  the  values  deduced  above  from  the  FA 
analysis  of  the  XANES  spectra. 

3,3.  Amorphisation  and  crystal  orientation 

The  previous  analysis  has  stressed  the  importance  of 
amorphisation  phenomena  in  thin  films  prepared  by  ion 
beams  and  how  XAS  can  be  used  to  study  such  pro¬ 
cesses.  Now  we  would  like  to  illustrate  the  possibilities 
of  a  more  conventional  technique  such  as  IR  to  get 
structural  information  from  thin  films.  Typically,  IR  is 
used  on  a  ‘fingerprint’  basis  for  the  characterisation  of 
thin  films.  However,  a  systematic  analysis  of  IR  spectra 
may  also  provide  a  deep  insight  into  their  structure.  In 
particular,  it  is  well  known  that  IR  spectra  of  a  film 
contain  information  not  only  on  the  crystalline  structure 
but  also  on  the  orientation  of  the  crystallographic  axis 
with  respect  to  the  film  surface  [17-20].  Fe203  thin  films 
prepared  by  IBICVD  were  analysed  by  FT-IR.  Fig.  4 
shows  a  series  of  IR  spectra  for  thin  films  prepared  at 
room  temperature  and  after  annealing  at  773  K.  Two 
sets  of  samples  have  been  studied,  the  first  one  prepared 
using  O2  for  decomposition  of  the  precursor  and  depos¬ 
ition  of  the  film  and  the  second  using  a  mixture 
O2  +Ar'^.  The  IR  spectrum  of  the  sample  prepared 
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Fig.  4.  FT-IR  spectra  of  Fe203  thin  films  prepared  by  IBICVD  using 
O2  or  mixtures  O2  +Ar'’'  for  their  synthesis.  Spectra  are  shown  for 
samples  ‘as-prepared’  and  after  annealing  at  573  and  773  K. 


with  presents  three  intense  bands  at  295,  433  and 
523  cm  that  can  be  related  to  Eu  {Efc)  vibrational 
modes  of  hematite  (Table  1). 

It  should  be  noted  that  although  the  A2u  (£'|lc) 
modes  of  hematite  lie  at  frequencies  close  to  those  of 
two  Eu  modes  (i.e.  299  and  526  cm" ^),  the  relative 


Table  1 

IR  transverse  modes  for  a-Fe203  taken  from  Ref.  [21] 


Symmetry 

Vj  (cm  ^) 

Eu  (EXc) 

524,  437,  286,  227 

A2u  (Elk) 

526,  299 
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intensity  of  the  bands  observed  for  the  O2  prepared 
sample  is  consistent  with  that  expected  for  the  Eu  modes 
[22],  thus  suggesting  that  the  A2u  modes  do  not  contrib¬ 
ute  significantly  to  the  spectra.  In  an  experiment  of  this 
kind,  only  the  IR  transverse  modes  parallel  to  the  film 
surface  can  be  observed  at  normal  incidence  of  the 
radiation.  Thus,  since  the  Eu  modes  vibrate  perpendicu¬ 
lar  to  the  c-axis  of  hematite,  the  presence  of  these  modes 
in  the  absorption  spectrum  indicates  that,  in  this  case, 
the  crystal  c-axis  is  preferentially  oriented  perpendicular 
to  the  film  surface.  The  enhancement  of  the  intensity  of 
the  (110)  diffraction  peak  with  respect  to  the  powder 
pattern  agrees  with  this  preferential  orientation  of  the 
c-axis  (Fig.  5).  Annealing  of  the  film  at  773  K  yields  a 
spectrum  with  only  the  Eu  bands,  which  become  sharper 
after  this  treatment.  This  suggests  a  progressive  crystalli¬ 
sation  of  the  structure.  A  similar  conclusion  can  be 
derived  from  the  width  and  intensity  of  the  XRD  peaks 
of  the  pattern  for  these  samples  in  Fig.  5.  The  use  of 
O2  -HAr”^  mixtures  for  the  synthesis  of  the  films  pro¬ 
duces  dramatic  changes  in  their  structure.  In  fact,  the 
IR  spectrum  of  the  original  film  in  Fig.  4  is  characterised 
by  a  broad  band  at  553cm  *  and  an  even  broader 
structure  between  250  and  400  cm~^.  Since  the  XRD 
diagram  of  this  film  does  not  present  any  peak  (cf. 
Fig.  5),  it  can  be  concluded  that  the  IR  spectrum  in 
Fig.  4  might  respond  to  a  badly  ordered  phase. 
Rutherford  backscattering  (RBS)  analysis  of  the 
samples  reveals  that  all  of  them  have  an  Fe203  stoichi¬ 
ometry,  the  sole  difference  in  composition  being  the  fact 
that  in  the  O2  -I-  Ar  ^  prepared  samples  there  are  4%  of 
Ar  atoms  distributed  homogeneously  through  the  whole 
thickness.  So,  it  appears  that  the  Ar  atoms,  incorporated 


within  the  lattice  during  bombardment,  constitute  lattice 
defects  that  contribute  to  the  amorphisation  of  the 
structure  in  the  original  sample.  RBS  also  showed  that 
Ar  remains  incorporated  upon  annealing.  XRD  analysis 
of  the  annealed  O2  -I- Ar"^  sample  shows  the  appearance 
of  a  limited  set  of  well-defined  diffraction  peaks  of 
hematite  (cf.  Fig.  5).  The  almost  complete  disappearance 
of  the  (110),  (116)  and  (300)  reflections  from  this 
pattern  might  be  due  to  the  incorporation  of  Ar  in 
positions  of  those  planes,  a  phenomenon  that  would 
lead  to  the  loss  of  diffraction  coherence  along  the 
corresponding  crystallographic  directions.  However,  fur¬ 
ther  work  is  needed  to  prove  this  assumption.  After 
annealing  at  773  K,  IR  shows  that  the  amorphous  phase 
of  the  original  sample  renders  the  a-Fe203  phase  with 
the  c-axis  preferentially  oriented  perpendicular  to  the 
film  surface  (cf.  Fig.  4). 

Further  structural  characterisation  of  the  Fe203  thin 
films  can  be  obtained  by  means  of  XAS.  Fig.  6  shows 
the  FT  curves  of  the  samples  already  studied  by  IR  and 
XRD,  as  well  as  the  results  of  an  analysis  with  the 
FEFF  code  similar  to  that  previously  carried  out  for 
the  Sn02  thin  films.  The  most  significant  effect  in  the 
experimental  spectra  is  the  relative  change  in  intensity 
of  the  peak  at  R  ~  3  A,  in  particular  for  the  original 
+  Ar  sample  where  this  peak  depicts  the  minimum 
intensity.  FEFF  calculations  with  an  increasing  number 
of  coordination  spheres  show  a  progressive  increase  of 
the  second  peak  that  reaches  its  maximum  intensity  for 
seven-sphere  clusters.  Comparison  of  experimental  FT 
and  calculated  FEFF  curves  confirms  that  the 
O2  -t-Ar'*'  sample  is  poorly  ordered  even  at  the  second 
coordination  sphere,  since  the  relative  intensity  of  the 


Fig,  5.  XRD  patterns  of  Fe^Oj  thin  films  prepared  by  IBICVD  using  Ot  or  mixtures  Oj""  +  Ar^  for  their  synthesis.  Spectra  are  shown  for  samples 
‘as-prepared’  and  after  annealing  at  573  and  773  K.  Powder  patterns  are  also  included  for  comparison. 
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Fig.  6.  (Left)  FT  curves  for  Fe203  thin  films  prepared  by  IBICVD 
using  O2  or  mixtures  O2  +Ar^  and  then  annealed  at  773  K.  FTs 
calculated  with  the  FEFF  code  for  clusters  of  increasing  size  reproduce 
the  structure  of  hematite. 

second  peak  is  smaller  than  in  the  two-sphere  FEFF 
simulation.  An  additional  conclusion  from  these  results 
is  that,  in  the  original  sample  prepared  with  O2  ions 
and  the  two  annealed  samples,  the  crystal  structure  has 
already  reached  a  local  order  similar  to  that  existing  in 
bulk  a-Fe203,  since  the  second  peak  in  the  FT  curves 
depicts,  in  all  cases,  a  similar  intensity.  This  result  is 
consistent  with  the  IR  and  XRD  data  and  discards  the 
existence  of  an  amorphous  phase  in  these  samples  (cf. 
Fig.  4  and  5). 

3.4.  Type  of  ion  species  and  control  of  crystal  structure 

In  the  experiments  described  above  with  Fe203  thin 
films  it  has  been  shown  that,  by  using  a  mixture 


O2  +Ar^,  the  crystallographic  structure  of  the  films 
was  badly  ordered.  So,  it  could  be  interesting  to  check 
whether  similar  phenomena  are  also  produced  in  other 
systems.  Zr02  in  the  form  of  thin  films  is  a  very 
interesting  material  for  many  applications  [11,23].  As 
bulk  material  it  was  one  of  the  first  reported  systems 
where  crystallisation  was  induced  by  Ar  ^  bombardment 
[8].  The  possibility  of  obtaining  different  crystallo¬ 
graphic  phases  in  Zr02  thin  films  subjected  to  ion 
bombardment  was  already  reported  by  Martin  [24].  So, 
we  have  studied  the  structure  of  Zr02  thin  films  prepared 
by  IBICVD  using  O2  or  mixtures  H- Ar^.  As  in  the 
previous  case  with  Fe203,  it  was  found  that  ca.  4%  Ar 
remained  incorporated  within  the  Zr02  lattice  when  the 
films  were  prepared  with  the  mixture  of  ions.  Here,  this 
particular  experimental  procedure  also  had  a  dramatic 
influence  for  the  control  of  the  structure.  Fig.  7  shows 
XRD  patterns  of  thin  films  prepared  with  O;^  or  mix¬ 
tures  02^+Ar'^  for  the  'as-deposited’  films  and  after 
annealing  at  increasingly  higher  temperatures.  For  the 
02^-"Zr02  sample  the  patterns  reveal  the  existence  of  at 
least  two  phases:  monoclinic  and  cubic  or  tetragonal.  It 
is  worth  mentioning  that  conventional  XRD  is  unable 
to  distinguish  between  these  latter  two  phases  due  to 
the  similarity  of  their  patterns.  Annealing  leads  to  a 
relative  increase  of  the  monoclinic  phase,  a  process  that 
increases  with  the  annealing  temperature.  Simul¬ 
taneously,  the  peaks  become  narrower,  a  fact  which  is 
consistent  with  a  progressive  crystallisation  of  the  lattice. 
On  the  contrary,  for  (O2  +Ar^)-Zr02  films  the  XRD 
pattern  of  the  ‘as-deposited’  and  the  sample  annealed  at 
573  K  only  depict  two  broad  structures  at  diffraction 
angles  which  might  indicate  the  existence  of  a  badly 
ordered  cubic  or  tetragonal  structure  of  Zr02.  After 


Fig.  7.  XRD  patterns  of  Zr02  thin  films  prepared  by  IBICVD  using  OJ  or  mixtures  O2  -HAr"^.  Patterns  are  shown  for  samples  ‘as-prepared’  and 
after  annealing  at  573  and  773  K. 
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Fig.  8.  FT-IR  spectra  of  ZrO,  thin  films  prepared  by  IBICVD  using  02^  or  mixtures  02^  +Ar"'.  Spectra  are  shown  for  samples  ‘as-prepared’  and 
after  annealing  at  573  and  773  K. 


annealing  at  773  K  a  relatively  more  defined  diffraction 
pattern  appears,  consistent  with  the  cubic  or  tetragonal 
phases.  It  is  interesting  to  note  that,  for  the  sample 
annealed  at  773  K,  the  observed  peaks  depict  different 
broadening,  indicating  that  some  planes  have  less  crys¬ 
talline  order  than  others.  As  in  the  previous  case  with 
F2O3,  in  this  sample  Ar  remained  incorporated  within 
the  lattice  after  annealing,  a  phenomenon  that  could 
account  for  the  different  crystalline  order  according  to 
each  crystallographic  direction. 

IR  spectroscopy  can  be  used  for  a  more  accurate 
description  of  the  structure  of  Zr02  thin  films.  Fig.  8 
shows  IR  spectra  for  the  samples  whose  XRD  patterns 
are  shown  in  Fig.  7.  Typical  frequencies  of  the  transverse 
vibrational  modes  of  the  Y2O3  stabilised  cubic  and 
tetragonal  phases  of  Zr02  are  reported  in  Table  2. 

By  comparison  of  our  spectra  with  the  reported 
values,  it  is  clear  that  after  annealing  at  T>513  K  the 
(O2  +Ar'^)-Zr02  sample  has  a  tetragonal  structure.  In 
the  original  sample  the  corresponding  IR  spectrum  only 
displays  a  broad  band  at  ^^400  cm  which  could  be 
attributed  to  the  Flu  mode  of  a  badly  ordered  cubic 
phase.  The  IR  spectra  of  the  O2 -Zr02  films  are  charac¬ 
terised  by  several  bands  that  become  sharper  when  the 
annealing  temperature  increases.  According  to  XRD 


Table  2 

IR  vibrational  modes  for  tetragonal  and  yttria  stabilised  cubic  Zr02 
taken  from  Ref.  [25] 


Phase 

Symmetry 

Vt  (cm  ') 

Tetragonal 

Eu  (£*lr) 

164,  467 

A2u  (E\\c) 

339 

Yttria  stabilised  cubic 

Flu 

358 

these  new  bands  must  correspond  to  some  of  the  15 
vibrational  modes  of  the  monoclinic  phase  of  Zr02  [26]. 
It  should  be  noted  that  hidden  by  this  sharp  pattern  in 
Fig.  8  there  must  be  the  broader  features  corresponding 
to  the  tetragonal  Zr02  phase  observed  by  XRD.  These 
bands  would  contribute  to  the  intensity  of  the  spectrum 
in  the  zone  around  v^434  cm“^  (i.e.  at  the  position  of 
the  maximum  of  the  spectrum  of  the  tetragonal  phase), 
thus  modifying  the  relative  intensities  of  the  bands  of 
the  monoclinic  phase. 

Stabilisation  at  low  temperature  of  the  cubic  or 
tetragonal  phase  of  Zr02  ceramic  materials  without 
doping  with  cations  such  as  Ca^”^,  etc.  is  possible 
when  the  particles  have  a  small  size  ((7^^300  A)  [27]. 
However,  although  a  particle  size  effect  cannot  be  dis¬ 
carded  here,  the  fact  that  a  similar  effect  is  not  found 
by  bombardment  with  ions  suggests  that  the  main 
cause  leading  to  the  stabilisation  of  the  cubic  or  tetra¬ 
gonal  phases  is  the  incorporation  of  Ar  within  the 
Zr02  structure  (in  principle  no  differences  in  particle 
size  should  be  expected  for  the  samples  prepared  under 
or  -j-Ar"^  bombardment).  Crystallisation  of 
Zr02  thin  films  by  ion  bombardment  was  already 
reported  by  Martin  [24],  although  this  author  only 
reported  the  formation  of  the  monoclinic  and  cubic 
phases,  perhaps  because  for  his  study  he  only  used 
XRD.  Our  results  show  that  the  combined  use  of  XRD 
and  IR  is  a  more  powerful  approach  for  the  structural 
characterisation  of  thin  films. 


4.  Conclusions 

From  the  previous  results  and  discussion,  it  appears 
that  a  deeper  understanding  of  the  amorphisation  pro- 
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cesses  induced  in  thin  films  prepared  by  ion  beam 
assisted  methods  is  possible  by  applying  characterisation 
procedures  other  than  XRD.  It  has  been  shown  that  the 
degree  of  amorphisation  of  Sn02  thin  films  can  be 
estimated  by  FA  of  their  XANES  spectra.  Furthermore, 
a  description  (i.e.  size,  type  of  atom  structure,  etc.)  of 
the  crystal  nuclei  formed  in  these  films  during  bombard¬ 
ment  is  possible  by  analysing  the  EXAFS  spectra  with 
the  FEFF  code.  The  obtained  data  are  congruent  with 
those  provided  by  XRD  with  respect  to  the  evaluation 
of  the  size  of  the  crystal  domains  existing  in  these  films. 
However,  a  significant  advantage  of  the  proposed  meth¬ 
odology  is  that  it  proves  the  existence  of  an  amorphous 
phase,  which  cannot  be  inferred  by  XRD. 

IR  spectroscopy  can  be  used  to  characterise  structur¬ 
ally  thin  films.  A  careful  analysis  in  terms  of  vibrational 
modes  of  the  lattice  can  serve  to  get  information  about 
preferential  orientations  of  crystal  axes  and  their  depen¬ 
dence  on  the  preparation  parameters  of  the  films.  Thus, 
we  have  shown  that  in  Fe203  thin  films  prepared  by 
IBICVD  the  atoms  are  arranged  as  in  an  a-Fe203  phase 
with  different  degrees  of  amorphisation  and  a  preferen¬ 
tial  orientation  of  the  crystallographic  c-axis  with  respect 
to  the  film  surface. 

Finally,  it  has  been  shown  that  Ar  may  become 
incorporated  within  the  lattice  network  of  thin  film 
oxides  prepared  by  ion  beam  assisted  methods.  The 
incorporated  atoms  of  Ar  have  a  strong  influence  in 
enhancing  the  amorphisation  degree  of  the  lattice  and 
favouring  the  development  of  certain  crystallographic 
structures.  Examples  of  these  effects  are  discussed  for 
Fe203  and  Zr02  thin  films  prepared  by  IBICVD.  IR 
has  proved  to  be  a  valuable  technique  to  characterise 
the  different  phases  of  Zr02. 
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Abstract 

A  study  of  the  relationship  between  structure  and  growth  parameters  for  existing  and  candidate  carbon-based  protective 
coatings  has  been  carried  out.  In  particular,  diamond-like  carbon  (DLC)  and  carbon  nitride  thin  films  were  deposited  on  silicon 
wafers  by  pulsed  Nd:YAG  laser  (wavelength  532  nm)  ablation  of  graphite  in  high  vacuum  (/7  =  1.5  x  10"”^  Pa)  and  in  a  nitrogen 
atmosphere  (/7=13  Pa).  The  composition  (N/C  ratio),  the  structural  and  electronic  properties  and  the  surface  morphology  of  the 
deposited  films  were  investigated  as  a  function  of  laser  fluence  (1“12  J/cm^).  The  highest  N/C  ratio  0.40  was  obtained  with  a  laser 
fluence  of  12  J/cm^;  for  this  nitrogen  concentration  X-ray  photoelectron  spectroscopy  (XPS)  reveals  an  increase  of  C—N  bonds 
instead  of  C=N  bonds  with  respect  to  lower  concentrations. 

Electron  energy  loss  spectroscopy  (EELS)  and  XPS  show  an  increase  of  sp^  carbon  bonded  sites  in  the  DLC  films  deposited 
with  lower  laser  fluences  in  agreement  with  the  theory  of  the  so-called  sub-implantation  model.  EELS  also  reveals  a  gradient  in 
the  chemical  nature  of  the  films  through  the  thickness.  Atomic  force  microscopy  analysis  shows  that  the  root-mean-squared 
roughness  of  the  DLC  samples  is  about  3  A  over  the  laser  fluence  range  investigated.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  AFM;  CN,.  films;  Diamond-like  carbon  films;  EELS;  Pulsed  laser  deposition;  XPS 


L  Introduction 

Amorphous  carbon  films  with  diamond-like  proper¬ 
ties  are  good  materials  for  a  wide  range  of  technological 
applications.  In  particular,  diamond-like  carbon  (DLC) 
films  are  currently  used  in  the  production  of  hard 
coatings  because  of  their  extreme  hardness,  chemical 
inertness  and  excellent  tribological,  corrosion  and  adhe¬ 
sive  properties.  However,  a  tendency  toward  CN^.  films 
in  carbon  coatings  is  taking  place  because  of  improved 
wear  durability,  lower  coefficient  of  friction,  and  com¬ 
patibility  with  existing  lubricants  [1]. 

DLC  and  CN^.  films  have  been  grown  using  difTerent 
methods,  mainly  sputter  deposition,  cathodic  arc,  direct 
ion  beam  deposition  [2]  and  pulsed  laser  deposition 
(PLD).  This  last  method  is  particularly  interesting 
because  of  the  high  adhesion  and  low  substrate  temper¬ 
ature  during  film  growth  [3]. 
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There  still  exist  several  unanswered  questions  regard¬ 
ing  how  the  process  of  growth  influences  the  resulting 
structure  in  DLC  and  CN^  films.  All  these  films  usually 
contain  a  mixture  of  carbon  sites  characterized  by 
‘diamond’  sp^,  ‘graphite’  sp^  and,  to  a  lesser  extent, 
sp^  hybrid  configurations.  The  improvement  of  the 
quality  of  the  films  such  as  hardness  is  strictly  correlated 
with  the  increase  of  the  sp^  concentration  in  the  films. 
An  important  parameter  characterizing  the  films  pre¬ 
pared  under  difTerent  depositions  conditions  is,  hence, 
the  sp^/sp^  ratio. 

Since  nitrogen  is  a  weak  dopant  in  carbon,  techniques 
like  core-level  analysis  are  required  to  establish  the 
chemical  bond  of  nitrogen  with  carbon.  In  this  paper 
X-ray  photoelectron  spectroscopy  (XPS),  electron 
energy  loss  spectroscopy  (EELS),  and  atomic  force 
microscopy  (AFM)  are  used  to  investigate  how  the  laser 
fluence  changes  the  structural,  electronic  and  morpho¬ 
logical  properties  of  DLC  and  CN^  films  grown  with 
PLD. 
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2.  Experimental 

DLC  and  films  were  deposited  in  the  PLD 
system  shown  in  Fig.  1.  This  system  consists  of  an 
ultrahigh  vacuum  (UHV)  chamber  with  a  base  pressure 
of  1.5x10“^  Pa,  a  Q-switched  Nd:YAG  laser  with  a 
wavelength  of  532  nm,  a  pulse  duration  of  20  ns  and  a 
frequency  of  10  Hz.  The  distance  between  the  target  and 
the  substrate  was  3  cm.  The  laser  beam  was  moved  by 
an  oscillating  mirror  attached  to  two  loudspeakers  in 
order  to  provide  each  pulse  with  a  fresh  surface.  Much 
attention  was  paid  to  measuring  the  power  of  the  laser 
on  the  target,  while  the  laser  spot  on  the  target  was 
determined  from  a  scanning  electron  microscope  image 
of  the  hole  left  on  the  target  by  the  laser.  The  laser 
fluence  so  measured  ranged  from  1  to  35  J/cm^.  During 
the  growth  of  CN^  films  we  used  a  nitrogen  pressure  of 
13  Pa.  Silicon  wafers,  cleaned  with  acetone,  were  used 
as  substrates.  XPS  and  EELS  were  used  to  characterize 
the  electronic  and  structural  properties  of  the  deposited 
thin  films.  Core  levels  were  measured  using  an  Al  Kot 
1486  eV  X-ray  source.  Charging  effects  were  not 
observed  on  the  samples  during  measurements.  The 
resulting  experimental  resolution,  including  the  width  of 
the  X-ray  line  and  the  energy  resolution  of  the  analyzer, 
is  about  1.1  eV.  The  Si2p  core  level  of  an  uncovered 
part  of  the  silicon  substrate  was  used  to  calibrate  the 
scale  of  binding  energies  (BEs),  whereas  to  calculate  the 
chemical  composition  at  the  surface  we  used  standard 
sensitivity  values.  EELS  measurements  were  performed 
using  an  EG5  VSW  Scientific  Instruments  electron  gun. 
The  energy  losses  were  studied  in  the  range  from  zero 
loss  (at  primary  electron  energy)  up  to  50  eV  loss.  The 
energy  resolution  as  deduced  from  the  width  of  the 
primary  peak  is  2  eV.  For  both  XPS  and  EELS  measure¬ 
ments  we  utilized  a  hemispherical  analyzer.  A  Digital 
Instruments  Nanoscope  III  atomic  force  microscope 
operating  in  the  tapping  mode  was  utilized  to  measure 
the  surface  roughness  of  the  deposited  films.  A  DEK 
TEK  profilometer  was  used  to  measure  the  thickness  of 
the  samples.  The  average  thickness  of  the  deposited 
films  is  100  nm.  The  growth  rate  changes  significantly 


Fig.  1.  The  experimental  set-up  for  growth  of  the  films.  Ml  and  M2 
are  mirrors  and  LI  is  a  lens. 


with  the  laser  fluence,  going  from  200  A/min  for 
/l  =  35  J/cm^  to  6  A/min  for  4  =  1  J/cm^.  All  the  charac¬ 
terizations  were  performed  ex  situ.  The  O  Is/C  Is  inten¬ 
sity  ratio,  evaluated  by  taking  into  account  the  O  Is  and 
C  Is  sensitivity  factors,  is  0,03  for  all  the  DLC  samples 
and  0.1  for  the  CN^,.  samples. 


3.  Results  and  discussion 

Fig.  2(a)  and  (b)  shows  the  C  Is  core-level  XPS 
spectra  of  two  DLC  samples  grown  with  two  different 
laser  fluences:  12  J/cm^  and  1  J/cm^  respectively.  The 
full-width  at  half-maximum  of  both  our  samples  is  about 
1.8  eV.  The  C  Is  core-level  shifts  by  0.6  eV  towards 
lower  energies  in  the  sample  grown  with  lower  laser 
fluence,  A  quantitative  indication  of  the  population  ratio 
between  sp^  and  sp^  hybridization  can  be  evaluated  by 
fitting  the  C  Is  core-level  spectra  with  two  components 
[4].  The  first  one  at  lower  BE  is  related  to  sp^  hybridiza¬ 
tion,  the  second  one  to  sp^  hybridization.  This  is  in 
accordance  with  the  shift  of  0.9  eV  between  the  C  Is 
core  levels  of  diamond  and  graphite  [5].  Each  compo¬ 
nent  is  a  convolution  of  a  Gaussian  and  a  Lorentzian 


Binding  Energy 

Fig.  2.  C  Is  XPS  spectra  of  two  DLC  films  grown  with  fluences  of  (a) 
12  and  (b)  1  J/cm^.  The  subtracted  Shirley  background  and  the  compo¬ 
nents  in  which  the  spectra  have  been  decomposed  are  shown.  The 
resulting  fit  is  superimposed  on  the  data. 
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and  a  Shirley  background  is  subtracted.  The  Gaussian 
component  accounts  for  the  instrumental  broadening 
and  the  chemical  disorder,  and  the  Lorentzian  accounts 
for  the  finite  core  hole  lifetime  of  the  photoionization 
process.  The  Lorentzian  lifetime  is  fixed  in  both  compo¬ 
nents  as  215  meV  [4].  Because  of  the  semi-metallic 
character  of  the  graphite  the  sp^  component  is  fitted 
including  the  Doniac-Sunjic  function.  The  asymmetry 
parameter  for  the  C  Is  of  graphite  was  set  at  0.14  in 
agreement  with  the  literature  [4].  The  C  Is  spectra  were 
fitted  with  five  parameters:  the  BE  and  the  Gaussian 
width  of  each  component  and  the  singularity  index  for 
the  sp^  component.  The  Gaussian  widths  were 
1.25  +  0.05  eV  for  all  the  resulting  components  and  the 
singularity  index  results  were  0.16  +  0.02,  in  agreement 
with  values  in  literature  [4].  This  Gaussian  width  is 
larger  then  the  width  predicted  by  the  instrumental 
broadening  of  1.1  eV.  This  further  broadening  is  proba¬ 
bly  due  to  the  chemical  disorder  and  to  the  phonon 
broadening.  The  components  related  to  sp^  and  sp^ 
hybridizations  result  in  each  sample  being  shifted  by 
0.9  +  0.05  eV,  in  agreement  with  previous  results  [5].  We 
remark  that  changes  of  the  free  fitting  parameters  within 
reasonable  ranges  do  not  affect  the  overall  conclusions 
drawn  in  this  paper.  Our  analysis  shows  that  the  sample 
grown  with  higher  laser  fluence  has  53%  sp^,  whereas 
the  other  sample  has  34%  sp^. 

The  decrease  of  sp^  hybrid  carbon  atoms  in  the 
sample  grown  with  higher  laser  fluences  is  also  confirmed 
by  EELS.  In  Fig.  4  the  EELS  spectra  of  the  same  two 
samples  normalized  at  the  intensity  of  the  elastic  peak 
are  shown.  The  first  peak  at  about  6  eV,  called  the 
Tt-plasmon  peak,  is  related  to  n  electrons;  it  is  not 
present  in  a  pure  sp^^  configuration,  whereas  it  is  present 
at  6.6  eV  in  the  graphite  [6].  The  second  peak  at  about 
28  eV  is  related  to  a  +  7i  electrons  [6].  This  peak  is 
located  at  about  27.6  eV  in  graphite  and  at  33  eV  in 
diamond  [6].  The  energy  of  this  plasmon  excitation  is 
predicted  by  the  free  electron  model  to  be  equal  to  [6]: 


(Up 


(1) 


where  is  the  electron  density  of  the  material  and  m* 
and  e  are  the  electronic  effective  mass  and  charge 
respectively.  From  Fig.  3  it  is  evident  that  there  is  a 
decrease  in  intensity  of  the  Ti-plasmon  peak  in  the  sample 
grown  with  higher  laser  fluences.  These  results  indicate 
a  decrease  of  sp^  sites  in  this  sample  with  respect  to  the 
other  one.  XPS  and  EELS  experimental  results  on  DLC 
films  are  in  accord  with  the  sub-implantation  model  [7] 
taking  into  account  that  the  laser  fluence  growth  changes 
almost  linearly  with  the  energy  of  the  carbon  ions  [8]. 
This  model  indicates  for  carbon  ion  energies  greater 
then  30  eV  a  low  density  sp^-rich  surface  layer  below 
which  a  dense  sp^-rich  layer  develops,  whereas  for 
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Fig.  3.  EELS  spectra  of  two  DLC  films  grown  with  fluences  of  1  and 
12  J/cm“. 

energies  lower  then  30  eV  one  obtains  just  an  sp^-rich 
film. 

The  possibility  of  an  inhomogeneous  pattern  of  prop¬ 
erties  as  a  function  of  depth  was  explored  by  exploiting 
the  energy-dependent  electron  mean  free  path  of  the 
primary  electron  beam  in  EELS.  In  Fig.  4  we  report 
some  EELS  spectra  normalized  at  the  intensity  of  the 
elastic  peak  for  three  different  primary  energies:  2057, 
993.2,  617.2  eV.  From  Fig.  4  it  is  possible  to  observe  the 
growth  of  the  7i-plasmon  peak  and  the  shift  of  almost 
2  eV  of  the  cr  +  tc  plasmon  peak  for  the  lowest  primary 


Fig.  4.  EELS  spectra  of  a  DLC  film  for  different  primary  energies.  The 
spectra  are  shifted  on  the  v-axis. 
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Fig.  5.  C  Is  core-level  spectra  of  two  CN^  films  with  C/N  =  0.30-0.40, 

energy,  suggesting  the  presence  of  a  very  thin  sp^  layer 
at  the  surface. 

The  N/C  ratio  of  the  deposited  thin  films  was  mea¬ 
sured  by  XPS.  The  N/C  ratio  is  0.30  for  a  laser  fluence 
of  5  J/cm^  and  0.40  for  12  J/cm^.  Figs.  5  and  6  show  the 
XPS  C  Is  and  the  N  Is  spectra  of  two  CN^.  films  with 
varying  nitrogen  content.  The  C  Is  peak  broadens  and 
becomes  more  asymmetric  with  increasing  nitrogen  con¬ 
centration.  These  effects  are  a  clear  indication  that 
nitrogen  atoms  are  involved  in  chemical  bonds  with 
carbon  in  three  possible  distinct  chemical  states:  C~N, 
C=N,  C=N  bonds.  A  clear  image  of  the  possible 
chemical  bonds  between  nitrogen  and  carbon  can  be 
deduced  from  the  deconvolution  of  the  individual  C  Is 
and  N  Is  lines  into  Gaussian  lineshapes  [1].  The  best 
Gaussian  fits  to  the  XPS  lines  resulted  in  four  different 
peaks  for  the  C  Is  line  and  three  peaks  for  the  N  Is  line. 
Fig.  5  shows  the  deconvolution  of  peak  C  Is  of  the 
sample  with  the  ratio  N/C  =  0.4.  The  deconvoluted 


Fig.  6.  N  Is  core-level  spectra  of  two  films  with  C/N  =  0.30-0.40. 


spectrum  exhibits  peaks  at  284.7  eV  (A),  285.9  eV  (B), 
287.1  eV  (C)  and  289.17  eV  (D)  that  are  attributed  to 
C— C,  C^N,  C— N  or  C=N,  and  C— O  bonds,  respec¬ 
tively  [1].  Likewise,  the  deconvolution  of  the  N  Is  line 
for  the  same  sample,  shown  in  Fig.  6,  gives  three  peaks 
at  399.6  eV  (A),  401.3  eV  (B),  and  402.1  eV  (C)  which 
are  assigned  to  C™N  or  C=N,  C=N  and  N~”0  bonds, 
respectively  [9].  These  values  agree  quite  well  with 
organic  polymers  containing  nitrogen  [1].  Pyridine 
(C^N,  sp^  hybridization)  has  a  C  Is  BE  at  285.5  eV 
and  an  N  Is  BE  at  400.6  eV.  Urotropine  or  HMTA 
(C““N,  sp^  hybridization)  exhibits  a  C  Is  BE  at  286.9  eV 
(287.3  eV  for  HMTA)  and  an  N  Is  BE  at  399.4  eV. 
Polyacrylonitrile  (C=N,  sp)  has  a  C  Is  BE  at  286.4  eV 
and  an  N  Is  BE  at  399.6  eV.  From  Fig.  5  it  is  evident 
that  the  sample  with  higher  nitrogen  content  (N/C  = 
0.4)  has  a  greater  contribution  coming  from  peak  C, 
which  is  related  to  sp  or  sp^  hybridization.  Also,  the 
N  Is  spectra  in  Fig.  6  show  that  this  film  has  a  large 
contribution  from  peak  A,  which  is  related  to  sp  or 
sp^  hybridization.  This  contribution  clearly  decreases  in 
favor  of  a  greater  contribution  coming  from  peak  B 
related  to  C=N  bonds  in  the  sample  with  lower  nitrogen 
content  (N/C  =  0.3).  There  still  exists  debate  in  the 
literature  on  whether  the  deconvoluted  peaks  from  the 
C  Is  spectra  at  ^286  eV  and  from  the  N  Is  spectra  at 
^399eV  are  assigned  to  C— N,  C^N,  or  P-C3N4 
bonding.  In  this  study  the  P-C3N4  bonding  is  not 
expected  because  our  films  contain  less  than  the  required 
N/C  =1.33.  We  suggest  that  in  the  sample  with  N/C  = 
0.4  there  is  a  considerable  number  of  N— sp^-C  bonded 
sites  (C— N  bonds)  because  the  corresponding  BE,  peak 
C  in  Fig.  6,  is  at  287.1  eV,  which  is  much  closer  to  the 
values  286.8  and  287.3  eV  of  materials  with  sp^  configu¬ 
ration  with  respect  to  the  value  286.4  eV  of  polyacryloni¬ 
trile  (C=N  bonds). 

In  Fig.  7  the  EELS  spectra  of  the  DLC  sample  grown 
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Fig.  7.  EELS  spectra  of  a  CN.^  film  and  a  DLC  film. 
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Fig.  8.  AFM  images  of  two  DLC  samples  grown  with  a  laser  fluence 
of  (a)  1  and  (b)  3  J/cm^ 


with  a  laser  fluence  of  12J/cm^  and  of  the  film 
with  N/C  =  0.3  normalized  at  the  intensity  of  the  elastic 
peak  are  shown.  It  is  possible  to  observe  that  the  n 
plasmon  peak  is  depressed  in  the  CN^  sample  as  in  the 
DLC  sample  grown  with  high  laser  fluences,  suggesting 
that  the  fraction  of  sp^  C  bonds  is  almost  equal  in  the 
two  samples,  whereas  the  a +  7i:  plasmon  energy  is  shifted 
towards  lower  energies.  If  we  suppose  the  same  density 
in  the  two  materials  and  if  we  consider  that  nitrogen 
contributes  three  electrons  instead  of  the  four  of  carbon, 
from  Eq.  ( 1 ),  with  the  composition  N/C  =  0.3,  we  obtain 
the  energy  shift  of  the  a  +  n  plasmon  in  Fig.  7. 

AFM  images  of  a  1  x  1  pm^  DLC  surface  are  shown 
in  Fig.  8(a)  and  (b)  for  laser  fluences  of  32  J/cm^  and 
1  J/cm^  respectively.  Even  though  the  root-mean- 
squared  (rms)  roughnesses  of  all  the  samples  ^rown 
from  laser  fluences  of  1  to  35  J/cm^  are  about  3  A  (the 
same  of  the  silicon  substrate),  we  can  observe  in  Fig.  8(a) 
and  (b)  the  appearance  of  small  particulates  of  nanome¬ 
ter  size  on  the  surface  of  the  sample  grown  with  a  laser 
fluence  of  1  J/cm^.  The  same  particulates  are  observed 
on  the  sample  grown  with  a  laser  fluence  of  35  J/cm^. 


4.  Conclusions 

In  this  paper  we  have  presented  a  study  of  the 
structural,  electronic  and  morphological  properties  of 


DLC  and  CN^.  thin  films  deposited  by  PLD.  In  particu¬ 
lar,  the  CN^  films  were  grown  by  laser  ablation  of 
graphite  in  a  nitrogen  atmosphere.  The  N/C  ratio  of  the 
films  can  reach  a  value  of  0.4.  XPS  analysis  shows  that 
in  the  DLC  films  the  fraction  of  sp^  C  sites  doubles 
when  the  laser  fluence  increases  from  1  to  12  J/cm^.  This 
result  is  confirmed  by  EELS  measurements  and  it  is  in 
accord  with  the  so  called  ‘sub-implantation  model’  devel¬ 
oped  to  explain  the  growth  of  DLC  films. 

More  importantly,  the  XPS  analysis  shows  that  in 
the  CN^.  films  the  carbon  and  nitrogen  atoms  form 
stable  bonds  instead  of  simple  mixing.  There  is  a  con¬ 
siderable  amount  of  N— sp^-C  bonded  sites  in  a  pre¬ 
dominant  N— sp^-C  bonded  matrix  in  the  film  with 
N/C  =  0.4.  Decreasing  the  nitrogen  (N/C  =  0.3)  results 
in  a  decrease  of  N— sp^-C  bonded  sites.  EELS  analysis 
seems  to  indicate  that  the  DLC  film  grown  with  laser 
fluences  of  12  J/cm^  and  the  CN^,.  film  with  N/C  =  0.30 
have  the  same  density  and  the  same  fraction  of  sp^-C 
bonded  sites. 

AFM  shows  an  rms  roughness  of  3  A  on  a  surface 
of  1  X  1  pm^  for  all  the  DLC  films  grown  with  laser 
fluences  in  the  range:  1~35  J/cm^.  Small  particles  of 
nanometer  size  are  visible  for  the  lowest  laser  fluences. 
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Abstract 

The  kinetics  of  island  nucleation,  coalescence  and  growth  during  deposition  of  Au  atoms  on  amorphous  carbon  are  studied 
experimentally  and  the  obtained  results  are  analysed  using  rate  equations.  Rutherford  backscattering  spectroscopy  (RBS), 
transmission  electron  microscopy  (TEM),  grazing-incidence  small  angle  scattering  (GISAXS)  and  atomic  force  microscopy 
(AFM)  techniques  are  used  to  measure  the  quantity  of  deposited  Au,  density,  size  and  average  height  of  the  islands  as  a  function 
of  time.  Parameters  used  in  rate  equations  are  deduced  from  a  quantitative  comparison  between  calculated  and  experimental 
evolution  of  the  above  dependencies.  Suggested  rate  equations  take  into  account  the  adsorption  rate  on  a  bare  substrate  as  well 
as  on  existing  islands,  the  mobility  of  adatoms,  possible  redistribution  of  atoms  between  islands  and  bare  substrate  and  coalescence 
of  islands.  The  rate  equations  are  used  to  study  the  kinetics  of  the  coverage  of  a  carbon  substrate  by  gold  atoms  and  the  kinetics 
of  the  island  density.  It  is  shown  that  experimental  and  calculated  dependencies  are  in  agreement  if  the  mobility  of  islands  is 
included.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Many  theoretical  and  experimental  studies  of  gold 
deposition  on  non-oriented  substrates,  including  amor¬ 
phous  carbon,  have  been  performed  in  the  past,  trying 
to  obtain  detailed  knowledge  of  the  prevailing  processes 
taking  place  at  the  initial  stages  of  film  growth.  It 
becomes  clear  that  our  understanding  of  the  processes 
is  rendered  difficult  by  the  large  variety  and  complexity 
of  physical  and  chemical  interactions  involved.  Different 
modelling  approaches  of  these  processes  are  developed 
based  on  the  analysis  of  rate  equations  and  lattice  gas 
models  [1-3],  taking  into  account  islands  of  all  sizes. 
Analysis  of  the  scaling  of  the  island  density  as  a  function 
of  the  coverage  and  deposition  rate  is  able  to  explain 
the  observed  experimental  results  for  a  limited  number 
of  variables,  which  include  the  variety  of  processes 
defining  the  complex  behaviour  of  adatoms  and  islands 
on  the  surface.  It  seems  that  in  this  situation  the  most 
efficient  way  to  obtain  an  understanding  of  the  funda- 
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mental  processes  driving  the  thin  film  growth  process 
during  the  initial  stages  is  not  through  an  increase  in 
complexity  of  models,  but  a  simplification  of  the  models 
in  the  limited  range  of  experimental  parameters  with 
following  analysis  of  the  prevailing  processes.  Our  goal 
is  to  recognise  characteristic  features  of  the  different 
processes  which  can  be  identified  from  the  analysis  of 
the  experimental  results  of  time  dependence  of  coverage, 
island  density  and  mean  size  of  islands  obtained  in 
highly  controlled  Au  deposition  conditions  on  the  sur¬ 
face  of  amorphous  carbon. 


2.  Experimental  technique  and  results 

A  gold  target  was  ion  sputtered  using  a  Kaufmann 
source  with  argon  ions  and  an  accelerating  voltage  equal 
to  1.2  kV  at  a  pressure  of  residual  gases  equal  to 
5x10“^  Pa.  As  a  preliminary,  the  substrate  (TEM 
carbon-coated  copper  grid  or  silicon  wafer)  was  covered 
with  a  20  nm  thick  amorphous  carbon  film.  The  amount 
of  deposited  gold  was  measured  after  deposition  using 
the  Rutherford  backscattering  (RBS)  technique.  The 
fractional  coverage,  mean  density  of  islands  and  their 
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Fig.  1.  TEM  images  showing  the  gold  islands  for  different  equivalent  deposited  thicknesses:  (a)  0.4  nm,  (b)  0.8  nm  and  (c)  1.6  nm.  The  area  is 
220  X  220  nnr. 


size  distribution  were  obtained  from  transmission 
electron  microscopy  (TEM)  images  using  an  image 
processor.  The  atomic  force  microscopy  (AFM)  and 
grazing-incidence  small  angle  scattering  (GISAXS)  tech¬ 
niques  were  used  for  complementary  analysis  of  island 
morphology  and  mean  height  [4].  A  set  of  TEM  images 
displayed  in  Fig.  1  shows  the  evolution  of  the  2D 
geometry  of  the  gold  islands  for  various  gold  deposited 
amounts.  One  can  observe  that  the  number  density  of 
islands  is  decreasing  as  the  deposition  proceeds. 

Fig.  2(a)  includes  the  dependence  of  the  amount  of 
deposited  gold  on  amorphous  carbon  as  a  function  of 
time.  The  observed  linear  dependence  indicates  that  the 
condensation  rate  of  Au  does  not  depend  on  coverage 
and  is  approximately  equal  to  1.2  x  10^“^  cm"^  s“h  It  is 
equivalent  to  a  film  growth  rate  of  0.02  nms"^  or  0.0 
SMLs'h 

The  evolution  of  the  coverage  is  plotted  in  Fig.  2(b) 
as  a  function  of  the  deposited  amount  of  gold.  Up  to  a 
coverage  value  of  ^0.5,  it  is  seen  that  the  coverage 
increases  quite  linearly  with  increase  of  deposited  Au. 
With  an  increase  in  deposited  amount  of  Au,  the  cover¬ 
age  approaches  one  as  the  Au  deposited  amount  equals 
3.7  X  10^^’ cm“^  equivalent  to  24  ML.  The  decrease  in 
island  number  density  and  the  quite  linear  increase  in 
mean  radius  versus  deposited  amount  of  Au  are  shown 


in  Fig.  3(a).  The  island  height  remains  quite  constant 
over  that  range  of  deposited  amount  as  observed  in 
Fig.  3(b). 


3.  Phenomenological  description 

The  theoretical  analysis  is  based  on  the  approach 
provided  by  mean-rate  equations.  It  includes  the  basic 
steps  in  the  irreversible  processes  of  nucleation  and 
growth  and  presents  the  rate  equation  formalism  with 
the  emphasis  on  the  analysis  of  the  role  of  island 
migration  on  the  coalescence  process.  Atoms  are  ran¬ 
domly  deposited  on  a  periodic  array  of  adsorption  sites 
at  a  rate  per  site  of  ic)  =  Io/N^,  where  /q  is  the  flux  of 
arriving  atoms  and  is  the  surface  concentration  of 
atoms.  Adatoms  either  meet  other  adatoms,  irreversibly 
nucleating  islands,  or  aggregate  with  existing  islands. 
Let  us  denote  by  X  the  mean  distance  at  which  diffusing 
atoms  aggregate  with  islands.  Then,  the  mean  island 
capture  zone  of  adatoms  arriving  on  the  bare  substrate 
may  be  expressed  as 

.  I  NS^ 

SI  =Nn(R  + 1  f  - NkR ^  =  NnA^  +  27t / -  ( 1 ) 

V  n 


Fig.  2.  (a)  Measured  deposited  amount  of  gold  as  a  function  of  deposition  time  and  (b)  coverage  of  the  amorphous  carbon  substrate  by  gold 
islands  versus  the  Au  deposited  amount. 
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Fig.  3.  The  evolution  of  (a)  island  number  density  and  average  island  radius  and  (b)  average  island  height  deduced  from  TEM,  AFM  and  GISAXS 
as  a  function  of  gold  deposited  amount. 


where  N  is  the  island  density,  R  is  the  mean  radius  of 
islands  assuming  that  they  have  a  circular  shape  and 
Sc  is  the  coverage  of  the  surface  by  gold  islands.  Eq. 
(1)  may  be  presented  in  dimensionless  units  as 
n  =  NIN^,  X  =  lla  where  a  is  the  mean  distance  between 
adatom  nucleation  sites,  approximately  equal  to  the 
mean  distance  between  atoms  in  bulk  Au,  and 
(Pc  =  SJNna^.  This  gives 

(2) 

The  capture  zone  around  adatoms  on  the  surface  is 
calculated  using  the  same  approach  with  being  the 
relative  concentration  of  adatoms 

(p\=n^X^ -\-2?.'CiCps=nJ.{X  +  2).  (3) 

During  deposition  the  surface  coverage  increases  and 
+  approaches  one.  When  X  is  large, 
H-^c can  be  more  than  one.  So,  (p\  and  (p^ 
are  replaced  by  a{t)<p\  and  a{t)(p\,  where  a{t)  is  a 
normalisation  parameter  which  takes  the  following 
values 


if 

if  +9^c  +  ^^c>l* 


(4) 


Adatoms  falling  on  the  islands  can  initiate  an  additional 
flux  of  adatoms  from  the  island  to  the  bare  substrate. 
It  is  either  due  to  the  migration  distance  of  adatoms 
being  larger  than  the  size  of  the  island,  or  due  to  the 
partial  dissociation  of  islands  on  the  impact  of  energetic 
adatoms.  This  flux  is  added  to  the  flux  Iq  so  that  the 
final  flux  is  io^ioi^+Wc)^  where  f]  is  the  adatom  yield, 
i.e.  the  number  of  adatoms  produced  by  an  atom 
deposited  on  an  island.  Then,  the  final  equation  for  the 


kinetics  of  coverage  by  adatoms  is 
d^s  dA?s 

—  =cc^oh<PL-(^AAh[(Ps  X-a{t)(pl]  (5) 

dt  dt 

where  =  1  "[<^s +^(0^s  is  the  free  sur¬ 

face  of  the  substrate  available  for  nucleation  and 
and  a^A  are  the  sticking  probabilities  of  an  adatom  to 
the  bare  substrate  and  to  another  adatom,  respectively. 

The  coverage  by  islands  is  the  sum  of  the  following 
terms.  The  first  describes  the  formation  of  new  islands 
resulting  from  the  capture  of  an  adatom  by  adatoms. 
The  second  results  from  the  adatoms  falling  within  the 
island  capture  zone  and  sticking  to  the  edge  of  islands 
with  sticking  probability  aAc-  This  gives 

d(Pc 

—  =2oiAAio[<Ps+ait)<Pl]  +  o^Acioa{t)fc-  (6) 

dt 


The  equation  for  the  kinetics  of  island  number  density 
may  be  written  as 


dn 

dt 


(7) 


The  first  term  on  the  right-hand  side  of  the  equation  is 
the  island  nucleation  rate  which  is  expressed  as  the 
sticking  rate  of  the  arriving  adatoms  to  adatoms.  The 
second  term  is  the  island  coalescence  rate,  where  .8  is  a 
frequency  probability  of  coalescence  which  depends  on 
the  geometry  of  the  islands  (for  circular  islands, 
.^  =  2  s“^)  and  s*  is  an  effective  area.  When  the  mobility 
of  the  islands  is  not  included,  =  where  s  is  the  mean 
surface  of  the  islands  in  relative  units  [5,6].  If  the  island 
mobility  is  included,  then  y*  may  be  rewritten  using 
s*  =  [r-\-  where  ^(r)  is  an  effective  distance  around 
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an  island  of  radius  r  which  characterises  the  island 
motion. 

4.  Results  and  discussion 

The  calculated  results  for  coverage  obtained  after 
numerical  integration  of  Eq.  (6)  are  presented  in 
Fig.  4(a)  and  are  compared  with  experimental  ones 
using  /o  =  1.2x  lO^^cm"^  s“S  A^^=1.5x  10^^  cm"^ 
/q  =  0.08s^^  and  ^7  =  0.146nm.  The  set  of  parameters 
has  been  adjusted  to  obtain  the  best  quantitative 
agreement.  It  gives  T  o^aa  =  ^ac^0.06,  X^l.lSa 
and  =  1 . 

In  the  range  of  deposition  times  between  10  and  80  s, 
the  flux  of  adatoms  from  the  island  has  a  minor  effect, 
so  the  value  of  vj  is  not  a  major  parameter.  The  observed 
linear  increase  with  time  of  the  calculated  coverage  can 
be  understood  since  after  10  s,  the  density  of  adatoms 
is  negligible  and  a{t)(pl  is  essentially  equal  to  1  This 
implies  that  Eq.  (6)  has  an  analytical  solution  of  the 
form  ^c=  1  reasonably  equivalent  to 

time  interval  10-80  s.  It  corresponds  to  a 
power  law  behaviour  of  coverage  which  is  characteristic 
of  2D  growth  [7].  This  is  in  agreement  with  the  experi¬ 
mentally  observed  constant  height  of  islands  which  does 
not  depend  on  island  radius,  thereby  reducing  the  island 
growth  mode  from  3D  to  2D. 

The  experimental  time  dependence  of  island  density 
[Fig.  3(a)]  shows  that  the  island  number  density 
decreases  as  soon  as  the  coverage  is  larger  than  0.05. 
This  means  that  the  process  of  island  coalescence  cannot 
be  ignored  even  at  the  initial  stages  of  deposition.  The 
mechanism  of  coalescence  which  can  be  expected  at 
such  a  low  value  of  surface  coverage  is  the  mobility 
coalescence  of  islands,  prior  to  the  mechanism  of  immo¬ 
bile  islands  in  which  the  coalescence  occurs  at  high  value 
of  surface  coverage  when  the  islands  touch  each  other 
[8]. 


Fig.  4(b)  shows  the  calculated  island  number  density 
without  coalescence  (a),  with  coalescence  and  immobile 
islands  (b),  with  coalescence  and  a  constant  mobility 
parameter  =  9  (c),  and  with  coalescence  and  a  decreas¬ 
ing  mobility  parameter  (d).  The  best  fit  is  obtained  if 
the  island  mobility  parameter  ^  decreases  with  time 
from  ^8.2  at  10  s  to  ^3.2  at  /  =  80  s. 

The  major  conclusion  that  may  be  drawn  from  the 
results  presented  above  is  that  diffusion  of  adatoms  and 
islands  on  the  surface  plays  a  major  role  in  the  first 
stages  of  film  growth.  In  the  present  work,  these  pro¬ 
cesses  are  characterised  by  the  parameters  X  and  ^ 
defining  adatom  capture  and  island  migration  zones, 
respectively. 

According  to  Lennard-Jones  calculations,  an  atom 
which  arrives  at  the  substrate  surface  loses  its  excess 
energy  in  a  few  nanoseconds  and  travels  only  a  few 
atomic  distances  during  the  period  of  accommodation 
which  is  determined  by  both  its  kinetic  energy  and  the 
substrate  temperature.  The  average  energy  of  the  sput¬ 
tered  gold  atoms  leaving  the  target  is  around  10  eV  and 
is  almost  independent  of  the  target  temperature.  The 
mean  time  between  hops  %  is  determined  by  the  sub¬ 
strate  temperature  and  is  obtained  according  to  the 
equation  =  exp(Eu/kTs),  where  is  the  energy 
needed  for  a  hop  and  co  (--2.0  x  10^^  s"^)  is  the  vibration 
frequency  of  an  adatom  at  a  normal  binding  site.  The 
mean  time  before  re-evaporation  is  determined  by  the 
same  equation  as  for  Th  using  the  activation  energy 
for  the  escape  of  an  adatom  from  the  surface.  E^  and 
E^  depend  on  the  surrounding  of  adatoms.  This  means 
that  a  distinction  has  to  be  drawn  between  adatoms 
migrating  on  the  substrate  surface  (amorphous  carbon) 
and  on  the  islands  (gold).  This  is  very  important  during 
the  nucleation  stage  since  it  determines  the  properties 
of  the  growing  film,  like  column  size,  crystal  orientation, 
formation  of  defects,  etc. 

Unfortunately,  little  is  known  about  hop  and  escape 
energies  of  gold  on  amorphous  carbon.  The  only  remark 


Fig.  4.  Calculated  (lines)  and  experimental  (circles)  evolution  of  (a)  coverage  and  (b)  island  number  density  as  a  function  of  deposition  time. 
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which  may  be  made  is  that  surface  diffusion  of  gold  on 
amorphous  carbon  is  larger  than  surface  diffusion  of 
gold  adatoms  on  gold  islands  since  the  gold-gold  bonds 
are  stronger  than  the  gold-amorphous  carbon  ones.  It 
is  shown  that  the  energy  for  surface  diffusion  is  about 
20%  of  the  escape  energy  [9].  This  implies  that,  at  room 
temperature,  the  process  of  re-evaporation  of  adatoms 
may  be  neglected  and  is  consistent  with  the  observed 
constant  deposition  rate  in  time.  With  every  jump,  the 
adatoms  move  over  a  distance  equal  to  the  average 
distance  between  adsorption  sites  and  perform  a  random 
walk  over  the  substrate  surface  and  diffuse  away  from 
their  impingement  spot.  The  average  diffusion  distance 
can  be  expressed  as  A  =  [10].  A  rough 

estimation  of  I  can  be  done  using  the  given  experimental 
conditions  (/q  =  0.02  nm  s "  ^  T^  =  300  K,  a  =  0. 1 5  nm 
and  £H=-0.22eV  [11]  and  cu  =  2xl0^2s“\  This  gives 
which  is  very  close  to  the  value  of  12. 5^2  used 
in  calculations. 

The  island  mobility  in  the  present  work  was  intro¬ 
duced  employing  the  parameter  ^  defining  an  equivalent 
area  available  for  island  migration.  The  experimental 
results  are  in  agreement  with  the  calculated  ones  only 
in  the  case  when  this  parameter  differs  from  zero  and 
decreases  with  time,  keeping  in  the  mind  that  the  mean 
radius  of  islands  increases  linearly  with  time  as  follows 
from  experimental  results  presented  in  Fig.  3(a).  Island 
mobility  may  be  considered  as  a  result  of  the  gradual 
translation  of  the  island  centre  of  mass  as  a  consequence 
of  atomic  motion  in  the  island,  and  is  expected  to  be 
characterised  by  an  activation  energy  of  the  order  of 
those  for  adatom  atom  surface  diffusion  [12].  In  some 
cases,  the  term  defining  island  nucleation  rate  is  pre¬ 
sented  in  a  way  including  the  diffusion  coefficient  [13] 
with  cTc  Dc  as  the  capture  rate  and  diffusion  coeffi¬ 
cient  of  islands 

Experimental  results  suggest  that,  for  gold  on  amor¬ 
phous  carbon  with  given  experimental  conditions  of 
deposition,  is  independent  of  time,  i.e.  of  the  island 
size.  The  capture  rate  cr^  of  the  island  depends  on  the 
island  size  and  may  be  calculated  by  using  a  classical 
model  of  diffusion  driven  growth  [14].  For  quantitative 
estimation,  the  capture  rate  may  be  chosen  to  be  propor¬ 
tional  to  the  radius  of  the  island  as  c7c{s)  =  (Jcof^  [3].  This 
tells  us  that,  in  a  limited  range  of  deposition  time,  the 
diffusion  coefficient  of  the  island  decreases  as  The 


characteristic  diffusion  length,  assuming  that  the  lifetime 
of  the  island  before  capture  does  not  depend  on  the  size 
of  the  island,  is  then  proportional  to  This  is  in 

satisfactory  agreement  with  experimental  results,  since 
in  the  time  interval  between  20  and  60  s  the  island  mean 
radius  is  multiplied  by  2.5  while  the  parameter  jS  is 
reduced  by  a  factor  of  about  ^/23,  This  indicates  that 
the  approaches  of  the  coalescence  processes  using  Eqs. 
(7)  and  (8)  are  equivalent.  However,  when  the  mobility 
of  adatoms  is  described  by  the  parameter  X  and  the 
island  mobility  by  the  parameter  /?,  it  simplifies  the 
analysis  of  island  growth  and  coalescence  process. 


5.  Conclusions 

It  has  been  shown  that  a  deeper  knowledge  of  pro¬ 
cesses  occurring  in  the  early  stages  of  film  deposition  on 
a  non-oriented  substrate  can  be  obtained  in  terms  of  a 
simplified  set  of  rate  equations  for  the  coverage  and 
island  number  density  as  a  function  of  time.  Parameters 
required  to  obtain  agreement  with  experimental  results 
are  the  sticking  coefficients  a,  the  parameter  X  which 
defines  the  adatom  capture  zone  and  the  parameter  ^ 
which  defines  the  island  migration  zone.  It  is  shown  that 
all  parameters  needed  to  describe  the  coalescence  behavi¬ 
our  are  physically  reasonable.  The  rate  equations  were 
applied  to  recent  experimental  data  on  gold  deposited 
on  amorphous  carbon  and  it  was  shown  that  island 
mobility  was  required  in  order  to  understand  the  behavi¬ 
our  of  the  island  number  density. 
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Abstract 


The  paper  presents  research  results  of  the  influence  of  the  ‘nitrided  layer/PVD  coating’  composite  on  the  durability  of  tools 
for  hot  plastic  working.  Four  structures  of  the  composite  differing  in  the  PVD  coating  material  were  investigated.  They  were: 
TiN,  CrN,  (Ti,Cr)N  and  Ti(C,N).  The  composites  investigated  were  created  by  means  of  the  surface  ‘duplex’  treatment  method 
in  a  two  stage  separable  cycle  (the  nitriding  process  and  the  PVD  coating  deposition  were  carried  out  with  different  devices).  The 
nitriding  process  was  executed  with  the  use  of  the  regulated  gas  nitriding  method,  whereas  the  PVD  coating  was  executed  by 
means  of  the  arc-vacuum  method.  The  tools  tested  were  forge  dies  made  of  ISO  steel  35CrMoV5  (0.4%C,  0.4%Mn,  1.0%Si, 
5.0%Cr,  1.3%Mo,  0.3%V)  designed  for  the  plastic  working  of  automotive  half-shafts. 

The  paper  presents  the  results  of  maintenance  investigations,  executed  under  manufacturing  conditions,  obtained  for  tools  used 
for  hot  forging  which  were  covered  with  different  composites.  The  investigations  proved  that  the  best  durability  was  achieved  for 
tools  covered  with  the  composite  ‘nitrided  layer/CrN  coating’,  for  which  the  increase  in  durability  was  almost  90%.  The  smallest 
durability  was  noted  for  tools  covered  with  the  composite  ‘nitrided  layer/TiN  coating  .  The  results  obtained  proved  that  a  proper 
choice  of  the  composite  ‘nitrided  layer/PVD  coating’  structure  may  increase  the  durability  of  tools  considerably  for  hot  plastic 
working.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Composite  layer;  Duplex  treatment;  Physical  vapor  deposition  coating 


1.  Introduction 

Large  cyclic  mechanical  loads  and  thermal  shocks 
caused  by  the  contact  of  a  tool  with  hot  treated  material 
are  characteristic  features  of  hot  plastic  working.  Apart 
from  the  abrasive  wear  dominant  in  the  wearing  process 
of  cutting  tools,  in  the  case  of  tools  used  for  hot  plastic 
working  it  also  causes  plastic  strain  and  thermal  fatigue 
of  the  tool  material.  The  processes  of  gas  and  ion 
nitriding  are  commonly  used  to  give  good  antiwear 
properties  to  tools  for  hot  working.  The  rapid  develop¬ 
ment  of  plasmo-chemical  technologies  to  modify  the 
antiwear  properties  of  cutting  tools  prompted  trials  in 
using  them  for  plastic  working  tools  to  be  undertaken. 
The  use  of  PAPVD  methods  to  coat  the  working  surfaces 
of  cutting  tools  with  thin  antiwear  coatings  promotes  a 
considerable  increase  in  their  durability.  However,  this 
effect  has  not  been  confirmed  for  hot  working  tools. 
Research  works  performed  in  the  1990s  concerning  the 
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use  of  the  PAPVD  technology  in  the  treatment  of  tools 
for  hot  working  have  resulted  in  elaboration  of  the 
‘duplex’  surface  treatment  technology  [1-3]  assisting  in 
creation  of  the  composite  ‘nitrided  layer/PAPVD 
coating’. 

On  the  basis  of  research  results  described  in  the 
literature  [4-8]  it  was  stated  that  the  nitrided  layer 
structure  created  significantly  influences  the  composite 
properties.  It  also  determines  quality  of  the  PAPVD 
coating  adhesion  to  the  nitrided  substrate.  It  turns  out 
that  appearance  of  only  the  FeQ^(N)  phase  on  the  nitrided 
surface  is  essential  for  achieving  a  good  adhesion  of  the 
PAPVD  coating  to  the  substrate.  In  the  literature,  it  has 
been  proved  that  a  layer  of  iron  nitrides  £-Fe2_3N  and 
Y'-Fe4N,  in  addition  to  a  thin  layer  of  titanium  [9,10], 
often  occurring  directly  on  the  nitrided  element  surface 
under  the  PAPVD  coating,  have  a  harmful  influence  on 
the  PAPVD  coating  adhesion  in  the  composite’s  ‘nitrided 
layer/PAPVD  coating’.  However,  the  majority  of  experi¬ 
ments  were  carried  out  concerning  the  TiN  coating. 

According  to  this  paper’s  authors,  the  PAPVD  coat¬ 
ing  adhesion  to  the  nitrided  substrate,  as  well  as  the 
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Nitriding 


Temperature  CC) 

Atmosphere 

Flow  (1/min) 

Time  (h) 

450 

NH3 

150 

0.5 

510 

NH3 

80 

7 

Surface  mechanical  treatment 

Type  of  treatment 

Abrasive  material 

Carrier  (MPa) 

Time  (min) 

Shot  blasting 

Elektrokorund  150 

Air:  0.6 

6 

Shot  blasting 

Interminglas  40-70 

Air:  0.6 

4 

Polishing 

Paste:  Cr203 

Felt  target 

Till  attainment  of  a  uniform  polish 

PVD  coating  deposition 

Coating 

Atmosphere 

Pressure  xl0“^mbar) 

Temperature  (°C) 

Ubias  (V) 

Current  (A) 

TiN 

100%  N. 

1.2 

400 

-150 

80 

CrN 

100%  N, 

2.0 

400 

-150 

80 

(Ti,Cr)N 

100%  N2 

2.0 

400 

-150 

80 

Ti(C,N) 

25%C2H2-f  75%  N, 

0.8 

400 

-200 

80 

Table  2 

PVD  coating  parameters 


Coating 

Thickness  (pm) 

Ra  (pm) 

Chemical  composition 

Phase  structure 

HV0.05 

Young’s  modulus  (GPa) 

TiN 

3.0 

0.35 

70%Ti,  30%N 

TiN-fcc 

2200 

421 

CrN 

4.3 

0.15 

78%Cr,  22%N 

CrN-fcc,  Cr2N-hex 

2410 

314 

(Ti,Cr)N 

3.8 

0.23 

33%Ti,  39%Cr,  28%N 

TiN-fcc,  CrN-fcc 

2250 

384 

Ti(C,N) 

2.8 

0.39 

58%Ti,  15%C,  27%N 

Ti(C,N)-fcc 

2800 

508 

resistance  to  thermal  fatigue  of  the  whole  composite,  is 
significantly  determined,  not  only  by  the  nitrided  layer 
structure,  but  also  by  the  chemical  composition  and  the 
structure  of  the  PAPVD  coating  material.  This  paper 
presents  research  results  on  the  influence  of  different 
materials  in  PAPVD  coatings,  produced  by  the  reactive 
arc-vacuum  sputtering  method,  on  the  maintenance 
properties  of  the  composite’s  ‘nitrided  layer/PAPVD 
coating’. 


2.  Experimental 

2.1.  Preparation  of  composites 

The  composites  investigated  were  created  by  means 
of  the  ‘duplex’  surface  treatment  method  in  a  two  stage 
separable  cycle  (the  nitriding  process  and  the  PVD 
coating  deposition  were  carried  out  with  different 
devices).  The  nitriding  process  was  carried  out  by  means 


Fig.  1.  The  structure  of  the  composite  ‘nitrided  layer/TiN  coating’  at  successive  stages  of  its  creation:  (a)  nitrided  layer  created  in  Stage  1;  (b) 
nitrided  layer  after  mechanical  surface  treatment;  (c)  the  composite  ‘nitrided  layer/TiN  coating’. 
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DIE  PUNCH 

Fig.  2.  Tools  for  hot-forging  designed  for  maintenance  investigations. 


of  regulated  gas  nitriding  and  was  the  first  stage  of 
‘duplex’  treatment.  The  second  stage  was  to  produce  the 
PVD  coating  by  means  of  the  arc-vacuum  method  using 
an  MZ383  arc-vacuum  device  (Metaplas  lonon  GmbH). 
Mechanical  surface  treatment  aimed  at  removing  the 
superficial  zone  of  e-Fe2-3N  and  Y'-Fe4N  iron  nitrides 
was  carried  between  the  two  main  stages  of  the  ‘duplex’ 
treatment.  The  parameters  of  the  individual  stages  of 
the  surface  ‘duplex’  treatment  are  presented  in  Table  1 . 

2.2.  Characterization  of  the  composite.s 

The  nitrided  layer  created  in  the  Stage  1  of  ‘duplex’ 
treatment  contained  a  diffusion  layer  Fe^fN)  of  thick¬ 
ness  0.085  mm  and  a  zone  of  iron  nitrides  e-Fe2^3N  and 
Y'-Fe4N  of  thickness  5.5  pm.  As  a  result  of  the  mechan¬ 
ical  surface  treatment  executed  after  the  nitriding  stage, 
a  nitrided  layer  of  the  thickness  0.080  mm  and  surface 
hardness  HVl  =  1265  was  created.  The  high  value  of  the 
surface  hardness  is  the  result  of  the  residual  amount  of 
iron  nitrides  y'  left  on  the  surface  after  the  mechanical 
surface  treatment.  The  metallographic  investigations 
carried  out  after  the  mechanical  surface  treatment 
revealed  that  only  the  Fe„(N)  structure  and  the  y' 
structure  issued  at  grain  boundaries  in  the  cooling 
process.  The  parameters  of  four  different  PVD  coatings 
are  presented  in  Table  2.  The  chemical  composition  of 
the  investigated  coatings  was  determined  by  the  EDS 
method  using  an  X-ray  microanalyser  (Noran 
Instruments)  installed  on  a  scanning  microscope 
(Hitachi-S2460N).  Values  of  Young’s  modulus  for  the 
materials  of  particular  layers  in  the  composites  investi¬ 
gated  were  measured  by  means  of  the  indentation  test 


method.  To  achieve  this,  the  nano-hardness  tester  made 
by  the  Swiss  firm  Centre  Suisse  d’Electronique  et  de 
Microtechnique  S.A.  was  used.  Measurements  were  car¬ 
ried  out  with  a  Vicker’s  indentor  in  a  single  cycle  without 
stopping  using  the  following  parameters:  /’=10mN, 
dF/dt  =  20mN/min.  To  eliminate  the  influence  of  the 
substrate  material  on  the  measurement  of  Young’s  mod¬ 
ulus  of  the  layer  material,  the  range  of  the  indentor’s 
penetration  depth  was  limited  to  g<0.1<f;  (J= layer 
thickness).  X-ray  investigations  to  determine  the  coating 
phase  composition  were  carried  out  using  the  Philips 
Analytical  PW1840  diffractometer  with  a  cobalt  anode. 

The  structure  of  the  composite  ‘nitrided  layer/TiN 
coating’  in  successive  stages  of  creation  is  presented 
in  Fig.  1. 
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2.3,  Antiwear  performance  test 

Four  sets  of  hot-forging  tools  made  of  ISO  steel 
35CrMoV5  (0.4%C,  0.4%Mn,  1.0%Si,  5.0%Cr,  L3%Mo, 
0.3%V)  which  is  used  for  production  of  automotive 
half-shafts  (constructed  from  material  25CrMo4)  were 
investigated.  Tools  selected  for  investigations  (Fig.  2) 
belonged  to  a  group  of  tools  working  in  long-production 
series.  The  shape  of  required  forgings  meant  that  the 
dies  and  punches  used  were  characterised  by  a  complex 
shape  in  the  working  surfaces  which  are  used  in  the 
forging  process.  It  also  meant  that  during  work  with 
large  loads  they  had  to  ensure  a  considerable  degree  of 
plastic  strain  on  the  forged  material. 

Maintenance  tests  on  tools  covered  with  the  compos¬ 
ites  examined  were  carried  at  the  forging  hammer,  type 
VES1600  (Vesterman  and  Cleaver)  with  to  the  following 
parameters:  the  die’s  temperature  before  forging  was  in 
the  range  250-300''C;  the  forged  material’s  temperature 
was  1150°C;  and  the  lubricant  was  Delta  31  at  concen¬ 
tration  1:7 


3.  Results 

The  results  of  the  maintenance  tests  showing  the 
number  of  forgings  made  by  respective  sets  of  tools  are 
presented  in  Fig.  3. 

Microscope  analysis  of  the  intensity  of  the  investi¬ 
gated  forge  dies  destruction,  because  of  their  shape 
(centrally  situated  port),  required  a  proper  preparation 
of  the  samples  to  ensure  access  to  the  frontal  surface  of 
the  die  as  well  as  to  the  port  surfaces.  The  way  the 
samples  were  prepared  also  enabled  us  to  measure 
roughness  in  three  different  places  of  the  die  working 
areas  —  the  frontal  surface;  and  the  port  surface  at  two 
depths  from  the  die  front.  The  analysis  of  the  dies’ 
surfaces  wear  was  carried  out  on  tools  covered  with  two 
composites  —  'nitrided  layer/TiN  coating’  and  ‘nitrided 
layer/CrN  coating’  i.e.  for  those  which  in  the  mainte¬ 
nance  test  made  the  smallest  and  the  biggest  number  of 
forgings.  The  way  in  which  the  investigated  samples’ 
preparation  and  the  results  of  the  analysis  are  presented 
in  Figs.  4  and  5. 

Microscope  observations  revealed  that  longitudinal 
grooves  created  as  a  result  of  the  abrasive  wear  process 
and  a  grid  of  cracks  —  a  result  of  fatigue  processes  — 
are  the  main  forms  of  the  analysed  surfaces’  destruction. 
The  abrasive  wear  is  predominant  in  the  die  frontal  part 
and  in  the  port  upper  part,  i.e.  in  places  where  the 
forging  process  is  accompanied  by  the  biggest  pressures 
of  the  treated  material  on  the  tool  surface.  In  the  lower 
part  of  ports,  the  abrasive  wear  is  minimal.  However,  a 
dense  grid  of  cracks  is  visible  there,  which  points  to  the 
predominance  of  fatigue  processes.  Conclusions  from 
the  microscope  observation  also  seem  to  be  confirmed 


by  the  results  of  the  substrates’  roughness  measurements. 
As  can  be  seen  in  Figs.  4  and  5  the  substrates’  roughness 
indexes  Ra,  Rz,  Rt  for  the  dies’  frontal  surfaces  with 
TiN  and  CrN  coatings  are  similar.  It  points  to  a  similar 
intensity  of  destruction  of  this  part  of  both  dies.  So,  it 
should  be  true  that  resistance  of  the  investigated  compos¬ 
ites  to  mechanical  loads,  a  dominant  destruction  factor 
in  this  part  of  the  tools,  is  comparable. 

On  the  other  hand,  the  further  from  the  die  frontal 
area,  the  smaller  the  abrasive  wear  intensity  and  the 
larger  intensity  of  fatigue  cracks.  The  crack  intensity  is 
smaller  in  the  case  of  a  die  with  a  CrN  layer  than  in  the 
case  of  one  with  a  TiN  layer,  which  is  proved  by  the 
roughness  measurement .  Thus,  this  points  to  a  consider¬ 
ably  bigger  resistance  to  thermal  shock  of  dies  with  the 
composite  ‘nitrided  layer/CrN  coating’  than  those  with 
the  composite  'nitrided  layer/TiN  coating’. 


4.  Conclusions 

These  results  enable  us  to  formulate  the  following 

conclusions: 

1.  use  of 'nitrided  layer/PVD  coating’  composites  offers 
the  potential  to  increase  the  durability  of  tools  for 
hot  plastic  working; 

2.  correct  choice  of  the  PVD  coating  material  signifi¬ 
cantly  influences  the  durability  of  the  'nitrided 
layer/PVD  coating’  composite  in  hot  plastic  work¬ 
ing;  and 

3.  the  destruction  intensity  of  investigated  tools  for  hot 
plastic  working  which  were  covered  with  various 
composites  'nitrided  layer/PVD  coating’  was  different 
in  different  parts  of  the  tool.  The  degree  of  frontal 
area  destruction  in  dies  covered  with  the  composites 
‘nitrided  layer/TiN  coating’  and  'nitrided  layer/CrN 
coating’  was  comparable,  which  testifies  to  their 
similar  resistance  to  mechanical  loads.  Smaller  wear 
of  the  ports’  surfaces  in  forging  tools  covered  with 
the  'nitrided  layer/CrN  coating’  composite  testifies  to 
their  significantly  bigger  resistance  to  thermal  shocks. 
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Abstract 

Boron  carbide  thin  films  were  synthesised  by  laser-assisted  chemical  vapour  deposition  (LCVD),  using  a  CO2  laser  beam  and 
boron  trichloride  and  methane  as  precursors.  Boron  and  carbon  contents  were  measured  by  electron  probe  microanalysis  (EPMA). 
Microstructural  analysis  was  carried  out  by  Raman  microspectroscopy  and  glancing-incidence  X-ray  diffraction  (GIXRD)  was 
used  to  study  the  crystallographic  structure  and  to  determine  the  lattice  parameters  of  the  polycrystalline  films.  The  rhombohedral- 
hexagonal  boron  carbide  crystal  lattice  constants  were  plotted  as  a  function  of  the  carbon  content,  and  the  non-linear  behaviour 
observed  was  interpreted  on  the  basis  of  the  complex  structure  of  boron  carbide.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Boron  carbide;  Crystallographic  structure;  Laser  CVD;  Micro-Raman  spectroscopy 


1.  Introduction 

Rhombohedral  boron  carbide,  often  denoted  B4C 
since  its  composition  was  established  by  Ridgway  in 
1934  [1],  is  the  most  stable  compound  in  the  boron- 
carbon  system  and  exists  as  a  single-phase  material  over 
a  wide  range  of  solubility,  generally  accepted  to  be  from 
about  9  to  about  20  at%  carbon. 

From  the  technological  point  of  view,  boron  carbide 
exhibits  many  attractive  properties,  such  as  low  specific 
weight  and  high  hardness,  even  surpassing  diamond  and 
cubic  boron  nitride  at  temperatures  over  1100°C  [2]. 
Moreover,  it  presents  a  high  melting  point  (2450"'C) 
and  modulus  of  elasticity,  and  has  great  resistance  to 
chemical  attack.  These  properties  make  boron  carbide 
an  interesting  wear-  and  corrosion-resistant  ceramic 
material  for  thin  film  applications.  In  addition,  the 
B4C  has  been  utilised  as  a  neutron-absorbent  material 
in  the  nuclear  industry  since  it  has  a  high  neutron 
capture  cross-section,  and  is  also  a  good  candidate  for 
high-temperature  thermoelectric  energy  converters 
owing  to  its  high-temperature  stability  [3]. 
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The  combination  of  all  these  properties  in  one  unique 
material  reflects  the  complex  structure  of  boron  carbide, 
over  which  some  uncertainty  still  persists  [4,5].  The 
most  accepted  model  for  the  rhombohedral  structure  of 
boron  carbide  considers  B^C  icosahedra  clusters 
directly  linked  by  covalent  bonds  and  indirectly  linked 
by  a  C— B— C  chain  along  the  main  diagonal  of  the 
rhombohedron  [5-7].  On  the  basis  of  this  model,  boron 
carbide  has  a  B12C3  stoichiometry  with  20  at%  carbon. 
The  wide  range  for  carbon  content  characteristic  of 
boron  carbide  is  made  possible  by  the  substitution  of 
boron  and  carbon  atoms  for  one  another  within  both 
BiiC  icosahedra  and  C— B  — C  chains. 

The  aim  of  this  paper  is  to  present  experimental 
results  on  the  microstructure,  chemical  composition, 
deposition  rate  and  structure  of  boron  carbide  films 
deposited  by  laser-assisted  chemical  vapour  deposition 
(LCVD),  and  to  discuss  the  influence  of  carbon  content 
on  the  crystallographic  structure  of  the  films  deposited. 


2.  Experimental  procedure 

Boron  carbide  films  were  deposited  on  silica  sub¬ 
strates  using  a  CO2  laser  beam  as  heat  source  and  a 
dynamic  reactive  gas  mixture  of  BCI3,  CH4  and  H2.  The 
experimental  apparatus  used  for  the  experiments  has 
been  described  previously  [8]. 
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The  CO2  laser  was  operated  in  cw  TEMqo  mode  at  a 
wavelength  of  10.6  pm  and  impinges  on  the  substrate 
surface  at  perpendicular  incidence,  with  a  diameter  of 
13  mm.  No  focusing  lens  was  used  since  fused  silica 
substrates  absorb  approximately  84%  of  the  laser  radia¬ 
tion.  The  reactor  was  pumped  to  a  base  pressure  of  less 
than  2xl0”^"torr  before  introduction  of  the  reaction 
gas  mixture,  which  consisted  of  BCI3  (purity  99.99%), 
CH4  (purity  99.9995%),  H2  (purity  99.9995%)  and  Ar 
(purity  99.9995%).  Mass  flow  controllers  regulated  the 
reactant  flow  rates  while  the  total  pressure  was  measured 
by  a  capacitance  manometer  and  kept  constant  by  means 
of  a  throttle  valve.  Fused  silica  plates  with  dimensions 
15  mm  X  15  mm  x  2  mm  were  used  as  substrates.  They 
were  ultrasonically  cleaned  in  acetone  and  ethanol  prior 
to  insertion  in  the  reactor. 

Since  the  substrates  were  always  kept  stationary 
under  the  laser  irradiation,  the  experimental  variables 
of  the  set-up  are  the  laser  output  power  (P),  the  inter¬ 
action  time  (/jju)^  tc>tal  pressure  (if)  and  the  partial 
flow  rates  of  each  gas  ((Pi).  In  this  study,  total  pressure, 
hydrogen  flux  and  argon  flux  were  kept  constant  at 
100  ton*  (1.33  X  10"^  Pa),  200  seem  and  430  seem,  respec¬ 
tively.  The  other  experimental  parameters  were  varied 
in  the  ranges  listed  in  Table  1 . 

The  relative  amount  of  carbon  and  boron  precursors 
in  the  reactive  atmosphere  can  be  characterised  by  the 
parameter  <!>  =  (Pcm/{9cu4  +  (Pbciz)-  study,  (j)  took 

values  between  0.15  and  0.29,  which  were  optimised  to 
achieve  homogeneous  deposits  of  B4C,  as  reported  pre¬ 
viously  [8,9]. 

Thickness  profiles  were  obtained  by  optical  profi- 
lometry  and  the  microstructure  was  examined  by  scan¬ 
ning  electron  microscopy  (SEM).  Quantitative  chemical 
analysis  was  performed  by  electron  probe  microanalysis 
(EPMA).  Structural  analyses  were  carried  out  with  a 
micro-Raman  spectrometer  (Ar"^  laser,  488  nm  excita¬ 
tion  line)  and  glancing-incidence  X-ray  diffraction 
(GIXRD,  glancing  angle  of  1°)  using  Cu  Ka  radiation. 

3.  Results  and  discussion 

3. 1.  Morphology  and  microstructure 

According  to  visual  observation,  all  the  films  depos¬ 
ited  are  homogeneous,  exhibit  the  characteristic  B4C 


Tabic  1 

Process  parameters  for  LCVD  of  boron  carbide  films 


Experimental  pai'amctcr 

Range  of  values 

Laser  output  power  (W) 

125-175 

Interaction  time  (s) 

30-90 

Partial  flux  of  BCI3  (seem) 

34-40 

Partial  flux  of  CH4  (seem) 

7.2-14 

light  grey  shining  colour  and  good  adherence.  Since  the 
laser  beam  has  a  nearly  Gaussian  energy  profile  the 
deposits  are  approximately  circular  in  shape,  with  diame¬ 
ters  between  5.5  and  7.4  mm.  Results  of  EPMA  revealed 
that  the  coatings  are  chemically  homogeneous,  showing 
evidence  of  carbon  concentration  profiles  almost  flat 
with  distance  from  spot  centre,  and  that  the  stoichiome¬ 
try  of  the  films  (9-20  at%  carbon)  is  mainly  determined 
by  the  composition  of  the  gas  phase  [9]. 

SEM  analyses  of  different  films  showed  that  their 
morphology  is  nodular  with  a  fine  and  uniform  grain 
structure  all  over  the  deposits.  A  typical  microstructure 
is  illustrated  in  Fig.  1(a),  where  an  SEM  micrograph  of 
a  film  deposited  with  P=150  W,  /int  =  30  s  and  <^  =  0.25 
is  shown.  The  film  presents  a  polycrystalline  structure 
that  seems  to  have  originated  from  a  high  density  of 
nucleation  centres  yielding  a  mean  grain  size  of  a  few 
tenths  of  a  pm.  The  micrograph  also  shows  some  cracks 
formed  during  cooling  of  the  samples,  arising  from  the 
difference  between  the  thermal  expansion  coefficients  of 
the  film  (4.5  x  10"^  K"^)  and  the  silica  substrate  (0.5  x 
10“^K-^). 

Concerning  the  topography  of  the  deposited  material, 


L_. _ I _ . _ I _ _ _ 1 _ _ _ I - L1_J 

0  2  4  6  8  10 

Distance  (mm) 


Fig.  1.  (a)  SEM  micrograph  of  a  film  deposited  with  <l>  =  0.25,  P  = 
150  W  and  /int  =  30  s;  (b)  thickness  profiles  of  films  deposited  with  ({)  = 
0.25,  /^=150W  and  different  interaction  times. 
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three  different  thickness  distributions  were  found; 
namely,  Gaussian,  top-flat  and  volcano-like  profiles. 
Fig.  1(b)  shows  thickness  profiles  measured  on  spots 
deposited  with  (j!>  =  0.25,  P=150W  and  different  inter¬ 
action  times.  As  can  be  seen,  for  the  spot 

presents  a  broad  Gaussian  profile;  by  increasing  the 
irradiation  time  up  to  40  s  the  thickness  distribution  of 
the  deposited  material  evolves  to  a  quasi  top-flat  profile. 
The  film  processed  with  =  presents  a  central 
depression  associated  with  a  lack  of  film  material,  yield¬ 
ing  a  volcano-like  profile.  The  series  of  coating  profiles 
plotted  in  Fig.  1(b)  also  illustrates  an  important 
observed  behaviour:  for  constant  (f)  and  P  values,  the 
thickness  of  the  films,  defined  as  the  maximum  height 
above  the  substrate  surface,  does  not  show  any  signifi¬ 
cant  dependence  on  the  laser  irradiation  time.  However, 
the  amount  of  material  deposited  is  an  increasing  func¬ 
tion  of  the  irradiation  time,  as  can  be  determined  from 
the  increasing  area  of  the  region  limited  by  the  thick¬ 
ness  profiles. 

5.2.  Growth  kinetics 

The  thickness  profiles  were  very  useful  to  investigate 
the  growth  kinetics  of  the  B4C  films,  providing  not  only 
a  means  to  estimate  the  total  amount  of  material  depos¬ 
ited  but  also  the  values  of  surface  temperature  induced 
by  the  laser-material  interaction.  The  apparent  depos¬ 
ition  rate  for  the  boron  carbide  films  was  evaluated  in 
terms  of  the  total  mass  deposited  per  unit  time,  following 
the  method  described  in  [10]  and  assuming  the  bulk 
density  of  B4C  to  be  2.52  gcm“^.  Apparent  deposition 
rate  values  in  the  range  2.3  to  9.4  pg  s"^  were  obtained. 
Following  the  calculation  technique  described  elsewhere 
[9],  the  surface  temperature  achieved  at  the  centre  of 
the  films  during  deposition  was  estimated  to  be  between 
800  and  1080  K. 

Fig.  2  shows  an  Arrhenius  diagram  where  the  appar¬ 
ent  deposition  rates  and  temperatures  are  those  referred 
to  above.  The  fact  that  only  one  straight  line  is  needed 
to  fit  the  data  indicates  that  only  one  mechanism  is 
responsible  for  B4C  film  growth.  From  the  slope  of  the 
straight  line,  the  apparent  activation  energy  was  calcu¬ 
lated  to  be  27.5  +  7.8  kJ  mol"^  The  low  magnitude  of 
the  activation  energy  indicates  a  small  dependence  of 
the  deposition  rate  on  temperature,  which  means  that 
mass  transport  of  reactive  gaseous  species  is  the  rate- 
limiting  step  for  the  growth  of  the  boron  carbide  film. 

3.3.  Structural  analysis 

The  GIXRD  diffractograms  show  narrow  diffraction 
lines  which  are  all  matched  by  rhombohedral  boron 
carbide,  JCPDS  card  no.  33-0225.  This  result  confirms 
that  only  one  polycrystalline  phase  was  formed  during 
the  LCVD  process.  Fig.  3  displays  a  series  of  spectra 
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Fig.  2.  Logarithm  of  the  apparent  deposition  rate  as  a  function  of 
reciprocal  temperature:  ■,  measured  values;  line,  curve  fitting. 
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Fig.  3.  GIXRD  spectra  of  boron  carbide  films  with  different  carbon 
contents,  as  measured  by  EPMA. 


recorded  over  samples  with  varying  carbon  content, 
from  9.8  to  18.8  at%,  and  also  a  standard  bulk  sample 
with  20at%  carbon,  for  comparison.  The  29  region 
selected  is  the  one  comprising  the  two  strongest  boron 
carbide  diffraction  peaks,  i.e.,  the  (104)  and  (021) 
reflections.  When  carbon  concentration  is  high  (Fig.  3, 
spectra  a  and  b)  the  experimental  intensity  distribution 
pattern  follows  the  relative  intensities  of  the  standard 
polycrystalline  B4C  sample  with  randomly  oriented 
grains.  For  films  with  low  carbon  contents  an  inversion 
of  the  relative  intensities  of  the  (104)  and  (021)  peaks 
was  always  observed,  suggesting  the  development  of  a 
(104)  texture  (Fig.  3,  spectra  c-e).  A  strong  continuous 
shift  of  the  (021)  peak  to  lower  angles  is  also  observed 
when  the  atomic  carbon  concentration  decreases. 

Based  on  the  values  inferred  from  the  angular 
position  of  the  two  major  peaks  in  the  GIXRD  patterns, 
we  estimated  the  B4C  equivalent  hexagonal  lattice 
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parameters  and  using  the  following  equations 

I  63^104^021  J  I  4Ch^/i04 

"‘'"V  4dl,,-dio4  3(ci-l6dioS 

(1) 


which  were  deduced  from  the  spacing  formulae  given 
by  Warren  [11].  The  constants  and  correlated 

with  the  B4C  rhombohedral  lattice  parameters  a^.  and 
(Xr  by  the  relationships  [11] 


1  — - 

=  -V3ah  +  and  sin  —  = 


2  2\J^  +  {cJa^f 


(2) 


Fig.  4  shows  Ch  and  parameters  as  a  function  of 
the  carbon  content  of  the  films.  The  non-linear  correla¬ 
tion  found  between  the  lattice  constants  and  the  carbon 
concentration  suggests  analysis  of  the  whole  graph  in 
terms  of  three  distinct  zones,  which  can  be  related  to 
the  way  carbon  atoms  are  preferentially  substituted  in 
the  lattice  as  the  carbon  content  is  reduced.  Between  20 
and  about  17.5  at%  carbon  (zone  I),  both  and 
increase  when  the  carbon  concentration  decreases.  This 
behaviour  may  be  explained  by  the  exchange  of  carbon 
atoms  by  boron  atoms  in  the  central  C“B  — C  chain, 
leading  to  a  C— B— B  chain  in  the  main  diagonal  of  the 
rhombohedral  structure.  Since  boron  atoms  have  a 
higher  covalent  radius  (0.82  A)  than  carbon  atoms 
(0.77  A),  these  substitutions  induce  an  increase  in 
volume  of  the  hexagonal  lattice,  expanding  the  unit  cell 
in  both  a  and  c  dimensions.  Between  about  17.5  and 
13.5  at%  carbon  (zone  II),  the  parameters  Ch  and 
present  almost  constant  values.  This  zone  could  be 
interpreted  on  the  basis  of  substitutions  of  carbon  atoms 
by  boron  atoms  in  the  B^^C  icosahedral  units,  since  this 
kind  of  substitution  does  not  affect  the  volume  of  the 
unit  cell  significantly.  For  carbon  contents  lower  than 
13.5  at%  (zone  III),  a  decrease  in  carbon  concentration 
yields  a  decrease  in  and  an  increase  in 

The  results  found  in  zone  I  and  zone  II  and  the 
intrinsic  carbon-^ boron  substitution  sequence  agree 


qualitatively  with  the  evolution  of  the  lattice  parameters 
inferred  by  Aselage  et  al.  [7].  However,  these  authors 
extend  zone  I  to  about  13.5  at%  carbon  and  zone  II  to 
about  9  at%  carbon.  Zone  III  is  absent  in  the  results  of 
Aselage  et  al.,  probably  due  to  the  discrepancy  in  the 
measured  carbon  concentration.  When  converted  to  the 
rhombohedral  lattice  parameters,  the  measured  values 
of  Ch  and  in  zone  III  follow  the  trend  reported  by 
Yakel  [12]  for  low  carbon  concentrations.  Unlike  the 
trends  observed  in  zones  I  and  II,  the  behaviour  in  zone 
III  seems  hard  to  explain  considering  only  the  prolonged 
replacement  of  carbon  atoms  by  boron  atoms  on  the 
main  diagonal  and/or  in  the  icosahedral  units.  Therefore, 
one  may  attempt  to  interpret  this  stage  of  further  carbon 
depletion  by  considering  the  replacement  of  C— B— C 
and/or  C“B— B  chains  by  a  new  intericosahedra  linking 
component,  whose  existence  was  proposed  earlier  by 
Yakel  [12]  and  seems  to  be  consistent  with  our  micro- 
Raman  results,  as  will  be  seen  in  the  following 
discussion. 

Fig.  5  shows  a  series  of  micro-Raman  spectra 
obtained  in  the  centre  region  of  different  boron  carbide 
films.  All  the  Raman  spectra  were  normalised  to  the 
broad  peak  at  700  cm  and  the  background  was 
removed  by  empirical  procedures.  As  a  reference,  Fig.  5 
also  displays  the  micro-Raman  spectrum  obtained  with 
a  bulk  standard  sample  of  B4C  with  20  at%  carbon.  The 
spectrum  of  the  sample  with  18.8  at%  carbon  (Fig.  5, 
spectrum  a)  presents  three  broad  peaks  at  720,  840  and 
1070  cm"Mn  the  high-frequency  region.  The  broad  peak 
at  1070  cm"^  has  a  clearly  developed  shoulder  between 
900  and  1000cm“^  which  can  be  fitted  by  two  peaks 
at  930  and  980  cm  “h  These  peaks  match  the  peaks 
assigned  by  Tallant  et  al.  [6]  to  the  breathing  modes  of 
the  icosahedral  B^C  structures.  In  the  low-frequency 
region,  spectrum  a  in  Fig.  5  presents  three  narrower 
peaks  at  320,  480  and  530  cm  "h  The  peak  at 
320  cm "  ^  is  an  experimental  artefact  which  appears  in 
all  Raman  spectra.  The  other  two  peaks  at  480  and 
530  cm“^  were  reported  by  Tallant  et  al.  as  due  to  the 


Fig.  4.  Hexagonal  lattice  parameters,  Ch  a  function  of  carbon 

content  of  the  boron  carbide  films. 
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Fig.  5.  Raman  spectra  of  boron  carbide  films  with  different  carbon 
contents,  as  measured  by  EPMA. 
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vibration  modes  of  C  — B~C  chains.  By  comparing  this 
micro-Raman  spectrum  (Fig.  5,  spectrum  a)  with  that 
of  the  standard  sample  (20  at%  carbon)  it  can  be 
observed  that  the  Raman  bands  between  600  and 
1200  cm“\  which  are  associated  with  the  icosahedral 
modes,  are  relatively  unaffected  by  the  decrease  in 
carbon  content  of  the  samples.  However,  in  the  low- 
frequency  region  assigned  to  the  vibrations  of  C  — B— C 
chains,  the  doublet  at  480/530  cm“^  decreases  in  inten¬ 
sity  while  a  new  peak  at  380  cm tends  to  develop. 
These  results  are  consistent  with  replacement,  during 
the  initial  stages  of  carbon  depletion,  of  the  C— B— C 
chains  along  the  main  diagonal  by  C— B  — B  chains, 
and  support  the  behaviour  of  the  lattice  parameters 
found  in  zone  I  of  Fig.  4.  For  the  same  type  of  vibra¬ 
tional  mode,  the  less  stiff  C—B—B  chains  will  have  a 
lower  vibration  frequency  [6,7]. 

The  micro-Raman  spectra  b  and  c  in  Fig.  5  concern 
films  with  carbon  concentration  values  of  16.2  and 
13.8  at%,  respectively.  The  carbon  content  of  these  two 
samples  corresponds  to  zone  II  of  Fig.  4.  By  comparing 
both  spectra  with  Fig.  5,  spectrum  a  we  can  observe 
that  the  peaks  at  480  and  530  cm"^^  become  less  intense 
while  the  380  cm  peak  is  enhanced  as  the  carbon 
content  decreases.  Also,  in  the  high-frequency  range, 
the  1070  cm"^  peak  is  shifted  to  lower  frequency,  from 
1070  to  1055  cm"\  while  the  intensity  of  the  shoulder 
of  this  peak  also  decreases.  These  results  indicate  that 
the  icosahedral  B^C  units  are  also  affected  by  the 
decreasing  amount  of  carbon,  leading  to  B12  icosahedra 
[6,7].  By  comparing  spectrum  b  with  spectrum  c,  both 
related  to  samples  inside  zone  II  of  Fig.  4  but  with 
decreasing  carbon  content,  the  most  affected  bands  are 
clearly  the  high-frequency  ones.  Therefore,  it  can  be 
concluded  that  the  most  probable  carbon boron  substi¬ 
tution  in  zone  II  occurs  in  the  B^^C  icosahedra. 

Fig.  5,  spectrum  d  was  recorded  over  the  centre  region 
of  a  film  with  carbon  concentration  of  11.2  at%,  corre¬ 
sponding  to  zone  III  of  Fig.  4.  By  analysing  this 
spectrum  and  comparing  it  with  the  ones  described 
above,  we  can  conclude  that  a  further  decrease  in  carbon 
content  leads  to  a  substantial  modification  of  the  micro- 
Raman  spectra  of  boron  carbide  samples.  In  the  high- 
frequency  region,  the  peaks  at  1055  cm  become 
broader,  less  intense  and  shift  to  lower  frequency  by 
about  15cm"^  In  the  low-frequency  region  the  peaks 
at  480  and  530  cm  vanish  and  the  intensity  of  the 
broad  peak  at  380  cm  decreases  strongly,  eventually 
disappearing  at  lower  carbon  concentration.  These 
Raman  results  are  a  clear  indication  that,  for  carbon 
atomic  concentration  in  zone  III,  the  C-"B~C  and/or 
C  — B— B  chains  are  strongly  affected,  and  can  even 
disappear  at  low  carbon  content  values.  This  seems  to 
be  consistent  with  the  hypothesis  of  Yakel  [12];  i.e.,  the 
random  replacement  of  the  main  diagonal  chains  by  a 
new  linking  component  consisting  of  four  boron  atoms 


located  at  the  centre  of  the  unit  cell  in  a  plane  perpendic¬ 
ular  to  the  Ch  axis.  As  a  result  of  the  substitution  of  the 
C— B— C  and/or  C— B— B  chains  by  these  (B4)  planar 
groups,  Yakel  anticipated  an  increase  in  the  rhombohe- 
dral  unit  cell  angle  (aj.)  with  little  effect  on  cell  edge 
{a^.  Our  results  are  in  good  agreement  with  these 
predicted  trends:  after  converting  the  hexagonal  lattice 
parameters  into  rhombohedral  lattice  parameters  by 
using  relations  (2),  the  values  found  in  zone  III  show 
an  increase  of  of  about  2%  while  the  values  are 
almost  constant,  with  a  fluctuation  of  less  than  0.15% 
when  the  carbon  content  decreases  from  13.5  to  9.8  at%. 


4.  Conclusions 

Boron  carbide  films  were  deposited  on  fused  silica 
substrates  by  CO2  laser  CVD,  using  a  gas  mixture  of 
BCI3,  CH4,  H2  and  Ar.  The  deposited  films  present  good 
adherence,  a  fine  grain  morphology  and  a  mean  carbon 
concentration  in  the  range  from  9  to  about  20at%. 
Growth  rates  in  the  range  of  2.3  to  9.4  pgs”^  were 
deduced  from  the  thickness  profiles  of  the  films.  The 
Arrhenius  equation  for  the  deposition  rate  yields  an 
apparent  activation  energy  of  27.5  +  7.8  kJ  mol  “S  show¬ 
ing  that,  for  the  experimental  conditions  used  in  this 
study,  the  mass  transport  of  reactive  gaseous  species  is 
the  rate-limiting  step  for  boron  carbide  film  growth. 

The  crystallographic  lattice  constants,  and  were 
plotted  as  a  function  of  the  carbon  content  in  the  films, 
showing  a  non-linear  dependence  for  these  two  quanti¬ 
ties.  The  trends  found  are  consistent  with  micro-Raman 
spectra  of  the  samples  and  allow  us  to  interpret  the  way 
in  which  carbon  atoms  are  preferentially  substituted  by 
boron  atoms  in  the  lattice  as  the  carbon  content  is 
reduced.  As  the  carbon  concentration  starts  to  decrease, 
C— B— C  chains  are  the  units  preferentially  affected,  by 
replacement  by  c~B“-B  chains.  Between  about  17.5 
and  13.5  at%  carbon,  the  most  affected  structures  are 
the  BiiC  icosahedra,  leading  to  the  formation  of  B12 
structure  units.  Below  13.5  at%  carbon,  the  C— B— C 
and/or  C— B—B  diagonal  chains  are  affected  and  proba¬ 
bly  disappear  at  low  carbon  concentrations. 
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Abstract 

The  formation  mechanisms  of  nanocrystalline  composite  structures  are  discussed,  and  results  on  co-deposited  material  system 
of  C^o-Au,  Cgo-Cu  as  well  as  Al-SiO^.  are  presented.  Three  type  of  structures  are  distinguished  in  the  composite  films,  depending 
on  the  concentration  of  the  additive.  The  decisive  structure-forming  phenomena  are  the  kinetic  segregation  of  the  minority  species 
and  the  chemical  reaction  of  the  deposited  components.  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Because  of  the  novelty  of  their  physical  and  chemical 
properties,  nanocomposite  material  structures  in  thin 
films  have  received  an  increasing  amount  of  interest 
during  the  last  decades.  These  structures  are  two-  or 
multicomponent  systems  containing  additive  (s)  of  vary¬ 
ing  concentration  beside  the  film  material  and  are  gen¬ 
erally  composed  of  segregated  phases.  Their  thermal 
stability  has  been  discussed  in  the  literature  in  details 
and  attributed  to  the  reduction  of  the  specific  grain 
boundary  (GB)  energy  by  the  solute  species  segregated 
to  the  GB  and/or  to  the  large  driving  force  for  segre¬ 
gation  [1-3].  Less  attention  has  been  paid,  however,  to 
the  description  and  understanding  of  the  evolution  of 
nanocrystalline  structures  during  preparation.  It  should 
be  mentioned  that  pure  elemental  polycrystalline  solids 
are  thermodynamically  unstable  with  respect  to  grain 
growth  [1],  while  nanocomposite  structures  with  a  high 
concentration  of  additives  and,  consequently,  with  a 
small  grain  size  have  a  high  thermal  stability. 

The  present  paper  discusses  the  possible  formation 
mechanisms  of  as-prepared  nanocomposite  thin  film 
structures  prepared  by  co-deposition.  Experimental 
results  will  be  presented  and  referred  for  the  illustration 
of  various  nanocomposite  structures  developed  by  the 
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different  formation  mechanisms.  It  will  be  also  shown 
that  the  chemical  reaction  among  the  components  taking 
place  on  the  growth  surface  can  be  used  for  the  prepara¬ 
tion  of  artificial  structures. 


2.  Formation  mechanism  of  nanocomposite  thin  films 
prepared  by  codeposition 

Nanocomposite  thin  film  structures  are  produced 
either  by  the  post-deposition  heat  treatment  of  an  amor¬ 
phous  mixture  phase  of  the  components  prepared  at  a 
low  temperature  [4]  or  in  situ  (as-prepared  form)  by  the 
co-deposition  (or  reactive  deposition)  of  the  components 
at  elevated  temperatures  [5-8].  In  the  first  case,  the 
thermodynamic  segregation  of  the  components  and,  in 
some  material  systems,  the  simultaneous  compound 
formation  are  the  active  structure-forming  phenomena 
during  the  heat  treatment.  In  the  second  case,  the  films 
should  be  considered  as  a  specific  type  of  polycrystalline 
thin  films  due  to  a  higher  concentration  of  active  addi¬ 
tive  (s) .  The  whole  process  of  structure  evolution  can  be 
described  by  the  fundamental  structure-forming  phen¬ 
omena  of  polycrystalline  thin  films,  and  their  structure 
can  be  interpreted  according  to  the  theoretical  structure 
zone  models  [9-12]. 

In  cases  of  nanocomposite  structures  the  self-surface 
mobility  of  the  film  material  is  high,  while  the  self  surface 
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mobility  of  the  additive  or  its  compound  phase  (e.g. 
amorphous  phase)  is  low  at  the  given  preparation  parame¬ 
ters.  Consequently,  three-dimensional  crystals  of  the  film 
material  develop  during  the  condensation  while  the  addi¬ 
tive  or  its  compound  develop  bidimensional  layers  or  a 
bulk  of  their  tissue  phase.  The  crystals  of  a  nanocomposite 
thin  film  of  high  thermal  stability  are  surrounded  and 
separated  by  tissue  phase(s)  [9,13,14].  In  one  of  these 
types  of  structures,  the  tissue  phase  is  situated  at  the  grain 
boundaries  of  the  polycrystalline  film  structures,  while  in 
the  other  type,  the  crystals  of  the  film  material  are 
dispersed  in  the  bulk  of  the  tissue  phase  (s).  The  tissue 
phase  is  in  many  cases  an  amorphous  compound. 

The  fundamental  structure-forming  phenomena  of 
polycrystalline  films  are  the  nucleation,  the  crystal  growth, 
the  grain  growth  by  GB  migration,  the  process-induced 
kinetic  segregation  of  the  species  of  insoluble  minority 
component  and  the  chemical  reaction  of  the  codepositing 
components  developing  new  compound  (s)  on  the  growth 
surface  or  within  the  top  layer.  In  the  case  of  nanocom¬ 
posite  structure  evolution,  the  process-induced  kinetic 
segregation  of  the  minority  component  together  with  a 
possible  compound  formation  has  a  decisive  role.  This 
kinetic  segregation  and  the  resulting  surface-covering 
tissue  layer  limiting  the  growth  of  film  crystals  have  been 
shown  directly  by  in-situ  transmission  electron  micro¬ 
scopic  experiments  [15,16]  and  analysed  in  various  mate¬ 
rial  systems  [6-8,14,17].  The  kinetic  segregation  means 
that  the  species  of  the  minority  component  condensing 
on  the  growth  surface  of  the  majority  component's  phase 
are  segregated  by  the  atom-by-atom  building  process  of 
that  phase  by  replacement  and  develop  either  their  own 
or  a  compound  solid  phase  on  the  growth  surface  [18]. 
When  the  tissue-forming  additive  is  the  minority  compo¬ 
nent,  the  kinetic  segregation  develops  a  high  concentration 
of  additive  species  or,  at  a  higher  concentration,  a  layer 
covering  the  growth  surface  of  the  film  grains  (crystals) 
limiting  their  growth  and  coalescence  as  well.  The  concen¬ 
tration  of  the  tissue-forming  material  species  in  the  con¬ 
densing  vapour  beam  will  determine  the  size  of  the  film 
crystals  at  which  their  surface  will  be  covered  completely 
and  their  growth  will  be  limited.  At  this  stage,  the 
condensation  proceeds  by  repeated  nucleation  of  the  film 
material  on  the  surface-covering  tissue  layer,  and  the 
whole  process  repeats  itself  The  grain  size  of  the  film 
material  decreases  with  increasing  concentration  of  tissue 
material  and  can  be  as  low  as  1-10  nm.  This  process  is 
illustrated  in  Fig.  1(a)  and  (b).  At  a  low  concentration  of 
the  tissue  forming  component  (ct<0.05)  [Fig.  1(a)],  large 
film  material  crystals  can  grow  with  segregated  tissue 
material  species  on  their  surface.  The  GBs  developing 
upon  the  impingement  of  neighbouring  crystals,  and 
incorporating  these  segregated  species,  will  have  a 
decreased  specific  energy;  therefore,  their  migration  rate 
is  lower  than  that  of  pure  GBs.  The  GB  migration  rate 
can  also  be  decreased  kinetically  if  the  clusters  or  nuclei 
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Fig.  1.  Schematic  figures  of  composite  structure  in  the  case  of  (a)  a 
low  and  (b)  a  high  concentration  of  the  minority  additive  component, 
as  well  as  in  the  case  of  additives  giving  the  majority  component  (c). 


of  the  segregated  phase  act  as  pinning  sites  for  the  GBs. 
At  a  higher  concentration  of  the  tissue  forming  component 
(e.g.  0.05  <Ct< 0.4)  [Fig.  1(b)],  the  surface  concentration 
of  segregated  species  can  be  enough  for  the  nucleation 
and  development  of  its  own  phase  forming  a  layer  on  the 
growth  surface.  This  layer  can  cover  the  crystals  com¬ 
pletely  and  will  be  incorporated  at  the  developing  GBs. 
The  thickness  of  this  layer  can  increase  with  increasing 
concentration  of  the  tissue  component. 

At  a  high  concentration  of  the  tissue-forming  additive 
(Ct>0.4-0.5),  when  it  is  the  majority  component,  the 
conditions  of  structure  formation  can  be  changed  com¬ 
pletely.  Its  matrix  will  grow  primarily,  and  the  species  of 
film  material  will  be  segregated  on/to  the  growth  surface 
[Fig.  1(c)].  With  this  material  having  a  high  self-surface 
mobility,  the  segregated  species  will  form  three-dimen¬ 
sional  crystals,  which  will  be  incorporated  into  the  bulk 
of  the  growing  tissue  phase.  The  nanocrystals  of  the  film 
material  will  be  dispersed  in  the  bulk  of  the  tissue  phase, 
which  can  also  be  a  compound  of  the  components. 

The  mechanisms  of  structure  evolution  discussed 
above  can  describe  both  the  continuous  decrease  in 
grain  size  and  the  increase  in  thermal  stability  of  the 
composite  thin  films  with  increasing  concentration  of 
the  codeposited  additive,  as  detected  in  various  systems 
[1].  The  thermal  stability  is  related  namely  to  the 
decreased  GB  energy  due  to  the  solute  concentration 
developed  by  the  process-induced  kinetic  segregation 
during  film  deposition  at  a  low  additive  concentration. 
At  a  high  concentration,  the  nanocrystals  of  the  film 
material  are  well  separated  by  the  tissue  phase  of  the 
additive.  The  high  thermal  stability  of  these  films  is 
related  to  the  large  driving  force  for  the  segregation  [3]. 

It  is  easy  to  understand  that  the  tissue  phase  is  hardly 
detectable  at  the  low  additive  concentration  either  by 
diffraction  techniques  or  by  microchemical  analysis. 

This  structure  evolution,  based  on  the  kinetic  segre¬ 
gation  of  the  minority  species,  will  be  shown  at  the 
co-deposition  of  fulleren  gold  and  copper  as  well  as 
aluminium  and  SiO^^. 


P.B.  Barna  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  147-150 


Table  1 

Relative  oxide  and  metal  content  of  SiO;^-doped  Al  films 
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Sample 

Al  2p  XPS 

Si  KLL  XAES 

Tsubstr  ( 

Si  (at.%) 

Metal  {%) 

Oxide  (%) 

Metal  {%) 

Oxide  (%) 

350 

30 

44±5 

56±5 

75-80 

20-25 

450 

30 

37±5 

63  +  5 

95-100 

0-5 

450 

50 

28±5 

72  +  5 

95-100 

0-5 

3.  Experimental 

The  films  were  prepared  by  thermal  evaporation  of 
Cgo  Au  and  Cu  as  well  as  Al  and  SiO^^  at  a  background 
pressure  of  10""^  Pa.  The  composition  of  the  films  was 
controlled  by  the  deposition  rates  of  the  components 
measured  by  a  quartz  crystal  monitor.  An  evaporated 
a-C  layer  was  supported  by  transmission  electron  micro¬ 
scopic  (TEM)  microgrids,  air-cleaved  NaCl,  KCl  and 
mica  single  crystals  for  thin  films,  while  thermally  oxi¬ 
dised  Si  single  crystals  for  cross-sectional  TEM  investiga¬ 
tion,  X-ray  photoelectron  spectroscopic  (XPS),  Auger 
electron  spectroscopic  (AES)  and  X-ray  diffraction 
(XRD)  measurements  of  thick  films  were  applied  as 
substrates.  Deposition  temperatures  were  selected 
between  room  temperature  and  450°C.  The  structure  of 
the  films  was  investigated  by  plan-view  and  cross-sec¬ 
tional  high-resolution  and  analytical  TEM,  X-ray 
diffraction,  as  well  as  by  ESCA  and  AES. 

The  results  of  these  detailed  investigations  have  been 
published  recently  and  are  referred  to.  The  present  paper 
contains  complementary  results  confirming  the  coexist¬ 
ence  and  distribution  of  different  phases  and  the  role  of 
chemical  reaction  in  their  development. 


4.  Results  and  discussion 

4.L  Codeposited  Al-SiOj^ films 

At  substrate  temperatures  lower  than  250°C 
Al-SiO;c  composite  structures  form.  By  increasing  the 
concentration  of  SiO^  up  to  50at%  Si,  the  SiO^^  is 
segregated  by  the  growing  Al  crystals,  and  a  polycrystal¬ 
line  structure  with  decreasing  grain  size  will  develop.  In 
that  case,  the  SiO;,  tissue  phase  is  situated  at  the  grain 
boundaries.  At  concentrations  of  SiO^>50at.%,  the 
tissue  of  SiO^  grows  and  the  Al  species  are  segregated, 
forming  Al  micro-  and  nanocrystals  dispersed  in  the 
bulk  of  the  SiO^  tissue  phase  [14]. 

At  deposition  temperatures  higher  than  300°C,  a 
completely  new  process  sets  in,  the  decomposition  of 
SiO^  by  the  codeposited  Al,  forming  elemental  Si  and 
aluminium  oxide  according  to  the  reaction  [19]  taking 


place  during  the  deposition  on  the  growth  surface 

3Si02  +  4A1^2Al203  -b  3Si  -h  738.6  kJ. 

This  reactive  deposition  results  in  the  formation  of  a 
composite  structure  of  crystalline  Al  and  Si  with  amor¬ 
phous  AI2O3  (and  SiOJ  tissue  phase  (s).  By  increasing  the 
concentration  of  SiO^,,  increasing  amounts  of  Al  are 
consumed  by  the  reaction.  The  concentration  of  metallic 
Al  decreases  while  that  of  elemental  Si  increases,  as 
indicated  by  the  selected  area  electron  diffraction  patterns 
published  in  [14].  The  XPS  and  XAES  analysis  of  the 
samples  provided  information  on  the  oxidisation  states  of 
Al  and  Si.  Spectra  of  the  Al  2p  XPS  measurements  are 
shown  in  Fig.  2.  The  peaks  at  the  lower  kinetic  energy 
correspond  to  the  oxide,  whereas  the  peaks  at  a  higher 
kinetic  energy  correspond  to  the  metallic  phase.  The 
oxidised  parts  of  Al  and  Si  in  the  composite  films  are 
listed  in  Table  1 .  According  to  these  results,  Al  is  con¬ 
sumed  more  rapidly  at  a  higher  temperature. 

4.2.  Codeposited  Au-C^q  and  Cu-C^q  films 

In  these  experiments,  and  Au  as  well  as  Cu  were 
codeposited  at  room  temperature  when  the  Au  and  Cu 
were  the  minority  components.  The  development  of 
metal  nanocrystals  in  the  bulk  of  Cgo  matrix  and  the 
interaction  between  Au  and  C^o  were  investigated.  The 
X-ray  diffraction  patterns  of  films  with  Au  atomic 
concentrations  higher  than  1.5  at. %  detected  the  pres¬ 
ence  of  finely  dispersed  metallic  Au  particles.  The  FCC 


Fig.  2.  Al  2p  XPS  spectra  of  SiO.,  doped  Al  films  prepared  by 
codeposition. 
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Fig.  3.  HR-TEM  image  of  crystalline  Cu  particles  embedded  in  the 
amorphous  Qo  matrix. 

lines  of  C^o  fuHerite,  as  well  as  two  broad  maxima  close 
to  the  positions  of  the  (111)  and  (200)  lines  of  An,  were 
present  in  the  diffraction  pattern  [17]. 

The  measured  Cco  lattice  parameter  fits  well  with  the 
reported  value  1-419  nm.  The  diffraction  patterns 

with  two  very  broad  and  partially  superposed  maxima 
show  the  presence  of  finely  dispersed  Au.  The  lattice 
parameter  values  of  the  Au  phase  in  films  with  1.65  and 
4.5at.%  Au  [0.40725  nm  and  0.40552  nm  from  (111) 
while  0.42078  nm  and  0.41694  from  (200)]  are  at  variance, 
much  beyond  the  experimental  precision.  These  observa¬ 
tions  suggest  that  long-range  order  is  heavily  affected  in 
the  Au  nanoparticles,  due  to  the  very  high  density  of  local 
lattice  distortions.  Thereby,  the  structure  of  Au  is  closer 
to  quasi-amorphous  than  to  the  crystal  lattice  affected  by 
static  phonon  disorder.  The  formation  of  nanocrystalline, 
distorted  Au  in  these  co-deposited  Au-C6o  fihiis  could  be 
attributed  to  the  Au-C^o  interface  interaction,  in  the  first 
place  to  the  electron  transfer  from  Au  to  fullerene.  Fig.  3. 
shows  the  lattice  fringe  image  of  Cu  nanocrystals  in  the 
Ceo-Cu  composite  film  with  5  at.%  Cu  concentration. 

5,  Conclusions 

The  codeposition  of  immiscible  additive  (s)  with  the 
film  material  at  well  selected  preparation  parameters  is  an 
important  tool  for  tailoring  as  deposited  artificial  thin 
film  composite  structures.  The  characteristics  of  these 
structures  of  good  thermal  stability  is  that  the  nanocrystals 
are  well  separated  by  a  tissue  phase.  Two  ranges  of 
concentration  of  the  tissue-forming  component  can  be 
distinguished  in  which  the  structure  evolution  is  com¬ 
pletely  different.  This  is  related  to  the  conditions  of  the 
kinetic  segregation  of  the  minority  component  during  the 
growth  of  the  film.  When  the  tissue-forming  component 
is  the  minority  component,  the  species  of  the  tissue  are 
segregated  by  the  growing  crystals  of  the  film  material. 
The  segregated  tissue  species  develop  a  layer  on  the 
surface  of  the  growing  crystals  and  at  the  grain  bound¬ 


aries.  In  the  resulting  structure,  the  crystals  of  the  film 
material  are  separated  by  grain  boundaries  covered  by 
the  tissue  phase.  When  the  film  material  is  the  minority 
component,  the  phase  of  the  tissue  material  grows  primar¬ 
ily  segregating  the  species  of  the  film  material.  These 
segregated  film  material  species  will  form  the  three-dimen¬ 
sional  crystals.  It  is  important  to  note  that  both  the 
nanocrystals  of  the  film  material  and  the  tissue  phase  can 
develop  by  the  chemical  reaction  (s)  among  the  codepos¬ 
ited  components  on  the  growing  surface  or  within  the 
surface  layers,  as  in  the  cases  of  the  structures  composed 
of  Si  (and  Al )  nanocrystals  and  AI2O3  (and  SiO  J  tissue 
phase  with  codeposition  of  Al  and  SiO^. 
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Abstract 

The  initial  stage  of  indium  tin  oxide  (ITO)  thin  film  growth,  deposited  by  reactive  thermal  evaporation  (RTE),  was  investigated 
using  atomic  force  microscopy  (AFM)  measurements.  Five  ITO  thin  films  were  deposited  by  RTE  of  an  In:Sn  alloy  in  the 
presence  of  added  oxygen  on  heated  oxide  substrates  (7^  =  440  K),  with  film  thickness  as  the  deposition  variable.  Surface  imaging 
as  well  as  statistical  analysis  were  applied  to  obtain  information  about  the  structure  of  the  samples  from  AFM  measurements.  In 
the  initial  stages  of  the  deposition  it  was  possible  to  distinguish  the  presence  of  individual  features  randomly  distributed  with 
characteristic  dimensions  of  up  to  100  nm.  Subsequently,  the  ITO  films  appeared  to  grow  uniformly  as  a  continuous  film  deposited 
over  the  entire  surface.  As  the  ITO  films  were  formed  under  the  low-nucleation  barrier  regime,  which  involved  small  critical 
nucleus  with  low  positive  free  energy  of  formation,  the  films  consisted  of  many  small  aggregates.  The  small  minimum  stable  size 
of  the  aggregates  and  the  high  nucleation  frequency  gave  rise  to  a  fine-grained  film.  The  grain  size  of  the  ITO  films  increased  as 
the  film  thickness  increased  until  a  maximum  value  of  t  =  80  nm  was  reached.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Indium  tin  oxide  (ITO)  thin  films,  as  well  as  the 
other  transparent  conductive  oxides  (Sn02  and  ZnO) 
are  often  used  as  transparent  electrodes  and  wave- 
selective  coatings  for  their  ease  of  efficient  doping.  This 
characteristic,  along  with  good  etchability,  hardness  and 
good  adherence  to  many  types  of  substrates,  permits  a 
wide  range  of  applications  of  ITO  in  a  variety  of 
optoelectronic/photovoltaic  devices,  liquid  crystal  dis¬ 
plays,  etc.  [1-3].  The  electrical  characteristics  of  ITO 
thin  films  are  dependent  on  the  presence  of  oxygen 
vacancies  and  substitutional  tin  created  during  or  after 
growth.  ITO  are  also  valued  because  their  fundamental 
properties  (optical,  electrical  and  structural)  can  be 
controlled  by  deposition  techniques  which  employ  a 
careful  optimization  of  the  main  production  parameters 
for  reproducible  properties.  ITO  thin  films  can  be  pre¬ 
pared  by  different  deposition  techniques:  reactive  ther¬ 
mal  evaporation  (RTE)  [4],  r.f.  sputtering  [5],  electron 
beam  evaporation  [6]  and  spray  pyrolysis  [7].  Our  work 


advances  a  further  step  in  the  systematic  study  of  ITO 
films  produced  by  RTE  of  an  In:Sn  alloy  in  the  presence 
of  oxygen  [8].  The  initial  stage  of  ITO  film  growths 
were  studied  by  means  of  AFM  measurements.  Surface 
imaging,  as  well  as  statistical  analysis,  was  used  to 
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Fig.  1 .  Variation  of  the  grain  size  with  film  thickness. 
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characterize  the  local  and  overall  roughness  and  the 
mean  grain  size  of  the  deposited  films. 

2.  Experimental  procedures 

2.  L  Sample  preparation 

The  In203-Sn  films  were  deposited  by  RTE  on 
2.5x2.5cm^  glass  substrates.  A  Balzers  tungsten  boat 
was  used  for  the  alloy  evaporation  and  the  source- 
substrate  distance  was  approximately  30  cm.  To  measure 
substrate  temperature  accurately,  a  thermocouple  was 
embedded  in  the  dummy  glass  substrates.  Five  samples 
of  varying  film  thickness,  r  =  8-80nm,  were  prepared. 
The  experimental  conditions  found  to  optimize  the  ITO 
thin  films  properties [8]  were:  substrate  temperature, 


7’^  =  440K;  deposition  pressure,  6x10'^  Pa;  alloy 
chemical  composition  of  90%  In:  10%  Sn;  and  deposition 
rate,  rd  =  0.1-0.2  nm/s. 

2.2.  Sample  characterisation 

The  transmittance  of  the  ITO  thin  films  was  measured 
with  a  Shimadzu  UV-3100  spectrophotometer  equipped 
with  an  integrating  sphere  attachment  (wavelength 
range:  400  nm<2<800  nm)  without  a  bare  substrate  as 
the  optical  reference.  The  sheet  resistance  was  measured 
using  a  Veeco  FPP-500  four  point  probe.  A  quartz 
crystal  thickness  monitor  (Edwards  FTM5)  monitored 
the  thickness  of  the  films.  The  AFM  of  the  ITO  films 
was  performed  by  a  Multimode  with  a  Nanoscope  Ilia 
controller  from  Digital  Instruments.  The  imaging  was 
performed  in  tapping  mode  using  commercial  tapping 
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Fig.  3.  Amplitude  imaging  of  samples  D  and  E.  Scanned  areas:  1  x  1  mm^.  Height  color  scale:  0.2  V. 


mode  etched  silicon  probes  and  a  10x10  scanner. 
In  tapping  mode,  a  stiff  crystal  silicon  probe  at  the  end 
of  a  cantilever  was  oscillated  to  its  resonant  frequency 
(200-400  kHz)  so  that  the  tip  possessed  sufficient  energy 
to  break  free  of  surface  tension  forces  during  the  scan. 
The  feedback  loop  kept  the  vibrating  cantilever  at  a 
constant  amplitude  by  changing  the  height  of  the  sample 
to  maintain  a  constant  tip  surface  interaction  throughout 
the  measurement.  High  values  of  the  feedback  gains 
allowed  minimal  changes  in  the  tip  vibrational  amplitude 
while  tracking  the  sample  surface  to  collect  accurate 
height  data.  Images  consisted  of  raster-scanned, 
electronic  renderings  of  sample  surfaces.  The  images 
were  obtained  with  a  resolution  of  512  x  512  pixels.  All 
measurements  were  performed  on  1  x  1  pm^  areas  under 
ambient  conditions.  The  Multimode  was  mounted  on 
an  optical  table  in  order  to  isolate  vibration.  The  root 
mean  square  (rms)  roughness,  of  the  sample  surface 
was  calculated  from, 

^q=VE  (1) 

I 

where  z  is  the  average  height  of  the  scanned  area  and 
is  the  height  value  of  each  point.  The  typical  diameter 
of  the  grains  was  measured  with  the  AFM  software 
after  choosing  a  non-biased  cross-section  of  the  sample 
by  putting  the  cursors  at  the  identified  grain  boundaries 
and  simultaneously  measuring  the  horizontal  distance 
between  the  cursor  positions. 


3.  Results 

Fig.  1  shows  the  mean  grain  size,  d,  as  a  function  of 
the  film  thickness,  t,  for  the  five  ITO  samples  obtained 
under  the  deposition  conditions  described  above.  The 
mean  grain  size  increased  from  1 0  to  65  nm  as  the  film 
thickness  increased  from  8  to  80  nm.  The  major  variation 
of  the  grain  size  values  occurred  in  the  film  thickness 


range  10-40  nm.  For  a  thickness  higher  than  70  nm 
the  mean  grain  size  value  remained  practically  constant. 

Table  1  summarises  the  deposition  conditions,  as  well 
as  some  of  the  optical  and  electrical  properties  character¬ 
istic  of  the  five  ITO  samples.  For  the  thickest  sample, 
the  wavelength  range  of  the  transmittance  measurements 
was  insufficient  for  an  accurate  calculation  of  <r>, 
which  is  affected  by  the  interference  fringes.  An  upper 
value  was  estimated. 

Fig.  2  shows  3-D  and  top  view  AFM  images  of  five 
ITO  thin  films  with  different  thickness:  A  -  80  nm;  B  - 
60  nm;  C  -  40  nm;  D  -  20  nm;  and  E  -  8  nm.  A  3-D 
AFM  image  of  sample  A  shows  two  different  scales. 
One  furnished  by  a  random  distribution  of  aggregates 
with  mean  grain  size  around  100  nm,  and  the  other 
consisting  of  a  smoother  texture  lying  between  these 
aggregates  with  a  structure  characterised  by  a  mean 
grain  size  value  of  63  nm,  with  a  calculated  local  surface 
roughness,  of  7.923  nm  and  a  overall  value, 
which  includes  the  coarser  structure  of  14.410  nm.  In 
sample  B  we  observe  the  same  coarse  structure  as  in 
sample  A,  while  the  underlying  structure  now  shows  a 
decrease  in  the  average  size  of  the  grain  (62  nm).  The 
local  surface  roughness  (i^q  =  7.269  nm)  has  decreased 
slightly.  Inversely,  the  total  R^  has  increased  up  to 
16.170  nm.  The  topography  of  sample  C  shows  a 
decrease  in  the  grain  size  of  the  underlying  structure  of 
up  to  50  nm,  while  keeping  a  roughly  similar  nuclei 
density.  The  local  surface  roughness,  R^,  is  now 
5.055  nm  and  the  total  R^  is  20.295  nm.  Sample  D 


Table  1 

Optical  and  electrical  properties  of  ITO  thin  films 
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Fig.  4.  3-D  and  top  view  AFM  surface  imaging  using  tapping  mode  of  the  bare  glass  substrate. 


nH 


Fig.  5.  Cross-section  of  the  sample  A. 


exhibits  the  presence  of  individual  nuclei  with  an  average 
diameter  of  the  order  of  26  nm.  The  calculated  local 
surface  roughness,  is  2.299  nm  and  the  total  is 
23.880  nm.  Sample  E  exhibits  a  fine-grained  underlying 
film.  These  crystalline-like  features  exhibit  diameters 
lower  than  17  nm.  The  calculated  local  surface  rough¬ 
ness,  i^q,  is  1.8  nm  while  the  total  7?q  is  18.993  nm.  The 
presence  of  the  big  spikes,  when  taken  together  with  the 
thinner  grained  underlying  structure  of  samples  D  and 
E  produces,  under  flattening  of  the  sample,  an  oscillatory 
output  which  is  spurious.  Consequently,  it  is  useful  to 
observe  the  amplitude  image,  i.e.  the  sample  error  signal, 
in  which  this  artifact  is  absent.  Fig.  3  shows  the  ampli¬ 
tude  image  of  samples  D  and  E. 

Fig.  4  shows  3-D  and  top  view  AFM  images  of  the 
bare  glass  substrate.  Local  fluctuations  around  5  nm 
were  observed  on  the  3-D  AFM  image. 

Fig.  5  shows  the  cross-section  of  sample  A.  The 
position  of  the  pointers  was  chosen  to  allow  the  determi¬ 
nation  of  the  diameter  of  the  identified  grain. 

4.  Discussion 

To  study  the  initial  stage  of  ITO  growth,  the  evapora¬ 
tion  was  done  without  the  use  of  a  shutter.  The  surface 


topography  analysis  of  the  samples  suggests  that,  after 
starting  to  heat  the  crucible,  the  fusion  of  the  material 
was  incomplete  but  the  energetic  balance  allowed  the 
release  of  chunks  of  material  and  later  deposition  on 
the  substrate.  These  solid  aggregates  were  responsible 
for  the  features  seen  in  the  AFM  topographic  imaging 
with  characteristic  dimensions  of  up  to  100  nm  on 
nominal  thickness  films  of  about  7  nm.  To  oxidize  the 
film  it  was  necessary  for  the  presence  of  a  monolayer  of 
a  metal  film  to  be  deposited  on  the  substrate,  to  induce 
the  chemical  bonding  between  the  oxygen  in  gas  phase 
and  the  metal  [9].  It  appears  that  these  aggregates  were 
able  to  induce  this  oxidation  without  decreasing  the 
average  transmittance  of  the  sample  due  to  an  a  posteri¬ 
ori  oxidation  process  which  took  place  on  the  heated 
substrate  to  440  K.  After  the  initial  heating  of  the 
crucible,  the  film  deposition  became  uniform  on  the 
surface  and  the  pre-deposited  material  was  oxidized. 
Experiments  on  post-deposition  annealing,  in  the  pres¬ 
ence  of  oxygen,  of  ITO  samples  deposited  at  low  sub¬ 
strate  temperature  showed  a  significant  increase  of  the 
mean  transmittance  <r>,  suggesting  the  presence  of 
bulk  diffusion  of  oxygen  in  thick  ITO  films  [10].  As  the 
thickness  increased,  the  initial  features  began  to  merge 
in  the  deposited  ITO  matrix,  as  was  verified  by  the 
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diminution  of  the  total  surface  rms  roughness  of  the 
thicker  samples  (in  contrast  with  the  CVD  material 
growth). 

It  is  also  possible  to  attribute  the  formation  of  these 
aggregates  to  the  presence  of  a  spiky  surface  on  the  bare 
glass,  as  observed  in  the  AFM  imaging,  which  could 
induce  local  nucleation.  However  the  PVD-like  charac¬ 
teristics  of  RTE  deposition  do  not  favor  this 
interpretation. 

5.  Conclusions 

The  initial  stage  of  ITO  thin  film  growth  deposited 
by  RTE  was  investigated  by  means  of  AFM  measure¬ 
ments.  We  found  that  in  the  initial  stages  of  the  depos¬ 
ition  it  was  possible  to  distinguish  the  presence  of 
individual  features  randomly  distributed,  with  character¬ 
istic  dimensions  around  100  nm.  Subsequently  the  ITO 
films  appeared  to  grow  uniformly  as  a  continuous 
structure  deposited  over  the  entire  surface. The  mean 
grain  size  increased  as  the  film  thickness  increased.  The 
maximum  grain  size  value  of  63  nm  was  reached  for 
film  thickness  /  =  80  nm.  Local  roughness  increased,  and 
total  roughness  decreased  as  the  sample  thickness 
increased. 
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Abstract 

Ti  coatings  on  silicate  glass  substrates  have  been  produced  using  a  nonfiltered  vacuum  arc  deposition  technique.  The  dependence 
of  the  deposition  rate  and  average  roughness  on  the  discharge  current  and  distance  from  the  cathode  was  investigated.  The 
deposition  rate  decreases  monotonically  with  the  distance  and  increases  nonlinearly  with  the  discharge  current.  also  increases 
with  increasing  discharge  current.  decreases  with  the  distance,  showing  a  transition  area  between  the  microparticle-containing 
and  microparticle-free  Ti  films.  R^  depends  strongly  on  the  number  of  microparticles.  A  linear  dependence  of  R^  on  the  distance 
was  obtained  only  for  substrates  far  enough  from  the  cathode.  For  substrates  close  to  the  cathode  the  dependence  is  governed  by 
the  microparticle  density.  Therefore,  the  roughness  can  be  changed  in  a  very  broad  interval  by  changing  the  deposition  parameters. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Titanium  is  a  transition  metal  mainly  characterized 
by  its  high  specific  modulus  and  its  good  resistance  to 
corrosion.  Ti  coatings  are  mainly  attractive  owing  to 
their  biocompatibility,  which  makes  them  reliable  for 
the  design  of  medical  instruments  or  implants  in  the 
human  body.  The  chemical  and  morphological  modifi¬ 
cation  of  metallic  implant  materials  has  been  shown  by 
in  vivo  tests  to  influence  their  biocompatibility.  The 
control  of  the  surface  roughness  is  an  important  factor 
for  the  implants  [1,2].  Rougher  surfaces  have  been 
shown  to  result  in  firmer  bone  fixation  [3,4].  Vacuum 
arc  deposition  of  titanium,  though  less  documented  than 
sputter  deposition,  offers  a  wide  range  of  microstructural 
and  morphological  properties  for  coatings  [5,6].  The 
cathodic  arc  plasma  deposition  process  enables  one  to 
generate  a  much  higher  degree  of  ionization  than  other 
ion-plating  processes,  providing  a  better  film  adhesion 
and  higher  densities.  Some  30  to  80%  of  the  material 
that  is  evaporated  from  the  cathode  surface  is  ionized, 
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including  multiply  charged  states  [7,8].  The  kinetic 
energies  of  the  ions  typically  are  in  the  10  to  100  eV 
range.  These  features  result  in  deposits  of  superior 
quality  in  comparison  with  other  physical  vapour  depos¬ 
ition  processes.  High  deposition  rates  can  be  achieved 
with  an  excellent  coating  uniformity.  As  a  result  of  the 
arc  process,  microparticles  are  emitted  at  a  very  high 
velocity  towards  the  substrate  and  contribute  to  the  film 
formation.  Though  often  considered  as  a  disadvantage 
for  applications  in  optics  and  electronics,  the  micropar¬ 
ticles  also  represent  a  good  way  to  create  films  of  a 
given  roughness  [9].  The  following  study  presents  the 
main  coating  characteristics  of  vacuum  arc  deposited 
titanium  on  silicate  glass  as  a  function  of  deposition 
parameters.  It  gives  a  quantitative  overview  of  the 
deposition  rate  and  roughness  values  available  for  widely 
used  titanium  coatings. 


2.  Experimental 

The  vacuum  arc  apparatus  used  in  this  work  is 
described  elsewhere  [10].  The  facilities  for  magnetic 
filtering  of  the  microparticles  were  not  used  in  this  work. 
Ti  was  deposited  on  a  450x470x4mm^  silicate  glass 
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plate.  The  glass  plate  was  positioned  horizontally,  at  the 
middle  of  the  round  cathode,  perpendicular  to  the 
cathode  surface  plane,  50  mm  away  from  it.  The  round 
cathode  has  a  diameter  of  180  mm.  Before  coating,  a 
grid  was  drawn  on  the  glass  surface  with  the  aid  of  an 
overhead  pen.  The  grid  provided  a  set  of  nodes  located 
at  a  definite  position  relative  to  the  cathode  surface. 
The  grid  also  acted  as  a  mask  and  its  removal  after 
deposition  made  it  possible  to  determine  of  the  film 
thickness  at  each  node.  After  deposition,  the  plate  was 
cut  into  40  X  30  mm^  samples  suitable  for  the  measure¬ 
ments.  This  experimental  procedure  ensures  the  sim¬ 
ilarity  of  the  process  conditions  for  each  sample,  the 
absence  of  sample  shadowing  and  a  large  quantity  of 
samples  through  one  experiment.  All  data  given  in  this 
work  were  obtained  on  the  top  surface  of  the  substrate. 
The  vacuum  arc  source  voltage  was  maintained  constant 
at  [7=22  V  while  the  discharge  current  /  varied  (/=  1 10, 
140,  160,  175  and  220  A).  No  bias  was  applied  to  the 
substrate.  The  coating  time  t  was  the  same  for  all 
samples  (/  =  420s)  except  for  7=160  A  (/  =  240s).  To 
prevent  overheating  of  the  surfaces,  the  420  s  coating 
process  was  divided  into  two  coating  periods  (210  s 
each)  separated  by  a  60  s  interruption. 

The  sample  surface  was  observed  using  a  Zeiss 
Axiophot  optical  microscope  and  an  Autoprobe  CP 
AFM  atomic  force  microscope  (AFM)  from  Park 
Scientific  Instruments.  The  thickness  of  the  coatings  d 
was  measured  with  the  aid  of  both  a  Taylor-Hobson 
Polystep  profilometer  and  the  AFM.  During  the  thick¬ 
ness  determination  using  profilometry  six  consecutive 
measurements  of  the  step  height  between  the  coated  and 
non-coated  part  were  averaged.  The  average  roughness 
R.^  also  was  derived  from  profilometry  measurements. 
The  AFM  was  operated  in  the  contact  mode,  using 
sharpened  gold-coated  microlevers  with  a  nominal 
radius  of  the  tip  curvature  of  less  than  20  nm.  For  the 
film  thickness  measurements  50  x  50  \nrd  scans  were 
positioned  in  such  a  way  that  the  border  between  coated 
and  uncoated  glass  was  approximately  in  the  middle  of 
the  scanned  area.  The  thickness  was  then  determined  as 
an  average  from  four  line  scans  that  were  not  disturbed 
by  the  particles  or  contaminations  at  the 
coated/uncoated  glass  border.  The  profilometer  thick¬ 
ness  measurements  were  known  within  a  5%  accuracy, 
and  the  AFM  enabled  one  to  measure  the  thickness 
with  an  accuracy  of  5  nm. 


3.  Results  and  discussion 

Figs.  1-3  display  the  microstructure  of  the  Ti  coat¬ 
ings.  During  vacuum  arc  deposition,  the  flux  of  material 
coming  from  the  cathode  to  the  substrate  contains 
multiply  charged  ions  and  microdroplets  [11].  The 
microdroplets  are  thought  to  be  ejected  from  the  liquid 


\ 
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Fig.  1.  AFM  low  magnification  micrograph  of  vacuum  arc  deposited 
Ti  coating  on  the  silicate  glass  substrate  (L  =  80mm,  /=I60A,  t  = 
240  s)  showing  the  ‘tail’  of  a  big  droplet,  smaller  droplets  and  smooth 
film  formed  from  ionic  flux. 


Fig.  2.  AFM  high  magnification  micrograph  of  vacuum  arc  deposited 
Ti  coating  on  the  silicate  glass  substrate  (L  =  80mm,  7=160  A,  t  = 
240  s)  showing  the  topography  of  a  film  between  droplets. 


Fig.  3.  AFM  high  magnification  micrograph  of  vacuum  arc  deposited 
Ti  coating  on  the  silicate  glass  substrate  (L  =  80mm,  7=160  A,  /  = 
240  s)  showing  the  surface  topography  of  a  droplet. 


pool  of  the  cathode  (created  by  the  arc  impact)  by  the 
ionic  flux  accelerated  back  towards  the  target  [12].  The 
microdroplets  are  usually  emitted  at  low  angles  relative 
to  the  cathode  surface  [13],  but  some  are  also  found 
normal  to  the  cathode  surface  [14].  Their  shape  depends 
mostly  on  the  angle  between  their  trajectory  and  the 
substrate  plane.  In  our  case,  the  microdroplets  fly  almost 
parallel  to  the  substrate  plane.  Their  resulting  shape  is 
thus  ellipsoidal  and  can  be  characterized  by  their  aspect 
ratio.  The  surface  morphology  is  driven  mainly  by  the 
microparticle  density.  Close  to  the  cathode,  the  Ti  film 
has  a  very  rough  surface  made  of  overlapping  micropar¬ 
ticles.  In  this  zone,  the  dark  grey  coating  has  a  poor 
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adherence  to  the  glass  substrate.  The  droplets  have 
various  sizes  and  shapes,  from  nearly  circular  to  elon¬ 
gated.  Further  away  from  the  cathode,  both  droplets 
and  a  homogeneous  film  formed  by  deposition  of  indivi¬ 
dual  ions  can  be  clearly  seen.  The  microdroplets  are  still 
of  various  sizes  but  their  shape  is  more  uniform.  The 
average  aspect  ratio  is  higher  and  leads  to  a  standard 
elongated  shape.  In  the  AFM  picture  made  with  a  low 
magnification  the  ‘tail’  of  a  large  microdroplet  is  visible 
together  with  some  smaller  particles  on  the  rather 
smooth  surface  of  a  film  formed  by  the  flux  of  individual 
ions.  The  homogeneity  in  droplets  shape  and  direction 
reveals  a  better  uniformity  of  the  particle  flux  compared 
with  the  near-cathode  zone.  High-magnification  AFM 
pictures  show  the  smooth  film  between  the  droplets 
(Fig.  2)  and  the  surface  morphology  of  the  micro¬ 
droplets  (Fig.  3).  The  average  roughness  measured 
profilometrically  on  the  length  of  80  pm  includes  both 
big  and  small  droplets  and  a  smooth  surface  among 
them  and,  therefore,  is  rather  high  (about  350  nm  on 
the  sample  shown  in  Figs.  1-3).  measured  microscop¬ 
ically  is  much  lower  (3.6  nm  for  the  location  shown  in 
Fig.  2  and  5.5  nm  for  Fig.  3).  If  the  deposition  process 
is  carried  on,  the  microdroplets  become  a  part  of  the 
coating.  Their  structure  may  or  may  not  differ  from  the 
film  itself  [9,15].  At  the  largest  distance  from  the  cath¬ 
ode,  the  microdroplets  occurrence  is  very  low  and  the 
coating  consists  of  a  homogeneous  film  formed  by 
deposition  of  individual  ions  and  which  can  be  consid¬ 
ered  as  microparticle  free.  The  AFM  measurements 
reveal  that  the  film  among  the  particles  is  atomically 
smooth  (R^=\  nm)  at  L>200  mm. 

The  dependence  of  deposition  rate  R^  on  the 
transverse  distance  is  shown  in  Fig.  4  for  different 
distances  L  =  170  and  230  mm  from  the  cathode.  Both 
curves  are  symmetric,  having  the  maximum  at  the  middle 
of  the  substrate  where  d^  =  0.  R^  decreases  monotonically 
with  increasing  d^.  The  dependence  of  deposition  rate 


Fig.  4.  Dependence  of  the  Ti  deposition  rate  on  the  transverse 
distance  d^  from  the  symmetry  axis  of  the  substrate  for  different  dis¬ 
tances  L  to  the  cathode.  Deposition  time  /  =  240  s. 


on  discharge  current  /  is  shown  in  Fig.  5  for  various 
distances  L  from  the  cathode.  The  R^  values  were 
measured  along  the  middle  line  of  the  substrate 
((7^  =  0),  being,  therefore,  the  maximal  values  for  each 
L.  The  R^{I)  curves  show  linearity  only  for  samples  far 
enough  from  the  cathode.  Close  to  it,  the  microparticles 
presence  boosts  the  deposition  rate  and  a  sharp  variation 
with  the  discharge  current  /  is  observed.  As  can  be  seen 
from  Fig.  5,  R^  decreases  monotonically  with  increasing 
L  at  a  fixed  discharge  current  7.  The  decrease  is  rather 
slow,  especially  at  high  7.  The  low  variation  of  R^  with 
increasing  distance  illustrates  the  high  throwing  power 
of  the  arc  process  [5].  It  has  been  already  noticed  [16] 
that  for  cathodic  arc  evaporation  7^^  decreases  slower 
with  increasing  L  than  in  the  case  of  magnetron  sputter¬ 
ing.  This  allows  one  to  coat  effectively  three-dimensional 
parts  having  a  complicated  form.  The  slow  R^{L)  depen¬ 
dence  is  also  advantageous  for  the  coating  of  planar 
large-area  substrates,  allowing  one  to  transport  the 
frames  with  substrates  at  various  distances  from  the 
cathode.  This  feature  allowed  one  to  simplify  the  con¬ 
struction  of  the  vacuum  arc  deposition  apparatus  for 
large-area  substrates  [17].  The  deposition  rates  for  Ti 
close  to  the  cathode  surface  are  quite  high,  with  values 
up  to  9  nm/s  for  7=220  A  and  L  =  80  mm.  For  Ti  films 
deposited  on  stainless  steel  plates  placed  160  mm  from 
the  cathode,  Martin  et  al.  [6]  found  7^^  =  ^  i^rn/s  at 
90  A.  In  our  case  an  estimated  value  7^^  =  2  nm/s  is 
found.  The  difference  may  be  explained  by  the  fact  that 
the  substrates  in  Ref.  [6]  are  oriented  parallel  to  the 
cathode  surface,  whereas  here  the  substrates  lie  perpen¬ 
dicular  to  it,  and  R^  values  for  substrates  parallel  to  the 
cathode  surface  are  usually  much  higher  than  for  those 
oriented  perpendicular  to  the  cathode  plane  [10,16]. 

The  dependence  of  R^  (measured  by  profilometry  at 
a  length  of  80  pm)  on  the  distance  L  from  the  cathode 
for  various  values  of  the  discharge  current  7  is  shown  in 


Fig.  5.  Dependence  of  the  Ti  deposition  rate  n  the  discharge  current 
/  for  different  distances  L  to  the  cathode  along  the  symmetry  axis  of 
the  substrate  (7t~0).  Deposition  time  ^  =  420s. 
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Fig.  6.  Dependence  of  the  average  roughness  on  distance  L  to  the 
cathode  for  different  values  of  discharge  current  /  measured  along 
the  symmetry  axis  of  the  substrate  {d^  =  0),  Deposition  time  t  =  420  s. 


Fig.  6.  These  data  were  also  measured  along  the  middle 
line  of  the  substrate  (^/t  =  0).  For  samples  close  to  the 
source,  sharply  decreases  with  the  distance  L.  The 
surface  is  built  of  micrometre-sized  overlapping  par¬ 
ticles.  Values  up  to  600  nm  are  found.  Further  away,  as 
the  film  begins  to  be  free  from  microparticles,  goes 
down  to  about  4  nm,  which  is  the  initial  roughness  of 
the  glass  substrate.  The  numerical  significance  of  R^  for 
these  samples  is  the  average  of  a  rather  smooth  back¬ 
ground  on  which  the  microparticles  are  randomly  dis¬ 
persed.  A  more  detailed  description  of  the  surface 
morphology  would  imply  a  bimodal  roughness  descrip¬ 
tion  [18].  An  increase  of  the  discharge  current  /  increases 
the  roughness  and  widens  the  choice  of  available  rough¬ 
nesses.  The  higher  the  discharge  current,  the  larger  the 
microparticle-free  zone.  For  comparison,  in  the  biomedi¬ 
cal  field,  reported  R^  values  needed  for  bone  anchoring 
on  implants  range  from  460  to  8400  nm  [19,20].  The 
deposition  time  t  is  the  third  parameter  that  enables  one 
to  produce  a  given  roughness,  but  its  influence  has  not 
been  studied  here.  Comparison  of  the  data  given  in 
Figs.  5  and  6  shows  that  there  is  no  linear  correlation 
between  R^  and  R^,  Namely,  the  deposition  rate 
decreases  much  more  slowly  with  increasing  L  and 
decreasing  /  than  the  average  roughness.  This  is  very 
important  from  the  technological  point  of  view,  because 
it  allows  one  to  obtain  very  smooth  coatings  on  a 
substrate  with  a  reasonable  deposition  rate  simply  by 
increasing  the  distance  from  the  cathode. 
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Abstract 

Results  of  research  on  the  spatial  distribution  of  aerosol  generated  by  the  cathode  spots  of  the  vacuum-arc  evaporators  used 
for  wear-resistant  coatings  deposition  are  presented  in  the  paper.  Research  was  carried  out  on  four  arc  plasma  sources  differing 
in  the  cathode’s  structure  and  the  arc  ignition  system.  The  spatial  angular  distribution  for  different  fractions  of  microdroplets  is 
presented.  The  influence  of  the  cathode’s  shape  on  conditions  of  the  microdroplets  generation  is  described.  ©  2000  Elsevier  Science 
S.A.  All  rights  reserved. 
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1.  Introduction 

The  vacuum  arc  method  is  at  present  widely  used  for 
hard,  wear-resistant  coating  deposition  [1].  Apart  from 
many  advantages,  such  as  the  simplicity  of  the  deposition 
process  and  plasma  source  structures,  the  method  also 
has  several  disadvantages.  The  most  important  of  these 
is  the  occurrence  of  the  microdroplet  phase  in  the 
plasma,  from  which  crystallization  takes  place  [2-4]. 
Microdroplets  of  the  cathode’s  metal,  molten  and 
thrown  out  of  the  cathode  spot’s  area,  are  deposited  on 
the  substrate’s  surface  and  take  part  in  the  coating 
creation  equally  as  evaporated  and  ionized  atoms 
(Fig.  1).  This  causes  a  significant  increase  in  the  rough¬ 
ness  of  deposited  coatings  (by  an  order  of  magnitude) 
at  the  same  time  worsening  the  homogeneity  of  their 
structure  and  chemical  composition.  Moreover,  they 
become  the  source  of  the  coating’s  cracks  and  lead  to 
the  creation  of  open  pinholes  considerably  worsening 
its  anti-corrosive  properties  [5,6].  This  disadvantage 
disqualifies  the  described  method  in  some  fields  of 
application  (e.g.  microelectronics,  optics).  It  necessitates 
the  use  of  special  filtration  systems  of  the  microdroplet 
phase,  which  generally  lead  to  a  decrease  in  the  depos¬ 
ition  rate  [7,8]. 

Plenty  of  features  influence  the  share  of  the  micro- 
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droplet  phase  in  the  deposited  coating:  the  melting  point 
of  the  cathode’s  material,  the  average  temperature  of 
the  cathode’s  evaporated  surface  and  the  average  cath¬ 
ode  energy  dissipation  [9]  should  be  mentioned.  It  was 
stated  that  the  number  and  the  average  size  of  the 
droplet  monotonically  increase  together  with  the 
increase  in  discharge  current,  cathode  temperature  and 
working  gas  pressure  [10-12]. 

From  a  practical  point  of  view,  a  spatial  distribution 
of  the  droplet  phase  is  of  great  importance.  It  appears 
from  the  literature  that  the  spatial  distribution  of  the 
microdroplet  phase  is  anisotropic,  and  microdroplets 
are  thrown  out  at  a  low  angle  to  the  cathode’s  surface 
(Fig.  Ic)  [4,13].  The  speed  at  which  the  microdroplets 
are  thrown  out  is  in  the  range  of  10^-10^  m/s,  and  it 
depends  on  the  kind  of  evaporated  material,  in  particular 
its  melting  point  [9,12].  Depending  on  the  substrate’s 
temperature,  its  position  against  the  source  and  its  size, 
the  deposited  droplets  are  shaped  like  a  ball,  a  lens  or 
a  tear. 


2.  Experimental 

Experiments  were  carried  out  with  four  considerably 
different  constructions  of  arc  sources.  The  sources 
differed  in  their  ignition  systems,  the  system  of  the 
cathode  spot  localization,  the  cathode  thickness,  the 
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shape  of  the  eroding  surfaces  (Fig.  2a)  and  the  cooling 
systems.  The  industrial  arc  source  of  the  device 
NNW6,6I4  [14,15]  and  the  MZ383  device’s  source 
(Metaplas  lonon)  [16,17]  described  in  the  literature  were 
used  in  the  investigation.  Moreover,  two  sources,  with 
construction  schemes  presented  in  Fig.  2b  and  c  were 
investigated.  Basic  values  of  the  source  parameters  are 
presented  in  Table  1. 

The  arc  source  device  NNW6,6I4  has  a  high-voltage 
discharge  ignition  and  a  directly  cooled  cathode. 
Magnetic  localization  of  discharge  on  the  cathode’s 
frontal  surface  based  on  the  acute  angles  law  (Robson’s 
law)  was  utilized.  Because  of  that,  the  cathode’s  lateral 
surfaces  are  inclined  at  an  angle  of  about  8°  in  relation 
to  the  source’s  axis.  Two  coils  create  an  axial  magnetic 
field.  As  a  result,  the  whole  construction  could  be  related 
to  systems  with  a  linear  separation  of  microdroplets 
described  in  the  literature  [19].  The  MZ-383  device’s 
cathode  is  fixed  to  a  copper  cooler  with  a  central  pin 
and  uses  an  indirect  way  of  cooling.  The  set  has  a 
mechanical  system  of  arc  discharge  initiation  and  elec¬ 
trostatic  (with  the  use  of  a  shield)  localization  of  dis¬ 
charge  supported  by  a  weak  axial  magnetic  field  created 
by  a  permanent  magnet.  Initiation  of  discharge  occurs 
as  a  result  of  touching  the  cathode’s  frontal  surface  with 
a  molybdenum  starting  electrode. 

In  the  arc  source,  ITeE  65EM^  discharge  initiation 
takes  place  mechanically.  A  mixed  magnetic-electro¬ 
static  localization  of  arc  discharge  is  used  there.  A  small, 
axially  centered  magnet  creates  a  dome-shaped  magnetic 
field  over  the  cathode’s  surface.  The  source’s  target  has 
direct  water-cooling.  The  cathode  set  of  the  device  ITeE 
55  E^M  also  has  a  mechanical  initiation  of  arc  discharge. 
The  cathode  spot  has  a  mixed  magnetic-electrostatic 
type  of  localization.  An  exclusively  electrostatic  way  of 
localization  (without  the  creation  of  an  additional  axial 
magnetic  field)  was  used  in  the  investigations.  The 
target’s  cooling  was  direct. 

In  the  investigations  of  the  microdroplet  fraction’s 
distribution,  a  steel,  semicircular  holder  with  a  radius 
of  250  mm  was  used.  As  substrates,  polished  belts  of 
stainless  steel,  with  a  width  of  10  mm  and  a  thickness 
of  1  mm,  were  fixed  to  the  holder.  These  substrates  were 
placed  horizontally  to  eliminate  the  influence  of  gravita¬ 
tion  on  the  distribution  of  microdroplets.  In  the  course 
of  investigations,  the  holder  was  under  the  floating 
potential.  Because  of  the  specific  construction  features 
of  both  the  sources  and  the  vacuum  chambers  of  particu¬ 
lar  devices,  it  was  impossible  to  make  measurements  in 
the  angular  range  of  0-180°.  In  each  device,  a  ‘dead 
visual  field’  occurred;  the  smallest  was  in  the  MZ383 


Fig.  1.  (a)  Substrate  surface  covered  with  microdroplets,  (b)  picture 
of  microdroplets  and  (c)  angular  distribution  of  microdroplets  in  the 
arc  method  according  to  Baouchi  and  Perry  (B-P),  Daarler  (D)  and 
Aksenov  et  al.  (A)  [11,13,18]. 
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(c) 


Fig.  2.  Shapes  of  the  targets’  intersection  of  investigated  arc  sources  (a):  (from  the  left)  NNW6,6  14,  MZ383,  ITeE  65EM^,  ITeE55E^m  (the  shape 
of  a  new  target  is  marked  with  a  broken  line)  and  schemes  of  arc  sources  of  the  devices  ITeE  65EM“  (b)  and  ITeE55E^m  (c)  [20]. 


device  (16'")  and  the  largest  was  in  the  NNW6,6  14 
device  (44'"). 

The  time  of  coating  deposition  in  all  cases  amounted 
to  10  min.  The  evaporation  process  was  carried  out 
using  titanium  cathodes  with  an  arc  current  of  100  A 
and  at  a  pressure  below  10“^  Pa.  Reactive  gas  was  not 


used  in  the  investigations  to  eliminate  the  creation  of  a 
coating  of  chemical  compounds  on  the  cathode’s  surface 
[21].  Partly  worn  out  cathodes  with  a  stabilized  shape 
of  the  erosion  sphere  were  used  in  experiments. 

Measurements  of  the  droplet  distribution  on  the  belt 
surface  were  made  every  3  cm,  which  gave  an  average 


164 


K.  Miernik,  J.  Walkowicz  /  Surface  and  Coatings  Technology  125  ( 2000)  161-166 


Table  1 

Basic  parameters  of  investigated  arc  sources 


NNW6,6  14 


Cathode  diameter  (mm) 

Cathode  thickness  (mm) 

Cathode  thickness  during  experiments  (mm) 
Magnetic  field  induction  (mT) 

Arc  current  (A) 


MZ383 

ITeE  65EM2 

ITeE55E^m 

63 

65 

55 

26 

18 

45 

21 

13 

41 

3 

8 

- 

100 

100 

100 

angular  resolution  of  about  6—7°.  The  results  obtained  emission  distribution  in  a  horizontal  plane.  In  this  paper, 
from  the  whole  angular  range  were  averaged  to  the  we  will  use  the  term  ‘microdroplet  diameter  to  denote 

range  of  0-90°,  assuming  a  symmetric  microdroplet  the  diameter  of  the  object  visible  in  the  picture  [12,22]. 


Fig.  3.  Angular  distribution  of  the  microdroplet  phase  fraction  for  different  sources.  (The  radial  scale  is  the  average  number  of  droplets  per  analyzed 
area  of  4,3  x  10'’  pm^.) 
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NNW6,6I4  MZ383 


ITeE65 


ITeE55 


Fig.  4.  Normalized  angular  distribution  of  the  microdroplets  for  different  sources. 


MZ383 


Fig.  5.  Correlation  between  spatial  distribution  of  microdroplet  and  the  shape  of  the  cathode  surface. 


The  majority  of  investigated  microdroplets,  in  particular 
small  microdroplets,  had  a  regular,  round  shape,  irre¬ 
spective  of  the  type  of  source,  which  means  that  they 
were  crystallized  during  the  passage  from  the  cathode 
to  the  substrate.  Larger  droplets  became  flattened,  which 
means  that  the  cooling  phase  had  finished  on  the  sub¬ 
strate  surface  (Fig.  la  and  b). 


3.  Results 

The  investigations  proved  that  each  source  has  a 
characteristic  distribution  of  microdroplet  emission. 
Radial  angular  distributions  of  different  fractions  of 
microdroplets  (1-7.5  pm)  for  different  sources  are  pre¬ 
sented  in  Fig.  3. 
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In  the  NNW6.6I4  device,  we  observed  that  in  the 
investigated  angular  range,  the  fraction  of  the  smallest 
microdroplets  (<2.5pm)  is  in  practice  emitted  iso¬ 
tropically.  Greater  differences  in  the  microdroplet  distri¬ 
bution  were  observed  for  the  fraction  with  larger 
droplets  (2.5^  5  pm),  for  which  the  maximal  emission 
angle  was  ^^90°.  As  distinct  from  the  previously 
described  source  NNW6,6,  two  angles  can  be  distin¬ 
guished  in  the  fraction  of  the  smallest  microdroplets 
emission  of  the  MZ383  and  the  ITeE  55EM“  devices, 
with  local  maxima:  ^35  and 

The  distribution  of  microdroplets  emitted  by  arc 
source  ITeE65Emi  was  close  to  the  distribution  given 
by  Baoiichi  and  Perry  [11].  The  largest  amount  of 
microdroplets  was  emitted  at  the  angle  ^55"  (Fig.  4). 

The  source  NNW6,6  emitted  the  smallest  amount  of 
microdroplet  phase  from  among  all  the  investigated  arc 
sources.  This  amount  was  more  than  two  times  smaller 
than  in  the  other  sources.  This  fact  can  be  explained  by 
the  source’s  structure,  which  is  a  simplified  version  of  a 
rectilinear  plasma-optical  filter  described  in  the  literature 
[19].  Moreover,  the  source’s  cathode  is  localized  deeply 
in  the  tubular  anode,  which  also  influences  the  decrease 
in  the  number  of  microdroplets.  As  a  result,  the  fraction 
of  microdroplets  emitted  at  the  acute  angle  is  deposited 
on  the  anode  surface  and  is  not  involved  in  the  process 
of  coating  creation.  Furthermore,  the  impact  of  a 
directed  stream  of  ions  on  microdroplets  can  be  another 
possible  feature  decreasing  their  amount  [23,24].  The 
occurrence  of  two  maxima  for  the  arc  source  of  the 
MZ383  device  and  ITeE  55EM“  source  can  be  explained 
with  the  phenomena  of  the  microdroplet’s  rebounding 
from  a  relatively  high  edge  of  the  cathode  or  micro¬ 
droplets  emission  from  these  edges.  Distributions  of 
microdroplet  emission  for  all  discussed  sources  in  rectan¬ 
gular  coordinates  are  presented  in  Fig.  5. 

Comparing  their  courses  with  the  cathode’s  shape, 
we  can  see  that  the  spatial  distribution  of  the  micro¬ 
droplet  emission  is  indisputably  influenced  by  the  shape 
of  the  cathode’s  emitting  surface,  which  is  closely  associ¬ 
ated  with  the  shape  of  magnetic  and  electric  fields  over 
the  cathode  [25]. 


4.  Conclusions 

Investigations  of  the  influence  of  the  arc  source’s 
structure  proved  a  direct  dependence  of  the  spatial 
distribution  of  microdroplet  emission  and  the  shape  of 
the  target’s  surface,  from  which  their  emission  takes 
place.  No  visible  influence  of  the  method  of  discharge 
localization,  type  of  cooling  and  its  intensity  (the  cath¬ 
ode’s  thickness)  on  the  amount  of  the  droplet  phase 
emitted  by  the  source  was  found.  The  shape  of  the 


cathode’s  emitting  surface  has  the  biggest  influence  on 
the  spatial  distribution  of  the  microdroplets  emission, 
fraction  1-2.5  |im.  This  observation  is  also  proved  by 
the  fact  that  the  presence  of  two  local  maxima  lying  in 
a  similar  angular  range  was  also  observed  for  sources 
with  a  similar  shape  of  the  cathode’s  erosion  sphere 
(MZ383  and  ITeE55).  The  number  of  large  micro¬ 
droplets  (fraction  over  5  pm)  for  the  investigated  sources 
is  at  a  similar  level,  which  proves  that  the  phenomenon 
responsible  for  their  creation  occurs  with  an  identical 
intensity  independently  of  the  arc  source  construction. 
The  most  probable  explanation  of  their  creation  is  the 
passing  of  the  cathode  spot  through  microdroplet  con¬ 
glomerates  deposited  on  the  cathode’s  surface. 

One  can  observe  a  significant  difference  among  results 
of  microdroplets  distribution  given  in  this  paper  and  in 
the  papers  of  other  authors  [11,18,22].  It  can  be 
explained  by  the  fact  that  authors  of  those  papers 
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Abstract 

The  anti-stress  migration  property  of  layered  structure  aluminum  (Al)  thin  films  overcoated  with  pure  A1  was  investigated  for 
application  of  such  films  as  interconnect  materials  in  large  arrays  of  high-resolution  thin-film  transistor  liquid  crystal  displays 
(TFT-LCDs).  It  was  found  that  no  hillock  or  whisker  generation  occurred  in  a  pure  Al  thin  film  with  a  sputter-deposited  fine¬ 
grained  polycrystalline  pure  Al  layer  after  exposure  to  mechanical  and  300''C  thermal  stresses.  Atomic  force  microscopy  (AFM) 
and  cross-sectional  transmission  electron  microscopy  (TEM)  analyses  revealed  the  morphology  of  the  layered  structure  thin  film 
and  the  mechanism  for  the  prevention  of  stress  migration  in  the  film.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Nanoindentation  techniques;  Overcoated  pure  aluminum  thin  film;  Sputtering;  Stress  migration;  Thin-film  transistor  liquid  crystal 
displays 


1.  Introduction 

The  performance  of  thin-film  transistor  liquid  crystal 
displays  (TFT-LCDs)  has  improved  over  the  past  several 
years  with  a  change  in  standard  display  size  from  10.4 
to  12.1  or  13.3  inches,  and  the  resolution  has  also 
improved  with  the  transition  from  VGA  to  SVGA, 
XGA,  and  SXGA.  Consequently,  pure  aluminum  (Al) 
and  Al  alloys  have  attracted  much  attention  for  their 
potential  use  as  interconnect  materials  in  high-perfor¬ 
mance  TFT-LCD  arrays  formed  on  glass  substrates, 
because  of  their  low  resistivity  and  good  patterning 
ability  [1].  However,  stress  migration  due  to  the  thermal 
expansion  mismatch  between  Al  films  and  the  glass 
substrate,  which  leads  to  phenomena  such  as  the  growth 
of  hillocks  (including  whiskers),  is  a  major  concern, 
because  it  affects  the  yield  loss  during  TFT  device 
fabrication.  There  are  several  ways  to  protect  against 
stress  migration,  of  which  one  using  Al  alloys  with  rare 
earth  or  transition  metals  has  been  the  subject  of  many 
reports  [2-5].  However,  two  shortcomings  of  such  alloys 
for  TFT-LCD  applications  are  their  higher  electrical 
resistivity  and  the  higher  cost  of  the  sputtering  target 
than  in  the  case  of  pure  Al.  Other  methods  coat  clad  or 
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capped  thin-film  layers  with  transition  metals  (Ti,  Mo, 
etc.)  on  Al  interconnects,  or  form  anodized  AI2O3  layers 
on  Al  interconnects  [6,7].  The  shortcoming  of  these 
techniques  is  that  they  need  an  additional  photolitho¬ 
graphic  or  special  anodizing  process  step,  which 
increases  the  manufacturing  cost.  Accordingly,  to  reduce 
the  thermal  expansion  stress,  we  focus  on  Al  intercon¬ 
nects  with  a  layered  structure  using  only  pure  Al. 

In  this  work,  we  demonstrate  the  anti-stress  migration 
property  of  overcoated  pure  Al  thin  film  (thickness  = 
40-200  nm)  sputter-deposited  on  several  kinds  of  pure 
Al  thin  film  (thickness  =  350  nm)  and  Al-indium  (Al¬ 
in)  thin  film  (thickness  =  270  nm)  with  a  weak  anti-stress 
migration  property,  formed  on  LCD  grade  large  glass 
substrates  [8].  We  investigated  the  anti-stress  migration 
property  of  these  thin  films  by  means  of  our  nanoinden- 
tation  techniques  [9].  As  a  result,  we  found  that  the 
overcoated  layer  is  effective  in  preventing  stress  migra¬ 
tion  in  layered  Al  thin  films.  We  also  investigated  the 
nanostructure  of  the  layered  pure  Al  thin  film  by  means 
of  atomic  force  microscopy  (AFM)  and  cross-sectional 
transmission  electron  microscopy  (TEM). 


2.  Experiment 

Two  kinds  of  pure  Al  thin  film  [(a)  and  (b),  thick¬ 
ness  =350  nm]  were  deposited  on  an  LCD  grade  glass 
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Small  holes 


Fig.  1.  Schematic  diagram  of  a  modified  sputtering  target  for  depos¬ 
ition  of  Al-ln  thin  film. 


Table  1 

Sample  configurations  and  crystallographic  texture*'* 


Sample  ID 

(111) 

(200) 

(220) 

(311) 

Pure  Al  (a) 

3122 

119 

51 

22 

Pure  Al  (b) 

356 

138 

96 

96 

Pure  Al  (c) 

513 

252 

396 

129 

The  unit  of  intensity  is  counts  per  second  (cps). 


substrate  (300x400mm^)  using  two  types  of  single 
substrate  transfer  cluster  type  dx.  magnetron  sputtering 
apparatus  [(a)  using  multi-magnet  type  and  (b)  using  a 
single  bar  magnet  scan  type]  at  a  rate  of  400  nm/min, 
with  an  argon  pressure  of  0.4  Pa  and  a  substrate  temper¬ 
ature  of  120^C.  Pure  Al  (c)  and  Al-In  thin  films 
(thickness  =  270  nm)  were  deposited  on  LCD  grade  glass 
substrate  ( 125  x  125  nim“)  by  means  of  a  d.c.  magnetron 
sputtering  apparatus  at  a  rate  of  36  nm/min,  with  an 
argon  pressure  of  0.4  Pa  and  a  substrate  temperature  of 
120"'C.  To  deposit  Al-ln  thin  film,  we  modified  the  pure 
Al  target  to  make  indium  ooze  from  the  bonding  mate¬ 
rial,  as  shown  in  Fig.  1.  [Bonding  material  (In  solder) 
oozed  through  the  small  hole  in  the  target.]  The  indium 
content  was  measured  using  a  CAMECA  time-of-flight 
secondary  ion  mass  spectrometry  (TOF-SIMS)  model  4 
at  analysis  energies  of  25  keV  with  a  Ga  gun,  and  at 


sputter  energies  of  3  keV  with  an  Ar  gun.  We  confirmed 
that  the  Al-In  thin  film  contains  0.19  wt.%  indium. 

After  deposition  of  the  above-mentioned  Al-based 
thin  films,  the  substrates  were  exposed  to  the  atmo¬ 
sphere,  and  a  pure  Al  layer  (with  a  thickness  of  40  nm 
or  200  nm)  was  deposited  by  means  of  an  RF  sputtering 
apparatus  at  a  rate  of  40  nm/min,  with  an  argon  pressure 
of  0.6  Pa  and  a  substrate  temperature  of  100"’C,  on 
Al-based  thin  films  deposited  by  means  of  a  d.c.  magnet¬ 
ron  sputtering  apparatus.  The  resistance  to  stress  migra¬ 
tion  was  investigated  by  means  of  our  nanoindentation 
techniques  for  various  stress  temperatures  (200°C, 
250°C,  and  300°C).  The  films’  crystallographic  texture 
was  measured  with  6-20  XRD  using  Cu  Ka  radiation 
at  50kV/150mA,  with  a  scanning  speed  of  r/min  and 
a  scanning  range  of  30-80°.  Nanostructures  were 
observed  by  means  of  AFM  and  cross-sectional  TEM 
operated  at  200  kV. 


3.  Results  and  discussion 

i,  1.  Properties  of  Al-In  and  pure  Al  thin  films  deposited 
on  glass  substrate 

The  crystallographic  textures  of  pure  Al  (a),  pure  Al 
(b),  and  pure  Al  (c)  deposited  on  LCD  grade  glass 
substrates  were  investigated,  with  the  results  shown  in 
Table  1 .  These  indicate  that  pure  Al  (a)  is  a  highly  (111) 
textured  film,  while  pure  Al  (b)  and  (c)  are  only  slightly 
(111)  textured  (i.e.  nearly  random)  films.  The  crystallo¬ 
graphic  texture  of  Al  thin  film  and  its  anti-stress  migra¬ 
tion  property  are  strongly  correlated,  and  we  confirmed 
in  a  previous  study  that  the  former  type  of  Al  thin  film 
has  a  strong  anti-stress  migration  property,  while  the 


Tabic  2 


Anti-stress  migration  property  results  obtained  by  nanoindentation  techniques 


Sample  ID 

200X 

250"C 

300"C 

Number  of  whiskers  Number  of  hillocks 

Number  of  whiskers 

Number  of  hillocks 

Number  of  whiskers 

Number  of  hillocks 

Al-ln 

4 

54 

5 

47 

13 

103 

Pure  Al  (c) 

0 

28 

3 

39 

6 

41 

Table  3 

The  effects  of  the  pur 

c  Al  overcoated  layer  in  preventing  hillock  generation 

Sample  ID 

No  overcoated  layer 

40  nm  thick  overcoated  layer 

200  nm  thick  overcoated  layer 

200'’C  SOOX 

200"C 

300X 

200"C 

300^C 

Pure  Al  (a) 

3  9 

0 

0 

0 

0 

Pure  Al  (b) 

7  67 

1 

0 

0 

0 

Al-In 

54  102 

13 

8 

0 

0 
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(a)  non-overcoated  layer  (sample  A)  (b)  layer  with  a  200-nm-thick  overcoat  (sample  B) 

Fig.  2.  SEM  images  after  nanoindentation  techniques  in  the  Al-ln  thin  films  corresponding  to  the  samples:  (a)  non-overcoated  layer  (sample  A); 
(b)  layer  with  a  200  nm  thick  overcoat  (sample  B). 


(a) 


(a)  before  (sample  3a)  annealing 

Fig.  3.  AFM  top  views  of  the  overcoated  pure  A1  layer  on  the  pure  A1 
300°C  in  vacuum  for  60  min;  scale  1000  x  1000  nm^. 

latter  type  has  a  weak  anti-stress  migration  property 

[10], 

Table  2  compares  the  anti-stress  migration  properties 
of  Al-0.19wt.%  In  (Al-In)  and  pure  A1  (c)  thin  films 
deposited  by  the  same  sputtering  apparatus.  Whisker 
generation  was  observed  in  the  Al-In  thin-film  samples 


(b)  after  (sample  3b)  annealing  at  300°C 
in  vacuum  for  60  min 

(b)  thin  films:  (a)  before  (sample  3a);  (b)  after  (sample  3b)  annealing  at 

at  a  stress  temperature  of  200°C,  but  was  not  observed 
in  the  pure  A1  (c)  thin  film  at  the  same  temperature. 
More  whiskers  and  hillocks  were  generated  in  the  Al- 
In  thin  film  than  in  the  pure  A1  (c)  thin  film  at  all  stress 
temperatures.  These  results  indicate  that  the  use  of  Al- 
In  thin  film  leads  to  the  generation  of  whiskers  and 


170 


H.  Takatsuji  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  167-172 


(a) 


.f ,  Overcoateri  pure  Al  layer? 


DC-magnetron-sputter-deposited  pure-A!  layer 


dvercoated  pure  Al  layer 


i 

i 

^  DC-magnetron-sputter-deposited  pure-AI  layer 


Glass  substrate 


Glass  substrate 


100  nm 


(a)  sample  3a  (non-annealed  ) 


100  nm 

(b) 


(b)  sample  3b  (after  annealing) 


100  nm 

(c) 

(c)  pure-AI  (sample  3b)  thin  film  existing  under  the  overcoated  layer 


Fig.  4.  Cross-scctional  TEM  images  and  analyses  of  the  grain  orientation  caused  by  electron  diffraction:  (a)  sample  3a  (non-annealed);  (b)  sample 
3b  (after  annealing);  (c)  pure  Al  (sample  3b)  thin  film  existing  under  the  overcoated  layer. 
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(a) 


(b) 


Overcoiited  pin'C  A!  layer 


NatK  e  oxide  ^  • 


DOniagnetron-sputtcr-deposited  pure-Al  layer  ; 

'  • '  r'  ^  ■' 


O'v'ercoated  pure  Al  layer 


Fig.  5.  Detailed  nanostructure  micrographs  obtained  by  means  of  cross-sectional  TEM  corresponding  to:  (a)  sample  3a;  (b)  sample  3b. 


hillocks  by  nanoindentation  techniques  at  lower  stress 
temperatures  than  when  pure  Al  (c)  thin  film  is  used. 
We  conclude  that  the  Al-In  film  in  this  study  has  a 
weaker  anti-stress  migration  property  than  pure  Al  (c). 
According  to  the  results  shown  in  Tables  1  and  2,  Al¬ 
in  film  has  the  weakest  anti-stress  migration  property 
of  all  these  samples. 

3.2.  Effect  and  properties  of  an  overcoated  pure  Al  thin 
film  layer 

The  effect  of  a  pure  Al  overcoated  layer  in  preventing 
hillock  generation  is  shown  in  Table  3,  which  indicates 
that  the  largest  number  of  hillocks  was  generated  in  the 
Al-In  thin  film  by  our  nanoindentation  technique  when 
no  overcoated  layer  was  used,  and  that  both  (40  nm 
and  200  nm  thick)  overcoated  layers  completely  pre¬ 
vented  the  generation  of  hillocks  in  pure  Al  (a)  and 
pure  Al  (b)  thin  films.  The  table  also  indicates  that  the 
40  nm  thick  overcoated  pure  Al  layer  reduced  the  gener¬ 
ation  of  hillocks,  while  the  200  nm  thick  layer  completely 
prevented  the  generation  of  hillocks  in  the  Al-In  thin 
film,  which  has  the  weakest  anti-stress  migration  prop¬ 
erty  of  the  three  samples.  We  conclude  that  the  over¬ 
coated  pure  Al  layer  (200  nm)  is  very  effective  in 
preventing  hillock  generation,  while  the  overcoated  pure 


Al  layer  (40  nm)  has  an  unstable  effect  on  the  Al-In 
thin  film,  since  the  number  of  hillocks  generated  in  the 
Al-In  thin  film  with  the  overcoated  pure  Al  layer 
(40  nm)  at  a  stress  temperature  of  200°C  is  greater  than 
at  300"C. 

Fig.  2(a)  and  (b)  shows  SEM  images  after  nanoinden¬ 
tation  techniques  (300°C  thermal  stress)  which  corre¬ 
spond  to  the  samples:  Al-In  thin  films  with  a  non- 
overcoated  layer  (sample  A)  and  with  a  200  nm  thick 
overcoated  layer  (sample  B).  Whiskers  and  hillocks  are 
observed  on  the  nanoindentation  marks  in  sample  A, 
whereas  no  whiskers  or  hillocks  are  observed  in  sample 
B.  A  comparison  of  these  micrographs  reveals  that  the 
overcoated  layer  is  very  effective  in  preventing  stress 
migration. 

To  investigate  the  characteristics  of  overcoated  pure 
Al  thin  film,  we  performed  AFM  surface  analysis  and 
cross-sectional  TEM  observation.  Fig.  3(a)  and  (b) 
shows  AFM  top  views  of  the  overcoated  pure  Al  layer 
on  the  pure  Al  (b)  thin  films  before  (sample  3a)  and 
after  (sample  3b)  annealing  at  300°C  in  vacuum  for 
60  min.  They  indicate  that  there  is  no  significant  change 
in  either  sample,  and  that  their  grain  sizes  are  fine. 

The  results  of  cross-sectional  TEM  observation  of 
sample  3a  (non-annealed)  and  3b  (after  annealing)  are 
shown  in  Fig.  4(a)  and  (b),  which  also  shows  the  results 
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of  electron  diffraction  analysis  in  both  overcoated  pure 
A1  layers.  These  images  reveal  that  the  morphology  of 
the  overcoated  layer  is  fine-grained  polycrystalline,  and 
that  there  is  little  change  in  the  grain  size  after  annealing, 
as  seen  in  Fig.  3(a)  and  (b).  This  indicates  that  the 
overcoated  layer  is  robust  to  the  thermal  stress.  Fig.  4(c) 
also  shows  the  result  of  electron  diffraction  analysis  in 
the  pure  A1  (sample  3b)  thin  film  existing  under  the 
overcoated  layer.  It  indicates  that  the  grain  is  (111) 
oriented. 

Detailed  nanostructural  observation  was  performed 
by  means  of  cross-sectional  TEM,  as  shown  in  Fig.  5(a) 
and  (b),  which  corresponds  to  samples  3a  and  3b.  A 
very  thin  (about  3  nm  thick)  native  oxide  layer  is  visible 
between  the  d.c.  magnetron  sputter-deposited  pure  A1 
thin  film  and  the  overcoated  pure  A1  thin  film  in  both 
TEM  images.  We  consider  that  this  oxide  layer  grew  in 
the  atmosphere  between  the  periods  of  d.c.  magnetron 
sputtering  and  RF  sputtering.  Aluminum  lattice  patterns 
are  sporadically  observed  in  the  overcoated  layers  of 
both  samples.  Judging  from  this  result  and  Fig.  4(a)  and 
(b),  we  conclude  that  the  overcoated  pure  A1  layer  has 
a  fine-grained  polycrystalline  structure.  Fig.  5(a)  and 
(b)  also  reveals  that  there  is  no  significant  difference 
between  the  two  samples.  This  indicates  that  the  mor¬ 
phology  of  the  pure  Al/Al203/pure  AI  layered  structure 
thin  film  in  this  study  was  little  changed  by  annealing. 

We  consider  that  the  Al/Al203/fine-grained  polycrys¬ 
talline  pure  Al  layered  structure  thin  film  prevents  stress 
migration  from  being  caused  by  the  thermal  expansion 
mismatch  between  the  glass  substrate  and  itself,  by 
absorbing  the  stress  throughout  the  layered  thin  film. 
As  regards  application  of  the  layered  structure  pure  Al 
to  interconnects  in  TFT  arrays,  since  a  resistivity  of 
3.12  Q  cm  was  obtained  in  the  layered  thin  film  by 
means  of  the  four-point  probe  method,  such  a  thin 
conductive  film  is  suitable  for  low-resistivity  interconnect 
materials  in  large  high-resolution  TFT-LCD  arrays. 


4.  Conclusions 

We  confirmed  that  layered  Al  thin  films  with  over¬ 
coated  fine-grained  polycrystalline  pure  Al  thin  film 


have  a  strong  anti-stress  migration  property.  With  the 
200  nm  thick  overcoated  thin  film,  no  hillocks  or  whisk¬ 
ers  were  generated  in  an  Al-In  thin  film  with  a  weak 
anti-stress  migration  property.  By  means  of  cross-sec¬ 
tional  TEM  analysis,  we  confirmed  that  the  morphology 
of  the  layered  thin  film  was  changed  little  by  annealing. 
We  consider  that  the  Al/Al203/fme-grained  polycrystal¬ 
line  pure  Al  layered  structure  thin  film  prevents  stress 
migration  by  absorbing  the  thermal  stress  throughout 
the  layered  thin  film.  Consequently,  we  conclude  that 
the  layered  structure  thin  film  can  be  used  as  an  intercon¬ 
nect  material  in  large  high-resolution  TFT-LCD  arrays. 
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Abstract 

M0S2  coatings  incorporating  Ti  were  deposited  on  Si  substrates  primarily  for  compositional  characterisation  and  chemical 
structure  studies.  For  comparison,  M0S2  layers  and  natural  molibdenite  crystals  were  also  involved  in  this  work.  The  M0S2  and 
the  MoS2-Ti  composite  layers  were  co-deposited  by  unbalanced  close  field  DC  magnetron  sputtering  using  simultaneously 
operating  M0S2  and  Ti  targets  in  Ar  plasma.  The  coatings  are  almost  amorphous  by  XRD.  The  overall  composition  and  the 
in-depth  homogeneity  of  the  coatings  were  determined  by  NBS.  XPS  studies  show  that  the  surface  of  the  coatings  stored  in 
ambient  air  was  partially  oxidised  and  carbon  contaminated.  The  majority  of  Mo  and  S  were  found  to  be  in  sulphide  environment 
and  part  of  the  Ti  in  oxide  (Ti02)  and  part  in  sulphide  states.  A  small  part  of  the  S  proved  to  be  in  a  newly  discovered  sulphidic 
environment,  different  from  that  found  in  M0S2.  No  evidence  of  such  state  could  be  detected  for  the  molibdenite  crystal  but 
developed  in  it  at  Ar^  treatment.  The  major  effect  of  the  Ar'*'  ion  bombardment  was  the  severe  preferential  sputtering  of  the 
sulphide  type  S  lowering  the  ratio  of  sulphide  S  to  Mo-S  states  from  the  initial  value  of  2  down  to  approx.  1.5  for  molibdenite. 
This  effect  was  more  pronounced  for  both  coatings  lowering  the  S/Mo-S  ratio  to  about  1.  The  experimental  results  demonstrate 
that  the  atomic  scale  chemical  structure  of  the  M0S2  coatings  was  also  affected  by  energetic  particles  in  agreement  of  their 
amorphous  microstructure.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Composite  coatings;  Ion  bombardment;  Molybdenum  sulphide;  MoST®;  MoS2-Ti;  XPS 


1.  Introduction 

M0S2  has  received  distinguished  attention  as  a  solid 
lubricant  in  extreme  conditions.  Recent  results  show 
that  M0S2  coatings  incorporating  Ti  have  not  only 
better  adhesion  to  various  substrates  but  also  improved 
friction  and  wear  properties  [1].  As  previously  reported 
[2,3],  MoST®  coatings  are  MoS2-Ti  composites  formed 
by  co-deposition  of  small  amounts  of  titanium  in  an 
M0S2  based  matrix.  These  composite  coatings,  produced 
by  closed  field  unbalanced  magnetron  sputtering 
(CFUBMSIP),  are  harder,  more  resistant  to  wear  and 
less  sensitive  to  atmospheric  water  vapour  than  M0S2 
and  possess  excellent  industrial  performance  in  a  wide 
range  of  cutting  and  forming  applications.  The  proper¬ 
ties  are  dependent  on  the  titanium  content.  Two  types 
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of  MoS2-Ti  composite  coatings  have  been  developed 
with  ‘low’  and  ‘high’  titanium  content  (10  and  15- 
20  at.%  Ti  respectively).  The  ‘low’  titanium  content 
composite  coating  shows  hardness  of  500  HV,  a  coeffi¬ 
cient  of  friction  of  0.02  during  100  N  applied  load 
reciprocating  wear  testing  and  a  low  wear  rate,  while 
the  ‘high’  titanium  composite  coating  exhibits  hardness 
similar  to  TiN,  a  coefficient  of  friction  of  0.04  at  100  N 
reciprocating  wear  testing  and  an  extremely  low  wear 
rate.  These  latter  high  titanium  self-lubricating  coatings 
are  utilised  today  in  large-scale  production. 

Molybdenum  and  titanium  as  multivalent  cations  can 
be  consolidated  in  various  valence  states  both  in  sulphide 
and  oxide  environments.  Microanalysis  and  short  range 
chemical  structure  studies  have  been  the  subject  of 
several  early  and  recent  publications  [4-10].  Special 
attention  was  made  to  spontaneous  and  to  forced  oxida¬ 
tion  of  such  coatings  [9].  It  was  shown  that  only  the 
Mo  is  oxidised  while  no  evidence  of  oxidised  sulphur 
products,  e.g.  sulphite  or  sulphate  states,  could  be 


0257-8972/00/$  -  see  front  matter  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
PII:  S0257-8972(99)00600-3 


174 


/.  Bcrtoti  et  aJ.  j  Surface  and  Coatings  Technology  125  ( 2000)  175-178 


M0S2 


Fig.  1.  Schematic  representation  of  a  four  magnetron  coating  chamber 
configured  with  the  closed  field  imbalanced  magnetron  sputter  ion 
plating. 

detected  [4,5].  Hints  to  the  appearance  of  elemental  S 
has  also  been  reported  [4].  In  a  recent  study,  formation 
of  sulphuric  acid  was  demonstrated  leading  to  corrosion 
of  the  metallic  substrates  [8].  Recently  the  super-low 
friction  of  M0S2  has  been  associated  with  the  extremely 
high  purity  (low  O  level)  and  stoichiometry  of  the 
coatings  [7].  These  and  other  literature  sources  equivo¬ 
cally  point  out  the  importance  of  a  close  control  of 
composition,  impurity  level  and  chemical  structure  of 
the  constituents  in  the  coatings  of  high  performance. 

The  purpose  of  this  work  was  to  evaluate  the  com¬ 
position  and  chemical  state  of  the  elements  in  the 
M0S2  and  MoS2-Ti  composite  coatings  with  18  at.  % 
Ti  content  deposited  by  DC  magnetron  sputtering.  In 
order  to  mimic  the  possible  short  range  chemical  trans¬ 
formations  caused  by  the  energetic  particles  of  the 
plasma  environment,  Ar  ion  bombardment  was  applied 
to  various  coatings  as  well  as  to  a  natural  molibdenite 
crystal.  The  chemical  states  of  the  main  constituents 


were  determined  by  detailed  XPS  studies  and,  in  addi¬ 
tion,  short  range  chemistry  of  minor  contaminants  (O 
and  C)  were  also  discovered.  The  modification  of  the 
composition  of  the  constituents  due  to  Ar^  bombard¬ 
ment  was  also  widely  demonstrated. 


2,  Experimental 

2.L  Sample  preparation 

The  coatings  were  deposited  by  DC  magnetron  sput¬ 
tering  in  a  Teer  CFUBMSIP  equipment  [11].  The  mag¬ 
netrons  in  the  chamber  were  arranged  so  that  three 
M0S2  and  one  Ti  targets  were  used  and  substrates 
rotated  among  them  (Fig.  1).  The  procedure  starts  with 
the  deposition  of  a  thin  Ti  interface  layer. 

2.2.  XPS  measurements 

X-ray  photoelectron  spectra  were  recorded  on  a 
Kratos  XSAM  800  spectrometer  operated  at  fixed 
retarding  ratio  of  20  using  MgRot^  2  (1253.6  eV)  excita¬ 
tion.  Spectra  were  referenced  before  ion  bombardment 
experiments  to  the  C Is  line  of  the  residual  carbon  set  at 
284.6  eV  binding  energy  (BE).  For  Ar^  bombarded 
states,  the  position  of  the  sulphidic  S2piy2  BE  was  used 
set  at  162.0  eV.  At  the  applied  resolution,  the  line  energy 
positions  could  be  determined  with  an  accuracy  better 
than  +0.2  eV.  The  pressure  of  the  analysis  chamber 
was  lower  than  10^*^  Pa.  Peak  synthesis  was  performed 
by  the  Kratos  Vision  2000  software.  Quantitative  analy¬ 
sis,  based  on  peak  area  intensities,  was  performed  by 


Fig.  2.  XP  spectra  of  Mo36  and  S2p  regions  after  prolonged  air  exposure  representing  gross  differences  in  the  chemical  states. 
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Fig.  3.  Decomposition  of  the  Mo3d  and  S2p  spectral  regions  in  as-received  states. 


the  XPS  MultiQuant  program  [12]  using  experimen¬ 
tally  determined  photo-ionisation  cross-sections  [13]. 

2.3.  XRD  analysis 

XRD  measurements  were  performed  with  Philips 
equipment  between  lO""  and  60°  20  angles  using  CuKa 
radiation. 


2.4.  NBS  measurements 

Nuclear  backscattering  spectrometry  (NBS)  measure¬ 
ments  were  performed  with  beam  of  3560  keV 

energy  obtained  from  a  5  MeV  Van  de  Graafif  accelera¬ 
tor;  using  a  25  mm^  ORTEC  detector  at  165°  scattering 
angle  with  a  solid  angle  of  2.5  msr.  The  spectra  were 
analyzed  by  the  RBX  program  [14]. 


Table  1 

XPS  line  positions  (eV,  BE)  and  chemical  state  assignments 


Sample 

Line 

As-received 

After  Ar  + 

bombardment 

Position 

Assignment 

Position 

Assignment 

Molibdenite 

Mo3d5/2 

229.2 

M0S2 

228.5 

M0S2-., 

232.1 

Mo03_,.^ 

231.7 

Mo03_;, 

- 

- 

229.9 

Mo*-S* 

S2p3/2 

162.0 

M0S2 

162.0 

M0S2 

- 

- 

163.7 

S*“Mo* 

M0S2  coating 

Mo3d5;2 

228.8 

M0S2 

228.6 

MoS2-;C 

232.5 

M063 

- 

- 

230.4 

Mo*,  M0O2 

230.2 

Mo* 

S2p3/2 

161.9 

S-- 

162.0 

M0S2 

163.6 

S* 

163.5 

S* 

MoS2-Ti  composite  coating 

Mo3d5^2 

228.8 

M0S2 

228.2 

MoS2-jf 

232.7 

M0O3 

- 

- 

230.4 

Mo*,  M0O2 

229.7 

Mo* 

S2p3/2 

162.0 

s^- 

162.0 

s^- 

163.4 

S* 

163.8 

S*-(Mo,Ti) 

Ti2p3/2 

455.8 

Ti-S 

455.0 

Ti-S 

458.9 

Ti02 

458.3 

Ti02_^ 

- 

- 

456.7 

Ti‘“S* 
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Fig.  4.  Alteration  of  the  Mo3d  and  S2p  lines  of  the  molibdenite  due  to  successive  Ar'*'  bombardment. 


Fig.  5.  Changes  of  the  Ti2p  and  CIs  lines  of  the  MoST®  coating  due  to  Ar^"  bombardment  steps. 


3.  Results  and  discussion 

3. 1.  CrystalUmty 

XRD  analysis  showed  that  the  structure  of  the  coat¬ 
ings  was  quasi-amorphous.  The  pure  M0S2  coating 
shows  some  broad  reflections  characteristic  of  small 
crystallites  lower  than  10  nm  dimensions. 

3.2.  Overall  chemical  composition 

In  accordance  with  the  applied  standard  coating 
procedure,  the  following  layered  structures  were  pro¬ 
duced  as  determined  for  the  coatings  by  NBS.  The 
M0S2  coating  consists,  from  the  top  inwards,  of  an 
?^480nm  thick  M0S2C0.6  and  an  j^300nm  thick 


M0S2.2C0.6  layers,  and  of  two  thin  interface  layers 
MoiTiiS2  ^6nm  and  Ti  ;:^60nm.  The  MoS2-Ti  com¬ 
posite  coating  consists  of  a  homogeneous 
MoS2Tio.7Co.25  layer  of  j:::;3000  nm  thickness  and  of  two 
thin  interface  layers  of  MoS2Tii  7C0.25  ^130nm  and 
Ti02Co.25  ?5:^210nm.  The  fairly  constant  S/Mo  ratio, 
close  to  the  expected  stoichiometry,  and  also  the  con¬ 
stancy  of  Ti/Mo  ratio  indicative  of  the  stable  operation 
of  the  deposition  system. 


3.3.  Surface  chemical  structure  and  composition 
3.3.1.  Molibdenite 

The  Mo3d  and  S2p  spectral  regions  taken  from  the 
surface  of  a  natural  molibdenite  crystal  are  depicted  in 
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Fig.  6.  Alteration  of  the  ratios  of  the  different  chemical  states  (normal¬ 
ised  to  M0S2)  vs.  Ar"^  bombardment  time. 


Figs.  2  and  3  (together  with  those  from  M0S2  and 
MoS2-Ti  composite  (MoST®)  coatings).  The  sharp  Mo 
doublet  and  the  narrow  S2p  line  represent  essentially 
one  single  chemical  state  assigned  to  M0S2  [5,9,15] 
(Table  1).  Additional  doublet  of  negligibly  low  intensity 
represents  an  oxidised  state  as  a  sign  of  slight  oxidation 
of  the  sample. 

3.3.2.  M0S2  and  MoS2-Ti  composite  (MoST®)  coatings 
As  witnessed  by  Figs.  2  and  3  significantly  broader 
signals  of  Mo3d  and  S2p,  manifesting  more  than  one 
chemical  state,  were  recorded  for  the  two  coatings.  The 
results  of  the  peak  decomposition  applied  to  these  lines 
are  also  indicated  in  Table  1  together  with  the  chemical 
state  assignment.  The  components  Mo*  and  S*  were 


assigned  by  us  to  Mo(Ti)S^  with  x;^l  on  the  basis  of 
composition  data. 

Alterations  of  the  Mo3d  and  S2p  signals  from  molib- 
denite  due  to  Ar^  bombardment  are  depicted  in  Fig.  4. 
It  is  obvious  that  the  signals  became  significantly  broad¬ 
ened  with  increasing  bombardment  time.  These  broad¬ 
ened  peaks  could  be  fitted  with  those  components  which 
were  applicable  to  fit  the  corresponding  signals  of  the 
coatings  shown  in  Fig.  3.  Accordingly,  Ar^  bombard¬ 
ment  resulted  in  similar  short  range  chemical  structures 
of  Mo  and  S  in  the  molibdenite  crystal  as  were  detected 
in  the  coatings.  These  observations  lead  us  to  the 
conclusion  that  the  unusual  Mo(Ti)S^.  structure  in  the 
coatings  also  developed  due  to  bombardment  with  ener¬ 
getic  species  from  the  plasma  during  the  layer  growth. 

Alterations  of  the  Ti2p  and  Cls  signals  with  Ar'^ 
bombardment  time  for  the  MoS2-Ti  composite  coating 
are  shown  in  Fig.  5.  The  Ti  on  the  surface  of  the  coating 
is  heavily  oxidised  and  also  remains  partly  oxidised  in 
the  detected  depth  ( ;^  60-80  nm).  The  chemical  states 
of  Ti  are  given  in  Table  1.  The  assignment  of  the  major 
(lowest  energy)  Ti2p3/2  component  to  Ti— S  bonding 
state  and  the  Ti*  component  to  Mo(Ti)Sj,  (or  TiO^ 
before  bombardment)  derived  by  us  on  the  basis  of  both 
chemical  shift  and  composition  data.  The  C  in  this 
coating,  in  addition  to  the  usual  graphitic  or  adventitious 
carbon  (C— H  and  C— O)  environments,  found  also  in 
the  M0S2  coating,  includes  a  carbide  type  component 
at  eV  which  is  bound,  most  probably,  to  titanium. 

3.4.  Compositional  changes  caused  by  Ar  ^  bombardment 

Changes  of  the  ratios  of  the  major  chemical  structure 
units  (normalised  to  sulphide  type  Mo)  vs.  Ar'^  exposure 
time  are  depicted  in  Fig.  6.  As  can  be  seen,  the  molibde¬ 
nite  crystal  surface  is  less  affected  by  Ar^  impact  than 
the  M0S2  and  MoST®  coatings.  The  stoichiometric 
S/Mo  — 2:1  ratio  for  molibdenite  decreases  to  1.5.  The 
initial  S  content  on  the  surface  of  M0S2  and  MoST®  is 
significantly  reduced  by  stepwise  Ar^  bombardment  to 
the  S/Mo;=i^l  level.  This  can  be  interpreted  by  the 
preferential  removal  of  S  at  Ar^  impact  as  being  the 
lightest  constituent  in  these  systems.  In  addition,  the 
maximum  energy  transfer  from  Ar^  projectiles  to  target 
atoms,  calculated  as  ^max/^Ar  =  x  Mi)/ 
(M^r  +  Mj)^  is  largest  (0.99)  for  S  and  Ti,  and  is  much 
smaller  (0.83)  for  Mo.  Interestingly,  the  ratio  of  the 
S*/Mo*(Ti*)  components  seems  to  remain  constant  with 
the  above  indicated  Mo(Ti)S;,.  (x»l)  stoichiometry. 


4.  Conclusions 


•  The  applied  magnetron  sputtering  technique  proved 
to  produce  coatings  with  overall  composition  very 
close  to  M0S2  stoichiometry. 
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•  The  atomic  scale  chemical  structure  proved  to  be 
complex.  XP  spectroscopic  evidence  is  given  that  a 
new  MoS.^.  (x^l)  chemical  environment  was  formed 
at  Ar  bombardment  differing  from  the  undisturbed 
stoichiometric  M0S2. 

•  Chemical  states,  similar  to  those  observed  in  Ar"^ 
bombarded  molibdenite,  were  detected  on  M0S2  and 
MoST®  coatings  prepared  by  unbalanced  DC  magne¬ 
tron  sputtering. 

•  The  majority  of  Ti  was  found  bonded  to  sulphur  and 
a  small  part  to  oxygen. 

•  Ar^  ion  bombardment  decreased  significantly  the 
S/Mo  ratio  and,  consequently,  it  can  not  be  applied 
for  depth  profiling  of  M0S2  type  layer  structures. 
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Abstract 

Due  to  its  excellent  oxidation  and  wear  resistance,  CrN  is  a  prominent  material  for  protective  coatings.  Still,  its  comparatively 
low  hardness  prevents  CrN  from  being  widely  used  in  industrial  applications.  Thin  films  of  with  0<a'<1  were 

deposited  on  silicon,  glass  and  steel  substrates  by  reactive  r.f.  magnetron  sputtering.  The  Bl-NaCl  phase  is  the  only  phase  detected. 
In  tungsten-rich  films  the  compressive  residual  stress  increases  linearly  with  increasing  tungsten  content,  but  films  with  a  high 
chromium  content  show  tensile  stresses.  The  morphology,  examined  by  cross-section  scanning  electron  microscopy,  changed  with 
increasing  tungsten  content  from  a  columnar  to  a  fine-grained  microstructure.  Hardness  values,  measured  by  nanoindentation, 
show  a  steep  increase  in  hardness  with  only  small  additions  of  tungsten  (hardness  increases  by  85%  at  a  tungsten  content  of  10%). 
The  maximum  hardness  value  was  measured  for  WNq.v  (30  GPa).  The  ternary  Cri_.^.W,^.Nv  films  with  0.1  <x<0.8  and  0.8  <y  <  1 
were  significantly  harder  (29-24  GPa)  compared  to  CrN  (13  GPa).  In  scratch  tests  with  progressively  increasing  load,  the  films 
prove  to  have  good  adhesion  and  wear  resistance,  although  some  cracking  is  observed  in  films  with  tensile  residual  stress.  In 
multi-pass  scratch  tests  at  low  load,  brittle  flank  wear  is  observed  in  films  with  moderate  to  high  tungsten  contents,  while  the 
softer  CrN  film  exhibit  cracks  in  the  wear  track.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 


Keywords:  Chromium  nitride;  Mechanical  properties;  Ternary  compound;  Transition  metal  nitride;  Tungsten  nitride 


1.  Introduction 

Transition  metal  nitride  coatings,  mainly  based  on 
titanium  and  chromium,  are  nowadays  essential  in  pro¬ 
tection  technologies  against  wear  and  corrosion  [1-3]. 
Especially  with  regard  to  hot  corrosion  resistance,  chro¬ 
mium  nitride  coatings  show  promising  properties  [4,5]. 
W-N  thin  films  were  examined  mainly  as  diffusion 
barrier  for  A1  and  Cu  metallizations  in  ultra  large  scale 
integrated  circuits  (ULSI)  [6-8]  due  to  their  low  reactiv¬ 
ity  and  permeability  for  A1  and  Cu.  This  might  also  be 
of  advantage  in  tribological  applications  as  a  low  stick¬ 
ing  coefficient  of  these  metals  is  anticipated.  Ternary 
compounds  offer  the  opportunity  to  adjust  parameters 
such  as  lattice  constant,  hardness,  elasticity,  thermal 
expansion  and  corrosion  stability  in  order  to  optimize 
the  overall  performance  of  the  coating.  In  addition,  the 
effect  of  mixed  crystal  strengthening  and  phase  separa¬ 
tion  can  be  applied  [1].  In  previous  work,  (Cr,  Mo)N 
[9]  and  (Cr,  Ti)N  [10]  compounds  were  investigated, 
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but  the  addition  of  Mo  or  Ti  to  CrN  did  not  result  in 
an  increased  hardness. 

This  paper  reports  on  the  characterization  of  the 
crystalline  phase,  residual  stress  and  the  morphology  of 
Cri„^.W^.Nj,  thin  films  grown  in  the  whole  range  of 
chromium  to  tungsten  ratios  (0<  a<  1).  The  mechanical 
properties  were  studied  by  nanoindentation  and  scratch 
tests.  To  the  best  of  our  knowledge,  this  was  the  first 
systematic  examination  of  structural  and  mechanical  of 
chromium  tungsten  nitride  thin  films. 


2.  Experimental 

The  chromium  tungsten  nitride  thin  films  were  depos¬ 
ited  by  reactive  r.f.  magnetron  sputtering  in  an  ultrahigh 
vacuum  reactor  with  two  confocal  sources  [11].  The 
residual  pressure  was  in  the  range  of  10“^  Pa  before  the 
introduction  of  the  sputtering  gases,  namely  argon  and 
nitrogen.  Disks  (50  mm  in  diameter)  of  99.99%  pure 
chromium  and  99.95%  pure  tungsten  were  used  as  target 
materials.  The  distance  between  the  substrate  and  the 
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targets  was  fixed  at  100  mm.  The  total  pressure  during 
the  sputtering  process  was  kept  constant  at  0.66  Pa  and 
the  nitrogen  partial  pressure  at  0.33  Pa.  Silicon,  glass 
and  high  speed  steel  were  used  as  substrate  materials. 
The  substrate  temperature  was  kept  constant  during 
deposition  at  500  +  20  K.  This  temperature  was  chosen 
in  order  to  obtain  films  with  zone  T  microstructures 
[12],  which  often  exhibit  favorable  mechanical  proper¬ 
ties.  The  substrates  were  also  electrically  grounded.  In 
order  to  produce  films  with  different  chromium  to 
tungsten  ratios  a  power  between  0  and  150W  was 
applied  to  the  different  sputtering  targets  maintaining 
the  total  power  (Pcr  +  ^w)  150  W. 

The  crystallographic  phases  were  determined  by 
X-ray  diffraction  (XRD)  using  monochromatized  CuKa 
radiation  at  grazing  incidence  (cl)  =  4°)  and  preferential 
orientations  by  a  0120  scan.  The  sin^!f^  method  [13]  was 
applied  to  determine  the  average  biaxial  residual  stress. 
The  measurements  were  performed  in  symmetric  {OjlO) 
and  asymmetric  configuration  (incidence  angle  a>  =  4°). 
The  shift  of  the  [1 1 1]  peak  position  as  a  function  of  the 
tilt  angle  T  together  with  the  elastic  modulus,  measured 
by  nanoindentation,  were  used  to  calculate  the  residual 
stress.  The  Poisson  ratio  v  was  assumed  to  be  0.25  for 
all  films. 

Electron  probe  microanalysis  (EPMA)  (Cameca  SX 
50)  was  used  to  determine  the  chemical  composition. 
The  measurements  were  performed  at  8  kV  (accelerating 
voltage)  and  100  nA  (beam  current)  for  about  1  pm 
thick  films,  limiting  the  penetration  depth  of  the  electron 
beam  to  less  than  40%  of  the  film  thickness.  The 
precision  of  the  results  is  within  ±1  at.  %. 

Cross-sectional  scanning  electron  microscopy  (SEM) 
was  performed  on  a  Jeol  6300  F  field  emission  SEM  at 
an  acceleration  voltage  of  30  kV. 

The  nanohardness  was  determined  by  nanoindenta¬ 
tion  (Nanoindenter  XP,  Nano  Instruments).  A 
Berkovich-type  pyramidal  diamond  tip  indented  the 
films  to  a  maximum  depth  of  700  nm.  Constant  stiffness 
data  measurements  were  obtained  by  oscillating  the  tip 
during  indentation  with  a  frequency  of  about  62  Hz 
[14].  This  kind  of  measurement  provided  hardness, 
elastic  modulus  and  stiffness  data  throughout  the  whole 
indentation  depth.  Hardness  values  were  taken  at  150- 
200  nm  depth  to  avoid  a  major  influence  of  the  surface 
roughness  and  of  the  substrate. 

The  adhesion  and  the  wear  resistance  were  tested 
with  two  different  scratch  test  methods  (Nanoscratch 
tester,  CSEM  Instruments).  In  single-pass  experiments, 
a  diamond  tip  (tip  curvature  radius  10  mm)  scratched 
the  surface  with  a  linearly  increasing  load  from  0  N  to 
300  niN  over  a  distance  of  2  mm  with  a  scratch  speed 
of  0.1  mm/s.  In  multi-pass  experiments  the  diamond  tip 
moved  back  and  forth  under  the  constant  load  of  40  niN 
in  the  same  wear  track  with  a  scratch  speed  of  0.1  mm/s. 


3.  Results  and  discussion 

5. 7.  Structural  properties  and  morphology 

Smooth  (average  roughness  below  2  nm)  and  well 
adhesive  films  were  deposited  with  typical  growth  rates 
between  0.14  nm/s  for  pure  W-N  and  0.10  nm/s  for 
pure  Cr-N  [10].  The  measured  film  thickness  was  in  the 
range  1.1 -1.8  pm.  The  face  centered  cubic  (fee)  phase 
was  the  only  phase  observed  in  XRD  for  all  the  films. 
Fig.  1  shows  the  XRD  pattern  of  Cri^^W^N^,  films  with 
various  chromium  to  tungsten  atomic  ratios.  Adding  a 
small  amount  of  tungsten  to  Cr-N,  the  texture  changes 
from  a  [111]  preferential  orientation  in  the  binary  Cr- 
N  compound  to  a  weak  [200]  texture  in  the  ternary 
films.  The  W~N  compound  crystallizes  without  a  sig¬ 
nificant  preferential  orientation. 

The  apparent  crystallite  size  can  be  estimated  from 
the  FWHM  of  the  XRD  peaks  [15],  and  is  shown  in 
Fig.  2.  It  increases  from  10  nm  in  W-N  to  20  nm  in  Cr- 
N.  Competition  between  nucleation  and  crystal  growth 


Fig.  1 .  X-ray  diffraction  pattern  of  Crj  films  measured  in  graz¬ 

ing  incidence  configuration. 


Fig.  2.  Crystallite  size  in  Cri_^W^Ny  films  as  a  function  of  the  chro¬ 
mium  content  determined  from  the  peak  broadening  of  the  [111] 
diffraction  peak.  The  accuracy  of  the  indicated  values  is  within  1-2  nm. 
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Fig.  3.  Cross-section  scanning  electron  micrographs  of  (from  left  to 
right)  a  Cro,f,Wo.4N,  a  Cro.gWo.iN,  and  a  CrN  film. 


during  the  deposition  causes  these  different  behaviors. 
Nitrogen  deficiency  reduces  the  growth  of  the  crystal¬ 
lites.  The  cross-section  SEMs  in  Fig.  3  show  a  columnar 
crystal  arrangement  in  both  the  Cr-N  and  the 
Cro.9Wo.1N  film.  In  contrast,  the  Cro.6Wo.4N  film  exhib¬ 
its  a  fine-grained  dense  morphology  without  apparent 
superstructure. 

3.2.  Chemical  composition 

The  stoichiometric  ratio  of  chromium,  tungsten  and 
nitrogen  is  represented  versus  the  power  on  the  chro¬ 
mium  target  during  the  sputtering  process  in  Fig.  4. 
Both  the  decrease  of  the  tungsten  content  and  the 
increase  of  the  chromium  content  run  almost  linearly 
with  increasing  power  on  the  chromium  target  and 
decreasing  power  on  the  tungsten  target,  respectively. 
The  nitrogen  content  increases  steadily  from  a  metal  to 
nitrogen  ratio  of  5:3  for  W-N,  to  a  ratio  of  1:1  for 
mainly  chromium  containing  films.  In  order  to  grow 
stoichiometric  W2N  films,  the  nitrogen  partial  pressure 
has  to  be  lowered  to  0.22  Pa.  However,  in  order  to  grow 
the  films  under  the  same  deposition  conditions,  we  kept 
the  nitrogen  partial  pressure  constant  at  0.33  Pa.  At  this 


Fig.  4.  Cr,  _^W^Ny  thin  films.  Relative  chemical  composition  vs.  power 
on  the  chromium  target;  the  total  power  on  both  targets  (Cr  and  W) 
was  constant  at  150  W.  The  precision  is  within  1  at.%. 


nitrogen  partial  pressure  stoichiometric  CrN  films  are 
deposited  [16].  Only  very  low  residual  oxygen  contents 
below  1.5  at.%  are  measured.  Nitrogen  vacancies  can 
act  as  nucleation  centers  for  grains  with  different  orienta¬ 
tions.  Therefore,  the  nitrogen  deficient  tungsten-rich 
films  exhibit  more  randomly  oriented  grains.  This  is  also 
likely  to  be  the  reason  for  the  smaller  grain  size  of 
the  films. 

3.3.  Mechanical  properties 

Hardness,  elastic  modulus  and  residual  stress  are 
important  properties  of  hard  coatings.  In  Fig.  5(a)  we 
represent  the  nanohardness  as  a  function  of  the  chro¬ 
mium  content  {1— x}.  Starting  from  W-N,  with  a  high 
hardness  value  of  30+1  GPa,  the  hardness  stays  at  a 
high  level  over  a  large  range  of  chromium  to  tungsten 
ratios.  Only  at  x<0.1  does  the  films  hardness  drop 
steeply.  In  the  nanoindentation  measurement,  the  CrN 
film  yields  a  hardness  of  13  ±1.5  GPa  (literature  bulk 
value  1 1  GPa)  which  is  in  good  agreement  with  the 
results  from  microindentation  experiments  on  films 
deposited  under  similar  conditions  [16].  Fig.  5(b)  repre¬ 
sents  the  elastic  modulus  and  the  residual  stress  as  a 
function  of  the  chromium  content  {1— x}.  The  bulk 
elastic  modulus  value  for  CrN  was  reported  [1]  to  be 
400  GPa,  which  is  substantially  higher  than  our  mea¬ 
sured  value  of  205  +  20  GPa.  Nevertheless,  this  result  is 
not  unusual  since  thin  films  show  different  mechanical 
properties  to  bulk  materials  as  the  deformation  mecha¬ 
nism  differs  considerably.  For  example,  the  dislocation 
mobility  is  hindered  by  a  very  high  defects  and  grain 
boundary  density  [2]  which  are  common  features  in  thin 
films.  The  origin  of  the  rather  large  inaccuracy  in  the 
elastic  modulus  measurements  of  about  10%  is  due  to 
the  influence  of  the  surface  roughness  and  of  the  sub¬ 
strate.  It  is  generally  observed  that  a  high  compressive 
residual  stress  accounts  for  high  hardness  values, 
whereas  tensile  stresses  lead  to  softer  films.  The 
WNo.61  film  exhibits  a  relatively  high  compressive  resid¬ 
ual  stress  level  (4.3  ±  5  GPa).  With  increasing  chromium 
(and  nitrogen)  content  the  compressive  stress  decreases, 
in  a  first  approximation,  linearly.  Chromium-rich  films 
show  low  tensile  stresses.  Deviations  from  this  linear 
behavior  are  due  to  differences  in  the  elastic  modulus 
of  the  films.  The  residual  stress  is  not  responsible  for 
the  strong  hardness  increase  at  low  tungsten  contents. 
Neither  can  changes  in  the  microstructure  account  for 
the  hardness  increase  with  the  addition  of  a  small 
tungsten  content  in  a  CrN  film.  The  hard  Cro.9Wo.1N 
film  and  the  relatively  soft  CrN  film  show  a  very  similar 
morphology  and  about  the  same  grain  size  (Figs.  2 
and  3). 

It  is  commonly  observed  that  covalent  bonded  materi¬ 
als  are  harder  than  metallic  or  ionic  bonded  compounds 
[1].  Correlated  peak  shifts  in  the  X-ray  photoelectron 
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Fig.  5.  (a)  Nanohardncss,  and  (b)  elastic  modulus  and  residual  stress  in  Cri_.^W^.Nj,  thin  films.  Positive  stress  values  signify  a  tensile  biaxial  stress, 
and  negative  values  a  compressive  stress  respectively. 


spectrographs  of  nitrogen  and  metal  electronic  states 
show  differences  in  the  charge  transfer  from  the  metal 
to  the  nitrogen  atoms  as  a  function  x.  In  other  words, 
the  bonding  character  is  changed.  In  fact,  tungsten- 
containing  films  exhibit  a  higher  covalence  level  than 
CrN,  which  could  account  for  the  hardness  difference. 
A  similar  correlation  is  also  observed  in  CrTiN  [10]  and 
CrMoN  [9]  thin  films.  Details  about  the  study  of  the 
electronic  structure  will  be  reported  elsewhere. 

The  wear  resistance  depends  strongly  on  intrinsic 
properties  of  the  films  such  as  morphology,  hardness, 
friction  coefficient  and  cohesion  [17].  In  addition,  the 
stress  state  exerts  an  important  influence.  Low  compres¬ 
sive  residual  stresses  are  preferable,  as  in  most  wear 
sensitive  applications  an  additional  tensile  stress  is 
induced  in  the  film.  This  leads  to  tensile  cracking  fore¬ 
most  in  films  with  tensile  residual  stresses. 

Scratch  tests  allow  probing  the  adhesion  and  the 


wear  resistance  of  the  most  promising  films  for  industrial 
applications  of  the  present  study,  the  chromium-rich 
Cri^^cW^-N^,  films.  No  indications  of  adhesive  failure 
were  detected  in  any  of  the  films,  which  proved  an 
excellent  adhesion  to  Si.  In  a  first  row  of  experiments, 
the  load  on  the  diamond  tip  was  linearly  increased  up 
to  a  maximum  load  of  300  mN.  Comparing  the  wear 
tracks  of  Cro.6Wo.4N,  Cro.9Wo.1N  and  CrN  films,  the 
penetration  depth  (Fig.  6(a))  and  the  damage  state 
(Fig.  6(b))  in  the  wear  track  change  significantly.  The 
films  with  a  tensile  residual  stress  (Cro.9Wo.1N  and  CrN) 
show  cracks  in  the  wear  track  and  also  laterally  to  the 
track.  The  Cro.6Wo.4N  film  with  compressive  residual 
stress  shows  no  cracks  even  at  highest  load. 

Surprisingly  this  film  exhibits  the  largest  residual 
depth  of  the  wear  track.  As  the  depth  exceeds,  by  far, 
the  film  thickness  of  2.33-2.49  pm  and  optically  no 
damage  in  the  wear  track  is  observed,  it  is  concluded 


Fig.  6.  (a)  Depth,  and  (b)  damage  state  of  wear  scars  of  Cro.6Wo.4N,  Cro.9Wo,iN  and  CrN  thin  films  deposited  on  Si  at  maximum  load  in  a  single¬ 
pass  experiment  with  increasing  load  on  the  scratching  diamond  tip. 
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that  the  energy  dissipation  by  deformation  takes  place 
mainly  in  the  relatively  soft  substrate  (/f(Si)  =  13  GPa 
vs.  //(Cro.6Wo,4N)  =  26GPa).  In  the  case  of 
Cro.gWo.iN  and  CrN,  the  depth  of  the  wear  track 
decreases  with  decreasing  hardness  and  the  damages  in 
the  wear  scar  indicate  that  the  energy  is  increasingly 
dissipated  in  the  film.  In  order  to  study  the  failure 
mechanism,  multi-pass  experiments  were  conducted  at 
a  comparatively  low  load.  Contrary  to  the  CrN  film, 
films  with  a  relatively  high  tungsten  content  show  small 
particles  along  the  scratch  path  (Fig.  7).  These  particles 
are  split  off  the  film,  probably  because  of  flank  wear. 
This  indicates  that  the  toughness  of  CrN  is  reduced  by 
the  incorporation  of  tungsten.  It  is  a  common  observa¬ 
tion  that  the  brittleness  of  the  films  is  increased  with 
increasing  hardness  [1].  By  optical  microscopy,  no 
damage  was  observed  in  the  scratch  tracks  of  tungsten- 
containing  films  even  after  500  scratch  cycles.  In  the 
CrN  film,  tensile  cracking  was  observed  after  only 
20  cycles. 

Reports  on  CrN  films  showed  excellent  wear  resis¬ 
tance  of  fee  CrN  films.  Depending  on  the  deposition 
and  measurement  technique,  their  wear  resistance  is 
reported  to  be  superior  to  TiN  thin  films  [17]  —  this  is 
attributed  to  the  commonly  lower  coefficient  of  friction 
and  higher  toughness.  Some  authors  (e.g.  Ref.  [18]) 
claim  that  hardness  and  adhesion  show  opposing  trends. 
However,  if  the  film  hardness,  in  relation  to  the  hardness 
of  the  wear  partner,  is  too  small,  abrasive  wear  results. 
Therefore,  the  lower  hardness  of  CrN  compared  to  TiN 
can  be  a  disadvantage.  Thus,  the  increase  in  the  hardness 
of  CrN  by  simple  means  is  of  great  technological  advan¬ 
tage  if  other  functional  properties  of  CrN  are  not 
degraded.  The  presented  results  suggest  that  (Cr,  W)N 


films  with  compressive  residual  stress  provide  a  superior 
wear  resistance  if  high  peak  loads  are  applied  in  the 
application.  However,  compared  to  CrN  they  are  infe¬ 
rior  when  performing  under  continuous  load  conditions 
due  to  their  lower  toughness. 

Commonly,  there  is  a  large  gap  between  results  from 
wear  tests  and  performance  in  practical  applications. 
Costly  field  tests  are  more  likely  to  give  reliable  informa¬ 
tion  on  wear  protection;  scratch  test  can  only  provide 
indications.  The  coatings  were  not  optimized  for  tribo¬ 
logical  issues.  If  the  bombardment  of  the  growing  film 
is  increased  (e.g.  through  a  negative  substrate  bias)  the 
tensile  stresses  can  be  altered  in  a  compressive  stress, 
which  is  then  favorable  for  wear  protection  applications. 


4.  Conclusions 

The  addition  of  tungsten  increases  the  comparatively 
low  hardness  of  CrN,  a  prominent  material  for  corrosion 
and  wear  protective  coatings.  The  fee  phase  is  the  only 
phase  detected  in  Cri-,,.W.^Ny  thin  films  with  0<x<l. 
In  tungsten-rich  films,  the  compressive  residual  stress 
linearly  increases  with  increasing  tungsten  content,  but 
films  with  a  high  chromium  content  show  tensile  stresses. 
The  film  morphology  changes  with  increasing  tungsten 
content  from  a  columnar  to  a  fine-grained  microstruc¬ 
ture.  The  chemical  composition  shows  a  decreasing 
nitrogen  content  from  y=\  in  CrN^  to  y  =  0.61  in 
WNj,.  The  nitrogen  stoichiometry  strongly  influences  the 
evolution  of  the  grain  size,  texture  and  residual  stress. 
The  hardness  values  show  a  steep  increase  in  hardness 
with  only  small  additions  of  tungsten  (hardness  increases 
by  85%  at  a  tungsten  content  of  10%).  The  maximum 
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Fig.  7.  Wear  scars  of  Cro.6Wo.4N,  Cio.gWo.iN  and  CrN  thin  films  deposited  on  Si  in  multi-pass  experiments  at  a  load  of  40  niN  after  100  and 
500  scratch  cycles  respectively. 
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hardness  value  was  measured  for  WN0.7  (30  GPa).  The 
Cri_^.W^.Ny  films  with  0.8>x>0.1  and  0.8<j<l  also 
are  significantly  harder  (29-24  GPa)  compared  to  CrN 
(13  GPa).  The  evolution  of  hardness  as  a  function  of  x 
can  not  be  explained  by  changes  in  the  microstructure 
and  residual  stress.  In  scratch  tests  the  films  show  good 
adhesion  and  wear  resistance,  although  some  cracking 
is  observed  in  films  with  tensile  residual  stress.  An 
increasing  tungsten  addition  in  CrN  embrittles  the  films 
progressively.  Therefore,  (Cr,  W)N  films  with  a  low 
tungsten  content  are  excellent  candidates  for  wear  pro¬ 
tective  coatings,  combining  the  high  hardness  of  W-N 
and  the  toughness  of  Cr-N. 
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Abstract 


The  aim  of  this  work  was  to  investigate  the  cracking  behaviour  and  adhesion  of  tungsten-carbon-based  multilayered  coatings 
deposited  on  steel  substrates  by  magnetron  sputtering.  Three-point  bending  experiments  were  performed  on  the  coating-on- 
substrate  systems  until  failure  of  the  film.  The  systems  were  also  strained  uniaxially  with  a  microtensile  device  adapted  to  a 
scanning  electron  microscope.  The  mechanical  response  is  analysed  from  the  evolution  of  the  crack  density  in  the  coating  and  the 
fracture  toughness.  The  results  show  that  the  rupture  properties  of  the  multilayered  coatings  are  correlated  to  the  film  thickness 
and  arrangement  of  the  elementary  layers.  Scratch  experiments  on  the  systems  revealed  a  strong  adhesion  of  the  multilayered 
coatings  on  steel  substrates,  and  delamination  at  layer  interfaces.  Thus,  graded  coatings  appear  to  be  more  attractive  for  mechanical 
applications.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Tungsten  carbide  coatings  prepared  by  chemical 
vapour  deposition  or  physical  vapour  deposition  appear 
to  be  attractive  candidates  for  the  protection  of  mechan¬ 
ical  components  (such  as  cutting  tools)  against  wear  or 
erosion  [1].  However,  these  hard  coatings  exhibit  brittle 
mechanical  behaviour  which  can  affect  their  reliability. 
To  improve  the  erosion  or  wear  resistance  of  hard 
coatings,  a  judicious  combination  of  hardness  and 
toughness  should  be  favourable.  Hence,  hard  multilay¬ 
ered  coatings  based  on  a  stacking  arrangement  of  ductile 
layers  and  hard  layers  have  been  developed  [2,3]. 
Multilayered  coatings  produced  by  sputtering  and  com¬ 
posed  of  pure  tungsten  layers  (W)  and  hard  tungsten- 
carbon  layers  [W(C)]  were  found  to  be  very  promising 
erosion-resistant  coatings  for  compressor  blades  in  gas 
turbine  engines  [2].  The  performance  of  these  protective 
coatings  appears  to  be  governed  by  the  cracking  resis¬ 
tance  and  adhesion  of  the  composites,  and  the  by  the 
mechanical  behaviour  of  the  elementary  layers.  Harry 
et  al.  reported  that  tungsten  and  W(C)  layers  deposited 
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by  magnetron  sputtering  have  quite  different  mechanical 
properties,  since  columnar  tungsten  films  behave  like  a 
‘ductile’  material  compared  with  W(C)  films,  which  are 
dense  and  brittle  [4,5].  Indeed,  tungsten  layers  exhibit  a 
fracture  toughness  close  to  2  MPa  m^^^  and  appear  to 
adhere  well  to  stainless  steel  substrates.  By  contrast,  the 
cracking  resistance  of  W(C)  layers  was  found  to  be 
about  two  times  lower  than  that  obtained  for  tungsten 
layers;  these  films  have  also  shown  very  poor  adhesion 
on  stainless  steel  substrates.  The  mechanical  behaviour 
of  multilayered  coatings  of  this  type  layers  has  been 
investigated,  and  was  found  to  depend  on  the  nature  of 
the  layer  at  the  interface  between  the  substrate  and  the 
coating.  In  particular,  a  columnar  tunsgten  interfacial 
layer  appears  to  limit  delamination  of  the  coatings, 
through  a  contribution  arising  from  motion  of  the 
columns. 

The  aim  of  this  work  was  to  investigate  the  mechan¬ 
ical  response  of  multilayered  coatings  of  this  type  sub¬ 
mitted  to  an  elongation.  This  includes  determination  of 
the  critical  deformation  of  the  film  corresponding  to 
crack  onset,  and  determination  of  the  fracture  toughness 
using  an  analytical  approach.  The  fracture  properties  of 
the  films  are  discussed  through  a  Weibull  analysis  and 
the  damage  mechanisms  examined  with  respect  to  coat¬ 
ing  architecture.  Then,  the  adhesion  of  the  multilayered 
coatings  is  characterised  qualitatively. 
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2.  Experimental  details 

Coatings  were  deposited  on  stainless  steel  substrates 
by  direct-current  reactive  magnetron  sputtering. 
Experimental  details  of  the  procedure  have  been 
reported  previously  [4,6].  The  multilayered  coatings  are 
based  on  the  stacking  arrangement  of  two  or  four 
successive  layers  of  tungsten  (W)  and  tungsten-carbon 
[W{C)  with  14at%  of  carbon].  The  bilayer  and  four- 
layer  coatings  are  named  2L-W(C)/W  and  4L-W(C)/W, 
respectively.  These  multilayered  coatings,  of  thickness 
ranging  from  3.5  pm  to  14  pm,  are  composed  with  a 
columnar  tungsten  layer  located  at  the  substrate/coating 
interface  and  a  hard  W(C)  top  layer. 

The  films  were  submitted  to  three  different  types 
of  test: 

•  three-point  bending  tests  [7],  to  determine  the 
Young’s  modulus  and  to  detect  the  onset  of  cracking 
of  the  coating; 

•  uniaxial  tensile  tests  performed  in  a  scanning  electron 
microscope  (SEM),  supplying  some  new  information 
in  the  analysis  of  the  mechanical  response  of  the 
deposited  materials  [8].  These  experiments  permit  us 
to  follow  the  evolution  of  the  transverse  crack  density 
in  the  films  when  the  applied  strain  is  increased;  and 

•  scratch  tests  performed  under  loads  ranging  from  0 
to  lOON.  The  loading  rate  and  displacement  speed 
of  the  indentor  are  100Nmin“^  and  lOmmmin”^, 
respectively.  The  objectives  of  this  method  are  to 
evaluate  the  adhesion  of  the  coatings  to  the  substrate 
and  to  rank  the  coatings  with  respect  to  debonding 
resistance. 

3.  Mechanical  properties 

The  hardness  of  the  multilayered  coatings  was  mea¬ 
sured  by  classical  Vickers  microindentations  under  50  g 
for  films  of  thickness  14  pm.  As  a  result,  the  effect  of 
the  hardness  of  substrates  covered  with  relatively  thick 
coatings  can  be  neglected.  The  microhardness  values  lay 
between  26  GPa  for  the  four-layer  coatings  and  28  GPa 
for  the  bilayer  coatings.  The  microhardness  of  the 
multilayered  coatings  was  close  to  that  of  the  material 
deposited  on  top  of  the  coating,  i.e.,  W(C)  [4]. 

The  residual  stresses  in  the  films  were  determined  by 
means  of  substrate  curvature  measurements  before  and 
after  deposition  of  the  coatings,  using  the  Stoney  for¬ 
mula.  The  multilayered  coatings  are  found  to  be  in  a 
compressive  state.  The  level  of  residual  stress  appears 
to  be  similar  for  both  types  of  multilayered  coating,  and 
very  high,  close  to  —3  GPa,  without  any  delamination 
of  the  films. 

The  Young’s  modulus  of  the  coatings  was  determined 
through  three-point  bending  experiments,  performed  on 
the  substrate  only  and  on  the  coated  substrate.  The 
device  used  and  the  experimental  procedure  are 


described  elsewhere  [5,7].  Assuming  perfect  adhesion  of 
the  films  on  the  substrates,  when  the  sample  is  submitted 
to  an  elastic  bending,  calculations  derived  from  an 
energy  balance  on  the  composite  structure  lead  to  the 
following  simple  equation: 


where  and  are  the  Young’s  modulus  and 

thickness  of  the  substrate  and  the  film,  respectively. 
and  F2  are  the  forces  which  correspond  to  bending  of 
the  substrate  and  the  composite  to  the  same  deflection. 
The  parameter  (F2  —  Fi)/Fi  is  determined  experimentally, 
and  the  film’s  Young’s  modulus  is  then  deduced. 

The  experimental  mean  value  of  Young’s  modulus  is 
around  391  GPa  for  the  multilayered  coatings,  whatever 
their  architecture  or  thickness.  This  result  shows  that 
the  Young’s  modulus  of  2L-W(C)/W  and  4L-W(C)/W 
coatings  is  close  to  the  tungsten  bulk  value  [9]. 


4.  Cracking  investigation 

Techniques  to  determine  fracture  properties  such  as 
the  fracture  toughness  of  bulk  materials  are  not  suitable 
for  determination  of  the  same  parameters  in  thin  coat¬ 
ings.  Therefore,  new  experimental  methods  have  been 
developed  [8,10,11].  In  our  case,  we  first  performed 
three-point  bending  tests,  and  then  in  situ  microtensile 
tests,  both  to  determine  the  fracture  parameters  and  to 
study  the  rupture  properties  of  the  coatings. 
Investigations  of  this  type  on  the  elementary  tungsten 
and  W(C)  layers  have  been  carried  out  previously  [5]. 
Then,  the  results  obtained  for  the  multilayered  coatings 
could  be  compared  with  those  obtained  for  the  single 
layers. 

When  a  coatings  on  a  substrate  is  submitted  to  tensile 
tests,  the  response  of  both  the  film  and  the  substrate  is 
entirely  elastic  at  low  strain  (lower  than  0.8%).  At  a 
critical  longitudinal  deformation  of  the  substrate, 
the  coating  begins  to  crack  as  it  is  much  stiffer  than  the 
substrate.  The  critical  cracking  stress  attained  at  coating 
failure  is  denoted 

The  cracking  phenomenon  can  be  described  in  succes¬ 
sive  stages.  At  crack  onset,  the  coating  will  develop  a 
series  of  regular  and  parallel  spaced  cracks,  perpendicu¬ 
lar  to  the  loading  direction.  These  initial  cracks  will 
multiply  rapidly  after  the  crack  onset.  With  increasing 
deformation  additional  transverse  cracks  appear  pro¬ 
gressively  and  the  distance  separating  two  consecutive 
cracks  decreases.  This  evolution  can  be  followed  by  the 
crack  density  parameter  D,  which  is  defined  as  the 
number  of  transverse  cracks  over  a  given  length. 
Continuing  the  longitudinal  strain,  this  parameter  — 
which  grows  at  the  beginning  of  the  deformation  —  will 
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reach  a  constant  value:  the  crack  saturation  density, 
Z)sa„  corresponding  to  a  minimal  length  between  two 
cracks.  The  vicinity  of  the  crack-free  surfaces  lowers  the 
global  stress  level  in  the  coating  under  the  critical 
cracking  stress  (Txx.c  [4]-  When  saturation  of  the  cracks 
is  reached,  if  the  deformation  continues,  no  new  cracks 
appear;  but  the  existing  ones  will  continue  to  open,  with 
increasing  plastic  deformation  in  the  substrate,  concen¬ 
trated  at  the  crack  tip  [4], 

The  critical  strain  for  the  substrate  is  determined 
experimentally  [4],  and  the  critical  cracking  stress  of  the 
coating  is  deduced  by  taking  into  account  the  residual 
stresses  pre-existing  in  the  coating,  (t[.  The  critical 
cracking  stress  can  be  written  as: 

Experimental  mean  values  of  and  ffxx,Q  are  reported 
in  Table  1 .  When  considering  the  existence  of  defects  in 
sputtered  coatings,  resulting  from  the  growth  process  or 
previously  existing  on  the  substrates,  this  cracking  stress 
may  be  associated  with  the  presence  of  singularities  pre¬ 
existing  in  the  coatings.  This  explains  the  very  low 
measured  values. 

Determination  of  the  fracture  toughness  of  the  films, 
depends  on  the  parameters  mentioned  above.  It  is 
based  on  the  energy  balance  in  the  strained  system  when 
the  coating  cracks.  The  theoretical  approach  has  been 
previously  described  in  detail  in  the  case  of  single  layers 
[4,5].  It  can  be  extended  to  our  multilayered  coatings 
since  the  elementary  layers  have  the  same  Young’s 
modulus  and  level  of  residual  stress,  and  assuming 
perfect  cohesion  at  layer  interfaces.  In  fact,  SEM  obser¬ 
vations  of  the  cross-section  of  the  multilayered  coatings 
do  not  reveal  any  delamination  or  buckling  at  the 
interfaces  between  the  tungsten  and  W(C)  layers  when 
the  films  are  uniaxially  strained.  Therefore,  the  fracture 
toughness  of  the  multilayered  coatings  can  be  written 
as: 


E  is  a  function  of  the  elastic  modulus  ratio  [12],  and 
(Ty  is  the  yield  strength  of  the  substrate.  The  mean  values 
of  the  calculated  fracture  toughness  are  given  in  Table  1 . 
The  low  values  of  the  cracking  parameters  character¬ 


ise  the  brittleness  of  the  multilayered  coatings,  as 
observed  for  the  single  layers.  However,  the  multilayered 
coatings  exhibit  critical  cracking  stress  and  fracture 
toughness  larger  than  those  determined  for  the  W(C) 
films.  The  combination  of  hardness  [W(C)  layers]  and 
toughness  (tungsten  layers)  in  a  multilayered  structure 
appears  to  improve  the  failure  properties  of  hard  coat¬ 
ings.  In  the  case  of  the  four-layer  coatings,  the  cracking 
parameters  come  close  to  those  of  the  pure  metal  films. 
In  addition,  the  results  given  in  Table  1  reveal  a  higher 
fracture  toughness  for  the  four-layer  coatings 
4L-W(C)/W  (with  a  total  thickness  of  14  pm  and  single 
layers  3.5  pm  thick)  than  for  the  bilayer  coatings 
2L-W(C)/W#3  (14  pm  thick  and  based  on  two  layers  of 
7  pm  thickness)  and  2L-W(C)/W#1  (thickness  7  pm, 
with  elementary  layers  3.5  pm  thick).  The  cracking 
behaviour  of  the  coatings  appears  to  depend  on  the 
arrangement  of  the  films  (single  layers,  multilayered 
structures),  the  total  thickness  of  the  coatings,  and  the 
thickness  of  the  elementary  layers.  A  judicious  choice 
of  the  number  and  thickness  of  the  single  layers  in 
multilayered  structures  should  optimise  the  in-service 
performance  of  the  coatings  for  a  given  application. 

The  experimental  evolution  of  the  transverse  crack 
density  (D)  of  the  multilayered  coatings  is  plotted  against 
the  applied  strain  in  the  substrate  (eL.c)  if  FiS-  1-  The 
following  empirical  relation,  based  on  a  Weibull-type 


Fig.  1.  Transverse  crack  density  of  the  bilayer  coatings  2L-W(C)/W  ffl 
(A),  §2  (•)  and  #3  (■),  and  of  the  four-layer  coatings  4L-W(C)/W 
(□),  versus  longitudinal  strain  applied  to  the  substrate. 


Table  1 

Experimental  values  of  critical  strain  of  the  substrate  resulting  in  film  cracking, 
toughness,  the  scratch  critical  load,  Lg,  for  the  bilayer  and  four-layer  coatings 

,  critical  cracking  stress  of  the  coating, 

the  fracture 

Coating 

Thickness  (pm) 

(%) 

(tL,c  (MPa) 

(MPa 

f.c(N) 

2L-W(C)/W 

#1 

3.5 

0.806 

224 

0.7 

55 

#2 

7 

0.787 

148 

0.6 

65 

#3 

14 

0.7825 

130 

OO 

o 

>100 

4L-W(C)/W 

14 

0.824 

297 

1.9 

>100 
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distribution  function,  was  applied  to  describe  the  crack 
density  D  as  a  function  of  the  deformation  [13]: 

-D(eL)  =  Aa.  {1  -exp[-^(eL  -eL,c)“]}.  (4) 

where  A  and  a  are  constant  parameters  which  depend 
on  the  film/substrate  system.  The  exponent  a  is  known 
as  the  Weibull  modulus. 

The  transverse  crack  density  is  obtained  from 
the  experimental  plot  of  Diely.  ^)  at  saturation  (Fig.  1). 
Notice  that  A  and  a  are  also  determined  experimentally. 
They  are  respectively  the  ordinate  at  zero  point  and 
the  slope  of  the  line  obtained  from  the  plot  of 
ln{  —  ln[l  —  (Z)/Z)sat)]}  versus  ln(e®^- —  e®.,. c).  The  values 
of  the  parameters  a  and  A  involved  in  Eq.  (4)  are 
reported  in  Table  2. 

The  values  of  the  Weibull  modulus  range  from  0.517 
to  0.682  for  the  bilayer  coatings  layers,  depending  on 
the  coating  thickness;  and  appear  to  be  much  higher  for 
the  four-layer  coatings,  of  the  order  of  0.873.  We  may 
recall  that  the  Weibull  modulus  expresses  the  statistical 
scatter  of  events:  a  high  Weibull  modulus  indicates  a 
low  scatter  [11].  The  Weibull  analysis  gives  a  mathemati¬ 
cal  tool  for  predicting  the  fracture  probability  of  a 
structure.  In  our  case,  the  Weibull  modulus  appears  to 
be  small,  reflecting  a  high  probability  of  cracking  of  the 
coating  and  then  the  presence  of  numerous  defects.  As 
a  comparison,  soda-lime  glass  has  a  Weibull  modulus 
of  2-3  and  polysilicon  films  have  a  value  of  7-11  [11]. 
The  Weibull  modulus  tells  nothing  about  the  severity  of 
the  defects  or  their  location.  However,  the  difference  in 
Weibull  modulus  obtained  for  the  multilayered  coatings 
may  indicate  the  existence  of  different  types  and/or 
densities  of  defects.  In  our  case,  a  larger  number  of 
interfaces  does  not  seem  to  generate  a  higher  defect 
density  or  increase  the  fracture  probability  of  the  films, 
since  the  parameters  characterising  the  cracking  resis¬ 
tance  of  the  films  found  to  be  higher 

for  the  four-layer  coatings  than  for  the  bilayer  coatings. 

The  cracking  behaviour  of  multilayered  coatings  has 
been  little  investigated.  In  particular,  the  work  of  Marieb 
et  al.  [14]  on  coatings  composed  of  a  tungsten  layer 
deposited  on  a  titanium  nitride  layer  which  is  deposited 
on  aluminium  substrates,  shows  that  the  transverse 
crack  density  of  the  multilayered  coatings  is  similar  to 
that  obtained  for  a  single  layer  of  titanium  nitride.  This 
suggests  that  the  mechanical  behaviour  of  the  multilay- 


Table  2 

Experimental  values  of  the  saturation  crack  density,  the  Weibull 
modulus,  a,  and  the  constant,  A,  for  the  multilayered  coatings 


Coating 

(cracks  mm  b 

a 

A 

2L-W(C)/W 

#1 

50.6 

0.682 

0.599 

n 

37.3 

0.576 

0.434 

#3 

20.8 

0.517 

0.606 

4L-W(C)/W 

22 

0.873 

0.256 

ered  coatings  is  controlled  by  the  layer  at  the  interface 
between  the  film  and  the  substrate.  For  our 
film/substrate  systems,  this  does  not  seem  to  be  verified. 
In  fact,  for  the  bilayer  coatings,  we  noted  that  at 
saturation  the  corresponding  crack  densities 
decreased  from  50.6  to  20.8  when  the  coating  thickness 
increases  from  3.5  pm  to  14  pm,  showing  a  larger 
average  intercrack  spacing  for  thicker  films.  This  depen¬ 
dence  can  be  described  by  an  empirical  equation,  written 
as: 


The  parameters  B  and  n  obtained  from  the  experiments 
are  110.3  and  0.63,  respectively,  for  the  bilayer  coatings 
on  the  stainless  steel  substrates;  they  were  found  to  be 
43.9  and  0.33,  respectively,  for  tungsten  single  layers  on 
stainless  steel  substrate  [5].  The  empirical  model  for  the 
bilayer  coatings,  describing  the  evolution  of  the  satura¬ 
tion  crack  density  as  a  function  of  coating  thickness, 
differs  from  that  obtained  for  the  tungsten  elementary 
layers.  This  result  indicates  that  the  cracking  behaviour 
of  the  multilayered  coatings  is  not  affected  only  by  the 
nature  and  thickness  of  the  interfacial  layer.  This  is 
supported  by  the  value  of  Z>sat  obtained  for  the  four- 
layer  coatings  (22  cracks  mm  “^),  which  appears  to  be 
different  from  that  of  the  tungsten  layer  of  3.5  pm 
thickness  (50.6  cracks  mm"^). 

The  results  show  that  the  cracking  properties  of 
multilayered  coatings  depend  mainly  on  the  total  thick¬ 
ness  of  the  films  and  the  arrangement  of  the  elementary 
layers  (number  of  layers,  thickness  of  single  layers,  layer 
interactions). 

When  increasing  the  substrate  strain  to  25%,  no 
debonding  of  the  film  is  observed  at  layer  interfaces  and 
at  the  substrate/coating  interface.  This  reveals  that  the 
adhesion  between  the  film  and  the  substrate  is  good, 
but  cannot  be  characterised  through  tensile  tests. 
Therefore,  scratch  experiments  were  performed  on  these 
coatings. 


5.  Adhesion  characterisation 

The  objectives  of  performing  scratch  tests  are  to 
evaluate  the  adhesion  of  the  coatings  to  the  substrate 
and  then  to  rank  the  coatings  with  respect  to  debonding 
resistance.  This  investigation  was  based  on  determina¬ 
tion  of  the  critical  scratch  load  values,  characterising 
the  decohesion  between  the  film  and  the  substrate. 
Acoustic  emission  measurements  allow  detection  of  this 
load,  corresponding  to  delamination  of  the  coatings 
observed  by  optical  examinations  of  the  scratches  and 
saturation  of  the  acoustic  burst. 

The  experimental  values  of  the  critical  scratch  load 
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Lc  are  reported  in  Table  1.  For  the  bilayer  coatings 
2L-W(C)/W#1  and  2L-W(C)/W#2,  decohesion  of  the 
films  from  the  substrates  is  found  to  occur  at  the  loads 
50  N  and  62  N,  respectively.  As  for  the  bilayer  coating 
2L-W(C)/W#3  and  the  four-layer  coatings  4L-W(C)/W 
of  14  pm  thickness,  the  critical  scratch  loads  could  not 
be  determined  since  saturation  of  the  acoustic  burst  was 
not  reached  under  a  load  range  of  0-100  N.  The  critical 
scratch  load  was  found  to  be  higher  than  100  N.  Our 
multilayered  coatings  appear  to  adhere  very  well  to 
stainless  steel  substrates,  according  to  the  very  high 
value  of  Lc-  Indeed,  a  maximum  adhesion  can  be  reached 
for  the  thickest  films.  These  results  emphasise  the  effect 
of  film  thickness  on  the  mechanical  behaviour  of  the 
multilayered  coatings. 

Examinations  of  the  cross-section  of  the  scratches  by 
SEM  show  that  multilayered  coatings  are  subjected  to 
detachment  at  layer  interfaces  [6].  The  remaining  parts 
of  the  film  still  protect  the  substrate  surface  against 
interactions  with  the  environment  until  complete 
removal  of  the  coating.  However,  the  progressive  delami¬ 
nation  of  the  multilayered  coatings  may  result  in  a 
reduction  of  their  reliability,  which  can  affect  the 
in-service  performance  of  the  coating/substrate  system. 
Thus,  graded  coatings  might  appear  to  be  more  suitable 
candidates  for  protective  coatings  [6,15]. 


6.  Conclusion 

In  situ  microtensile  tests  were  performed  on  systems 
consisting  of  multilayered  coatings  deposited  by  magnet¬ 
ron  sputtering  on  stainless  steel  substrates.  The  multilay¬ 
ered  coatings  were  based  on  the  stacking  arrangement 
of  two  or  four  tungsten  and  tungsten-carbon  [W(C)] 
single  layers.  The  rupture  properties  of  the  films  were 
characterised  by  specific  parameters,  such  as  the  critical 
cracking  stress  and  the  fracture  toughness  deduced  from 
an  analytical  model,  and  by  the  evolution  of  transverse 
crack  density  with  respect  to  applied  strain.  The  cracking 
probability  was  analysed  through  a  Weibull  analysis. 
The  calculated  values  of  the  Weibull  modulus  revealed 
a  high  probability  of  cracking,  supported  by  the  low 
measured  values  of  the  fracture  toughness  and  the 


existence  of  defects  in  the  films.  The  analysis  showed  a 
significant  effect  of  the  number  and  thickness  of  the 
elementary  layers  on  the  fracture  resistance  of  the  multi¬ 
layered  coatings.  Indeed,  the  coatings  based  on  four 
thin  layers  exhibited  the  highest  fracture  toughness  and 
Weibull  modulus. 

The  adhesion  of  the  coatings  on  substrates  was 
characterised  through  scratch  experiments.  Our  multi¬ 
layered  coatings  appeared  to  adhere  well  on  stainless 
steel  substrates,  and  no  delamination  was  observed  and 
detected  for  the  thickest  films.  However,  delamination 
at  layer  interfaces  could  be  observed,  resulting  in  a 
reduction  in  the  reliability  of  the  films,  before  complete 
decohesion. 
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Abstract 

Boron  nitride  thin  films  were  ion  beam  assisted  deposited  on  silicon  substrates.  The  c-BN  content  was  investigated  with  IR 
spectroscopy.  The  intrinsic  film  stress,  studied  by  measuring  the  resulting  bending  of  the  substrate  using  a  profilometer,  increases 
generally  with  increasing  c-BN  content.  In  addition,  the  IR  peak  position  of  the  c-BN  reststrahlen  band  was  determined  for 
adherent  coatings  and  after  the  films  completely  peeled  off  the  substrate.  This  stress  relief  due  to  the  peeling-off  induces  a  shift  of 
the  IR  peak  position  to  smaller  wavenumbers.  However,  no  correlation  between  the  total  stress  obtained  by  the  bending 
experiments  and  the  IR  peak  position  for  adherent  films  could  be  found.  In  contrast,  the  value  of  the  shift  of  the  c-BN  peak 
position  to  smaller  wavenumbers  after  peeling-off  shows  a  good  correlation  with  the  stress  values  from  the  bending  method. 
Several  mechanisms  which  may  influence  the  peak  position,  such  as  stress,  coalescence  and  film  thickness,  will  be  discussed. 
Finally,  we  conclude  that  an  estimate  of  c-BN  film  stress  from  IR  data  is  only  possible  on  the  basis  of  the  peak  shift  after  peeling- 
off,  which  on  the  other  hand  means  that  stress  measurement  using  the  IR  peak  position  has  to  be  a  destroying  technique.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Boron  nitride;  Ion  beam  assisted  deposition;  IR  spectroscopy;  Stress 


1.  Introduction 

The  poor  adhesion  commonly  observed  for  cubic 
boron  nitride  (c-BN)  containing  thin  films  is  caused  by 
the  low  adhesion  strength  at  the  interface  as  well  as  by 
the  high  compressive  stress  of  these  coatings,  which  is 
most  probably  due  to  the  intense  ion  bombardment 
necessary  to  deposit  the  c-BN  phase.  As  a  consequence, 
experimental  and  theoretical  work  concerning  the  mech¬ 
anism  of  intrinsic  stress  formation  in  order  to  achieve  a 
stress  reduction  has  been  recently  reported  (see  e.g. 
Ref.  [1]  and  references  therein). 

The  stress  g  of  thin  coatings  is  commonly  determined 
by  directly  measuring  the  deformation  of  a  substrate 
coated  on  one  side  with  a  film  and  employing  Stoney’s 
equation  [2].  The  resulting  curvature  radius  R  can  be 
determined  using  e.g.  the  Newton’s  rings  technique  [2], 
capacitance  measurements  [3],  surface  profilometry  [4], 
or,  if  very  thin  substrates  (i.e.  cantilever  structures  with 
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Z)«100pm)  are  used,  simply  by  optical  microscopy 
[5,6].  In  order  to  gain  a  depth-resolved  characterization 
of  the  film  stress,  several  of  these  techniques  were  applied 
in  situ  during  film  growth  [2,3]  or  post-depositionally 
after  several  re-etching  steps  [7]. 

In  addition,  another  possibility  exists  at  least  to 
estimate  the  stress  of  c-BN  films.  Raman  experiments 
on  c-BN  bulk  material  [8]  showed  that  the  c-BN 
transversal  optical  (TO)  mode  exhibits  a  stress  induced 
shift  to  higher  energies.  As  a  consequence,  IR  spectro¬ 
scopy  is  frequently  applied  to  determine  the  IR  peak 
position  of  the  c-BN  reststrahlen  band  and  to  estimate 
the  film  stress  [9-11]. 

As  both  the  bending  method  and  the  IR  technique 
are,  up  to  now,  used  almost  independently  in  the  litera¬ 
ture,  we  will  systematically  compare  the  stress  data 
evaluated  from  bending  experiments  with  stress  values 
obtained  from  the  peak  position  of  the  c-BN  reststrahlen 
band.  Surprisingly,  it  will  turn  out  that  only  the  shift 
Aajc.BN  of  the  c-BN  IR  peak  after  the  coating  peeled  oflf, 
but  not  the  absolute  c-BN  peak  position  for  an  adherent 
film,  correlates  with  the  stress  values  determined  by  the 
bending  method. 
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2.  Experimental  details 

2.7.  Film  deposition 

The  boron  nitride  thin  films  were  prepared  using  an 
ion  beam  assisted  deposition  (IB AD)  setup  [6].  Boron 
was  evaporated  on  (100)  silicon  substrates  (substrate 
temperature  rs==350°C)  and  simultaneously  bombarded 
with  a  mixture  of  nitrogen  and  argon  ions  from  a 
Kaufman  ion  source.  Typical  boron  deposition  rates 
were  in  the  range  of  lOnm/min.  A  nitrogen  to  argon 
gas  flow  ratio  of  3:1  was  used.  The  ion  energy  £',on  and 
the  ion  to  thermal  boron  atom  {I /A)  ratio  were  varied 
between  500  and  1200  eV  and  between  1.3  and  2.0, 
respectively.  The  dependence  of  the  resulting  phase  on 
the  deposition  conditions,  i.e.  or  IjA  ratio,  was  in 
good  agreement  with  literature  data  [1,12].  The  c-BN 
containing  films  exhibited  an  atomic  boron  to  nitrogen 
ratio  close  to  one,  as  revealed  by  Auger  electron  spectro¬ 
scopy  or  heavy  ion  elastic  recoil  detection  analysis  (see 
the  description  in  Ref.  [13]).  The  elemental  fraction  of 
light  contaminations,  such  as  carbon  or  oxygen,  were  in 
the  range  of  a  few  percent  which  is  typical  for  IBAD 
c-BN  films  [12,14,15].  The  thickness  d  of  the  BN  coat¬ 
ings  was  obtained  using  single  wavelength  ellipsometry 
and  checked  by  profilometry  on  selected  samples.  A 
deposition  time  of  1 5  min  resulted  in  a  thickness  of 
90±15nm,  depending  on  the  deposition  conditions 
(£'ion  and  IjA  ratio). 

2.2.  IR  measurement 

All  samples  prepared  were  routinely  studied  with  IR 
transmission  spectroscopy.  A  characteristic  IR  spectrum 
is  presented  in  the  lower  part  of  Fig.  1.  The  peaks  of 
c-BN  at  1093  cm  and  of  non-cubic  BN  material  at 
775  cm"^  (bending)  and  1410  cm"^  (stretching)  are 
clearly  visible.  The  IR  data  were  fitted  using  three  pure 
Lorentzian  peak  functions  (dashed  lines)  in  order  to 
determine  the  intensity  of  the  c-BN  peak  /^.bn  and  of 
the  non-cubic  stretching  peak  /k-bn-  Using  these  inten¬ 
sities,  a  quick  estimate  of  the  c-BN  fraction. 


600  1000  1400  1800 


wavenumber  (cm’^) 

Fig.  1.  IR  transmission  spectroscopy  data  using  non-polarized  light 
and  a  normal  angle  of  incidence  of  a  c-BN  containing  film  (a)  before 
and  (b)  after  peeling-olf.  The  fit  parameter,  e.g.  peak  positions  cOc-bn 
and  the  peak  intensities  /c.bn  /h-bn^  were  obtained  by  a  fit  (full  line) 
to  the  experimental  data  points  using  three  pure  Lorentzian  curves 
(dashed  lines).  The  resonance  frequencies,  the  peak  width  and  the 
intensities  are  given.  In  addition  the  two  spectra  are  compared  in  (c). 
The  sample  was  prepared  using  £ioN  =  500eV  and  an  I/A  ratio  of  1.9. 

mental  data  between  1500  and  1700cm“^  is  originated 
by  water  bands.  For  the  c-BN  reststrahlen  band,  on  the 
other  hand,  an  almost  excellent  fit  could  usually  be 
obtained.  As  a  consequence,  the  estimated  error  of 
measuring  the  peak  position  cOc.bn  of  fhe  TO  mode  of 
the  reststrahlen  band  should  be  in  the  range  of  a  few 
cm"k  Thus,  the  requirement  of  a  precise  determination 
of  peak  positions  for  studying  peak  shifts  is  successfully 
achieved. 

In  addition.  Fig.  1(b)  shows  the  change  of  the 
spectrum  when  the  c-BN  film  peeled  off  the  substrate. 
This  stress  relief  (see  e.g.  the  SEM  images  in  Refs. 
[4,18])  results  in  a  shift  of  the  c-BN  peak  of  about 
20cm“^  to  smaller  energies,  as  often  reported  [2,6,18]. 
For  a  better  comparison,  the  spectra  of  the  film  before 
and  after  delamination  are  presented  in  the  upper  part 
of  Fig.  1(c). 


—  4-Bn/(A;-BN  +^h-BN)> 


( 1 )  2.5.  Stress  measurements 


of  the  sample  is  possible.  However,  one  should  keep  in 
mind  that  for  IBAD  c-BN  films  Xq  is  mainly  controlled 
by  the  thickness  ratio  of  two  layers  with  an  almost  pure 
phase  composition  [6,7,12].  Thus,  for  the  film  shown  in 
Fig.  1 ,  a  c-BN  toplayer  thickness  of  60  nm  can  be 
deduced. 

In  general,  the  fits  agree  well  with  the  experimental 
data  except  for  the  h-BN  stretching  mode.  This  discrep¬ 
ancy  between  IR  data  and  simulations  has  already  been 
noticed  and  is  probably  due  to  either  the  anisotropic 
properties  of  h-BN  material  [14,16,17]  or  a  two-phonon 
contribution  [15].  Besides,  the  large  scatter  of  the  experi- 


The  internal  stress  of  the  adherent  coatings  was 
determined  by  the  bending  method  and  calculated  from 
Stoney’s  equation  (see  e.g.  Ref.  [2]).  For  a  film  (thick¬ 
ness  d)  deposited  on  one  side  of  a  thin  substrate 
(thickness  /)),  the  film  stress  is  given  by 

ff=— ^  — (2) 

6(1 -v)  d  R 

where  E^i  and  v  are  Young’s  modulus  and  Poisson’s 
ratio  of  the  silicon  substrate,  respectively.  For  the  coated 
stripe-shaped  Si  substrates  (7)  =  350  pm),  the  curvature 
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radius  R  was  measured  by  a  surface  profilometer.  The 
measuring  length  was  3-5  mm.  The  error  of  this  pro¬ 
cedure  can  be  estimated  to  be  less  than  10%. 


3.  Results 

3J.  Intrinsic  stress  a  vs,  IR  peak  ratio  Xc 

For  various  IBAD  conditions,  the  IR  peak  ratio  Xq 
and  the  film  stress  <j  obtained  from  the  bending  of  the 
film-substrate  system  were  determined.  The  results  are 
presented  in  Fig.  2.  For  comparison,  data  taken  from 
Ref.  [2]  are  shown.  Even  after  close  examination,  only 
a  few  superficial  trends  can  be  stated.  Generally,  the 
stress  is  increasing  with  increasing  c-BN  content,  as 
already  observed  [5].  Films  containing  cubic  BN  exhibit 
a  stress  cr>3  GPa. 


Fig.  3.  IR  peak  position  of  c-BN  mode  for  adherent  films  (full  symbols) 
and  after  delamination  (open  symbols)  as  a  function  of  stress  a 
obtained  from  the  bending  experiments. 


3.2.  Intrinsic  stress  a  vs.  IR  peak  position  cOc.bn 
peak  shift 

As  some  of  the  films  presented  in  Fig.  2  peeled  off 
the  substrate,  it  was  possible  to  compare  the  IR  proper¬ 
ties  before  and  after  delamination.  The  peak  positions 
r/)c.BN  before  and  after  delamination  are  shown  in  Fig.  3 
as  a  function  of  the  stress  a  determined  by  the  bending 
method.  The  full  symbols  represent  the  peak  position 
for  adherent  coatings,  whereas  the  open  symbols  depict 
the  IR  peak  position  after  the  film  completely  peeled 
off.  For  adherent  samples  the  IR  peak  position 
almost  constantly  equals  1092(±4)cm”^  and  does  not 
depend  on  the  stress  of  the  coatings  within  the  experi- 
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Fig.  2.  Comparison  between  the  film  stress  a  of  the  samples  and  the 
c-BN  peak  ratio  X^:  The  results  of  McKenzie  et  al.  [2]  are  also  shown 
for  comparison. 
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mental  uncertainty.  Especially  no  indication  for  an 
increasing  peak  position  with  increasing  stress  can  be 
found.  On  the  contrary,  a  least-square  fit  would  result 
in  an  almost  marginal  negative  slope  of  —1  cm“VGP^ 
including  an  error  of  almost  100%.  For  samples  with  a 
small  cubic  content  (JTc<40%),  the  peak  position  even 
rises  to  wavenumbers  between  1100  and  1120cm“^  [6]. 
As  these  samples  do  not  exhibit  any  delamination,  they 
are  not  considered  in  Fig.  3. 

In  Fig.  3  it  can  be  seen  that  the  c-BN  peak  shifts  to 
smaller  energies  after  peeling-off.  Analogue  observations 
have  frequently  been  reported  by  other  groups,  e.g.  from 
1090  to  1066  cm“^  [18].  An  inverse  linear  relationship 
between  the  stress  a  of  the  adherent  films  and  the  IR 
peak  position  after  peeling-off  is  apparent.  In  Fig.  4  the 
IR  peak  shift  Aoj>c.bn  is  plotted  versus  the  film  stress.  A 
least-square  fit  is  also  shown  resulting  in  a  proportional 
factor  of  4.0(+0.2)  cm"VGPa,  assuming  a  linear 
relationship. 


Fig.  4.  Difference  of  the  peak  position  between  adherent  film 

and  after  peeling-off  as  a  function  of  the  total  film  stress. 
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4.  Discussion 

In  the  following,  the  results  presented  above  will  be 
discussed.  For  this  purpose,  the  basic  interdependencies 
between  IR  frequencies  and  various  film  properties,  e.g. 
total  film  stress  or  film  thickness,  will  be  introduced.  On 
the  basis  of  these  dependencies,  the  experimental 
observed  relations  between  stress  and  IR  data  can 
conclusively  be  discussed. 

4.1.  Dependencies  of  the  c-BN  TO  mode 

For  the  c-BN  reststrahlen  band  many  parameter 
dependencies  have  been  observed  (see  Fig.  5).  Using 
Raman  spectroscopy  on  bulk  specimens,  the  shift  of  the 
c-BN  TO  mode  with  increasing  pressure  has  been  studied 
[8].  On  the  basis  of  these  data,  Reinke  predicted,  for 
thin  film  material,  a  value  of  4,5cm^VGPa  for  the 
stress  induced  shift  of  the  TO  position  [19].  Further 
insights  concerning  the  interpretation  of  IR  data  of  BN 
can  be  gained  by  monitoring  the  c-BN  peak  frequency 
as  a  function  of  the  deposition  time.  With  increasing 
film  thickness,  d,  the  IR  peak  position  moves  to 
smaller  energies.  A  shift  from  1130  to  1065  cm"^  was 
observed  during  deposition  [9],  in  accordance  with 
results  recently  reported  in  Ref,  [20].  Friedmann  et  al. 
already  noticed  that  this  shift  cannot  be  explained  by 
thickness  effects  alone  [9].  In  contrast,  model  calcula¬ 
tions  show  that  with  increasing  layer  thickness  the  IR 
peak  position  should  move  to  larger  wavenumbers  by 
6cm^^  per  100  nm  increasing  thickness  (see  Fig.  5) 
[9,21,22].  This  disagreement  led  some  authors  to  the 
assumption  that  the  experimentally  observed  behavior 
is  also  stress  induced,  which  would  mean  that  for  very 
thin  c-BN  films  the  stress  is  considerably  higher  than 
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Fig.  5.  Schematic  presentation  of  the  dependence  of  the  IR  peak  posi¬ 
tion  on  different  film  properties.  Stress,  increasing  film  thickness,  vary¬ 
ing  stoichiometry,  and  coalescence  (islanding)  induced  shifts  are 
considered.  As  the  coalescence  induced  mechanism  results  in 
do)c.^f^/dd<0  with  increasing  thickness,  the  bar  reflects  a  shift  to 
smaller  wavenumbers.  Regarding  stoichiometry,  the  situation  is  not 
clear. 


for  thicker  films.  Superficially,  stress  measurements  [2,7] 
which  observed  a  pronounced  stress  maximum  for  small 
thicknesses  confirmed  this  interpretation.  However, 
recent  studies  of  the  stress  development  [3,6,23]  failed 
to  support  this  explanation.  Fahy  et  al.  therefore  sug¬ 
gested  another  mechanism,  namely  a  coalescence  or 
islanding  induced  dependence  of  the  c-BN  peak  position 
(for  details  see  Ref.  [20]).  In  this  model  the  c-BN  peak 
position  exhibits  a  shift  towards  larger  wavenumbers 
for  small  layer  thickness.  According  to  Fahy  et  al.  [20] 
a  shift  of  up  to  80cm“^  can  be  explained.  As  the 
derivation  dcD^.^j^jdd  for  this  mechanism  is  negative,  we 
also  used  a  negative  sign  in  the  presentation  in  Fig.  5. 

Finally,  Hackenberger  et  al.  mentioned  that  the 
atomic  B/N  ratio  influences  the  c-BN  peak  position  for 
delaminated  c-BN  films  [24].  However,  optical  model 
calculations  using  a  dielectric  function  described  by  an 
effective  medium  approximation  (EM A)  composed  of 
c-BN  and  elemental  boron  demonstrated  that  the  peak 
position  does  not  depend  on  the  boron  fraction  [21]. 
On  the  basis  of  these  simulations,  it  can  not  be  excluded 
that  the  elemental  composition  influences  the  peak  posi¬ 
tion  via  the  interstitial  or  vacancy  defect  concentration 
and,  in  turn,  via  the  resulting  stress  of  the  coatings.  For 
this  reason,  stoichiometry  is  not  separately  considered 
in  the  following. 

4.2.  Peak  shift  after  peeling-off 

After  discussing  the  main  parameters  determining  the 
IR  peak  position  during  film  growth,  we  finally  focus 
on  the  relationship  between  the  c-BN  peak  position  and 
the  stress  and/or  stress  relief,  respectively.  In  general, 
the  dependence  between  film  stress  cr  and  IR  peak  shift 
Aco4,.bn  after  stress  relief  (Fig.  4)  is  in  good  agreement 
with  the  data  of  Fahy  et  al.  [20]  and  the  prediction  of 
Reinke  [19].  However,  the  results  presented  in  Fig.  3 
concerning  the  absolute  peak  position  are  in  sharp 
contrast  to  this  picture,  which  predicts  a  completely 
contrary  behavior  schematically  depicted  in  Fig.  6(a). 
With  increasing  film  stress,  the  peak  position  for  adher¬ 
ent  coatings  (closed  symbols)  should  shift  to  larger 
wavenumbers,  whereas  after  stress  relief  (resulting  in  a 
shift  a  constant  peak  position  is  expected 

for  stress  free  material  (open  symbols). 

In  contrast  to  this  model,  Fig.  6(b)  takes  coalescence 
effects  also  into  account.  Film  thickness  effects  can  be 
neglected  for  the  samples  studied,  as  a  variation  of 
100  nm  is  necessary  to  yield  a  small  shift  of  6cm"^ 
[21,22],  which  is  almost  the  complete  thickness  of  the 
film  under  consideration.  As  in  Figs.  3  and  6(a)  the  full 
and  open  symbols  denote  the  IR  frequencies  before  and 
after  delamination  respectively.  The  experimentally 
obtained  peak  shift  after  peeling-off  and  stress  relief 
(dashed  arrow)  is  proportional  to  the  stress  a.  The 
difference  (full  arrow)  between  the  position  after  stress 
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Fig.  6.  Influence  of  stress  a  and  coalescence  on  the  c-BN  IR  peak 
position  and/or  peak  shift.  The  relation  between  stress  and  IR  fre- 
qiiency  before  and  after  stress  relief  is  shown  schematically.  In  (a)  only 
a  stress  induced  shift  is  considered.  In  contrast,  a  coalescence  induced 
shift  is  also  taken  into  account  in  (b). 
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relief  and  the  position  at  1055  cm“^  [8],  which  is  charac¬ 
teristic  for  stress  free  bulk  material  (horizontal  dashed 
line),  is  mainly  originated  by  coalescence  or  islanding 
induced  effects.  This  description  can  be  supported  by  a 
simple  consideration  being  a  crude  representation  of  the 
physical  interdependence.  It  has  been  shown  [20]  that 
the  coalescence  effect  is  maximal  for  small  c-BN  thick¬ 
nesses.  On  the  other  hand,  a  small  c-BN  toplayer 
thickness  is  rather  synonymous  with  a  small  IR  ratio 
Xq,  as  the  latter  is  determined  by  the  thickness  ratio  of 
toplayer  and  non-cubic  nucleation  layer  [6,7,12,23].  As 
can  be  seen  from  Fig.  2,  there  exists  some  dependence 
between  Xq  and  the  stress  c,  at  least  for  the  examined 
range  below  7  GPa.  Moreover,  a  frequency 
a;c_BN>  1100  cm"^  was  observed  for  small  Xc<40%, 
although  the  film  stress  was  only  marginal  [6]. 
Therefore,  a  small  film  stress  is  directly  related  with  a 
large  coalescence  induced  peak  shift  and  vice  versa. 

For  large  c-BN  thicknesses  and/or  Xq,  coalescence  is 
marginal  (see  Fig.  6).  Here,  the  peak  position  is  to  a 
large  extent  determined  by  the  film  stress.  However,  the 
contribution  of  thickness  is  no  longer  negligible.  As  a 
consequence,  again  not  the  peak  position,  but  only  the 
peak  shift  after  stress  relief  is  capable  to  estimate  the 
stress  (j. 


5.  Summary  and  concluding  remarks 

Thin  BN  films  were  deposited  using  IB  AD.  The 
resulting  film  stress  g  was  measured  using  the  substrate 
bending  method  and  compared  with  IR  data.  The  c-BN 
peak  exhibits  a  constant  frequency  cd^-bn  with  no  depen¬ 
dence  on  the  film  stress.  The  peak  shift  Aoj^c-bn  after 
stress  relief  was  found  to  be  determined  by  g.  The 


proportionality  of  4  cm“  VGPa  is  in  excellent  agreement 
with  the  value  predicted  by  Reinke  [19]. 

At  first  sight,  the  independence  of  the  c-BN  IR  peak 
position,  before  delamination,  of  the  stress  is  unex¬ 
pected.  Closely  examined,  however,  this  result  is  not 
surprising  as  the  c-BN  frequency  is  not  only  controlled 
by  the  stress.  Here,  additional  optical  effects  such  as  the 
thickness  of  the  layer  (for  large  thicknesses)  as  well  as 
a  coalescence  or  islanding  induced  peak  shift  (for  small 
thicknesses)  must  be  taken  into  account.  Regarding  this 
latter  mechanism,  the  experimentally  observed  behavior 
could  be  explained  by  a  very  crude  model.  Considering 
our  results,  a  stress  estimate  based  on  IR  spectroscopy 
is  only  possible  after  delamination. 
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Abstract 

Wear  resistance  and  the  hardness  of  AI/AI2O3  nanolaminated  films  were  investigated  in  this  study.  Monolithic  films  and 
multilayers  were  deposited  on  a  silicon  substrate  with  two  different  substrate  temperatures:  T^  =  25  C  and  T^  =  —90  C.  The  period 
thickness  of  multilayers  was  lowering  from  40  to  2  nm.  From  nanoindentation  measurements,  it  appears  that  the  hardness  of 
multilayers  has  an  intermediate  value  between  those  of  metal  (Al)  and  ceramic  (AI2O3).  The  tribological  test  was  conducted  by 
the  pin-on-disc  method.  The  T,  =  25°C  deposited  multilayers,  as  well  as  single  films,  demonstrated  poor  wear  resistance.  The  best 
wear  resistance  was  obtained  for  multilayers  deposited  at  the  lowest  substrate  temperature  (7"s”  “90  C).  The  results  are  in  good 
agreement  with  structural  characterization.  X-ray  reflectometry  demonstrated  that  the  multilayer  character  of  AI/AI2O3  is  more 
pronounced  for  T,-=  -90"C.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  AI/AI2O3  multilayers;  Nanoindentation;  Tribological  properties 


1.  Introduction 

In  the  field  of  research  of  new  coatings  for  hard 
protective  and  wear  resistance,  multilayer  films  exhibit 
a  large  enhancement  of  mechanical  properties  compared 
to  single  layers.  Wear  resistance  and  hardness  of  multi¬ 
layers  are  reported  in  many  studies  [1-3].  All  these 
show  a  significant  dependence  of  mechanical  properties 
on  the  microstructure  of  multilayers. 

According  to  Koehler  [4],  the  strength  of  multilayers 
depends,  in  addition  to  layer  thickness,  on  the  difference 
in  the  shear  moduli  of  the  components.  The  metal- 
ceramic  multilayers,  in  particular,  are  expected  to 
demonstrate  a  high  strength  and  hardness. 

Only  a  few  papers  have  been  published  on  the  investi¬ 
gation  of  the  mechanical  properties  of  AI/AI2O3  multi¬ 
layers  [5].  Our  paper  focuses  on  the  mechanical  behavior 
of  multilayers  of  alternating  amorphous  alumina  with 
polycrystalline  aluminum,  with  period  thickness  A  less 
than  40  nm,  correlated  to  morphological  and  structural 
properties. 
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2.  Experimental  details 

The  multilayers  and  monolithic  films  were  produced 
by  R.F.  sputtering  onto  (100)  silicon  wafers.  Two  sub¬ 
strate  temperatures  were  used,  T^=25°C  and 
T^=  -90°C.  For  the  two  sets  of  multilayers,  the  period 
thickness  ranged  from  l=40nm  to  /I  =  2  nm.  Details  of 
condition  deposition  can  be  found  elsewhere  [6].  Table  1 
summarizes  the  physical  characteristics  of  the  samples. 

The  friction  and  test  wear  was  carried  out  using  a 
pin-on-disc  device  at  room  temperature  and  humidity 
controlled  at  25%.  The  normal  load,  kept  constant  at 
1  N,  was  applied  through  an  alumina  ball  of  6  mm 
diameter.  The  specimen  was  mounted  on  a  rotating 
specimen  holder.  The  nominal  diameter  of  wear  track 
and  rotation  speed  were  chosen  to  give  a  sliding  speed 
of  0.005  m/s.  The  experiment  was  stopped  when  the  ball 
reached  the  silicon  substrate.  This  is  accompanied  by  a 
change  in  friction  coefficient  ^  (0.6-0.7)  and  a  specific 
silicon  cracking  sound.  The  wear  track  was  checked  by 
optical  microscopy.  The  volume  of  material  lost  during 
wear  was  determined  in  order  to  compute  the  wear  rate. 

Investigation  of  the  mechanical  properties  was  also 
performed  using  an  indentation  load-depth  sensing 
apparatus.  The  experimental  procedure  and  analysis 
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Table  1 


Physical  characteristics  of  samples 


Substrate  temperature  C’C) 

Film  type 

Period  (X) 

Individual  film  thickness  ratio  (nm)“ 

Total  film  thickness  (nm)  ^ 

25 

Monolithic  Al 

_ 

_ 

540 

Monolithic  AI2O3 

- 

- 

75 

AI/AI2O3  multilayers 

40 

20/20 

215 

20 

10/10 

225 

10 

5/5 

195 

5 

2.5/2.5 

240 

2 

1/1 

280 

-90 

Monolithic  Al 

- 

540 

Monolithic  AI2O3 

_ 

- 

73 

AI/AI2O3  multilayers 

40 

20/20 

140 

20 

10/10 

175 

5 

2.5/2.5 

130 

2 

1/1 

70 

“  Individual  thicknesses  were  estimated  using  deposition  rate. 

^  Thickness  of  films  was  measured  using  cross-section  high  resolution  scanning  electron  microscopy. 


used  are  described  elsewhere  [7].  Measurements  of  hard¬ 
ness  were  obtained  with  a  Berkovich  diamond  indenter 
and  the  hardness  was  calculated  using  the  true  calibrated 
shape  of  the  indenter.  10  indents  were  made  on  each 
sample  and  averaged.  A  simple  cycle  of  loading  and 
unloading  was  used  in  all  the  experiments,  and  the 
loading  rate  was  equal  to  2  x  where  was 

the  maximum  load  (the  time  for  one  cycle  was  1  min). 


3.  Results 

3.L  Structural  characterization 

Alumina  films  are  amorphous  at  any  substrate  tem¬ 
perature.  The  films  are  very  smooth,  which  is  suitable 
for  multilayers  film  engineering. 

Aluminium  films  are  polycrystalline,  with  a  weak 
(111)  texture.  As  shown  by  high  resolution  scanning 
electronic  microscope  (SEM)  surface  observation,  Al 
films  are  rough  and  granular.  Fig.  1.  We  have  studied 
the  influence  of  substrate  temperature  on  the  morphol¬ 
ogy  of  aluminum  films  from  low  temperature 
(7^=— 90°C)  to  high  temperature  (7s  =  600°C)  and 
found  that  the  grain  size  increases  with  temperature  [6]. 
Nevertheless,  no  significant  difference  was  seen  between 
films  deposited  at  low  temperature  =  —  90°C  and  at 
rs  =  25°C.  Equivalent  diameters  are  of  the  same 
order:  (j)e  =  350nm  for  thick  films  (200  nm  thick), 
Fig.  1(a);  and  (j)e  =  30nm  for  thin  films  (lOnm  thick), 
Fig.  1  (b).  The  latter  value  is  expected  to  arise  in  alumin¬ 
ium  layers  in  AI/AI2O3  multilayers.  AI/AI2O3  multilayers 
also  exhibit  a  granular  surface,  in  agreement  with  the 
Al  one.  Cross-section  high  resolution  SEM  has  not 
shown  any  laminated  structure  [6].  In  fact,  big  grains, 
characterics  of  columnar  growth,  have  been  observed. 

Since  aluminum  layers  are  very  rough,  no  perfect 


interfaces  are  expected  in  AI/AI2O3  multilayers. 
Nevertheless,  the  multilayering  character  of  AI/AI2O3 
structures  occurs  in  some  multilayers,  as  shown  by  X-ray 
reflectometry  (XRR)  experiments  on  20  nm-periodic 
samples.  In  XRR,  the  appearance  of  Bragg  peaks  is  the 
signature  of  a  periodic  structure.  For  T^  =  —  90^0,  four 
Bragg  peaks  are  observed.  Fig.  2(a),  whereas  at 
rs  =  25°C  two  peaks  are  seen  Fig.  2(b).  The  existence 
of  the  multilayer  structure  in  AI/AI2O3  has  also  been 
demonstrated  by  secondary  ionic  mass  spectrometry 
(SIMS)  [8].  It  is  clear  that  the  multilayering  character 
of  AI/AI2O3  composites  increases  when  the  substrate 
temperature  decreases.  This  is  well  correlated  to  the  fact 
that  aluminum  grain  size  decreases  with  substrate  tem¬ 
perature,  leading  to  more  and  more  abrupt  interfaces. 
It  can  also  be  expected  that  diffusion  of  aluminum  and 
oxygen  atoms  is  reduced  at  low  temperatures. 

3.2.  Tribological  tests 

The  tribological  tests  were  performed  for  all  the 
samples.  The  wear  rate  was  calculated  as  a  function  of 
period  thickness  for  the  two  sets  of  multilayers  and 
monolithic  films.  The  results  are  summarized  in  Table  2. 
For  monolithic  films,  a  weak  resistance  to  wear  is  seen 
for  the  two  substrate  temperatures.  The  multilayers 
deposited  at  demonstrate  similar  behavior. 

When  comparing  the  two  sets  of  multilayers.  Fig.  3,  it 
appears,  on  one  hand,  that  there  is  no  significant  differ¬ 
ence  for  multilayers  with  2>  10  nm.  On  the  other  hand, 
the  samples  at  =  —  90°C  2  =  5  nm  and  2  =  2  nm  have 
a  low  wear  rate  and  it  seems  that  the  wear  resistance  is 
greatly  enhanced  in  these  samples. 

Fig.  4  (a)  and  (b)  shows  the  evolution  of  friction 
coefficient  fi  with  number  of  cycles  during  sliding  for 
multilayers  with  2  =  5  nm  and  2  =  2  nm.  In  the  case  of 
rs  =  25^C,  the  friction  coefficient,  initially  started  at  0.2- 
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Fig.  1.  Surface  high  resolution  SEM  observation  of:  (a)  200  nm  thick 
A1  films;  (b)  10  nm  thin  A1  film.  The  two  thin  films  were  deposited  at 
r,=  »90X. 


0.4,  increased  dramatically  to  achieve  a  value  of  ^=1. 
This  was  accompanied  with  severe  mode  of  wear. 

For  —  90°C,  there  were  two  stages  of  wear.  First 

the  friction  coefficient  increased  rapidly  to  achieve  a 


Ts  = - 90"C 


Ts  =  25"C 


(b)  angle  (°) 

Fig.  2.  X-ray  reflectometry  spectra  of:  (a)  — 90°C  deposited 

AI/AI2O3  multilayers  with  5  =  20  nm;  (b)  Ts  =  25°C  deposited 
AI/A1203  multilayers  with  y  =  20  nm. 

maximum  value  of  0.7  for  the  1  =  5  nm  sample  and  0.55 
for  the  >1  =  2  nm  sample.  This  initial  stage  was  followed 
by  a  steady  state.  The  steady  friction  coefficient  was 
equal  to  0.6  for  the  >1  =  5  nm  sample  and  0.54  for  the 
>l  =  2nm  sample,  and  this  slight  difference  can  explain 
the  difference  in  wear  rate  observed  for  these  samples. 


Tabic  2 

Wear  rate  and  hardness  measurements 


r,  =  25"C 

Wear  rate  10  ^ 

(pm^ mm“^  N  "0 

Hardness  (GPa) 

r,=  -90°c 

Wear  rate  10  ^ 

(pm^  mm"^  N"b 

Hardness  (GPa) 

A1 

800 

2.88±0.64 

A1 

900 

2.07  ±0.45 

AhO, 

63 

15.88±1.4 

A1,0, 

73 

15.57±1.32 

2  =  40  nm 

555 

6.08  ±0.51 

2  =  40  nm 

392 

7.87±0.32 

2  =  20  nm 

1012 

7.36±0.82 

2  =  20  nm 

443 

9.35±0.87 

2=10  nm 

1140 

- 

2  =  5  nm 

1 

10.08±0.91 

II 

863 

7.60  ±0.42 

2=2  nm 

0.4 

9.23  ±1.11 

2  =  2  nm 

588 

7.98  ±1.02 
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Fig.  3.  Wear  rate  vs.  period  thickness  plotted  for  AI/AI2O3  multilayers, 


(b)  Number  of  cycles 


Fig.  4.  Friction  coefficient  vs.  number  of  cycles  for  multilayers  depos¬ 
ited  at:  (a)  r,-25X;  (b)  T,=  -WC. 

3.3.  Hardness  measurements 

Fig.  5  illustrates  the  hardness  of  multilayers  compared 
to  the  monolith  films  hardness.  The  alumina  films  exhib¬ 
ited  the  highest  value  of  hardness  while  the  value  of 
hardness  of  multilayers  was  between  the  aluminum 
hardness  value  and  the  alumina  value.  When  comparing 
the  rs==25°C  deposited  multilayers  with  the 
-90°C  ones,  it  appears  that  the  hardness  of  multi¬ 
layers  with  A>5  nm  is  more  important  for  the  second 
group.  In  the  case  of  2  — 2nm,  no  conclusion  is  given 
due  to  experimental  error.  It  should  be  noted  that  there 


is  no  large  difference  in  hardness  of  =  —  90°C  multi¬ 
layers  as  function  of  period  X. 

The  hardness  of  all  multilayers  has  to  be  compared 
with  the  rule  of  mixture  value  of  8.82  GPa  calculated 
with  single  layers  hardness  for  T^  =  —  90°C. 


4.  Discussion 

The  results  of  Ts  =  25°C  deposited  multilayers  is  con¬ 
sistent  with  the  reduced  multilayering  character  of  these 
samples.  The  hardness  of  AI/AI2O3  has  been  reported 
by  Ding  et  al.  [5],  but  the  range  of  period  thickness  is 
very  different  from  the  range  investigated  in  this  study. 
The  maximum  hardness  value  from  Ding’s  work 
(4.83  +  0.08)  was  obtained  for  70  nm  (Al)/10nm 
(AI2O3).  This  value  is  less  than  those  obtained  in  this 
paper  for  multilayers  with  A  <40  nm.  The  lack  of  hard¬ 
ness  when  decreasing  the  period  of  layering  in  this 
system  of  multilayers  is  in  apparent  contradiction  with 
behavior  reported  for  many  multilayers  with  a  well 
defined  interface.  If  the  multilayering  structure  is 
observed  for  Ts=— 90°C  for  2  =  10nm,  the  interface 
roughness  is  not  yet  known  for  these  samples.  Further 
work  will  be  necessary  to  estimate  the  composition 
mixing  in  these  samples. 

The  wear  rate  of  rs^~90°C  deposited  multilayers 
with  2<5  nm  was  found  to  be  the  lowest.  In  particular, 
the  wear  resistance  of  T^  —  —  90°C  deposited  AI/AI2O3 
with  2  =  2  nm  is  182%  higher  than  the  monolithic 
AI2O3  films  ones.  On  the  other  hand,  the  hardness  is 

50%  lower.  This  in  negative  correlation  with  the  fact 
that  in  ceramic  films,  the  wear  resistance  depends  on  its 
hardness.  However,  the  metal  phase  in  multilayers  allows 
inhibition  of  microcracking  in  these  materials  during 
sliding  compared  with  hard  AI2O3  films.  This  can  par¬ 
tially  explain  the  apparent  contradiction  in  correlation 
of  hardness  and  wear  resistance  behavior  of  AI/AI2O3 
multilayers. 
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5.  Conclusion 

Multilayers  alternating  polycrystalline  aluminium 
and  amorphous  alumina  were  fabricated  using 
RF-reactive  sputtering.  The  temperature  of  substrate 
Ts  during  deposition  greatly  influenced  the  morphology 
and  structure  of  the  films.  XRR  experiments  showed  an 
improvement  of  the  multilayering  character  with 
decreasing  despite  the  granular  surface  of  A1  layers. 

For  rs  =  25°C  deposited  AI/AI2O3  multilayers,  no 
signicative  difference  in  wear  resistance  was  seen  when 
comparing  to  AI2O3  monolithic  films. 

A  large  enhancement  of  wear  resistance  was  obtained 
for  7;=— 90°C  deposited  multilayers  with  decreasing 
period  thickness. 

A  comparison  of  the  structure  of  the  two  sets  of 
multilayers  and  J's=— 90°C)  suggests  that 

tribological  properties  are  greatly  enhanced  for  films 
with  good  quality  of  multilayering  which  is  AI/AI2O3 
deposited  at  T^  =  —  90°C. 
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Abstract 

Two  types  of  amorphous  carbon  (a-C)  films:  one  series  with  a  layered  structure  (sequence  of  soft/hard  carbon  layers)  resulting 
in  thick,  stable  and  sp^  rich  films,  and  another  series  of  monolithic  films  rich  in  sp^  were  deposited  on  Si  substrates  by  magnetron 
sputtering  and  were  investigated  with  respect  to  their  nanoscratching  behavior.  The  main  purposes  of  this  work  are  to  investigate 
the  scratch  performance  of  a-C  films  developed  in  layered  structure  and  to  compare  this  with  the  films  rich  in  sp^  content.  Ultra- 
low  load  scratch  tests  were  performed  in  the  load  range  from  2  to  20  mN  to  explore  the  deformation  mechanisms  of  such  thin 
films  and  their  adhesion  to  the  substrate.  Below  5  mN,  the  scratches  on  layered  structure  films  exhibit  an  almost  full  elastic 
response  while  on  films  rich  in  sp^  content  show  massive  brittle  fragmentation.  At  20  mN,  the  scratches  on  the  former  films  reveal 
some  areas  which  are  completely  elastic  and  some  areas  which  were  typical  of  a  buckle  failure.  These  areas  may  correspond  to 
hard  and  soft  carbon  layers,  respectively.  The  coefficient  of  friction  varied  from  ~0.2  to  ~0.3,  depending  on  the  maximum 
normal  load  and  being  lower  for  films  of  the  first  type.  Scratch  testing  results  have  shown  that  layered  structured  films  are  resistant 
to  plastic  deformation  during  contact  and,  together  with  the  stability  of  the  thick  layered  films,  support  their  potential  for 
protective  overcoats.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon;  Nano-indentation;  Scratch  test;  Sputtering 


1.  Introduction 

Amorphous  carbon  (a-C)  films  rich  in  sp^  content 
have  been  studied  intensively  during  the  last  decade  due 
to  their  outstanding  properties,  such  as  high  hardness, 
high  transparency,  high  resistance,  low  coefficient  of 
friction,  chemical  inertness  and  biocompatibility.  This 
unique  combination  of  physical,  chemical  and  mechan¬ 
ical  properties  makes  them  suitable  for  use  in  a  wide 
range  of  technological  and  industrial  applications,  such 
as  microelectronic,  optical,  biomedical  applications, 
wear-resistant  and  protective  overcoats  for  hard  disks 
in  the  magnetic  storage  industry.  Aspects  which  are 
important  in  assessing  the  potential  use  of  all  the  a-C 
films  are  not  only  the  elastic  properties  [hardness  {H) 
and  elastic  modulus  (E")]  of  the  film,  but  also  the 
adhesion  of  films  onto  the  substrate,  their  deformation 
response  and  the  presence  of  residual  stresses. 

The  high  internal  stress  observed  in  sputtered  a-C 
films  limits  their  maximum  thickness  below  '^40nm 
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because  of  poor  adhesion  to  the  substrate  and  subse¬ 
quent  delamination  and  cracking  of  the  film.  However, 
films  with  that  thickness  are  useless  for  most  practical 
applications.  Therefore,  the  production  of  thicker  and 
hard  a-C  films  with  low  stress  is  technologically  and 
scientifically  important.  Recently,  it  has  been  shown 
that  reduction  of  the  internal  stress  in  thick  a-C  films 
with  high  hardness  can  be  obtained  by  developing  layer 
structured  (consisting  of  sequential  soft  and  hard  layers) 
films  [1]. 

The  objective  of  this  study  was  to  investigate  the 
elastic  and  tribological  properties  of  films  developed  in 
layered  structure  (rich  in  sp^  content)  and  their  compari¬ 
son  with  those  rich  in  sp^  content.  The  main  focus  was 
on  the  adhesion  and  deformation  response  of  the  films 
using  the  scratch  test  as  the  main  experimental  character¬ 
ization  tool.  Film  deformation  response  was  studied  in 
order  to  gain  a  better  understanding  of  the  mechanisms 
governing  failure  of  thin  films. 

Sufficient  adhesion  of  the  film  on  the  substrate  is  one 
of  the  basic  properties  of  a  functional  film-substrate 
compound.  Among  techniques  [2,3]  utilized  to  evaluate 
the  tribological  properties  of  thin  films,  the  nanoscratch 
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test  [4,5]  provides  a  simple,  versatile  and  rapid  means 
of  assessing  the  adherence  of  thin  films  to  the  substrate. 
Although  the  scratch  test  has  been  widely  used  as  an 
indicator  of  film  adhesion  strength  [4,6,7]  it  was  difficult, 
until  recently,  to  perform  such  a  test  on  films  less  than 
1  pm  thick.  In  order  to  perform  a  successful  scratch  test 
in  sub-micron  films  the  scratching  apparatus  has  to 
satisfy  two  requirements:  to  apply  controlled  very  low 
loads  (nN )  to  the  tip,  and  the  precise  movement  of  the 
tip  relative  to  the  film  at  controlled  loads.  An  important 
requirement  is  the  use  of  a  procedure  which  can  offer 
in  situ  monitoring  of  the  induced  scratch  damage.  The 
nanoscratch  apparatus  used  in  this  work  can  make  finely 
controlled  low  load  scratches  and  provide  coefficient  of 
friction  measurements  as  well  as  information  about  in 
situ  surface  elastic-plastic  deformation  depth  during 
the  test. 


2.  Experimental  details 

The  sputtered  a-C  films  were  deposited  in  an  Alcatel 
SCM  600  magnetron  sputtering  apparatus  which  has 
been  described  elsewhere  [8,9].  Briefly,  the  a-C  thin 
films  were  deposited  on  (100)  c-Si  substrates  using  a 
graphite  (99.999%  purity)  target.  During  deposition  we 
fixed  the  sputtering  Ar  gas  at  a  partial  pressure 
2x10“^  mbar,  the  target  to  substrate  distance  at  65  mm 
and  the  discharge  power  at  100  W.  The  bias  voltage 
applied  to  substrate  (Kb)  was  either  floating  (positive) 
or  negative.  A  phase  modulated  ellipsometer,  mounted 
on  the  deposition  system,  allows  in  situ  spectroscopic 
ellipsometry  (SE)  measurements  in  the  energy  region 
1.5-5. 5  eV,  and  was  used  to  estimate  the  thickness  and 
the  composition  (sp^  and  sp^  content)  of  the  deposited 
film  [9]. 

To  investigate  the  mechanical  and  tribological  beha¬ 
vior  of  a-C  thin  films,  two  types  of  a-C  films  with 
thicknesses  of  90,  280  and  200  nm  respectively,  were 
prepared.  The  first  type  of  film  was  deposited  in  sequen¬ 
tial  layers  with  alternative  (positive/negative)  V^.  In 
detail,  firstly  a  layer  of  ^^lOnm  was  deposited  with 
Kb=  H-10  V  and  subsequently  a  layer  of  ^20  nm  with 
Kb=— 20V.  This  procedure  was  repeated  three  (nine) 
times  in  sequence  for  the  development  of  films  with 
total  thickness  ^90  (280)  nm.  Films  with  a  thickness 
of  200  nm  were  deposited  with  positive  Kb.  We  have 
found  by  analyzing  SE  (and  also  nano-indentation) 
measurements  that  films  deposited  with  negative  Kb  are 
rich  in  sp^  content  (hard),  while  films  deposited  with 
positive  Kb  are  rich  in  sp^  content  (soft)  [10]. 

The  elastic  and  tribological  properties  of  the  films 
were  conducted  using  a  Nano  Indenter  XP  system  with 
options  for  continuous  stiffness  measurements  (CSM) 
and  lateral-force  measurements  (LFM).  A  detailed 
description  of  the  system  has  been  presented  elsewhere 


[10] .  H  and  E  of  each  of  the  films  were  measured  with 
a  Berkovich,  three-sided  pyramid  diamond  indenter. 
Experiments  were  performed  in  a  clean  air  environment 
with  ^45%  relative  humidity  and  22''C  ambient  temper¬ 
ature.  In  all  CSM  depth-sensing  tests  a  total  of  10 
indents  were  averaged  to  determine  the  mean  H  and  E 
values  for  statistical  purposes,  with  a  spacing  of  50  pm. 

A  different  diamond  Berkovich  indenter  was  used  for 
scratch  testing.  Scratches  were  made  with  an  edge  of 
the  indenter  (point-on  orientation).  One  potential  criti¬ 
cism  of  scratch  testing  is  that  the  tip  itself  may  become 
increasingly  blunt,  making  it  difficult  to  quantitatively 
compare  results  for  a  series  of  tests.  Therefore,  prior  to 
each  scratch  test,  three  indents  were  made  in  aluminum 
to  clean  the  tip,  and  then  two  100  nm  indents  were  made 
in  fused  silica  to  evaluate  the  condition  of  the  tip.  A 
precision  X-Y  table  with  a  resolution  of  1  pm  was  used 
to  slide  the  film  under  the  tip  with  a  minimum  of 
vibration  and  electrical  noise.  Lateral  deflection  was 
measured  using  two  separate  capacitive  displacement 
gauges  to  sense  the  lateral  displacement  of  the  indenter 
column  in  the  X  and  Y  directions.  Lateral  (friction) 
forces  were  then  calculated  from  the  stiffness  of  the 
column  determined  in  calibration  experiments. 
Coefficient  of  friction  (p)  could  be  calculated  afterwards 

[11] .  Since  scratch-induced  damage  of  a  film,  specifically 
fracture  or  delamination,  was  monitored  by  in  situ 
friction  force  measurements,  there  was  no  need  to  obtain 
an  image  of  the  scratch  event  but  only  to  confirm  the 
experimental  results.  Depths  of  scratches  with  increasing 
scratch  depth  or  normal  load  were  measured  in  situ  by 
profiling  the  surface  of  the  film  before,  during  and  after 
the  scratch  event,  resulting  in  a  total  length  of  the  test 
of  700  pm,  while  the  scratch  length  was  500  pm  long. 
The  load  for  initial  and  post-scratch  scan  was  0.02  mN. 
In  order  to  make  effective  use  of  the  displacement  data 
for  production  of  a  profile,  it  was  assumed  that  regions 
associated  with  the  pre-scratch  scan  and  post-scratch 
scan  were  unaffected  by  the  deformation  achieved  during 
the  scratch  itself.  Data  from  these  regions  were  used  to 
account  for  both  the  slope  and  curvature  of  the  sample 
surface  so  that  the  entire  scratch  could  be  viewed  with 
the  surface  of  the  sample  as  the  baseline  for  deforma¬ 
tion  [12]. 

3.  Results  and  discussion 

Fig.  1  shows  the  nano-indentation  results  for  a-C 
films  rich  in  sp^  content  (90  and  280  nm  thick)  and  rich 
in  sp^  content  (200  nm  thick)  where  hardness  and  elastic 
modulus  are  plotted  as  a  function  of  contact  depth. 
Indentation  was  conducted  by  applying  the  CSM  tech¬ 
nique  for  different  penetration  depths.  It  can  be  clearly 
observed  in  Fig.  1  that  the  shape  of  hardness  and  elastic 
modulus  strongly  depends  on  the  hardness  of  the  film 
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Fig.  1.  Evolution  of  the  hardness  and  elastic  modulus  of  the  three  studied  a-C  films  versus  the  indentation  contact  depth. 


versus  that  of  the  substrate.  More  particularly,  the  films 
deposited  in  sequential  layers  appear  to  be  harder  than 
the  substrate  and  reach  values  about  32  and  27  GPa, 
respectively,  depending  on  the  thickness  of  the  deposited 
film.  Films  rich  in  sp^  content  appear  to  be  softer  than 
the  Si  substrate  (77=  12.5  GPa)  and  reach  this  value  with 
increasing  the  contact  depth.  Values  of  the  hardness, 
elastic  modulus,  plastic  resistance  parameter 
[10]  and  coefficient  of  friction  for  the  films  examined  in 
this  work  are  included  in  Table  1 . 

Nanoscratch  tests  were  conducted  to  examine  the 
general  scratching  behavior  of  the  a-C  films  and  to 
quantify  their  scratch  resistance.  In  Fig.  2  nanoscratch 
test  results  for  a-C  films,  90  and  280  nm  thick  respec¬ 
tively,  at  various  normal  loads  are  presented.  Fig.  2 
includes  a  plot  of  the  vertical  displacements  of  the 
diamond  during  the  initial  scan  (prescan),  the  load- 
ramped  scratch  (scratch  scan),  and  the  post-scratch  scan 
(post  scan)  for  each  film.  The  scratch  proceeds  from  left 
to  right  in  the  figure.  The  initial  scan  profiles  the 
unscratched  surface  of  the  film  and  the  post-scratch 
scan  is  used  to  determine  the  surface  damage  due  to  the 
scratch  event.  Negative  displacements  correspond  to  the 
scratch  tip  being  pushed  into  the  specimen,  and  positive 
displacements,  which  appear  in  the  post-scratch  scan, 
indicate  the  outward  blistering  of  the  surface  or  the 
accumulation  of  debris  in  the  scratch  trace.  Four 
scratches  were  made  at  each  load  at  different  areas  of 
specimen. 

Fig.  2(a)  shows  the  surface  profile  of  the  90  nm  thick 
a-C  film  scratched  with  ramping  load  of  0.02-5  mN. 


The  resulting  scratch  shows  a  depth  ~200nm  (more 
than  double  the  film  thickness),  the  film  shows  good 
adhesion  to  the  substrate  and  recovers  highly  elastic 
( ~  90%).  The  abrupt  changes  of  the  coefficient  of  friction 
in  Fig.  3(a)  and  the  small  scale  fluctuations  in  the  post 
scan  for  scratch  lengths  >450  pm  reveal  that  it  is  likely 
that  nano-scale  fractures  occur  between  the  sublayers  in 
the  layered  structure.  The  smoothness  of  the  displace¬ 
ment  curve  during  the  scratch  scan  reflects  the  fact  that 
no  observable  delamination  or  cracking  was  found  in 
the  scratch  track.  In  the  case  of  maximum  normal  loads 
below  5  mN,  the  scratches  appear  smooth,  shallow  and 
were  undetectable  over  their  entire  length  by  optical 
microscopy  and  therefore  it  is  expected  that  these 
scratches  were  completely  elastic. 

In  Fig.  2(b)  the  scratch  can  be  divided  into  two 
regimes  based  on  differences  in  the  appearance  of  the 
scratch  profile.  The  first  regime  is  defined  by  the  first 
300  pm  of  the  scrateh.  In  this  regime,  the  scratch  is 
extremely  smooth  and  shallow,  as  can  be  seen  both  by 
comparing  the  post  scan  to  the  pre  scan  and  by  optical 
microscopy.  A  closer  examination  revealed  that  there 
are  no  remnants  of  the  scratch,  corresponding  to  fully 
recovered  elastic  contact.  The  second  regime  extends 
from  400  to  600  pm.  In  this  regime,  the  film  recovered 
highly  elastic  (~90%).  It  is  marked  by  a  change  in  the 
scratch  displacement.  In  this  regime  the  film  blisters  by 
partial  delamination  between  layers  [12].  Examination 
of  the  film  by  optical  microscopy  reveals  some  small 
particle  debris  surrounding  the  seratch  trace  in  this 
regime,  suggesting  that  damage  was  limited  to  craeking 


Table  1 


Summary  of  nano-indentation  results  of  a-C  films 


Thickness  (nm) 

H  (GPa) 

E  (GPa) 

(GPa) 

sp^-rich 

90 

27 

290 

0.235 

0.25 

sp^-rich 

280 

32 

260 

0.44 

0.2 

sp^-rich 

200 

8 

100 

0.05 

0.35 
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Fig.  2.  Surface  profiles  of  the  a-C  films  rich  in  sp^  content  developed  in  layered  structure  (90  and  280  nm  thick)  scratched  with  ramping  normal 
loads  of  (a)  0.02-5  mN,  (b,  c)  0.02-5  (20)  mN  respectively,  and  (d)  a-C  films  rich  in  sp^  content  (200  nm  thick)  scratched  with  ramping  normal  loads 
of  0.02-  5  mN. 


Fig.  3.  Coefficient  of  friction  profiles  of  a-C  films  rich  in  sp^  content  (a)  90  nm  thick,  and  (b)  280  nm  thick,  as  a  function  of  scratching  length 
(ramping  normal  load). 
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and  small  areas  of  pull-off  contained  entirely  within  the 
scratch  track.  In  conclusion,  the  280  nm  thick  a-C  film 
remains  intact  and  is  resistant  to  scratch  damage  at 
loads  up  to  3  mN,  but  increasing  the  load  further  causes 
partial  failure  of  the  film  by  delamination  and  blistering. 
It  is  obvious  that  the  280  nm  a-C  film  is  harder  than 
the  90  nm  thick  one,  and  it  has  almost  recovered  elasti¬ 
cally.  In  the  case  of  the  90  nm  thick  film,  the  maximum 
normal  load  (5  mN)  results  in  a  scratch  depth  of  almost 
200  nm.  This  means  that  the  monitored  response  corres¬ 
ponds  not  to  the  film  itself  but  to  the  film-substrate 
system.  In  the  case  of  the  film  with  a  thickness  of 
280  nm,  the  scratch  induced  response  is  a  pure  film 
property.  In  general,  the  scratch  test  offers  an  alternative 
for  characterizing  thin  films  since  the  probed  portion  of 
the  film  is  larger  than  it  is  in  indentation  tests.  This  is 
especially  true  when  indentation  alone  yields  measure¬ 
ments  which  are  significantly  affected  by  the  substrate 
while  the  nanoscratch  test  can  isolate  the  mechanical 
properties  of  the  film. 

The  behavior  of  the  280  nm  thick  a-C  film  at  loads 
up  to  20  mN  was  examined  to  monitor  the  adhesion 
and  strength  of  the  film.  As  shown  in  Fig.  2(c),  two 
distinct  regimes  are  observed.  The  first  extends  from  100 
to  250  pm  and  is  characterized  by  almost  fully  elastic 
contact,  as  was  also  observed  by  optical  microscopy.  In 
the  second  one,  above  250  pm,  corresponding  to  a  load 
above  5  mN  there  was  a  large  change  in  the  post  scan, 
failure  begins  abruptly  by  brittle  fragmentation  in  the 
film  and  substrate.  The  post  scan  trace  shows  that 
fragmentation  occurred  at  a  depth  near  the  film  thick¬ 
ness,  indicating  complete  failure  and  removal  of  the 
film.  Positions  marked  A  in  Fig.  2(c),  where  a  sudden 
increase  in  depth  occurred,  are  exactly  correlated  to  the 
initiation  of  the  delamination  [13,14].  In  detail,  the 
height  measured  at  position  A  is  ^150  nm,  and  it  is  the 
half  of  the  film  thickness,  which  also  implies  the  absence 
of  a  significant  portion  of  the  a-C  film,  at  a  load 
-14mN. 

The  scratch  behavior  of  the  a-C  film  rich  in  sp^ 
content  (Fig.  2(d))  is  completely  different  from  that  of 
other  films  studied  in  this  work.  Film  deformation  is 
mainly  plastic  all  over  the  scratch  length  and  at 
^^400  pm  of  the  scratch  length  (i.e.  load  3  mN)  failure 
begins  abruptly  by  brittle  fragmentation  in  the  film.  The 
ripple  structures  observed  in  the  area  marked  C  in 
Fig.  2(d)  along  the  track  seems  to  be  influenced  by 
tensile-type  cracks.  The  depth  measured  in  area  C  is 
^150nm,  and  it  is  more  than  the  half  of  the  film 
thickness  which  implies  the  absence  of  a-C  film  at  loads 
>  3  mN  and  possibly  is  correlated  to  the  delamination 
of  the  film.  The  poor  adhesion  of  the  a-C  film  to  the 
substrate  produced  cracks  and  small  regions  of  film 
pull-off  at  loads  above  1  mN,  which  resulted  in  the 
displacement  roughness  at  scratch  track  positions 


between  200  and  300  pm  (indicated  by  arrows  in 
Fig.  2(d)).  The  large  positive  displacements  observed  in 
the  post  scan  between  300  and  600  pm  represent  the 
positions  at  which  the  stylus  was  forced  over 
the  delaminated  film  which  was  piled  up  in  its  path. 
Friction  coefficient  values  for  these  films  were  found  to 
be  -0.35. 

Material  removal,  with  the  formation  of  surface 
material  on  the  side  of  the  scratch  which  were  plastically 
torn  away,  indicates  that  scratching  on  films  rich  in 
sp^  content  occurred  mainly  by  plastic  deformation 
typical  of  soft  materials.  This  type  of  deformation  of 
soft  layers  is  possibly  responsible  for  the  delamination 
and  buckling  effects  observed  in  layered  structure  films 
when  the  former  are  subjected  to  high  normal  loads 
during  the  scratch  test.  A  detailed  examination  of  the 
scratch  profiles  in  layered  structure  films  supports  the 
above  speculation.  For  the  design  of  tough  layered 
structure  a-C  films  we  have  to  take  into  account  the 
following  mechanisms:  (i)  the  stress  relaxation  in  a  hard 
layer  by  plastic  deformation  in  a  soft  layer  [1];  and  (ii) 
the  termination  of  cross-sectional  cracks  by  their  deflec¬ 
tion  at  interfaces  and  braking  in  a  soft  layer  with  energy 
dissipation  by  plastic  deformation.  For  a-C  layered 
structure  films,  the  important  question  is  whether  the 
termination  of  plastic  deformation  in  a  soft  layer  is 
required.  From  the  strengthening  mechanisms,  (i)  and 
(ii),  interlayer  plasticity  is  necessary  to  brake  cracks  and 
relax  stresses  in  hard  a-C  bilayers.  Thus,  a  minimum 
thickness  of  the  soft  layer  is  required  to  activate  the 
strengthening  mechanisms  (i)  and  (ii)  for  a-C  layered 
structure.  However,  for  larger  soft  layer  thicknesses, 
there  is  a  probability  of  failure  of  the  total  film  stack 
by  buckling  or  crack  propagation  along  the  soft  layer. 
In  conclusion,  an  optimal  thickness  of  the  individual 
layers  is  thought  to  be  critical  in  the  design  of  layered 
structure  films  with  good  properties.  On  the  other  hand, 
a  layered  structure  film  with  a  high  number  of  interfaces 
exhibits  an  increase  in  toughness  and  crack  propagation 
resistance  [15].  Interfaces  in  films  with  a  layered  struc¬ 
ture  are  sites  of  energy  dissipation  and  crack  deflection 
leading  to  a  toughening  of  the  layer  material.  Further 
studies  are  in  progress  to  determine  the  minimum  thick¬ 
ness  of  soft  layers  and  the  number  of  interfaces  in  order 
to  produce  films  with  improved  adhesion  and  toughness 
under  high  local  loading,  and  to  reduce  the  amount 
of  residual  compressive  stresses  associated  with  the 
kinetically  forced  formation  of  sp^  bonds  in  hard 
layers. 

Fig.  3  is  a  plot  of  the  friction  coefficient  (ff)  versus 
scratch  length  (normal  load),  ix  is  calculated  by  taking 
the  ratio  of  the  lateral  force  and  normal  load  on  the 
indenter  [11].  Until  the  tip  begins  to  slide  with  respect 
to  the  sample,  fi  is  indeterminate.  At  the  start  of  the 
scratch,  the  lateral  force  data  is  noisy  indicating  a  stick- 
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slip  phenomenon  [16].  Once  the  normal  load  reaches 
about  0.5  mN,  settles  to  nearly  constant  values.  The 
fluctuation  in  friction  coefficient  values  is  promoted  by 
point-on  orientation  of  the  tip  or  the  layered  structure 
of  the  films,  or  it  could  be  due  to  nano-scale  fracture 
events. 


4.  Conclusions 

The  results  of  the  systematic  investigation  of  scratch 
performance  of  sputtered  a-C  films  in  this  work  confirm 
the  enhanced  elastic  behavior  of  the  layered  films. 
Layered  films  have  better  adhesion  strength  comparing 
to  those  which  are  rich  in  sp^  content,  so  that  they  can 
sustain  film  cracking  without  debonding.  Direct  and  in 
situ  depth  measurement  can  provide  the  elastic/plastic 
depth  profile  along  the  scratch  track  and  useful  informa¬ 
tion  in  scratch  process  modeling  and  understanding  of 
fundamental  mechanisms  which  could  be  used  to 
increase  the  toughness  and  adhesion  of  hard  a-C  films. 
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Abstract 

Physical  vapour  deposition  (PVD)  Zn  alloy  coatings  are  being  considered  as  possible  alternatives  to  conventional  hot  dip  and 
electrochemically  deposited  coatings  on  steel  substrates.  Variation  of  the  deposition  temperature  leads  to  very  different 
microstructures  being  observed  by  SEM,  primarily  due  to  the  low  melting  point  of  zinc.  In  the  present  study  this  phenomenon 
has  been  investigated  in  more  detail.  Zn  +  5  at.%  Al  coatings  were  deposited  by  magnetron  sputtering  using  a  homogeneously 
alloyed  Zn-Al  target.  As  the  substrate  temperature  is  increased,  the  coating  morphology  changed  from  a  compact  to  an  open 
sponge/woollen-like  microstructure  and  the  coating  thickness  increased  by  up  to  a  factor  of  10.  The  Zn-Al  coatings  displayed  a 
hexagonal  structure  corresponding  to  that  of  Zn.  The  corrosion  properties  were  investigated  by  potential-time  and  salt  bath 
immersion  tests.  Interestingly,  both  the  barrier  and  sacrificial  protection  afforded  by  the  coating  were  independent  of  the 
microstructure.  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

For  many  years  zinc  and  various  zinc  alloy  coatings 
have  been  used  to  improve  the  corrosion  resistance  of 
steel  sheets.  Conventionally,  these  coatings  are  deposited 
by  hot  dip  and  electroplating  processes  (see  e.g. 
Ref.  [1]).  A  possible  alternative  coating  process  is  PVD 
which  includes  the  techniques  of  evaporation,  ion  beam, 
arc  and  sputter  deposition  [2-10],  These  processes  are 
environmentally  friendly  and  have  some  additional 
advantages: 

1.  they  allow  the  deposition  of  any  type  of  Zn  alloy 
without  the  restrictions  inherent  in  electroplating 
processes  due  to  different  electrochemical  potentials 
of  the  alloying  materials; 

2.  there  is  no  danger  of  steel  embrittlement  as  a  conse¬ 
quence  of  hydrogen  evolution  during  the  electro¬ 
chemical  process;  and 
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3.  PVD  coatings  can  be  produced  with  very  compact 
microstructures  which  have  been  assumed  to  further 
increase  the  corrosion  resistance  [2],  and  might  also 
advantageously  influence  steel  sheet  processing  prop¬ 
erties  such  as  formability,  weldability  and 
paintability. 

The  disadvantage  of  PVD  processes  is  the  low  deposition 
rate  compared  to  electrochemical  or  hot  dip  methods. 

This  paper  is  concerned  with  the  extent  to  which  the 
microstructure  of  coatings,  in  particular  their  compact¬ 
ness,  influences  the  corrosion  resistance.  It  is  well  known 
that  the  microstructure  of  PVD  coatings  strongly 
depends  on  the  melting  point  and  on  deposition  parame¬ 
ters  such  as  substrate  temperature  and  ion  bombardment 
during  film  growth  and  the  pressure  of  the  working  gas 
[11].  Coatings  with  a  low  melting  point  such  as  Zn 
(420°C)  assume  an  open  microstructure  if  deposited 
without  substrate  cooling  and  ion  bombardment.  This 
is  essentially  due  to  a  high  surface  mobility  allowing  the 
atoms  to  migrate  immediately  after  deposition  and  to 
look  for  crystallographically  favoured  sites. 

The  influence  of  substrate  bias  voltage  on  the  micro¬ 
structure  and  surface  morphology  has  been  investigated 
by  Li  and  Nowak  [3]  for  Zn-Al  alloy  coatings  of  various 
composition,  by  Musil  et  al.  [4]  for  pure  Zn  coatings, 
and  by  Bowden  and  Matthews  [2]  for  Zn-Ni  coatings. 
Applying  a  negative  substrate  bias  voltage,  compact  and 


0257-8972/00/$  -  see  front  matter  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 
PII:  S0257-8972(99)00550-2 


208 


M.A.  Baker  et  al  /  Surface  and  Coatings  Technology  125  ( 2000)  207-211 


fine-grained  coatings  with  a  superior  barrier  protection 
have  been  obtained  compared  to  electrodeposited,  less 
compact  coatings.  The  relationship  between  microstruc¬ 
ture  and  corrosion  resistance  of  hot-dip  Zn-Al  coatings 
has  been  investigated  by  Ling  et  al.  [12,13]. 

In  the  present  study  Zn  +  5  at.%  Al  coatings  have 
been  deposited  by  magnetron  sputtering.  Zn  alloys  such 
as  Zn~Al  have  a  lower  corrosion  rate  than  pure  Zn  due 
to  the  higher  electrochemical  potential  of  the  alloyed 
materials.  However,  the  sacrificial  protection  deterio¬ 
rates,  which  is  important  if  the  underlying  steel  is 
exposed  locally  as  a  result  of  stone  chipping.  The 
coatings  were  characterised  with  respect  to  their  mor¬ 
phology,  microstructure  and  corrosion  behaviour. 


2.  Experimental 

Film  deposition  was  performed  using  a  commercially 
available  sputtering  machine  (MRC  type  8667  A)  in 
which  a  Zn-Al  target  of  composition  Zn-h5at.%  Al 
(purity  99.99%)  was  mounted.  Before  deposition,  the 
chamber  was  evacuated  to  a  pressure  of  1  x  10“"^  Pa. 
During  the  deposition  process,  a  gas  flow  of  137  seem 
Ar  was  maintained  by  a  mass  flow  controller.  The  total 
pressure  was  kept  at  7x10"^  Pa  during  the  coating 
process.  Mild  steel  and  Si(lll)  wafers  were  used  as 
substrates.  The  steel  substrates  were  degreased  and 
ultrasonically  cleaned  in  soap  solution.  Prior  to  film 
deposition  the  substrates  were  sputter  etched  for  5  min. 
A  sputtering  power  of  600  W  was  used  for  the  Zn-Al 
target  and  an  r.f.  generated  bias  voltage  of  —290  V  was 
applied  to  the  substrate.  The  substrate  holder  was 
rotated  to  obtain  a  homogeneous  coating.  Under  these 
conditions  a  deposition  rate  of  about  10^"^  a  toms/cm  ^  s 
was  recorded.  Samples  were  either  placed  in  contact 
with  the  water  cooled  (8°C)  substrate  holder  using  a 
heat  conduction  paste  or  deliberately  thermally  isolated. 

X-ray  microstructural  analysis  of  the  samples  was 
performed  by  glancing  angle  X-ray  diffraction 


(GAXRD)  using  an  unmonochromated  copper  source 
at  an  incident  angle  of  0.5"*  (or  in  a  conventionally  0- 
20  scan).  The  angular  resolution  was  controlled  by  a 
high  precision  variable  slit  positioned  between  the  source 
and  sample  and  a  Soller  slit  collimator  mounted  between 
the  sample  and  detector.  A  solid  state  detector  was  used 
to  isolate  the  CuKoc  doublet.  The  film  morphology  and 
composition  was  studied  using  a  JEOL  5400  scanning 
electron  microscope. 

Potential-time  plots  were  obtained  by  placing  the 
Zn-Al  coated  specimen  in  a  glass  electrochemical  cell 
and  exposing  an  area  of  1  cm^  to  an  aerated  5%  NaCl 
solution  which  was  continuously  stirred.  The  potential 
of  the  sample  was  measured  with  respect  to  a  standard 
Ag/AgCl  electrode.  The  immersion  test  was  carried  also 
out  in  a  stirred  aerated  5%  NaCl  solution.  In  this  test, 
samples  were  spaced  apart  from  each  other  in  a  flat 
bottomed  glass  vessel.  The  back  side  of  the  samples  was 
painted,  to  avoid  contact  of  the  uncoated  steel  with  the 
solution,  and  on  the  coated  side  a  cross  was  scratched. 
At  regular  intervals  the  samples  were  inspected  for  the 
presence  of  red  rust  in  the  scratches  or  on  the  general 
surface. 


3.  Results  and  discussion 

The  Zn-Al  coatings  were  highly  reflective  if  deposited 
in  good  thermal  contact,  or  opaque  and  of  grey  appear¬ 
ance  if  deposited  in  bad  thermal  contact  with  the  cooled 
substrate  holder.  Fig.  1(a)  and  (b)  show  SEM  fracture 
cross-sections  of  coatings  in  good  (a)  and  in  bad  (b) 
thermal  contact  with  the  substrate  holder  plate.  EDX 
analysis  revealed  a  composition  corresponding  to 
Zn  +  5(±l)at.%  Al.  The  coatings  were  deposited  onto 
Si  substrates  in  adjacent  positions  on  the  substrate  plate. 
The  coating  in  Fig.  1  (a)  displays  a  typical  columnar 
type  structure  (the  droplets  are  due  to  arcing  phenomena 
at  the  target),  whereas  the  coating  in  Fig.  1(b)  has  an 
open  woollen-like  microstructure.  Although  both  coat- 


Fig.  I.  SEM  fracture  cross-sections  of  two  Zn-Al  coatings  of  which  one  (a)  was  kept  in  good  and  the  other  (b)  in  bad  thermal  contact  with 
substrate  holder  (Z%8X). 
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Fig.  2.  Magnified  view  of  a  Zn  +  5at.%  AI  coating  deposited  in  bad 
thermal  contact  with  the  substrate  holder  displaying  a  woollen-like 
microstriicture. 


ings  were  deposited  in  the  same  batch  and  therefore  had 
the  same  quantity  of  Zn-Al  per  unit  area,  their  thickness 
of  3  and  30  pm,  respectively,  differs  by  a  factor  of  10. 
Fig.  2  shows  a  further  magnified  view  of  the  surface  of 
the  coating  of  Fig.  1(b).  The  microstructure  consists  of 
a  network  of  small  dendrites  arranged  at  angles  typical 
for  an  hexagonal  lattice  structure. 

The  difference  in  the  observed  microstructures  is  due 
to  different  film  growth  temperatures  as  a  consequence 
of  the  different  heat  transfer  conditions  for  the  coatings. 
We  could  not  measure  the  actual  surface  temperatures 
of  the  growing  film,  but  we  can  assume  that  the  coating 
in  good  thermal  contact  with  the  cooled  substrate  holder 
plate  was  grown  at  a  temperature  significantly  lower 
than  the  coating  having  bad  thermal  contact. 

The  growth  mode  of  films  is  usually  rationalised  by 
structure-zone  diagrams  (see  e.g.  Refs.  [12,13])  in  which 
the  different  type  of  structures  are  schematically 
illustrated  as  a  function  of  the  normalised  growth  tem¬ 
perature  TJT^,  where  is  the  film  temperature  and 


20  n 


is  the  melting  point  of  the  coated  material.  In 
general,  at  TJT^<^.5,  film  growth  is  determined  by 
low  adatom  mobility  and  atomic  self-shadowing  giving 
rise  to  columnar  structures,  whereas  at  TJT^>^,5 
recrystallisation  during  deposition  plays  the  dominant 
role  and  the  film  begins  to  form  its  'intrinsic’  microstruc¬ 
ture  independent  of  deposition  parameters. 

As  the  melting  point  of  Zn  is  693  K,  at  a  substrate 
temperature  of  281  K  (8°C),  the  parameter 
TJT^^{)A,  which  is  below  the  'critical’  value  of  0.5. 
The  film  deposited  in  good  thermal  contact  with  the 
substrate  holder  plate  exhibits  a  columnar  type  of  micro¬ 
structure  in  agreement  with  that  expected.  However,  for 
the  film  grown  in  bad  thermal  contact  a  considerably 
higher  growth  temperature  must  be  assumed.  During 
deposition,  there  are  several  sources  of  heat  at  the 
surface,  such  as  the  kinetic  energy  of  the  depositing 
atoms,  which  is  between  10  and  50  eV  (for  sputtered 
atoms),  their  heat  of  condensation,  the  plasma  radiation 
and  the  energy  of  back-scattered  neutralised  Ar  atoms. 
If  the  heat  generated  by  these  various  sources  cannot 
be  transferred  to  the  substrate  holder,  a  considerable 
temperature  rise  must  be  expected  and  therefore  a 
TJT^  ratio  >0.5  can  be  assumed.  Consequently,  the 
film  microstructure  is  completely  changed,  as  can  be 
seen  in  Fig.  1(b).  These  different  types  of  microstructure 
also  influence  the  surface  morphology  which  has  been 
investigated  by  Musil  et  al.  [4].  In  agreement  with  Refs. 
[3,4]  it  has  been  found  that  films  with  a  compact 
microstructure  have  a  highly  reflective  and  metallic 
appearance,  whereas  films  with  the  open  microstructure 
are  grey  and  not  reflective. 

Fig.  3  shows  the  XRD  spectra  obtained  from  the 
good  and  bad  thermally  contacted  coatings  together 
with  the  standard  line  spectra  [14]  of  zinc  and  iron.  The 
peak  positions  of  both  coatings  are  only  little  different 
and  agree  quite  well  with  the  positions  of  the  standard 
spectrum  of  Zn.  The  iron  peaks  come  from  the  steel 
substrate.  The  coating  deposited  in  good  thermal  contact 


20  n 


Fig.  3.  XRD  spectra  obtained  from  the  Zn-l-5  at.%  Al  coating  in  (a)  good,  and  (b)  bad  thermal  contact  with  the  substrate  holder  plate,  together 
with  standard  line  spectra  of  zinc  and  iron. 
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Fig.  4.  Potential  vs.  time  plot  of  Zn  +  5at.%  A1  coatings  with  (a)  a 
compact,  columnar  type  and  (b)  an  open  woollen-like  microstructure. 
No  significant  lifetime  differences  can  be  recognized. 


displays  a  slightly  shifted  (002)  peak  towards  larger 
angles,  which  might  be  due  to  compressive  stress  in  the 
direction  of  the  [002]  axis.  This  coating  is  also  character¬ 
ised  by  a  marked  preferred  orientation  in  the  same 
crystallographic  direction. 

Both  coatings  consist  of  the  same  number  of  atoms 
per  unit  area,  and  have  the  same  chemical  and  phase 
composition.  Thus,  the  only  difference  between  the  two 
coatings  is  their  microstructure  and  any  differences  in 
the  corrosion  behaviour  should  therefore  be  attributed 
to  these  different  microstructures. 

Fig.  4  shows  the  results  obtained  from  the  potential¬ 
time  test.  The  lifetime  of  the  coatings  is  nearly  equal  for 
both  types  of  microstructure.  This  is  an  unexpected 
result  since  an  open  structure  is  generally  assumed  to 
be  more  porous  than  a  compact  one.  Indeed,  previous 
workers  have  reported  for  Zn-Ni  that  magnetron  sput¬ 
tered  coatings  have  a  lower  corrosion  rate  than  electro¬ 
plated  coatings  [2].  The  more  compact  microstructure 
of  the  sputtered  coating  was  given  as  the  reason  for  this 
behaviour. 

The  other  important  property  of  Zn-based  coatings 
on  steel  is  the  sacrificial  protection  which  they  offer 
when  the  paint  system  is  damaged,  i.e.  by  stone  chipping. 
The  effectiveness  of  this  sacrificial  behaviour  has  been 
investigated  by  an  immersion  test.  Both  coatings  resisted 
rust  formation  for  approximately  150  h. 

So,  interestingly,  the  corrosion  behaviour  of  the 
Zn  +  5at.%  A1  coating  on  steel  system  appears  to  be 
independent  of  the  microstructure.  This  result  can  be 
rationalised  by  considering  that  it  is  the  total  number 
of  available  Zn  atoms  and  not  microstructure  which  is 
the  most  important  parameter  regarding  sacrificial  pro¬ 
tection  of  the  steel. 


4.  Conclusions 

Zn  +  5  at.%  A1  coatings  were  deposited  by  magnetron 
sputtering,  using  a  homogeneously  alloyed  Zn-Al  target. 


Depending  on  the  substrate  temperature,  two  different 
microstructures  were  observed;  at  lower  temperatures  a 
compact  and  columnar  type,  and  at  higher  temperatures 
an  open  woollen-like  microstructure.  Both  coating  types 
assumed  similar  crystal  structures.  The  results  of  corro¬ 
sion-potential  vs.  time  measurements  and  of  immersion 
tests  did  not  reveal  a  significant  difference  between  the 
corrosion  behaviour  of  the  two  types  of  Zn~Al  coatings. 
The  corrosion  resistance  depends  mainly  on  the  number 
of  deposited  Zn  atoms  per  unit  area  rather  than  the 
microstructure  of  the  coating. 
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Abstract 

Hard  coatings  play  a  continuously  increasing  role  in  the  field  of  tribology  as  well  as  for  decorative  applications.  In  both  areas 
they  are  often  exposed  to  corrosive  environments.  While  especially  hard  coatings  exhibit  a  high  corrosion  resistance  for  themselves, 
hard  coating— substrate  systems  may  suffer  from  a  severe  corrosion  attack  due  to  the  defects  in  the  coating  structure  (pores, 
pinholes)  resulting  from  the  PVD-typical  film  morphology.  In  contrast  to  the  huge  number  of  investigations  on  the  structure, 
properties  and  tribological  performance  of  hard  coatings,  only  limited  studies  exist  on  the  corrosion  behaviour  of  hard  coating- 
substrate  systems  and  attempts  to  improve  their  corrosion  resistance.  This  paper  briefly  describes  the  corrosion  mechanisms  and 
reports  characteristic  examples  of  the  system  behaviour.  Special  emphasis  is  put  on  recent  investigations  in  order  to  improve  the 
corrosion  resistance  by  alloying,  interlayers  and  multilayered  coating  structures.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Corrosion  resistance;  Hard  coatings;  Physical  vapour  deposition  coatings 


1.  Introduction 

The  well  known  coating  of  tools  and  parts  with  hard 
materials  results  in  a  drastic  increase  in  the  lifetime  of 
parts  and  tools  and  also  in  a  strong  reduction  of  the 
friction  coefficient.  Due  to  their  attractive  and  variable 
colours,  they  are  also  frequently  used  for  decorative 
applications  such  as  watch  cases,  eye-glass  frames,  door 
plates  and  sanitary  parts  [1-3].  The  gold-  or  brass-like 
colours  of  TiN  and  ZrN  or  the  grey,  dark  blue  or  black 
colours  of  Tie,  (Ti,Al)N  or  C  films  are  the  basis  of 
modern  design  and  technology.  Hard  coatings,  further¬ 
more,  exhibit  good  biological  compatibility;  the  basis 
for  their  use  as  coatings  for  prostheses  or  medical 
instruments  [4,5].  Many  of  these  applications  are  also 
connected  with  corrosive  attack,  e.g.  by  technical  rea¬ 
gents  or  corrosive  gaseous  or  liquid  environments.  This 
may  reduce  the  lifetime  of  coated  parts  drastically,  even 
if  the  coating  materials  themselves  are  characterised  by 
a  high  corrosion  resistance. 

Vapour  deposited  coatings  most  often  exhibit  pores 
and  pinholes  through  which  a  corrosive  attack  on  the 
(less  noble  in  most  cases)  substrate  material  takes  place. 
In  the  following  examples,  the  effects  of  processes  and 
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process  parameters  will  be  shown,  and  also  the  possi¬ 
bility  of  improving  corrosion  resistance. 


2.  Corrosion  and  corrosion  tests 

Corrosion  is  defined  as  “attack  on  a  material  by  its 
reaction  with  the  environment  and  the  resulting  deterio¬ 
ration  of  the  materials  properties”  [6,7].  Most  often,  it 
is  related  to  an  electrochemical  reaction  with  a  liquid  or 
gaseous  medium. 

Concerning  corrosion,  generally  a  distinction  has  to 
be  made  between  a  homogeneous  attack  of  the  complete 
surface  area  and  a  local  corrosion  attack.  This  means, 
for  coating-substrate  systems,  that  either  the  total  area 
of  the  coating  is  attacked  (as  in  the  case  of  so  called 
sacrificial  coatings)  or  the  substrate  is  locally  corroded 
at  damaged  areas,  depending  on  the  nobility  ratio  of 
coating  and  substrate  material.  As  already  mentioned, 
hard  coatings  mostly  form  the  more  noble  component, 
and  the  substrate  material  or  another  less  noble 
interlayer  will  face  the  corrosive  attack,  i.e.  galvanic 
corrosion.  The  following  reactions  take  place  in  an 
electrolyte  (e.g.  H2O  +  NaCl):  water  and  Cl "  ions  penet¬ 
rate  through  pores  and  the  iron  of  the  steel-based 
material  is  dissolved;  Fe^^  ions  diffuse  towards  the 
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Fig.  1 .  Porosity  of  PVD  and  PACVD-TiN  coatings  given  as  the  number 
of  defects  (after  Ref.  [9]). 

coating  surface  forming  rust  by  the  reaction  with  OH" 
ions;  voids  are  formed  underneath  the  coating  [8].  This 
corrosion  type  is  also  observed  with  brass  or  zinc 
substrate  materials. 

The  pores  and  pinholes  known  from  the  structure 
zone  models  exhibit  a  remarkable  density.  A  strong 
increase  of  pore  density  with  decreasing  film  thickness 
is  observed.  A  similar,  but  lower,  defect  density  has  also 
been  found  in  PACVD  coatings.  Fig.  1  illustrates  this 
marked  increase  in  defect  density  with  decreasing  film 
thickness  [9].  The  pinhole  area  for  0.1  pm  magnetron- 
sputtered  TiN  was  calculated  to  3%  [10]. 

The  corrosion  behaviour  was  studied  on  the  one  hand 
by  application-oriented  so  called  short-time  tests  repre¬ 
senting  the  exposure  to  a  specific  gaseous  climate  or  a 
liquid  (salt  spray  test,  Kesternich  test,  immersion  tests, 
etc.)  with  subsequent  qualitative  or  semi-quantitative 
evaluation  of  the  corrosion  damage  [11].  On  the  other 
hand,  electrochemical  tests  in  corrosive  media  yield 
specific  data  on  the  behaviour  of  the  system  [12].  The 
advantage  of  the  latter  methods  is  that  only  the  kinetics 
is  changed  and  not  the  mechanism  itself.  In  the 
following,  the  corrosion  behaviour  of  the  coating- 
substrate  systems  shall  be  especially  characterised  by 
current  density-potential  measurements.  Earlier  litera¬ 
ture  on  hard  coating-substrate  systems  is  summarised 
in  Ref.  [13]. 

3.  Corrosion  studies  with  hard-coated  parts 

The  above  mentioned  relations  are  well  reflected  by 
the  corrosion  potentials  ^corr  and  corrosion  current 
densities  /porr  for  some  TiN  and  ZrN  coatings  on  steel 
and  glass  substrates  reported  in  Ref.  [14].  All  samples 
with  hard  coatings  on  glass  show  positive  ^corr  values, 
those  of  ZrN  being  lower  than  those  of  TiN.  The  nitride 
coatings  on  steel  substrates  show  almost  the  same  (nega¬ 
tive)  values  given  by  the  steel  substrate.  The  corrosion 


current  is  strongly  increased  too,  when  compared  with 
coating-glass  systems.  This  reflects  the  high  contribution 
of  the  substrate  corrosion  to  the  total  corrosion  process. 

The  effect  of  the  coating  thickness  is,  as  an  example, 
illustrated  for  PACVD-TiN  coatings  in  Fig.  2  [15].  Only 
thicknesses  higher  than  about  14  pm  guarantee  a  satisfy¬ 
ing  corrosion  resistance.  The  I-U  curves  for  coatings 
<  5  pm  thick  give  only  a  partial  corrosion  resistance. 
Such  lower  thicknesses,  however,  are  in  the  range  of 
practical  applications,  especially  decorative  coatings 
which  are  most  often  about  1  pm.  The  strong  increase 
of  the  pinhole  defect  density  was  recently  proved  for 
very  thin  magnetron-sputtered  TiN  coatings  on  SUS304 
steel.  A  strongly  increasing  current  density  was  observed 
correspondingly  [10].  The  total  character  of  the  1-U 
curves,  of  course,  depends  strongly  on  the  substrate 
material,  as  this  is  in  contact  with  the  corrosive  medium 
through  the  coating  defects. 

The  effect  of  the  PVD  process  and  its  actual  parame¬ 
ters  can  easily  be  described  by  the  influence  of  these 
parameter  values  and  the  process  characteristics.  All 
means  which  lead  to  the  deposition  of  denser  coating 
structures  improve  the  corrosion  resistance  of  the 
system.  Especially,  the  substrate  temperature  affects  the 
coating  morphology  in  accordance  with  the  structure 
zone  models  of  Movchan  and  Demchisin  [16],  Thornton 
[17]  and  Messier  [18].  The  I-U  curves  of  ion-plated 
TiN  (hollow  cathode  arc  discharge  evaporation)  on  ball 
bearing  steel  shows  a  strong  decrease  in  the  current 
density  with  increasing  substrate  temperature  (Fig.  3) 
[19].  Similarly,  an  ion  plating  process  results  in  a  denser 
structure  of  PVD  coatings  when  compared  with  vacuum 
evaporation  [20].  Such  an  improvement  with  respect  to 
the  corrosion  current  density  by  applying  PVD  processes 
which  are  characterised  by  a  higher  percentage  of  ions 
is  also  demonstrated  by  BN  coatings  on  A1  substrates 
when  deposited  by  ion  beam  assisted  deposition  (IB AD) 
and  sputtering  respectively  [21].  Another  factor  influ¬ 
encing  the  corrosion  behaviour  of  coating  substrate 
systems  is  the  plasma  power  density,  an  increase  of 


Fig.  2.  Effect  of  coating  thickness  on  1-U  curves  for  PACVD-TiN  in 
HCl  (after  Ref.  [15]). 
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Fig.  3.  Effect  of  substrate  temperature  on  1-U curves  of  ion-plated  TiN 
in  IN  H2SO4  (after  [19]). 

which  reduces  /^orr  the  corrosion  current  den¬ 
sity  [22].  Obviously  this  is  caused  by  a  change  in  the 
chemical  composition  of  the  coatings. 

The  surface  roughness  of  the  part  to  be  coated  also 
significantly  influences  the  corrosion  behaviour  of  the 
system.  A  higher  substrate  surface  roughness  results  in 
a  less  complete  coverage  of  the  substrate  with  the  coating 
material  because  of  shadowing  effects  during  PVD  film 
growth.  This  is  illustrated  in  Fig.  4  for  TiN  on  alumin¬ 
ium  [23].  A  reduced  number  of  coating  defects  with 
decreasing  surface  roughness  was  also  observed  for  CrN 
on  steel  [24]. 

A  large  number  of  investigations  have  discussed  the 
effect  of  alloying  additives  in  binary  (nitride)  coatings. 
This  effect  can  base  on  a  'chemicar  interaction  increasing 
the  corrosion  potential  of  the  coating  material.  There 
is,  however,  also  a  ‘physical’  effect,  i.e.  denser  and  more 
fine  grained  coatings  are  formed.  As  examples,  the 
following  studies  shall  be  cited:  (Ti,Pd)N  [25],  (Ti,Si)N 


Fig.  4.  I-V  curves  of  TiN  on  A1  substrates  of  different  roughness:  (a) 
incomplete  and  (b)  complete  coverage  (after  Ref.  [23]). 


[26],  (Ti,Cr)N  [27-30]  and  (Ti,Y)N  [31].  In  the  case 
of  (Ti,Al)N  the  Al-rich  coatings,  however,  show  a 
slightly  increased  porosity  and,  hence,  poorer  corrosion 
behaviour  [32].  This  was  recently  proved  by  Jiang  et  al. 
[33]  with  magnetron-sputtered  TiN  and  (Ti,Al)N  coat¬ 
ings.  The  addition  of  non-metallic  elements  also  influ¬ 
ences  the  corrosion  behaviour,  most  probably  because 
of  their  influence  on  the  coating  morphology. 

4.  Improvement  of  the  corrosion  behaviour  by  interlayers 
and  multilayers 

As  illustrated  above,  the  corrosion  attack  on  hard- 
coated  parts  can  be  reduced  by  a  denser  coating  structure 
resulting  from  well  known  and  well  defined  variations 
of  the  vapour  deposition  process  and  its  parameters. 
Another  possibility  for  the  improvement  of  corrosion 
resistance  is  the  deposition  of  interlayers  and/or  multi¬ 
layered  coatings.  Such  interlayers  may  be  deposited  by 
physical  or  electrochemical  processes  (PVD,  BCD). 
Some  examples  will  be  given  in  the  following  sections. 

4.1 ,  P  VD  in  ter  layers 

The  deposition  of  PVD  interlayers  of  metals  more 
noble  than  the  substrate  material  can  reduce  the  corro¬ 
sion  attack.  Such  solutions  are  well  known  from  electro¬ 
plated  multilayer  systems.  Additionally,  the  number  of 
pores  and  pinholes  can  be  reduced,  when  new  structures 
of  the  hard  coatings  are  formed  on  the  top  of  the 
interlayer.  Marked  improvements  are,  for  example, 
found  for  4  pm  thick  Ti/TiN-PVD  coatings  when  com¬ 
pared  with  3  pm  PVD-TiN  [34].  Similar  results  are 
reported  for  Ti/TiN  on  iron  substrates  [35,36].  The 
benefit  of  the  Ti  layer  is  additionally  attributed  to  its 
passivation.  Other  promising  PVD-interlayers  are 
PVD-Ni  or  PVD-Cr  [37].  Very  recently,  Cr,  CrN  or 
Cr/CrN  have  been  used  as  barrier  layers  against  dezinci- 
fication  of  Cu  alloys  during  the  corrosion  reaction  [38]. 

A  marked  improvement  also  results  from  an  interme¬ 
diate  plasma  etching  of  the  PVD-TiN  hard  coating. 
Such  a  process  additionally  supports  the  new  formation 
of  nucleation  sites,  reducing  the  through-pores  in  the 
Ti/TiN  layer  system.  Fig.  5  illustrates  this  effect  showing 
the  I"U  curves  of  sputtered  TiN  coatings  with  a  Ti 
interlayer  with  and  without  intermediate  sputter  etching, 
together  with  the  brass  substrate  and  TiN  on  glass  [39]. 

4.2.  PVD  multilayers 

The  above  mentioned  reduction  of  the  corrosion 
attack  by  an  interlayer  can  even  be  improved  by  a 
multilayered  coating,  e.g.  a  modulation  by  a  ‘pulsed’ 
N2  flow  during  the  triode  sputtering  process  yields  layers 
richer  and  poorer  in  their  nitrogen  content.  Especially 
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Fig.  5.  Efifect  of  intermediate  plasma  etching  after  Ti  interlayer  depos¬ 
ition  determined  by  I-U  curves  in  0.8  M  NaCl  solution  [39]. 


successful  seemed  e.g.  to  be  layer  sequences  of  c-Ti2N 
and  TiN  on  C45  steel.  Zr/ZrN  multilayers,  however,  did 
not  show  an  improvement  when  compared  with  a  ZrN 
coating  [40].  Other  studies  with  Ti/TiN,  Zr/ZrN, 
Hf/HfN  and  Nb/NbN  multilayered  coatings  deposited 
by  magnetron  sputtering  and  electron  beam  evaporation 
show  marked  improvements  [41].  More  recently,  the 
following  systems  have  been  studied  to  some  extent: 
Ti/TiN  [42-44],  Cr/CrN  [37,42,43]  and  TiN/C  [45]. 
The  number  of  multilayer  sequencies  varies  from  three 
to  several  hundred  for  total  coating  thicknesses  of  few 
microns. 

Current  investigations  were  focused  on  reactive  and 
non-reactive  sputter-deposited  multilayered  Cr/CrN 
coating  systems  on  high  speed  steel  (HSS)  substrates. 
On  top  of  a  200  mm  Cr  interlayer  for  improving  adhe¬ 
sion,  CrN  or  CrN/Cr/CrN/...  layers  were  deposited 
with  a  total  thickness  of  about  2.8  pm.  The  coatings 
were  deposited  with  and  without  intermediate  plasma 
etching  with  Ar^  ions  (10  min,  1000  V).  The  coating- 
substrate  systems  were  tested  in  0.8  M  NaCl  solution 
(pH  =  7)  potentiodynamically.  The  following  behaviour 
can  be  deduced  from  the  current-potential  density 
curves  (Figs.  6-8).  The  hard  coating  reduces  the  current 
density  markedly  by  several  orders  of  magnitude.  Four 
intermediate  etching  steps  result  in  a  further  decrease  of 
the  current  density,  but  a  higher  number  of  intermediate 
etching  steps  (up  to  16)  yield  no  further  change.  For 
CrN/Cr/CrN/...  multilayers,  slightly  lower  values  of 
hoTT  found,  but  practically  no  influence  could  be 
noticed  for  different  thicknesses  of  the  individual  layers 


log  (I/Area)  [log(A/cm^)] 

Fig.  6.  Effect  of  intermediate  plasma  etching  on  I-U  curves  in  0.8  M 
NaCl  (pH  =  7)  for  CrN  coatings  on  HSS. 


log(l/Area)  llog(A/cm')] 

Fig.  7.  Effect  of  multiple  layer  deposition  of  CrN/Cr/CrN/...  with 
intermediate  plasma  etching  on  I-U  curves  in  0.8  M  NaCl  (pH  =  7). 


and,  hence,  different  numbers  of  etchings  steps. 
Practically  identical  results  were  found  for  multilayers 
without  intermediate  etching.  This  means  that  the  ‘physi¬ 
cal’  effect  of  intermediate  etching  gives  the  same  trend 
for  the  corrosion  behaviour  as  the  ‘chemical’  effect  of 
multilayered  structures  [46].  Some  further  work  has  to 
be  done  to  explain  this,  especially  with  respect  to  the 
changes  in  structure  and  morphology  by  the  etching 
procedures. 

4.3.  ECD  interlayers  and  substrate  pretreatment 

Two  other  factors  improving  or  influencing  the  corro¬ 
sion  resistance  of  a  coating-substrate  system  shall  be 
discussed  briefly  to  complete  this  review,  i.e.  the  ECD 
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Fig,  8.  Effect  of  multiple  layer  deposition  of  CrN/Cr/CrN/. . .  without 
intermediate  plasma  on  1-U  curves  in  0.8  M  NaCl  (pH  =  7), 

of  interlayers  and  the  substrate  pre-treatment  by 
nitriding. 

Especially  in  the  field  of  decorative  hard  coatings, 
ECD  interlayers  represent  the  state  of  the  art.  The 
substrate  materials  coated  with  ECD-Ni  or  ECD-Ni- 
Pd  interlayers  are  brass,  German  silver,  zinc  die  cast,  as 
well  as  steel  [47-50].  These  ECD  coatings  show  a  lower 
porosity  compared  with  PVD  coatings.  In  most  cases, 
however,  they  are  thicker  (5-20  pm)  than  the  usual 
decorative  PVD  hard  coatings  (<  1  pm).  A  certain  disad¬ 
vantage  is  the  need  for  two  different  deposition  processes 
(‘wet’  electroplating  and  ‘dry’  PVD). 

Substrate  prereatment  by  plasma  nitriding  is  increas¬ 
ingly  used  to  improve  the  load  bearing  properties  of  the 
steel  substrate  material  when  coated  afterwards  (duplex 
coatings).  Combining  both  processes  yields  an  improved 
corrosion  resistance  [51].  A  positive  effect  of  duplex 
coating  was  also  found  for  PVD-deposited  TiN,  CrN 
and  (Ti,Al)N  coatings  on  prenitrided  EN40B  steel  in 
3.5%  NaCl  solution  [52]. 


5.  Conclusions 

The  corrosion  behaviour  of  a  material,  or  a  compos¬ 
ite,  is  generally  a  system  effect  based  on  the  properties 
of  the  part  and  the  medium  interacting  with  its  surface. 
Hard  coating-substrate  systems  are  normally  character¬ 
ised  by  the  following: 

•  hard  coating  materials  are  normally  relatively  noble; 

•  in  most  cases  the  hard  coatings  are  relatively  thin 
and  show  pores  and  pinholes;  and 

•  the  corrosive  medium  can  penetrate  through  the 
defects  reacting  with  the  substrate  material  causing 
galvanic  corrosion. 


All  corrosion  studies  are  difficult  to  compare  because 
of  the  different  test  conditions.  This  holds  especially  for 
the  solutions  in  electrochemical  tests. 

An  improvement  of  the  corrosion  resistance  of  hard- 
coated  parts  can  be  obtained  by  the  following  measures: 

•  increased  hard  coating  thickness; 

•  lower  substrate  roughness; 

•  denser  coating  morphology  by  suitable  processes  and 
process  parameters  including  intermediate  ion 
etching; 

•  ‘alloying’  of  the  hard  coatings; 

•  PVD  interlayer(s)  including  intermediate  ion  etching; 

•  PVD  multilayers; 

•  ECD  interlayer  (s); 

•  duplex  coatings. 

Current  research  is  especially  focused  on  multilayer 
and  structure  modification  effects. 
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Abstract 

In  the  present  work,  various  Zn-Cr  alloy  coatings  were  deposited  on  automobilistic  steels  by  a  vacuum  process,  in  which  Zn 
and  Cr  are  evaporated  from  resistance  heated  sources.  After  ion  etching,  different  Zn:Cr  evaporation  rates  were  applied  to  produce 
several  compositions  in  the  films  until  a  final  coating  thickness  of  4  pm  was  obtained.  The  coatings  were  characterized  with  respect 
to  morphology  (SEM),  structure  (XRD)  and  hardness  (by  nanoindentation).  The  structure  changed  from  the  hexagonal  Zn-Cr 
solid  solution  to  a  cubic  (bcc)  phase  as  the  amount  of  Cr  in  the  coating  increased.  Nanoindentation  tests  showed  that  the  presence 
of  Cr  can  significantly  change  coating  hardness:  this  effect  can  be  correlated  with  compositional  and  microstructural  changes.  To 
optimise  the  adhesion,  the  necessity  of  a  multistage  pre-treatment  of  the  steel  substrates  was  recognized.  Further  to  Ar"^  sputter 
cleaning  of  the  substrates,  the  deposition  of  a  thin  Cr  interlayer  is  necessary.  It  was  observed  that,  without  suitable  pre-treatments, 
the  coatings  are  poorly  adherent. 

Salt  spray  corrosion  tests  revealed  that  even  small  Cr  additions  are  able  to  significantly  improve  the  corrosion  resistance  of  Zn 
coatings.  The  time  for  red  rust  to  appear  is  very  long  (at  least  four  times)  when  compared  to  pure  Zn  vapour  deposited,  or  steel 
sheet  electroplated  with  Zn  (reference  specimens).  The  generation  of  protective  corrosion  products  which  can  suppress  cathodic 
reaction  is  considered  an  important  factor  for  that  improvement.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Corrosion  resistance;  Mechanical  resistance;  Physical  vapor  deposition;  Zinc  alloy  coatings 


1.  Introduction 

Good  adhesion  is  of  prime  importance  in  dictating 
the  lifetime  of  a  protective  coating  and  a  number  of 
techniques  have  been  developed  to  improve  the  adhesion 
coating/substrate  based  on  such  a  requirement. 
Adhesion  is  clearly  affected  by  the  mechanical  and 
chemical  properties  of  the  interfacial  region.  In  order  to 
improve  the  adhesion  between  coating  and  substrate,  a 
number  of  techniques  [1]  have  been  developed  which 
can  be  divided  into  three  categories:  (i)  pre-treatments  — 
cleaning  and  degreasing  prior  to  loading;  (ii)  in  situ 
treatments  —  such  as  heating,  plasma  or  sputter  clean¬ 
ing;  and  (iii)  bonding  layers  —  to  form  strong  interfacial 
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phases,  minimise  interfacial  stresses  and  getter 
contaminants. 

In  neutral  or  close-to-neutral  environments,  corrosion 
products  provide  some  degree  of  barrier  protection 
against  corrosion,  giving  Zn-coated  steel  better  corro¬ 
sion  resistance  compared  to  bare  plate.  Also,  as  the  Zn 
has  a  lower  corrosion  potential  than  the  steel  plate,  it 
also  provides  sacrificial  cathodic  corrosion  protection 
and  this  is  why  Zn-plated  steel  sheet  is  so  widely  used. 
Recent  developments  to  increase  the  corrosion  behavi¬ 
our  include  the  use  of  Zn-alloys  using  Ni  [2],  Co  [3], 
Al,  Cr,  Mg  and  Ti  [4].  From  among  these  developments, 
it  has  been  reported  that  Zn-alloy  coatings  with  a  low 
concentration  of  a  highly  reactive  alloying  element  are 
able  to  provide  big  improvements  in  corrosion  resistance 
[5].  In  our  present  project,  several  physical  vapor  depos¬ 
ited  (PVD)  Zn-alloy  coatings  (identified  as  possible 
alternatives  to  conventional  Zn)  are  currently  being 
deposited  on  different  kinds  of  steel  sheets  using  various 
processes.  Among  these  are  thermal,  arc-  and  ion-beam- 
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assisted  evaporation.  Such  coating  processes  are  carried 
out  using  different  ion-cleaning  pre-treatments.  This 
paper  describes  the  layer-by-layer  construction  of  highly 
performant  Zn-Cr  coatings,  as  developed  by  using  ion 
beam  treatment  and  vapour  co-deposition. 


2.  Experimental 

Deposition  of  Zn-Cr  alloys  was  accomplished  by 
simultaneous  evaporation  of  Zn  and  Cr.  The  alloy 
coatings  were  deposited  on  coupons  of  deep-drawing 
quality  (DDQ)  steel  with  the  dimensions  100  x  100  x 
1  mm.  A  two  crucible  thermal  evaporator  and  a  low 
energy  ion  gun  for  carrying  out  ion  beam  bombardment 
were  available  inside  an  IB  AD  apparatus  [6].  Once  a 
vacuum  level  of  better  than  lO"'*  Pa  was  obtained  inside 
the  chamber,  Ar"^  ions  from  a  duoplasmatron-type 
source  were  used  to  sputter  clean  the  surface.  The  best 
dose  to  clean  the  steel  is  of  the  order  of 
3x10'®  ions/cm^,  suitable  to  erode  about  20  nm  of  the 
(oxide  +  carbon)  contaminated  surface  layer.  The  ion 
current  density  and  energy  of  the  Ar  beam  was 
10  mA/cm^  and  5  keV  respectively,  with  a  bombardment 
angle  of  30°  (relative  to  the  etched  surface).  The  amount 
of  retained  Ar  was  negligible.  The  aim  of  ion  cleaning 
is  to  improve  adhesion;  therefore,  Ar"'  bombardment 
was  only  applied  at  the  beginning  of  the  process.  Further 
ion  bombardment  to  achieve  a  dense  coating  was  not 
carried  out  since  the  presence  of  pores  in  the  coating 
does  not  greatly  affect  the  corrosion  resistance  of  Zn 
coatings  [7], 

As  for  the  coating,  the  Zn  was  evaporated  by  heating 
a  closed  boat  crucible  with  a  small  hole  in  the  top,  at  a 
rate  of  lOnm/s.  Cr  was  evaporated  by  heating  a 
Cr-coated  W  filament  at  varying  rates  from  0.1  to 
l.Onm/s.  The  first  step  consisted  of  ion  etching  and 
deposition  of  a  20  nm  thin  Cr  layer.  Then  co-evaporation 
started  until  a  theoretical  thickness  of  about  4  pm  was 
achieved,  as  measured  by  a  crystal  quartz  monitor. 
Relative  to  the  total  coating  layer,  the  Cr  concentration 
in  the  different  samples  was  varied  between  1  and 
15at.%. 

Morphology  and  fractography  studies  of  the 
as-deposited  coatings  were  performed  by  scanning 
electron  microscopy  (SEM).  The  elemental  composition 
was  determined  by  means  of  secondary  neutrals  mass 
spectrometry  (SNMS),  and  the  structure  was  analysed 
by  conventional  and  glancing  incidence  X-ray  diffraction 
(radiation  source  CuKa).  Friction  tests  were  performed 
by  scratch  testing  with  an  HS  steel  stylus  of  200  pm 
diameter.  Nanoindentations  were  carried  out  with  a 
nanoindenter  with  a  load  range  of  0.02-10  mN,  used  in 
constant  displacement  rate  mode  until  a  total  depth  of 
250  nm  was  reached.  Nanohardness  and  Young’s  modu¬ 
lus  measurements  were  taken  from  loading  and  unload¬ 
ing  curves  by  using  a  procedure  reported  previously  [8]. 


The  corrosion  characteristics  of  the  materials  were 
investigated  by  using  a  salt  spray  test,  with  a  3.5%  NaCl 
solution.  Electrolytically  deposited  Zn-plated  steel  sheet 
was  employed  as  the  reference  standard.  The  corrosion 
tested  surfaces  were  further  subjected  to  XRD  analysis 
as  well  to  SEM  and  EDX  cross-sectional  analysis. 


3.  Results  and  discussion 

3. 1.  Microstructure  and  adherence 

A  general  observation  is  that  the  coating  morphology 
of  evaporated  Zn  is  strongly  dependent  on  the  substrate 
temperature,  which  can  rise  with  deposition  time. 
Experimental  thicknesses  obtained  were  in  the  range  2- 
8  pm.  Typical  grain  size  of  the  Zn  crystallites  was  1- 
2  pm.  The  growth  was  columnar  at  low  deposition 
temperatures,  in  agreement  with  the  well  known 
Thornton  diagram  [9].  By  SEM  analysis  of  fractured 
coatings,  it  was  established  that  the  optimum  growing 
temperature  of  PVD-Zn  layers,  with  regard  to  adequate 
compacity  of  the  microstructure,  should  be  in  the  range 
373-423  K  in  which  the  coatings  have  a  more  compact 
structure  —  films  grown  at  lower  temperatures  are  more 
porous.  When  temperature  exceeds  423  K,  Zn  tends  to 
form  whiskers  and  other  ‘open’  structures. 

The  pure  Zn  layers  can  be  poorly  adherent,  which  is 
generally  due  to  insufficient  substrate  cleaning. 
Therefore,  the  need  exists  for  adequate  ‘in  situ’  sputter 
etching.  In  order  to  solve  the  adhesion  problem,  a 
straightforward  method  has  been  devised  which  consists 
of  ion  etching  and  subsequent  deposition  of  a  thin  Cr 
interlayer.  The  thickness  and  purity  of  the  interlayer  are 
critical  and  should  match  the  native  oxide  parameters: 
the  best  value  is  about  20  nm  Cr  deposited  in  high 
vacuum  conditions.  For  the  optimized  condition,  adhe¬ 
sion  was  found  to  be  generally  in  excess  of  15-20  MPa, 
i.e.  the  limit  of  the  pull-off  testing  method. 

The  interposition  of  a  thin  Cr  film  solves  the  problem 
of  adhesion  to  the  substrate,  but  the  higher  temperature 
resulting  from  the  Cr  evaporation  source  could  lead  to 
an  excessive  growth  of  grains  of  the  subsequently  depos¬ 
ited  Zn,  as  can  be  seen  in  Fig.  1(a).  However,  once  a 
Cr  interlayer  has  been  deposited,  it  is  possible  to  extend 
the  above  Zn  deposition  process  by  co-evaporating  a 
small  quantity  of  Cr  —  in  this  way,  a  Zn-Cr  alloy  layer 
is  obtained.  The  resulting  coating  microstructure  is 
shown  in  Fig.  1(b).  Evidently,  the  main  effect  of 
Cr-alloying  is  to  refine  the  film  microstructure  and  to 
increase  its  compacity. 

3.2.  XRD  results 

Fig.  2  shows  the  evolution  of  the  Zn-Cr  coating 
structure.  The  different  X-ray  patterns  are  shown 
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(b)  1  |iin  _ 

Fig.  1.  SEM  fractographs  of:  (a)  evaporated  Zn  coating  (with  interposi¬ 
tion  of  a  thin  Cr  layer);  (b)  evaporated  Cr/Zn-Cr  alloy  coating. 


according  to  the  different  Cr  contents  and  morphologies. 
The  top  pattern  Fig.  2(a)  represents  the  XRD  pattern 
of  a  pure  Zn  coating,  where  all  the  peaks  identify  the 
hep  structure  of  Zn.  PVD-Zn  is  textured  with  a  [002] 
preferential  orientation  and  a  characteristic  microstruc¬ 
ture  giving  place  to  an  opaque  aspect.  On  the  contrary, 
all  Zn-Cr  alloy  coatings  have  a  different  [100]  texture, 
or  no  texture  at  all,  and  have  a  glossy  aspect.  Fig.  2(b) 
corresponds  to  a  Zn-2  at.%  Cr  coating,  while  Fig.  2(c) 
pertains  to  a  Zn-5%Cr  composition.  Finally,  in  Fig.  2(d) 
corresponding  to  a  Zn-15%  Cr  coating,  a  rather  different 
XRD  pattern  can  be  seen,  similar  to  the  pattern  of 
electrodeposited  Zn-Ni  or  Zn-Cr  layers  [10].  The  exper¬ 
imental  reflections  have  been  fitted  to  a  phase  with  bcc 
structure,  where  the  peaks  are  shifted  to  lower  angles 
with  respect  to  Cr  implying  a  lattice  constant  of  a  = 
0.292  nm,  whereas  the  pure  Cr  has  a  lattice  parameter 
of  0.284  nm. 

Starting  from  the  hexagonal  Zn  lattice,  by  increasing 
the  Cr  contents  the  peaks  become  multiple  and  are 
progressively  shifted  in  both  directions,  meaning  that  the 
lattice  assumes  a  higher  compactness.  The  lattice  gets 
compressed  in  the  c-direction  (perpendicular  to  the  sur¬ 
face)  and  expands  in  the  a-direction.  The  behaviour  of 
the  a/c  fraction  as  a  function  of  %Cr,  is  depicted  in  Fig.  3. 

The  changes  in  coating  structure  and  morphology 
can  explain  significant  changes  in  the  mechanical  proper¬ 
ties  of  the  coatings,  such  as  hardness  or  elastic  recovery, 
which  are  further  reflected  in  their  tribological  and 
corrosion  behaviour. 

3.3.  Nanoindentation  results 

The  hardness  of  pure  Zn  coatings  lies  in  the  range 
0. 3-0.5  GPa.  A  significant  change  can  be  observed  in 
the  mechanical  properties  of  the  Zn-Cr  coatings  such 


—  Pure  Zn 

—  Zn-2%Cr 

—  Zn-5%Cr 

—  Zn  -  15%Cr 


Fig.  2.  XRD  patterns  of  PVD  coatings:  (a)  pure  Zn;  (b)  Zn-2%Cr  coating;  (c)  Zn-5%Cr  coating;  (d)  Zn-15%Cr  coating. 
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Fig.  3.  Lattice  parameters  of  Zn-Cr  alloy  coatings,  as  a  function  of 
Cr  content. 


as  hardness  or  elastic  recovery  (see  Table  1).  Firstly, 
Cr-alloying  is  able  to  increase  hardness  {H)  as  well  as 
stiffness  {E)  of  the  coatings,  with  up  to  five-fold  improve¬ 
ment  for  the  Zn-15%Cr  alloy  coating  compared  to  the 
pure  Zn.  This  fact  could  enhance  abrasive  wear  (powder¬ 
ing)  resistance. 

Secondly,  optimised  alloy  coatings  exhibit  a  lower 
EjH  ratio,  which  means  limiting  plastic  deformation 
and  promoting  elastic  deformation,  thus  also  conferring 
high  adhesive  wear  resistance  to  the  surface.  This  fact 
is  reflected  in  a  lower  value  of  friction  coefficient,  as 
experimentally  observed  (Table  1). 

Among  the  various  Zn  and  Zn-Cr  coatings,  it  is 
possible  to  distinguish  between  glossy  and  opaque  coat¬ 
ings.  It  is  difficult  to  quantify  the  microroughness  of  the 
coatings,  because  the  steel  substrate  itself  has  a  rough¬ 
ness  of  about  1.0  pm.  As  a  general  rule,  glossy  coatings 
are  harder  than  their  dark  counterparts. 

In  any  case,  note  that  it  is  important  to  get  optimized 
protective  coatings  which,  while  offering  a  reduced  fric¬ 
tion  coefficient,  should  not  be  too  hard  with  regard  to 
conventional  Zn  in  order  to  safeguard  the  integrity  of 
the  forming  tools  employed  during  the  steel  sheet  manu¬ 
facturing.  To  that  regard,  Zn-Cr  alloy  coatings  of  low 
Cr  content  are  a  good  compromise,  being  tougher  than 
pure  Zn  or  high  Cr  content  coatings. 


(b) 

Fig.  4.  SEM  micrographs  of  salt  spray  tested  specimens:  (a)  Zn  coating; 
(b)  Zn-Cr  alloy  coating. 


Table  1 

Structural  and  mechanical  properties  of  PVD-Zn  and  Zn-alloy  coatings 


Coating 

Structure  and  texture 

Aspect 

H  (Gpa) 

E  (Gpa) 

EIH 

Friction  coefficient  (against  HSS  steel) 

PVD-Zn 

Hexagonal  [002] 

Opaque 

0.45 

75 

166 

0.43 

Zn-2%Cr 

Hexagonal  [100] 

Glossy 

0.81 

95 

117 

0.30 

Zn-5%Cr 

Hexagonal  no 

Opaque 

0.15 

50 

333 

0.27 

Zn-15%Cr 

bcc  cubic  [110] 

Glossy 

1.86 

Al 

25 

0.37 
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3.4,  Corrosion  results 

An  outstanding  corrosion  resistance  was  observed  for 
the  Zn-Cr  coatings  in  salt  spray  (SST)  tests,  ranging  in 
the  first  place  as  compared  to  other  Zn-alloy  coatings 
forming  part  of  the  same  study  [11].  The  corrosion  rate, 
in  terms  of  time-for-red-rust  normalized  to  the  thickness 
of  the  various  coatings,  decreased  by  a  factor  of  between 
four  and  ten  for  all  Zn-Cr  coatings,  whereas  the  pure 
Zn  coatings  were  slightly  inferior  to  the  reference  stan¬ 
dard  coating  (electrodeposited  Zn). 

After  200  h  of  SST,  diffraction  analysis  of  the  cor¬ 
roded  samples  showed  the  presence  of  basic  zinc  chlo¬ 
ride,  ZnCl2-4Zn(OH)2,  and  in  some  cases  of  basic  zinc 
carbonates,  Zn4C03(0H)6  and  Zn5(C03)2(0H)5.  This 
observation  was  confirmed  by  SEM  observation  of  the 
corroded  Zn-Cr  samples.  The  same  corrosion  products 
were  found  (with  a  different  ratio)  on  other  Zn-alloy 
coatings,  e.g.  Zn-Al,  but  not  so  on  pure  Zn  coatings  — 
see  Fig.  4(a)  and  (b).  Also  the  presence  of  zinc  carbon¬ 
ates  is  clearly  correlated  with  the  subsistence  of  diffrac¬ 
tion  peaks  corresponding  to  uncorroded  coating  and 
steel  substrate.  From  these  results,  we  conclude  that 
higher  corrosion  resistance  is  afforded  when  the  corro¬ 
sion  products  are  comprised  of  a  mix  of  products  as 
compared  to  the  reference  sample.  We  also  believe  that 
the  relative  amount  of  carbonates,  and  the  enhanced 
barrier  protection  which  they  are  able  to  afford,  could 
explain  the  large  scatter  of  time-to-red-rust  values  which 
can  be  found  in  round  robin  SST  tests.  The  formation 
of  protective  Zn  compounds  depends  critically  on  the 
corrosion  atmosphere,  it  may  not  be  relevant  for  tests 
in  a  ‘painted’  condition. 


4.  Conclusions 

This  paper  describes  the  development  of  Zn-Cr  coat¬ 
ings  on  steel  by  using  ion  beam  etching  and  vapour 
co-deposition,  and  reports  the  results  of  their  structural, 
microstructural,  mechanical  and  corrosion  resistance 
characteristics: 

1.  The  Cr  content  in  the  coatings  varied  from  \%  to 
15  at.%.  Columnar  growth  was  observed  in  most  of 
the  evaporation  conditions  and  the  compacity  of  the 
coatings  increased  with  Cr  content. 


2.  XRD  measurements  showed  a  gradual  change  in  the 
structure  as  the  Cr  concentration  increased,  from  the 
hep  characteristic  of  Zn  to  a  metastable  bcc  structure. 

3.  A  significant  change  was  observed  in  the  mechanical 
properties  of  the  coatings,  such  as  hardness  H  or 
elastic  modulus  E.  The  former  increased  with  Cr 
content  up  to  a  five-fold  improvement  for  the  15%Cr 
coating  as  compared  to  the  pure  Zn,  while  the  EIH 
ratio  was  optimized. 

4.  The  time  taken  before  the  appearance  of  red  rust  is 
at  least  four  times  longer  for  Zn-Cr  coatings  as 
compared  to  equally  thick  pure  Zn  coatings.  In  the 
SST,  when  compared  to  other  Zn-alloy  and  pure 
Zn-plated  steel  samples,  the  Zn-Cr  coated  steel  pro¬ 
duced  higher  quantities  of  protective  corrosion  pro¬ 
ducts,  and  for  this  reason,  the  Zn-Cr  coated  steel 
exhibited  superior  corrosion  resistance. 
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Abstract 

An  industrial  installation  for  vacuum  arc  deposition  is  presented.  Its  potential  in  the  field  of  decorative  coatings  for  large  area 
glass  sheets  is  demonstrated.  In  particular  it  is  possible  to  deposit  patterned  coatings  through  a  polymeric  textile  mask.  The  ability 
to  deposit  uniform  multilayer  coatings  having  interference  colours  onto  large  silicate  glass  sheets  is  shown.  Titanium,  titanium 
nitride  and  titanium  dioxide  coatings  on  silicate  glass  have  been  characterized  in  terms  of  composition  and  corrosion  resistance. 
Depth  profiling  was  achieved  with  the  aid  of  Auger  electron  spectroscopy.  The  corrosion  resistance  of  TiN  coatings  is  higher  than 
that  of  Ti02.  The  corrosion  resistance  of  vacuum  arc  deposited  TiN  coatings  on  glass  was  higher  than  that  of  TiN  coatings 
produced  by  direct  current  reactive  sputtering  and  plasma  assisted  chemical  vapour  deposition.  Mask-deposited  TiN  coatings  do 
not  show  any  signs  of  accelerated  corrosion  along  the  border  between  the  coated  and  uncoated  glass.  ©  2000  Elsevier  Science 
S.A.  All  rights  reserved. 


Keywords:  Corrosion;  Titanium;  Titanium  dioxide;  Titanium  nitride;  Vacuum  arc  deposition 


1.  Introduction 

During  recent  years,  the  physical  vacuum  deposition 
technologies  originally  developed  for  microelectronics 
and  optics  have  penetrated  into  the  areas  of  low  cost 
and  large  area  coated  products  traditionally  produced 
by  metallurgical  methods.  This  trend  is  strongly  sup¬ 
ported  by  the  decrease  in  the  cost  of  vacuum  equipment 
and  by  the  development  of  robust  and  inexpensive 
coating  technologies.  One  such  method  is  vacuum  arc 
deposition  [1].  The  vacuum  arc  process  became  promi¬ 
nent  since  the  technology  of  TiN  deposition  was  devel¬ 
oped  in  the  1970s.  It  is  widely  used  for  the  deposition 
of  hard  and  wear  resistant  coatings  on  tools,  medical 
prostheses,  etc.  [2-4].  Another  important  application  of 


*  Corresponding  author.  Tel. :  +  49-7 11-1211 276; 
fax:  +49-711-1211280. 

E-mail  address:  straumal@mfmpi-stuttgart.mpg.de  (B.  Straumal) 


vacuum  arc  deposition  is  for  diamond-like  coatings  on 
video  recorder  heads  [5].  In  both  of  these  applications, 
the  dimensions  of  the  parts  to  be  coated  is  rather  small 
The  next  step  in  the  development  of  vacuum  arc  depos¬ 
ition  was  the  development  of  equipment  able  to  coat 
large  area  substrates  of  complicated  form  [6].  This 
opened  the  way  for  marketing  materials  for  architectural 
applications,  A  very  important  sector  of  this  market  is 
coated  glasses.  They  are  used  for  glazing  (with  semi¬ 
transparent  coatings),  decoration  (mirrors),  etc.  Vacuum 
arc  deposition  has  several  advantages  in  this  area, 
particularly: 

•  a  high  deposition  rate  which  does  not  depend  on  the 
sputter  coefficient  of  the  target  material  [7]; 

•  the  weak  dependence  of  the  deposition  rate  on  the 
orientation  of  substrate  and  the  distance  between 
target  and  substrate,  which  allows  easy  coating  of 
three-dimensional  parts  of  complicated  form  [8]; 

•  the  possibility  of  coating  non-conductive  substrates; 
and 
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•  low  temperature  of  the  substrate  during  deposition 

[6]. 

These  advantages  facilitated  the  development  of  new 
coated  glass  products  for  architectural  applications 
which  is  described  in  this  paper. 

Architectural  outdoor  application  of  these  new  glass 
products  needs  data  concerning  their  corrosion  resis¬ 
tance  because  the  coated  glasses  are  exposed  to  the 
aggressive  atmosphere  of  a  modern  megalopolis.  High 
corrosion  resistance  of  TiN  and  Ti02  coatings  on  steel 
and  brass  substrates  is  well  documented  [9,10]. 
Nevertheless,  the  corrosion  properties  of  a  system  con¬ 
taining  a  substrate  and  a  coating  depend  strongly  on 
the  electrochemical  properties  of  both  components. 
Unfortunately,  data  on  corrosion  resistance  of  TiN  and 
Ti02  coatings  on  electrochemical  inert  surfaces,  such  as 
glass,  are  very  scarce  and  do  not  relate  to  vacuum  arc 
deposited  coatings  [11,12].  The  aim  of  this  work  is  to 
present  data  on  the  properties  of  vacuum  arc  deposited 
decorative  coatings  on  glass  substrates  which  are  impor¬ 
tant  for  outdoor  applications. 


2.  Experimental 

The  ‘Nikolay’  industrial  scale  system  used  for  the 
deposition  of  coatings  on  large  area  architectural  glasses 
has  the  following  characteristics  —  size:  6000  x  3000  x 
3000  mm;  mass:  15500  kg;  maximum  power  consumed: 
75  kW;  ultimate  vacuum:  5  x  10""^  Pa;  maximum  size  of 
treated  glass:  2100  x  1300  x8  mm;  output  capacity:  30 
glass  sheets  2100x  1300  x5  mm  in  an  8  h  cycle,  up  to 
1000  m^/month.  The  standard  procedure  for  glass  deco¬ 
rative  coating  included  three  steps.  Before  being  loaded 
into  the  machine  the  glass  sheet  was  precleaned  using 
hot  distilled  water.  After  this  precleaning,  the  glass 
sheets  were  mounted  on  metallic  frames  and  placed  in 
the  vacuum  chamber.  Each  frame  held  two  glass  sheets, 
mounted  back  to  back.  The  frames  were  inserted  into  a 
slot  (15  slots  were  available)  and  allowed  to  move 
independently  inside  the  machine  in  order  to  receive 
different  treatment  operations.  The  displacement  veloc¬ 
ity  of  the  frame  was  monitored  and  could  be  controlled. 
Each  pair  of  glass  sheets  was  sputter  cleaned  immediately 
before  coating  using  a  Hall  discharge  accelerator  having 
a  form  of  a  large  elongated  loop  [13].  A  twin  aperture 
had  two  slots,  55  mm  away  from  one  another.  Two 
juxtaposed  permanent  magnets  acted  as  a  cathode.  The 
water  cooled  anode  had  a  tubular  shape  and  ran  inside 
the  groove  made  by  the  cathode.  The  whole  apparatus 
was  set  under  vacuum  in  the  presence  of  a  sputter  gas 
(usually  argon  or  oxygen;  the  gas  inlet  was  directly  in 
the  source).  Gas  ionization  and  subsequent  ion  accelera¬ 
tion  was  achieved  by  crossed  electric  and  magnetic  fields. 
Sheets  to  be  treated  were  successively  transported  under 
the  Hall  discharge  accelerator  at  a  given  translation 


speed,  the  substrate  surface  being  perpendicular  to  the 
ionic  flux  axis.  By  changing  the  speed  and  accelerator 
power,  we  could  control  the  sputter  dose  received  by 
the  substrate.  Two  Hall  current  accelerators  were 
mounted  in  the  machine.  They  were  placed  on  both 
sides  of  the  machine  in  order  to  clean  the  two  sheets  in 
the  frame  simultaneously.  For  Ar,  the  sputter  voltage 
was  typically  5  kV,  the  sputter  current  could  vary  from 
1  to  6  A.  The  high  power  (up  to  10  kW)  provides 
sufficient  cleaning  of  both  surfaces  in  any  circumstances. 

Three  sources  with  flat  round  targets  of  diameter 
200  mm  were  placed  on  each  side  of  the  installation. 
The  surfaces  of  the  targets  were  parallel  to  the  glass 
substrates.  Only  two  sources  were  normally  used  during 
the  deposition.  Arc  voltage  was  constant  at  U—22Y 
while  the  discharge  current  /  on  each  source  could  be 
varied  from  100  to  300  A.  No  bias  was  applied  to  the 
substrate.  A  reactive  gas  (oxygen  or  nitrogen)  was 
introduced  at  a  pressure  of  0.05  Pa  if  an  oxide  or  nitride 
coating  was  to  be  formed.  The  arc  generation  was 
continuous  and  random.  The  arc  sources  were  placed  a 
rather  large  distance  (about  800  mm)  from  the  sheets  to 
be  coated.  The  configuration  of  the  machine  provided 
shielding  and  increased  the  charged  particle  part  of  the 
beam  using  the  fact  that  the  microdroplets  were  ejected 
at  small  angles  with  respect  to  the  target  surface  [14]. 
The  distance  of  the  glass  sheet  from  the  target  depended 
on  the  position  of  a  frame.  Therefore,  the  thickness  of 
the  deposited  layer  was  controlled  by  varying  the  transla¬ 
tion  speed  of  the  frame.  The  translation  speed  varied 
from  0.5  to  3  m/min  depending  on  the  thickness  of  a 
coating  (typically  300  to  500  nm).  When  decorative 
patterns  had  to  be  produced,  light  nylon  patterned 
sheets  were  used  to  provide  masking.  Various  colours 
can  be  produced  depending  on  the  gas  and  deposition 
parameters  used.  In  this  study  Ti,  TiN  and  Ti02  coated 
silicate  glass  samples  were  cut  from  large  glass  sheets 
and  the  surface  morphology,  composition  and  corrosion 
resistance  were  analysed. 

The  microstructure  of  the  TiN  and  Ti02  coatings 
was  studied  using  scanning  electron  microscopy  (SEM) 
using  the  JEOL  JSM-6300F  with  an  electron  beam 
microanalysis  facility.  The  composition  depth  profile  of 
TiN/Ti02  coated  silicate  glass  was  performed  by  Auger 
electron  spectroscopy  (AES)  on  a  Physical  Electronics 
PHI-551  spectrometer  with  a  double-pass  cylindrical 
mirror  analyzer.  The  analysis  was  carried  out  with  the 
excitation  beam  normal  to  the  specimens.  The  spectra 
were  taken  during  argon  ion  sputtering  which  produced 
a  relatively  clean  surface  of  the  sample  under  study 
without  baking  the  system.  The  etching  rate  was  con¬ 
siderably  faster  than  the  adsorption  rate  of  the  active 
residual  gases.  The  base  pressure  was  less  than 
2x10“®  Pa.  The  spectra  were  excited  by  an  electron 
beam  with  an  energy  of  3  keV  and  a  current  of  8  pA  to 
the  sample.  The  peak-to-peak  modulation  was  3  V.  The 
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sputtering  was  accomplished  using  a  5  keV  Ar  ion 
beam.  An  ion  gun  was  mounted  to  give  a  beam  incidence 
angle  of  70°  and,  in  order  to  minimize  possible  crater 
effects,  it  was  rastered.  The  pressure  of  argon  during 
sputtering  was  3  x  10"^  Pa.  The  sputter  rates  for  Si02 
were  determined  to  be  25  nm/min.  AES  studies  of  the 
Ti-N  system  are  complicated  by  the  fact  that  the  main 
Auger  KL2,3L2,3  transition  for  nitrogen  (379  eV)  over¬ 
laps  the  titanium  L3M2,3M2,3  transition  (383  eV)  to 
produce  a  single  peak  at  385  eV  [15].  Auger  spectra  of 
titanium  nitride  coatings  hence  include  two  peaks,  one 
corresponding  to  the  Ti  L3M2,3M4  5  transition  (418  eV) 
and  the  TiN  peak  resulting  from  overlapping  (385  eV). 
For  quantitative  analysis,  one  must  be  able  to  resolve 
the  nitrogen  peak  by  removing  the  titanium  contribution 
to  the  385  eV  peak.  This  was  performed  using  the 
method  described  previously  [16]  where  the  approach 
[15]  was  improved.  The  reflectivity,  R,  of  coloured 
coatings  was  measured  with  standard  lock-in  techniques. 
White  light  from  a  halogen  lamp  was  focussed  on  the 
entrance  slit  of  a  Jovin-Yvon  H25  monochromator  (with 
a  1200  grooves/mm  grating)  and  monochromatic  light 
was  focused  onto  a  silicon  diode  after  reflecting  on  the 
sample.  The  signal  was  compared  to  the  reflection  of  a 
high-reflectivity  (i^  =  0.98  at  500  nm)  mirror  in  order  to 
give  the  reflectance  in  absolute  units. 

The  corrosion  behaviour  of  both  TiN  and  Ti02 
coatings  on  silicate  glass  was  characterized.  The  stan¬ 
dard  accelerated  tests  on  atmospheric  corrosion  were 
carried  out  according  to  the  Russian  standards  RST 
9.012,  9.017  and  9.020  (temperature  22-25°C,  humidity 
96-98%,  no  water  condensation,  under  the  influence  of 
gaseous  chlorides,  NH3  and  SO2).  Accelerated  tests  in 
3.5%  NaCl  solution  at  22-25°C  under  both  full  and 
partial  immersion  were  also  carried  out.  Both  uniform 
and  mask-deposited  TiN  coatings  were  studied  because 
on  the  border  between  coated  and  uncoated  glass  the 
TiN/glass  interface  is  exposed  to  the  corrosion  medium. 
The  polarization  behaviour  was  measured  potentiody- 
namically  with  the  aid  of  a  potentiostatic  apparatus 
PI-50- 1/PR8  of  MSNP.  All  potential  values  are  given 
versus  an  Ag/AgCl  electrode  (£'Ag/Agci  =  0  corresponds 
to  —200  mV  on  the  hydrogen  electrode  scale).  The 
scanning  rate  was  lmVs“h  The  polarization  was 
changed  from  —0.8  to  -1-1.5  V.  Before  the  potentiody- 
namic  measurements,  the  corrosion  potential  Eq  was 
monitored  for  0.5  h.  The  measurements  were  carried  out 
in  the  electrolytes  3.0%  NaCl  solution,  and  3.0% 
NaCl +  3.0%  NH4CI  solution  with  pH  =  4  and  2.  The 
pH  of  the  solutions  was  corrected  by  adding  0.05  mol 
of  NH4OH  to  the  solutions  containing  NH4CI  and  by 
adding  0.05  mol  of  NaOH  to  the  solutions  without 
NH4CI.  The  pH  value  of  the  solution  was  controlled  by 
a  ‘pH-1 21’  pH-meter  of  MSNP.  The  solution  was  pre¬ 
pared  from  reagent-grade  chemicals  and  distilled  water. 


The  area  exposed  to  the  solution  was  1  cm^,  the  remain¬ 
ing  surface  of  the  samples  was  isolated  by  a  varnish 
layer.  The  test  temperature  was  22-25°C. 


3.  Results  and  discussion 

Vacuum  arc  deposition  produced  architectural  glass 
(with  standard  dimensions  of  1300x  1600  mm)  has  the 
following  coatings: 

1.  Thin  semitransparent  TiN  coatings  for  glazing  or 
thick  non-transparent  for  mirrors.  The  colour  of 
these  coatings  was  determined  mainly  by  the  composi¬ 
tion  of  TiN. 

2.  TiN  patterned  coatings.  In  this  case  the  light  poly¬ 
meric  mask  was  positioned  between  the  vacuum  arc 
source  and  the  substrate.  An  example  of  a  mask 
deposited  coating  is  shown  in  Fig.  1.  The  natural 
coloured  TiN  coating  was  combined  with  uncoated 
transparent  glass. 

3.  Ti02  coatings  having  interferencial  colours  defined 
by  the  thickness  of  the  coating.  Ti02  coatings  of 
three  different  thicknesses  were  characterized  (blue, 
green  and  red).  Reflectivity  spectra  for  wavelength 


Fig.  1.  Detail  of  a  decorative  pattern  obtained  by  masking  during  TiN 
arc  deposition  on  silicate  glass. 
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from  400  to  800  nm  (Fig.  2)  characterized  quantita¬ 
tively  the  green  and  blue  colours  of  the  TiOj  coatings. 
4.  TiN  patterned  coating  deposited  on  an  intermediate 
coloured  Ti02  coating.  In  this  case  the  TiN  coating 
of  natural  colour  (goldish  or  yellow)  was  combined 
with  a  red,  blue  or  green  TiOj  coating. 

The  depth  concentration  profile  obtained  from  the 
AES  for  the  TiN  coating  on  silicate  glass  is  shown  in 
Fig.  3.  The  peak  characteristics  for  titanium,  nitrogen, 
oxygen,  carbon  and  oxygen  appeared  in  the  spectra. 
The  decreasing  concentration  of  titanium  and  increasing 
concentration  of  Si  mark  the  transition  from  the  coating 
to  the  substrate.  The  nitrogen  and  oxygen  content  in 
the  TiN  coating  was  uniform  except  in  the  thin  oxygen- 
rich  layer  close  to  the  glass  substrate  (deliverably  depos¬ 
ited  for  the  better  adhesion  of  TiN  to  the  Si02  substrate). 
Quantitative  analysis  revealed  that  the  Ti  to  N  ratio  in 
the  TiN  layer  is  about  1.2,  very  close  to  stoichiometric. 
The  carbon  concentration  is  nearly  uniform  in  the  whole 
coating  (about  10  at.%).  The  uniformity  of  the  composi¬ 
tion  of  the  TiN  layer,  which  does  not  change  significantly 
with  depth,  is  comparable  with  that  of  TiN  coatings 
obtained  with  the  aid  of  the  chemical  vapor  deposition 
(CVD)  technique  [17].  The  TiN  composition  was  similar 
to  that  obtained  using  plasma-assisted  CVD  (PACVD) 
deposited  at  430“C  substrate  temperature,  60  W  radio 
frequency  power  by  Kim  et  al.  [18].  They  detected  the 
stoichiometric  composition  for  substrate  temperatures 


Fig.  2.  Reflectivity  spectra  of  green  and  blue  Ti02  coatings  on  sili¬ 
cate  glass. 


Fig.  3.  AES  depth  profile  for  a  TiN  coating  on  silicate  glass.  The 
thickness  was  about  0.5  pm. 


above  500°C.  In  our  case,  the  substrate  temperature  was 
well  below  100°C,  which  allowed  the  use  of  polymer 
masks  for  the  deposition  of  patterned  TiN  and  Ti02 
coatings.  It  was  shown  [19]  that  even  a  rather  high 
residual  carbon  content  did  not  drastically  affect  the 
properties  of  Ti02.  In  our  case,  the  vacuum  arc  deposited 
coatings  possessed  high  corrosion  resistance,  and  the 
carbon  contamination  was  obviously  not  detrimental  to 
corrosion  resistance. 

The  most  important  structural  feature  of  both  TiN 
and  Ti02  coatings  is  the  Ti  microdroplets  present  in  the 
coating  [7].  These  microdroplets  are  so  small  that  they 
are  not  visible  to  a  naked  eye,  do  not  disturb  the 
appearance  of  coated  glasses  and,  therefore,  do  not 
resurrect  their  applicability  as  architectural  materials. 
Nevertheless,  in  the  case  of  a  less  corrosion  resistant 
substrate  (stainless  steel  instead  of  glass)  the  small  pores 
surrounding  these  droplets  can  feed  the  corrosive  agent 
to  the  substrate  and  active  corrosion  starts  [20].  Visual 
examination  of  TiN  and  Ti02  coatings  before  and  after 
electrochemical  corrosion  testing  in  neutral  solution 
revealed  differences  in  the  corrosion  mechanism.  The 
corrosion  of  Ti02  coatings  started  at  low  E  values  (both 
positive  and  negative)  and  formed  dark  corroded  regions 
around  the  Ti  microparticles.  The  number  and  area  of 
corroded  places  uniformly  increased  with  increasing  E. 
The  TiN  coatings  were  stable  against  corrosion  and  did 
not  reveal  any  visual  signs  of  damage  up  to  rather  high 
positive  and  negative  E  values  —0.8V  and  -1-0.7  V. 
Above  £■= -1-0.7  V,  multiple  corroded  areas  suddenly 
appeared  all  over  the  surface,  destroying  the  coating 
almost  simultaneously  everywhere. 

After  12  months  of  exposure  to  atmospheric  corro¬ 
sion,  with  conditions  which  correspond  to  the  most 
aggressive  type  of  industrial  atmosphere  (temperature 
22-25°C,  humidity  96-98%,  no  water  condensation, 
under  influence  of  gaseous  chlorides,  NHj  and  SO2) 
neither  the  mass  nor  appearance  changed.  Likewise, 
neither  full  nor  partial  immersion  in  NaCl  solution  for 
8  months  produced  any  changes.  The  first  signs  of 
corrosion  in  these  tests  appeared  only  after  1 1  months. 
This  high  corrosion  resistance  is  comparable  with  the 
properties  of  vacuum  arc  deposited  TiN  coatings  on 
steel  and  brass  substrates  [10].  The  mask-deposited  TiN 
coatings  did  not  show  any  signs  of  accelerated  corrosion 
along  the  border  between  coated  and  uncoated  glass. 
The  data  from  electrochemical  tests  are  displayed  in 
Fig.  4  (NaCl  solution,  pH  =  4)  and  Fig.  5 
(NaCH-NH4Cl  solution,  pH =2).  The  dependence  of 
the  corrosion  current  4  on  the  polarisation  voltage  E  is 
shown  for  Ti,  TiN  and  two  different  Ti02  coatings  of 
various  thickness  having  red  and  green  colours.  Both 
TiN  and  Ti02  were  self-passivated.  The  corrosion  poten¬ 
tials  are  given  in  Table  1.  This  data  show  that  at  a  low 
pH  value  the  corrosion  resistance  of  TiN  is  much  higher 
than  that  of  Ti  and  Ti02  in  both  solutions  studied. 
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Fig.  4.  The  dependence  of  the  corrosion  current  i^  on  the  polarisation 
voltage  E  in  3.0  at.%  NaCl  solution  ^vith  pH  =4. 


Fig.  5.  The  dependence  of  the  corrosion  current  4  on  the  polarisation 
voltage  E  in  3.0  at.%  NaCi  +  3.0  at.%  NH4CI  solution  with  pH  =  2. 

Furthermore,  the  Ti02  coating  is  more  corrosion  resis¬ 
tant  than  pure  Ti.  With  increasing  pH,  becomes  more 
negative.  Nevertheless,  in  all  cases  remains  more 
positive  than  the  reduction  potential  for  hydrogen.  This 
indicates  that  the  corrosion  process  for  all  coatings 
studied  can  proceed  only  with  oxygen  depolarization. 
The  most  negative  E^  was  measured  for  the  Ti  coatings, 
the  most  positive  for  TiN.  It  can  be  seen  in  Figs.  4  and 
5  that  both  the  cathodic  and  anodic  processes  are  less 
pronounced  on  the  surface  of  Ti02  in  comparison  with 
TiN.  The  corrosion  current  4  for  TiN  is  smaller  in  the 


NH4Cl-containing  solution.  The  values  of  4  for  Ti  and 
Ti02  remain  at  the  same  levels  as  those  in  NaCl  solution 
without  NH4CI.  It  is  also  important  to  mention  that  at 
anodic  polarization  voltages  for  Ti02,  4  oscillates.  This 
reveals  that  the  coating  surface  layer  is  repeatedly 
attacked  and  activated.  The  corrosion  properties  of  a 
system  containing  a  substrate  and  a  coating  depend 
strongly  on  the  electrochemical  properties  of  both  com¬ 
ponents.  To  correctly  discuss  our  results,  we  compare 
our  data  with  the  electrochemical  properties  of  TiN 
deposited  on  electrochemically  inert  substrates  (glass, 
AI2O3)  by  reactive  direct  current  sputtering  and  PACVD 

[11.12] .  The  values  of  corrosion  current  density,  4 

[11.12] ,  are  of  the  same  order  of  magnitude  as  in  this 
work.  The  corrosion  potential  E^  of  TiN  in  NaCl 
solution  with  pH  =  6  in  our  work  is  about  0.09  mV  more 
positive  than  E^  for  nearly  the  same  electrochemical 
conditions  after  results  in  [21].  For  pH=l  [11], 
£'^=— 0.23V  for  sputtered  films  (recalculated  for  the 
Ag/AgCl  electrode)  and  for  pH  =  12,  ^c=~0*33V, 
which  is  much  lower  than  both  values  obtained  in  this 
work.  A  pronounced  anodic  peak  was  present  in  all 
potentiodynamic  curves  [12].  In  our  work  the  coatings 
were  self-passivated.  Therefore,  the  corrosion  resistance 
of  TiN  deposited  by  vacuum  arc  process  is  definitely 
higher  than  that  of  TiN  coatings  deposited  on  silicate 
glass  substrates  by  reactive  d.c.  sputtering  [12]  and  on 
AI2O3  substrates  by  PACVD  [11]. 

The  vacuum  arc  deposited  naturally  coloured  Ti  and 
TiN  coatings,  interferentially  coloured  Ti02  coatings, 
and  patterned  TiN  and  TiN/Ti02  coatings  on  large  area 
glass  substrates  were  very  uniform  and  exhibited  high 
corrosion  resistance.  These  properties,  together  with  the 
unusual  appearance,  make  vacuum  arc  coated  glass  very 
attractive  for  architectural  applications. 
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Table  1 

Corrosion  potentials  E^  (V)  for  Ti,  TiN  and  Ti02  coatings  vacuum  arc  deposited  on  silicate  glass 


Solution  3.0  at.%  NaCl  3.0  at.%  NaCl +  3.0  at.%  NH4CI 

Coating  pH  =  4  pH  =  6  pH  =  8  pH  =  2  pH-4  pH  =  6 


Ti  -0.10  -0.22  -0.12  +0.05  -0.25  -0.26 

Ti02(red)  +0.16  -0.10  -0.10  +0.23  0  -0.10 

Ti02  (green)  +0.10  -0.14  -0.07  +0.25  -0.05  -0.05 

TiN  +0.28  +0.05  0  +0.35  +0.20  +0.15 
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Abstract 

Decorative  and  protective  TiN  coatings  were  vacuum  arc  deposited  in  an  industrial  installation  ‘Nikolay’  allowing  coating  of 
strips  with  maximum  size  2100  x  1300  x  8  mm.  Titanium  nitride  (TiN)  coatings  on  stainless  steel  strips  have  been  characterized  in 
terms  of  microstructure  and  corrosion  resistance.  The  vacuum  arc  deposited  TiN  coatings  have  a  higher  corrosion  resistance 
compared  with  TiN  coatings  on  steel  produced  by  plasma  assisted  chemical  vapour  deposition,  glow  discharge  deposition,  direct 
current  magnetron  sputtering  or  magnetron  sputter  deposition.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Corrosion  resistance;  Titanium  nitride;  Vacuum  arc  deposition 


1.  Introduction 

TiN  coatings  are  widely  used  due  to  their  high 
hardness  and  wear  resistance.  Their  goldish  appearance 
makes  them  very  attractive  for  decorative  purposes.  One 
of  the  most  reliable  technologies  for  the  production  of 
TiN  coatings,  together  with  magnetron  sputtering,  is 
vacuum  arc  deposition  [1].  This  technology  has  been 
applied  since  the  1970s  for  the  production  of  coated 
tools,  medical  implants,  furniture  pieces,  etc.  [2]. 
Recently,  a  reliable  vacuum  arc  deposition  technology 
was  developed  for  the  coating  of  large-area  substrates 
[3].  This  robust  and  inexpensive  process  allows  the 
production  of  coated  materials  for  building  and  con¬ 
struction  which  are  cheap  enough  to  compete  with 
materials  prepared  in  a  traditional  metallurgical  way. 
Particularly,  in  recent  years  stainless  steel  strips  and 
rods  coated  with  TiN  by  SONG  Ltd.  were  used  by 
building  companies  in  Moscow  for  the  rebuilding  of  the 
Cathedral  of  Christ  The  Saviour  (2  m  long  elements  for 
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the  chains  fixing  the  crosses  on  the  domes),  for  the 
construction  of  the  monument  for  Emperor  Peter  the 
Great,  for  the  new  roof  for  the  Moscow  Luzhniki 
Olympic  Stadion  (altogether  about  2000  m^,  1  x  2  m 
coated  strips  are  used),  and  for  the  reconstruction  of 
the  roof  of  the  Great  Kremlin  Palace  (about  200  m  long 
decorative  grating,  made  of  laser  patterned  and  TiN 
coated  1  x  2  m  strips). 

Recently,  the  technology  of  vacuum  arc  deposition 
of  Ti02  coatings  with  interference  colours  (red,  pink, 
green,  etc.)  was  also  developed  for  large-area  glass 
substrates  [4].  The  transfer  of  this  technology  to  steel 
substrates  will  allow  the  production  of  materials  with 
very  attractive  decorative  appearance  for  architectural 
needs. 

This  new  outdoor  application  is  a  big  challenge  to 
the  area  of  materials  science  and  technology,  because 
the  coated  metallic  parts  are  exposed  to  the  aggressive 
atmosphere  of  a  northern  megalopolis  with  10  million 
inhabitants  and  5  million  cars.  For  about  6  months  a 
year  they  are  covered  by  (repeatedly  melting)  snow. 
Though  TiN  has  a  very  high  intrinsic  corrosion  resis¬ 
tance  [5,6],  the  combination  with  electrochemically  less 
positive  substrates  can,  in  principle,  lead  to  an  increase 
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of  the  corrosion  rate  in  comparison  with  an  uncoated 
substrate  [7].  High  corrosion  resistance  of  laser  ablated 
Ti02  coatings  on  steel  was  reported  recently  [8].  The 
aim  of  this  work  is  to  present  data  on  the  properties  of 
vacuum  arc  deposited  decorative  coatings  on  steel  sub¬ 
strates,  which  are  important  for  their  outdoor 
applications. 


2.  Experimental 

The  industrial  scale  setup  ‘Nikolay’  (Fig.  1)  used  for 
the  deposition  of  coatings  on  large-area  stainless  steel 
strips  has  the  following  characteristics:  size  = 
6000  X  3000  X  3000  mm;  maximum  power  consumed  = 
75  kW;  ultimate  vacuum  =  5  x  lO""^  Pa;  maximum  size 
of  treated  strips  =  2100  x  1300  x  8  mm;  output  capacity 
for  steel  =  30  steel  strips  2100  x  1300  x  5  mm  in  an  8  h 
cycle,  1000  m^/month. 

The  standard  procedure  for  decorative  steel  coating 
consisted  of  three  steps.  Before  being  loaded  into  the 
machine,  the  steel  strip  was  precleaned  using  hot  distilled 
water.  After  precleaning,  the  steel  strips  were  mounted 
on  metallic  frames  and  placed  in  the  vacuum  chamber. 
Each  frame  held  two  steel  strips,  mounted  back  to  back. 
The  frame  wass  inserted  into  a  slot  (15  slots  are  avail¬ 
able)  and  allowed  to  move  independently  inside  the 
deposition  chamber.  The  displacement  velocity  of  the 
frame  was  monitored  and  could  be  controlled.  Each 
frame  received,  in  turn,  a  cleaning  treatment  followed 


Fig.  1.  Scheme  of  the  ‘Nikolai’  apparatus  for  vacuum  arc  deposition 
on  largc-arca  substrates:  (1)  glass  sheets  mounted  back  to  back;  (2) 
mobile  frame;  (3)  metallic  cathodes. 


immediately  by  the  coating  process  in  order  to  prevent 
recontamination.  The  complete  treatment  involved  one 
return  of  the  frame  for  cleaning  and  another  return  for 
coating.  Cleaning  was  performed  using  a  large  aperture 
Hall  current  accelerator  [9]  providing  high  energetic 
ions  which  impact  and  sputter  the  substrate  surface. 
Coating  in  the  industrial  setup  was  performed  using 
four  circular  targets  of  200  mm  diameter.  Three  sources 
were  placed  on  each  side  of  the  installation.  Only  two 
sources  were  normally  used  during  the  deposition.  A 
reactive  gas  (oxygen)  was  introduced  at  0.05  Pa  if  oxide 
coating  was  to  be  formed.  TiN  coating  was  obtained  by 
introducing  nitrogen  at  a  pressure  of  about  0.05  Pa. 
Because  microdroplets  are  ejected  at  small  angles  [10] 
with  respect  to  the  target  surface,  this  configuration 
provided  shielding  and  only  a  very  small  number  of 
microparticles  was  present  in  the  coating  (Fig.  2).  These 
microparticles  do  not  disturb  the  optical  appearance  of 
the  decorative  coatings.  The  TiN  coatings  studied  in 
this  work  were  deposited  on  H18N10T  (18%  Cr,  9% 
Ni,  0.5%  Ti)  stainless  steel  without  an  intermediate  layer. 

The  samples’  surface  was  observed  using  an  atomic 
force  microscope  (AFM)  Autoprobe  CP  AFM  from 
Park  Scientific  Instruments.  The  AFM  was  operated  in 
the  contact  mode  using  sharpened  gold-coated  microle¬ 
vers  with  nominal  radius  of  curvature  of  the  tip  less 
than  20  nm.  The  corrosion  behaviour  of  TiN  coatings 
on  the  H18N10T  stainless  steel  was  characterized.  The 
standard  accelerated  tests  on  atmospheric  corrosion 
were  carried  out  according  to  the  Russian  standards 
RST  9.303-84  and  9.302-88  over  2  months  by  complete 
immersion  in  solution  and  in  the  humid  atmosphere 
above  the  solution  (humidity  96-98%).  Two  different 
solutions  were  used  for  these  tests:  (1)  30  g  NaCl  +  30  g 
NH4Cl-f-lml  HCl;  and  (2)  30  g  NaCl+lOg 

Na2S-h30  g  NH4CI+  1  ml  H2SO4  for  1000  cm^  of  aque¬ 
ous  solution.  Electrochemical  tests  were  carried  out  in 
two  aqueous  solutions:  (3)  30  g  NaCl;  and  (4)  30  g 
NH4CI  for  1000  cm^  of  solution.  The  pH  value  was 
varied  from  2.0  to  8.0  The  correction  of  the  pH  value 
of  the  solutions  was  carried  out  by  addition  of  0.05  mol 


Fig.  2.  AFM  micrograph  of  a  TiN  coating  showing  Ti  microparticles 
and  point  defects  remaining  after  decohesion  of  the  microparticles. 
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of  HCl  or  NH4OH  (to  the  solutions  containing 
NH4CI),  and  by  addition  of  0.05  mol  of  NaOH  (to  the 
solutions  without  NH4CI).  The  solution  was  prepared 
from  reagent  grade  chemicals  and  distilled  water.  The 
area  exposed  to  solution  was  1  cm^,  the  rest  of  the 
samples’  surface  was  isolated  by  a  varnish  layer.  The 
test  temperature  was  22”25°C.  The  pH  value  of  a 
solution  was  controlled  by  a  ‘pH- 121’  meter.  The  polar¬ 
ization  behaviour  was  measured  potentiodynamically 
with  the  aid  of  a  potentiostatic  apparatus  PI-50- 1/PR8. 
All  potential  values  are  given  versus  the  Ag/AgCl 
electrode  (£'Ag/Agci  =  ^  corresponds  to  -  200  mV  on  the 
hydrogen  electrode  scale).  The  scanning  rate  was 
1  mVs"^  The  polarization  was  changed  from  —1.3  to 
+  0.5  V.  Before  potentiodynamic  measurements,  the  cor¬ 
rosion  potential  was  monitored  for  0.5  h. 


3.  Results  and  discussion 

During  the  accelerated  corrosion  tests  a  coated 
sample  immersed  into  solution  2  revealed  the  first  signs 
of  corrosion  damage  after  8  days:  after  2  weeks  about 
32%  of  the  surface  area  was  corroded  and  after  2  months 
almost  all  the  surface  was  corroded.  No  damage 
appeared  on  the  sample  immersed  in  solution  1  after 
8  days  and  2  weeks:  only  after  2  months  did  the  first 
signs  of  damage  appear,  similar  to  the  damage  of  the 
sample  tested  in  the  atmosphere  above  solution  2.  The 
observed  corrosion  behaviour  reveals  the  presence  of 
pores  in  the  coating.  The  AFM  micrograph  (Fig.  2) 
shows  that  such  pores  can  exist  in  regions  close  to  the 
Ti  microdroplets. 

The  data  from  the  electrochemical  tests  for  coated 
and  uncoated  samples  in  solutions  3  (NaCl)  and  4 
(NH4CI)  with  various  pH  values  are  shown  in  Figs.  3 
and  4,  respectively.  Generally,  the  pH  value  of  a  solution 
essentially  influences  the  kinetics  of  the  anode  and 
cathode  processes  and  the  corrosion  rate.  The  corrosion 


Fig.  3.  The  dependence  of  the  corrosion  current  4  on  the  polarisation 
voltage  £  in  3.0  at.%  NaCl  solution  at  various  pH  values  for  H18N10T 
stainless  steel  vacuum  arc  coated  with  a  TiN  layer  (open  symbols)  and 
uncoated  (full  symbols).  The  lines  are  guides  for  the  eye. 


Fig.  4.  The  dependence  of  the  corrosion  current  4  on  the  polarisation 
voltage  E  in  3.0  at.%  NH4CI  solution  at  various  pH  values  for 
H18N10T  stainless  steel  vacuum  arc  coated  with  a  TiN  layer  (open 
symbols)  and  uncoated  (full  symbols).  The  lines  are  guides  for  the  eye. 

process  in  NaCl  solutions  proceeds  with  the  oxygen 
depolarisation.  This  follows  from  the  form  of  the  cath¬ 
ode  curves  at  various  pH  values  (Fig.  3).  It  means  that 
the  corrosion  rate  is  controlled  by  the  oxygen  concen¬ 
tration  in  the  solution  and  by  the  rate  of  the  reaction: 

02  +  2H20+4e"  ^  4  OH“. 

Additionally,  it  is  confirmed  by  the  fact  that  the 
anodic  polarization  curves  practically  do  not  change  by 
varying  the  pH  value.  Only  at  pH  =  2  in  NaCl  solution 
does  the  rate  of  the  active  dissolution  increase  by  about 
1.5  times,  but  the  repassivation  potential  (+0.35  V)  is 
about  0.2  V  higher  than  for  other  pH  values  studied. 
The  value  of  the  repassivation  potential  (+0.15  V)  and 
the  rapid  increase  of  the  anodic  current  are  typical  of 
the  local  activation  corrosion  mechanism.  It  means 
that  the  coating  is  porous,  and  the  steel  surface  is 
activated  in  the  pores  by  anodic  polarization.  This  fact 
is  supported  by  the  form  of  the  anodic  curve  for  the 
uncoated  steel. 

The  anodic  behaviour  of  the  samples  in  NH4CI 
solutions  practically  does  not  depend  on  the  pH  value. 
The  rate  of  the  anodic  dissolution  increases  slightly 
(about  10-15%)  with  increasing  pH,  and  the  repassiv¬ 
ation  potential  at  all  pH  values  studied  is 
+  0.15  +  0.05  V.  The  stainless  steel  without  a  coating 
has  similar  behaviour.  The  corrosion  in  NH4CI  solutions 
proceeds  with  oxygen  depolarization,  similar  to  the 
NaCl  solutions.  It  means  that  the  oxygen  solubility  in 
NH4CI  solution  practically  does  not  depend  on  the  pH 
value.  The  corrosion  current  estimated  with  the  aid  of 
the  Tafel  equation  decreases  by  about  one  order  of 
magnitude  with  increasing  pH  (Fig.  4).  The  minimal 
corrosion  rate  corresponds  to  the  neutral  solution.  The 
data  obtained  reveal  that  both  coated  and  uncoated 
steel  is  inclined  to  the  pitting  corrosion  in  an  acidic 
environment  (pH  <4).  At  high  pH  values  uniform  corro- 


232 


N.  Vershinin  et  al.  /  Surface  and  Coatings  Technology  125  { 2000)  229-232 


sion  is  more  likely.  The  corrosion  resistance  of  the  TiN 
coating  on  stainless  steel  around  £'  =  0  V  is  comparable 
with  the  ‘intrinsic’  corrosion  behaviour  of  TiN  on  elec- 
trochemically  inert  susbtrates  (silicate  glass,  AI2O3)  [3- 
6]  and  also  very  close  to  that  of  uncoated  stainless  steel. 
The  vacuum  arc  deposited  TiN  coating  on  stainless  steel 
is  cathodic  and  ensures  higher  corrosion  resistance  only 
in  the  absence  of  pores.  The  stainless  steel  coated  with 
TiN  studied  can  be  used  under  atmospheric  conditions. 
The  TiN  coating  conserves  its  decorative  properties 
under  normal  atmospheric  conditions,  but  does  not 
enhance  the  corrosion  resistance  of  stainless  steel.  If  the 
environments  contain  sulphur,  the  multilayer  coating 
must  be  used  with  additional  intermediate  layers  (Ti, 
Ni)  preventing  contact  with  the  substrate  [11]. 

T.  Wierzhon  et  al.  [12]  investigated  TiN  coatings 
deposited  on  1H18N10T  stainless  steel  (very  similar  to 
that  studied  in  the  present  work)  with  the  aid  of  glow 
discharge.  The  corrosion  current  4  in  our  experiments 
is  about  five  times  lower  than  that  obtained  in  [12]  in 
0.5  M  NaCl  neutral  aqueous  solution.  In  [6]  TiN  coat¬ 
ings  were  deposited  on  tool  steel  with  the  aid  of  the 
plasma  assisted  chemical  vapour  deposition  process 
(PACVD).  The  corrosion  current  4  in  our  experiments 
is  more  than  one  order  of  magnitude  lower  than  that 
obtained  in  [6]  in  acidic  solution  (H3PO4).  In  [6]  TiN 
coatings  were  deposited  on  M50  bearing  steel  with  the 
aid  of:  (1)  direct  current  (d.c.)  magnetron  sputtering; 
(2)  magnetron  sputter  deposition;  and  (3)  vacuum  arc 
deposition.  The  samples  were  tested  in  1  N  acidic  solu¬ 
tion  (H2SO4).  The  corrosion  current  4  for  coatings  (1) 
and  (2)  is  four  to  five  orders  of  magnitude  higher  than 
in  our  experiments.  But  the  corrosion  curve  for  the 
vacuum  arc  deposited  coatings  is  very  similar  to  our 
curves  for  the  vacuum  arc  deposited  TiN  on  stainless 
steel.  These  facts  reveal  that  vacuum  arc  deposition 
allows  reaching  a  higher  corrosion  resistance  of  the  TiN 
coating  compared  to  other  methods  such  as  PACVD, 


glow  discharge  deposition,  d.c.  magnetron  sputtering  or 
magnetron  sputter  deposition. 
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Abstract 

In  aluminium  die  casting,  tools  are  exposed  to  erosion,  corrosion  and  soldering  due  to  the  frequent  contact  of  the  tool  surface 
to  the  casting  alloy,  to  heat  checking  and  gross  cracking  due  to  thermal  fatigue  and  to  oxidation  due  to  high  pouring  temperatures. 
The  gradual  destruction  of  die  surfaces  during  service  decreases  casting  piece  quality  and  limits  die  lifetime.  Hard  coatings  based 
on  nitrides  or  carbides  of  transition  metals  may  protect  the  steel  surface  from  erosion  and  soldering  of  aluminium  and  improve 
the  resistance  against  thermal  cracking.  Thus,  they  may  replace  the  thick  oxide-based  die  coatings  nowadays  used  in  foundries. 
Within  this  study,  results  obtained  on  the  performance  of  coatings  deposited  onto  die-casting  dies  by  magnetron  sputtering  and 
plasma-assisted  chemical  vapour  deposition  are  presented  and  discussed.  TiN,  Ti(C,N),  Ti(B,N),  and  (Ti,Al)(C,N)  coatings 
deposited  onto  hot-working  tool  steel  have  been  evaluated  in  practical  die-casting  service.  Results  obtained  are  compared  with 
those  of  simulation  tests  using  thermal  cycling  immersion  tests  in  liquid  aluminium,  thermo-gravimetric  analysis,  and  stress 
measurements  during  thermal  cycling.  Maximum  lifetime  of  the  coated  casting  die  is  achieved  for  careful  optimization  of  hardness, 
adhesion,  oxidation  resistance  and  high  temperature  stability,  and  internal  stresses.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Today,  high-quality  aluminium  castings  are  usually 
produced  using  permanent  metallic  moulds  in  gravity 
or  pressure  die-casting.  Compared  with  sand  casting, 
permanent  moulds  permit  the  high-volume  production 
of  more  uniform  castings,  with  closer  dimensional  toler¬ 
ances,  superior  surface  finish  and  improved  mechanical 
properties  [  1  ]  at  relatively  low  cost  —  for  example  for 
automotive  parts  such  as  engine  blocks,  carburettor 
bodies,  transmission  cases,  and  valve  bodies. 

Chromium-alloyed  or  maraging  hot-working  tool 
steels  heat  treated  to  a  hardness  of  typically  29  to 
48  HRC  are  widely  used  for  die-casting  dies  [2-4],  Die 
life  is  a  major  consideration  in  a  die-casting  process 
because,  depending  on  the  complexity  of  the  part  being 
produced,  a  die  may  cost  more  than  US$  100000.  Die 
life  may  vary  from  20  000  to  over  250  000  parts  depend- 
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ing  on  the  casting  produced.  Thus,  during  service  life, 
the  die  cavity  and  cores  experience  a  large  number  of 
thermomechanical  cycles.  Usually,  commercial  die  lubri¬ 
cants  or  mould  release  agents  are  sprayed  each  cycle  on 
the  die  surface,  which  reduces  wear,  acts  as  a  coolant, 
and  facilitates  the  removal  of  the  casting  [5]. 

Wear  and  failure  of  die-casting  dies  involve  a  complex 
interaction  between  various  mechanisms.  The  most 
important  wear  and  failure  modes  can  be  seen  in  Fig.  1 
and  are  summarized  as  follows  [2]. 

(1)  The  so-called  washout  damages  on  working  die 
surfaces  are  attributed  to  corrosion,  erosion  and  solder¬ 
ing.  They  are  the  result  of  the  exposure  of  the  die  surface 
to  the  liquid  aluminium,  the  motion  of  the  liquid  alumin¬ 
ium  and  the  solidification  and  ejection  of  the  casting 
[6,7].  Corrosion  is  caused  by  the  fact  that  iron  and  most 
of  the  alloying  elements  in  the  die  steel  are  more  or  less 
dissolvable  in  liquid  aluminium.  In  addition,  the  high 
pouring  temperatures  may  cause  oxidation  of  the  die 
surface.  Erosion  takes  place  as  a  result  of  the  motion  of 
the  aluminium  melt,  which  can  reach  velocities  within 
the  range  of  20  to  60  m  s"^  in  gate  areas  [6].  Two  basic 
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Fig.  1 .  Damage  mechanisms  in  aluminium  die  casting  (the  inset  on  the  left  shows  a  scanning  electron  microscope  cross-section  of  the  mould  on 
the  right  with  thermal  fatigue  cracks). 


erosion  mechanisms  are  known,  i.e.  liquid-impingement 
and  cavitation.  Soldering  of  the  casting  to  the  steel 
surface  inside  the  cavity  takes  place  during  solidification. 
On  the  one  hand,  this  causes  sticking  problems  when 
the  casting  is  ejected.  On  the  other  hand,  it  can  also 
give  rise  to  adhesive  wear  when  the  casting  is  separated 
from  the  die. 

(2)  Thermal  fatigue  is  the  most  important  failure 
mode  in  die  casting  [2].  Thermal  fatigue  cracks  may  be 
classified  by  their  appearance  in  heat  checks  and  stress 
cracks  [8]  (see  Fig.  1).  The  characteristic  feature  of  heat 
checking  is  a  net-shaped  crack  pattern  that  occurs 
predominantly  on  level  surfaces.  Stress  cracks  mainly 
appear  as  individual  and  clearly  pronounced  cracks  as 
a  result  of  stress  concentrations  due  to  the  configuration 
of  the  die  cavity  [9].  Generally,  thermal  fatigue  cracks 
will  already  have  appeared  after  a  few  thousand  cycles 
or  even  earlier,  i.e.  in  the  low  cycle  fatigue  regime.  The 
depth  propagation  and  the  opening  of  these  cracks 
(which  are  sometimes  filled  with  aluminium)  can  be  seen 
from  the  inset  in  Fig.  1.  Furthermore,  gross  cracking 
may  be  due  to  thermal  shock  or  mechanical  overloading, 
often  leading  to  total  failure  of  the  die. 

Die  maintenance  may  be  done  by  grinding  or  welding 
if  the  surface  quality  or  dimensions  of  the  castings  are 
no  longer  sufficient  [10].  However,  the  tool  and  service 
costs  constitute  a  remarkable  part  of  the  production 
costs  in  die  casting  and  there  are  numerous  approaches 
to  optimize  the  lifetime  of  the  dies.  In  general,  die  life 
may  be  enhanced  by  geometric  factors  in  die  design 
(governing  stresses  and  thermal  gradients),  die  material 
considerations  (e.g.  machinability,  heat  treatment, 
toughness,  resistance  to  wear  and  heat  checking),  pro¬ 
cessing  conditions  (e.g.  preheating,  heating  and  cooling 
cycles,  machine  closing  force,  lubricants,  service 
intervals),  and  die  surface  considerations  [2,1  Ij.  Surface 
treatments,  such  as  nitriding,  are  often  applied  for 
casting  dies  to  reduce  abrasive  wear  and  improve  thermal 
fatigue  resistance.  In  recent  years,  the  application  of 


hard  coatings  deposited  by  physical  vapour  deposition 
(PVD)  techniques  has  been  reported  in  the  literature 
[5,12-27].  It  is  the  aim  of  this  paper  to  present  and 
discuss,  within  the  background  of  the  literature,  results 
obtained  in  the  authors’  laboratories  on  hard  coatings 
deposited  onto  die-casting  dies  using  sputtering  and 
plasma-assisted  chemical  vapour  deposition  (PACVD) 
and  on  their  application  in  aluminium  die  casting. 


2.  Experimental  details 

Coating  deposition  was  done  using  unbalanced  d.c. 
magnetron  sputtering  in  a  laboratory  plant  [28]  and  by 
different  commercial  PACVD  systems  (diameter, 
500  mm;  height,  500  mm  to  diameter,  1000  mm;  height, 
1500  mm)  with  bipolar  pulse  generators  [12,29].  The 
sputtering  unit  was  used  for  deposition  of  specimens  for 
the  evaluation  of  application-related  properties,  whereas 
PACVD  served  as  highly  suitable  technique  for 
up-scaling  of  coatings  for  large  and  heavy  die-casting 
cores  and  moulds.  Within  this  work,  coatings  evaluated 
included  TiN,  Ti(C,N),  Ti(B,N),  and  (Ti,Al)(C,N). 
These  coatings  were  chosen  because  of  their  metallic 
character  and  expected  good  adhesion  to  hot-working 
steel  substrates,  and  because  of  the  comparatively  low 
mismatch  of  thermal  expansion  coefficients  of  coating 
and  substrate.  This  is  assumed  to  be  crucial  for  minimiz¬ 
ing  the  possibility  of  thermal  cracks  in  the  substrate¬ 
coating  interface  [14].  Sputtered  TiN  coatings  were 
deposited  using  non-reactive  deposition  from  a  TiN 
target  and  an  ion-to-neutral  flux  ratio  of  approximately 
0.7  [28],  whereas  TiN,  Ti(C,N),  Ti(B,N),  and 
(Ti,Al)(C,N)  coatings  were  grown  by  PACVD  using 
H2,  Ar,  N2,  CH4,  TiCl4,  BCI3,  and  AICI3  gases.  Typical 
deposition  parameters  can  be  seen  in  Table  1 .  The  higher 
values  for  the  PACVD  discharge  voltage  have  been  used 
for  the  deposition  of  (Ti,Al)(C,N)  films.  Coating  thick¬ 
ness  was  adjusted  to  1.5-3. 5  pm. 
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Table  1 

Typical  deposition  conditions  used  in  this  work  for  magnetron  sputter¬ 
ing  and  PACVD 


Deposition  parameter 

Sputtering 

PACVD 

Total  pressure  (Pa) 

0.7 

50-300 

Substrate  temperature  (°C) 

300 

480-500 

Bias/discharge  voltage  (V) 

-50 

400-500 

Deposition  time  (h) 

1.5 

8-10 

Results  from  former  experiments  [12]  and  literature 
[19,30]  showed  that  the  tendency  of  building  thermal 
fatigue  cracks  in  aluminium  die  casting  could  be  lowered 
significantly  by  plasma  nitriding  prior  film  deposition. 
It  is  also  well  known  that  plasma  nitriding  can  improve 
coating  adhesion  significantly  [31,32].  Within  this  work, 
plasma  nitriding  was  performed  in  the  PACVD  units 
without  white  compound  layer  before  coating  depos¬ 
ition  [19]. 

Substrates  used  within  this  study  were  die-casting 
core  pins  and  moulds  made  of  hot-working  steel  1 .2343 
(quenched  and  tempered  to  a  hardness  of  48  HRC  or 
33  HRC  for  cores  or  moulds  respectively),  ground  and 
polished  specimens  of  the  same  steel,  and  (100)  silicon 
sheets.  Coating  characterization  was  performed  with 
respect  to  thickness  (spherical  abrasion  test),  morphol¬ 
ogy  (scanning  electron  microscopy,  SEM),  chemical 
composition  (wavelength  dispersive  electron-probe 
microanalysis,  EPMA),  microstructure  (X-ray  diffrac¬ 
tion,  XRD),  hardness  (Vickers  microhardness),  and 
adhesion  (scratch  test  and  VDI  Rockwell  indentation). 
Application-related  properties  have  been  evaluated  using 
thermal  cycling  immersion  tests  in  liquid  aluminium, 
thermo-gravimetric  analysis  (TGA),  and  stress  measure¬ 
ments  during  thermal  cycling.  The  immersion  tests  were 
performed  using  a  thermal  cycling  fatigue  test,  where 
one  cycle  consists  of  dipping  the  sample  into  a  liquid 
aluminium  alloy  ( AlSiTMg)  at  700°C  and  the  subsequent 
cooling  of  the  sample  by  pressurized  air.  No  lubricating 
compounds  were  applied  during  the  test.  As  samples, 
ground  and  polished  truncated  cones  (height,  10  mm; 
larger  diameter,  25  mm;  smaller  diameter,  15  mm)  of 


hot- working  tool  steel  were  used.  The  TGA  tests  were 
done  in  dry  oxygen/argon  at  a  flow  ratio  of  2/5  using  a 
Netzsch  TGA  system.  Samples  (hot-working  tool  steel, 
size:  diameter  5  x  1  mm)  were  heated  at  a  rate  of 
5°C  min“^  up  to  925''C,  and  the  mass  gain  was  recorded 
with  a  sensitivity  of  1.25  pg.  Film  stresses  were  measured 
from  the  bending  of  coated  silicon  specimens 
(20  X  7  X  0.42  mm^)  using  the  Stoney  formula  [33].  The 
bending  was  measured  by  the  deflection  of  two  parallel 
laser  beams  reflected  from  the  sample  surface.  During 
the  measurement,  the  sample  was  heated  in  vacuum 
(pressure  <10“^  Pa)  up  to  720°C  at  a  rate  of 
5°Cmin”^  and  cooled  down  afterwards. 

To  evaluate  the  suitability  of  the  coatings,  coated 
core  pins  and  moulds  (size  up  to  520  x  520  x  300  mm^) 
have  been  tested  in  industrial  pressure  die  casting  of  the 
aluminium  alloy  AlSi9Cu3.  Tenifer®- treated  core  pins 
[34]  have  been  evaluated  for  comparison.  The  casting 
conditions  and  the  spraying  of  the  lubricating  compound 
were  not  changed  from  the  standard  procedure.  After 
service,  cores,  moulds,  and  test  specimens  were  examined 
using  SEM  and  optical  microscopy. 


3.  Results  and  discussion 

3.1.  Coating  characterization 

The  aim  of  this  paper  is  to  report  on  the  application 
of  hard  coatings  in  aluminium  die  casting.  Therefore, 
only  essential  data  on  characterization  of  film  structure, 
hardness  and  adhesion  are  given  here.  Detailed  results 
have  been  published  in  previous  papers  [12,28,29]. 

Typical  composition  ranges  of  the  coatings  investi¬ 
gated  are  shown  in  Table  2.  Additions  of  small  amounts 
of  aluminium  or  boron  are  known  to  improve  hardness 
as  well  as  oxidation  resistance  of  TiN-based  coatings 
[35,36].  Owing  to  formation  of  a  continuous  solid 
solution  [in  the  case  of  Ti(C,N)]  or  to  the  existence  of 
a  metastable  phase  in  the  case  of  alloying  with  Al  [37] 
or  low  contents  of  B  [38],  all  coatings  show  a  single¬ 
phase  fee  TiN  structure.  All  films  deposited  have  dense 


Table  2 

Chemical  composition  of  the  films  deposited 


Element  (at.%) 

Deposition  method/coating  system 

Sputtering 

TiN 

PACVD 

TiN 

Ti(C,N) 

Ti(B,N) 

(Ti,Al)(C,N) 

Ti 

51 

46-47 

43-44 

43-44 

37-43 

Al 

2-8 

B 

10-11 

N 

49 

47-50 

33-34 

40-42 

29-53 

C 

15-17 

1-21 

Cl 

3-6 

6-7 

4-6 

1-5 
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and  fine-grained  structures  [12,28,29].  The  chlorine 
content  in  the  PACVD  films,  which  is  due  to  the 
comparatively  low  deposition  temperatures  (see 
Table  1),  may  hinder  columnar  growth  of  TiN-based 
hard  coatings  due  to  repeated  nucleation  [39].  Film 
hardness  for  sputtered  TiN,  PACVD  TiN,  Ti(C,N), 
Ti(B,N),  and  (Ti,Al)(C,N)  coatings  reached  values  of 
2400  [28,40,41],  2050,  2400,  2500,  and  2850HV0.01 
[12],  respectively.  On  account  of  the  low  hardness  of 
the  hot-working  tool  steel  used,  the  critical  load  deter¬ 
mined  using  the  scratch  test  for  coating  delamination 
varied  between  20  and  30  N.  The  adhesion  according  to 
the  VDI  Rockwell  indentation  test  was  classified  as  HFl 
to  HF2. 

3.2,  Die  casting  application 

The  application  of  thin  hard  coatings  instead  of  the 
commonly  applied  thick  oxide-based  die  coatings  in 
gravity  die  casting  changes  the  thermal  situation  of  the 
hot-working  steel  significantly.  Fig.  2  shows  the  depen¬ 
dence  of  the  temperature  measured  about  0.2  mm  below 
the  substrate-coating  interface  on  the  testing  time  during 
the  thermal  cycling  immersion  test.  Using  a  sprayed  die 
coating  with  a  typical  thickness  of  200  pm,  the  average 
sample  temperature  for  five  cycles  reached  a  value  of 
263  ±  32°C.  In  contrast,  for  all  PVD  and  PACVD  hard 
coatings  investigated  within  this  study  a  value  of  about 
322±46°C  was  obtained,  without  significant  influence 
of  the  coating  material  used.  This  difference  is  attributed 
to  the  porous  structure  and  the  higher  thickness  of  the 
die  coating  with  respect  to  the  hard  coatings.  For 
example,  the  surface  topography  of  the  die  coating  with 
the  characteristic  high  roughness  and  porosity  is  shown 
in  Fig.  3.  However,  it  should  be  noted  at  this  point  that, 
owing  to  the  lack  of  application  of  a  lubricating  and 
parting  compound  and  to  a  measuring  point  below  the 
die  surface,  the  actual  surface  temperatures  are  expected 


Fig,  2,  Dependence  of  the  sample  temperature  on  testing  time  during 
cyclic  immersion  testing  of  a  TiN-coated  hot-working  steel  sample  and 
a  hot-working  steel  sample  with  die  coating. 


Fig.  3.  SEM  micrograph  of  the  surface  of  an  oxide-based  die  coating. 


to  show  more  pronounced  extremes  than  those  shown 
in  Fig.  2.  The  decreasing  temperature  with  increasing 
test  time  (see  Fig.  2)  is  attributed  to  the  formation  of 
an  oxide  layer  on  the  surface  of  the  liquid  aluminium. 
A  first  rough  estimation  of  the  performance  of  the 
samples  was  also  achieved  by  the  immersion  test,  where 
soldered  aluminium  had  to  be  removed  from  time  to 
time  from  the  Ti(B,N)  coatings. 

Testing  of  PACVD-coated  pin-cores  in  industrial 
application  showed  that  all  coatings  increased  the  life¬ 
time  significantly  with  respect  to  Tenifer®-treated  cores 
(see  Fig.  4  for  the  minimum  and  maximum  numbers  of 
shots  achieved).  On  average,  and  excluding  those  data 
where  failure  occurred  due  to  fracture  of  the  core,  TiN 
and  Ti(C,N)  coatings  performed  best.  Fig.  5  shows  an 
optical  microscopy  cross-section  of  a  PACVD  Ti(C,N)- 
coated  core  pin  after  service.  As  can  be  seen  from  the 
SEM  inset  showing  a  gap  between  coating  and  alumin¬ 
ium  alloy,  the  coating  is  well  suited  to  hinder  soldering. 
In  those  areas  where  coating  detachment  has  occurred, 
rapid  erosion  and  corrosion  has  taken  place.  Reaction 
products  of  intermetallic  phases  consisting  of  Al,  Cu, 


T - « - 1 - ' - r 


Jenifer  TiN  Ti{C.N)  Ti(B,N)  (Ti.AI){C,N) 

surface  treatment/coating 


Fig.  4.  Number  of  shots  achieved  in  aluminium  pressure  die-casting 
for  different  surface  treatments  and  PACVD  coatings  till  an  insufficient 
casting  surface  quality  results. 
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Fig.  5.  Cross-section  of  the  damage  of  a  PACVD  Ti(C,N)-coated  core  pin  in  aluminium  pressure  die-casting  (the  inset  on  the  left  shows  the 
corresponding  SEM  cross-section). 


Si,  Ni,  Fe,  and  Pb  have  been  formed,  which  are  easily 
washed  out  of  the  corrosion  zone  by  the  pouring  stream. 

3.3.  Failure  analysis 

All  coatings  investigated  proved  to  be  suitable  for 
enhancing  the  lifetime  of  aluminium  die-casting  dies. 
There  are  significant  differences  in  the  efficiency  of  the 
individual  coatings  that  cannot  be  understood  immedi¬ 
ately.  For  example,  it  is  well  known  that  aluminium-  or 
boron-containing  coatings  show  superior  oxidation 
resistance  with  respect  to  TiN  or  Ti(C,N)  [35,36,42- 
47];  however,  they  seem  to  be  less  capable  of  protecting 
the  tool  steel  (see  Fig.  4).  This  result  is  also  in  contrast 
to  the  findings  published  by  Pfohl  and  co-workers 
[13,15]  who  found  that  PACVD  Ti(B,N)  coatings  with 
boron  contents  of  up  to  60  at.%  had  a  superior  perfor¬ 
mance  with  respect  to  TiN  or  (Ti,Al)N  films  in  alumin¬ 
ium  die  casting.  Within  this  investigation,  the  TGA 
oxidation  rate  measurements  for  the  coatings  investi¬ 
gated  also  confirmed  the  higher  oxidation  resistance  of 
PACVD  Ti(B,N)  and  (Ti,Al)(C,N)  coatings  with 
respect  to  TiN  and  Ti(C,N)  coatings  (see  Fig.  6).  The 
onset  for  rapid  oxidation  and  rutile  formation  [46,47] 


Fig.  6.  Dependence  of  the  mass  gain  on  the  annealing  temperature  in 
an  argon-oxygen  atmosphere  for  different  coatings. 


for  Ti(B,N)  and  (Ti,Al)(C,N)  during  5''C  min“^  ther¬ 
mal  ramping  occurs  at  '-760°C,  whereas  the  oxidation 
temperature  for  TiN  and  Ti(C,N)  decreases  to  680- 
690°C.  It  has  to  be  noted  that  the  oxidation  temperature 
for  both  Ti(B,N)  and  (Ti,Al)(C,N)  exceeds  the  maxi¬ 
mum  temperature  in  aluminium  die  casting  and,  conse¬ 
quently,  formation  of  the  protective  rutile  layer  is 
hindered.  The  higher  onset  for  rapid  oxidation  of  the 
sputtered  TiN  coating  is  attributed  to  the  lack  of 
chlorine. 

Intrinsic  film  stresses  have  been  considered  by  several 
authors  as  showing  a  major  effect  on  high-temperature 
properties  of  hard  coatings  [35,44,46,48].  For  the  forma¬ 
tion  of  thermal  fatigue  cracks  the  dependence  of  stresses 
on  the  temperature  is  assumed  to  be  crucial  [49].  An 
example  for  this  dependence  is  shown  in  Fig.  7  for  the 
coatings  used  in  this  work  deposited  onto  silicon  sub¬ 
strates.  Owing  to  the  low  thermal  expansion  coefficient 
of  silicon  (3xlO“^K“^  [50])  with  respect  to  the  coat¬ 
ings  investigated  (exact  data  are  to  our  knowledge  only 
known  for  TiN,  i.e.  9.4  x  10“^  [46,51]),  almost  all 

coatings  are  under  tensile  stress  in  the  as-deposited 
condition.  The  compressive  stress  of  (Ti,Al)(C,N)  coat¬ 
ings  is  attributed  to  the  higher  discharge  voltage  used 
for  deposition  (see  Table  1 )  and  to  the  incorporation  of 
aluminium  atoms.  As  the  film-substrate  composite  is 
heated,  the  tensile  stress  component  is  relaxed  and  the 
film  may  go  into  a  state  of  compression.  Temperatures 
above  600  to  650°C  may  result  in  (stress-induced)  relax¬ 
ation  of  lattice  defects  and  grain  boundary  sliding 
[52,53],  leading  to  the  onset  of  a  deviation  from  the 
thermoelastic  loading  line,  i.e.  plastic  deformation.  This 
is  most  prominent  in  the  case  of  the  (Ti,Al)(C,N) 
coating,  where  the  highest  compressive  stresses  have 
been  measured.  For  those  coatings  reaching  a  consider¬ 
able  tensile  stress  state  during  cooling,  i.e.  PACVD  TiN, 
Ti(C,N),  and  Ti(B,N),  a  tensile  crack  pattern  is  formed 
(see  Fig.  8).  The  formation  of  these  cracks  is  responsible 
for  the  flattening  of  the  cooling  portion  of  the  curve 
and,  in  addition  to  the  probable  occurrence  of  micro- 
structural  changes  during  the  high-temperature  phase, 
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Fig.  7.  Dependence  of  the  biaxial  film  stress  on  the  temperature  for  different  coatings  on  silicon  substrates. 


50 

Fig.  8.  Optical  micrograph  of  the  surface  of  a  PACVD  Ti(B,N )  coating 
on  a  silicon  substrate  after  one  thermal  cycle  up  to  720"C. 


for  the  final  stress  state  reached  at  the  end  of  the 
first  cycle. 

The  thermal  expansion  coefficient  of  the  hot-working 
tool  steel  used  in  this  work  is  higher  than  that  of  silicon 
and  increases  from  11.5x10“^  to  13.2  x  10“^  K”^  in 
the  temperature  range  between  20  and  700°C  [54]. 
Therefore,  it  can  be  assumed  that  the  curves  shown  in 
Fig.  7  are  shifted  towards  the  compressive  stress  region 
where  tensile  cracking  is  avoided  [55].  This  is  also 
confirmed  by  Fig.  9,  where  crack  propagation  into  the 
substrate  and  coating  detachment  due  to  high  compres¬ 
sive  stresses  is  shown  for  a  coated  core  pin  after  service 
in  aluminium  die  casting.  According  to  the  Coffin- 
Manson  relationship  for  low  cycle  fatigue  [56],  where 
the  plastic  strain  amplitude  applied  during  thermal 
cycling  governs  the  number  of  cycles  to  failure,  those 
coatings  showing  the  lowest  compressive  stresses  can  be 
assumed  to  perform  in  a  superior  manner. 


<  . I. 

Fig.  9.  SEM  cross-section  of  a  PACVD  Ti(B,N)  coated  core  pin 
after  service. 

4.  Conclusions 

Hard  coatings  based  on  TiN  have  been  proven  to 
increase  the  lifetime  of  aluminium  die-casting  dies  by 
several  hundreds  of  percent  due  to  a  reduction  of 
erosion,  corrosion  and  soldering  processes  and  due  to 
an  increase  of  the  thermal  fatigue  limit.  The  best  perfor¬ 
mance  has  been  obtained  for  TiN  and  Ti(C,N)  coatings 
showing  an  optimum  combination  of  hardness,  adhe¬ 
sion,  soldering  behaviour,  oxidation  resistance,  and 
stress  state.  Ti(B,N)  and  (Ti,Al)(C,N)  coatings  exhib¬ 
ited  a  superior  oxidation  resistance,  but  they  showed  a 
higher  soldering  tendency  and/or  higher  compressive 
stresses  leading  to  rapid  thermal  fatigue.  In  addition, 
for  these  coatings  the  pouring  temperatures  may  not  be 
sufficient  to  form  a  protective  oxide  layer  during  service. 
Finally,  we  have  been  able  to  show  that  the  PACVD 
technology  is  very  well  suited  to  coating  large  and  heavy 
dies  of  complex  shape  with  a  uniform  coating  thickness 
and  homogeneity.  Up  to  now,  moulds  with  maximum 
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size  of  520  x  520  x  300  mm^  have  been  coated  and  tested 
in  pressure  die  casting.  However,  although  successfully 
transferred  to  industrial  application,  a  lot  of  work  is 
still  necessary  for  further  up-scaling  of  deposition  pro¬ 
cesses,  improving  coating  properties  and  re-designing 
casting  geometry  due  to  the  changed  solidification 
process. 


Acknowledgements 

The  authors  are  grateful  to  the  Forschungs- 
forderungsfonds  fiir  die  gewerbliche  Wirtschaft  for 
financial  support  of  this  work  under  contracts  6/850, 
6/898,  and  800335  and  to  the  companies  Georg  Fischer 
Automobilguss  AG,  Herzogenburg,  and  Karl  Fink 
GmbH,  Kaindorf,  for  their  co-operation.  One  of  the 
authors  (F.U.)  acknowledges  the  support  of  the 
Osterreichischer  Akademischer  Austauschdienst. 


References 

[1]  M.M.  Gosh,  S.  Seshan,  Indian  Foundry  J,  40  (6)  (1994)  45. 

[2]  R.  Shivpuri,  S.L.  Semiatin,  in:  D.  Olsen  (Ed.),  Friction  Lubrica¬ 
tion  and  Wear  Technology,  ASM  Handbook  vol.  18,  ASM,  Mate¬ 
rials  Park,  OH,  1992,  pp.  621-648. 

[3]  K.  Bengtsson,  S.  Pettersson,  O.  Sandberg,  Heat  Treating  24  (11) 
(1992)  18. 

[4]  R.  Danzer,  Berg-  Htittenmann.  Monatsh.  129  (5)  (1984)  135. 

[5]  E.  Lugscheider,  C.  Barimani,  S.  Giierreiro,  K.  Bobzin,  Surf.  Coat. 
Technol.  108-109  (1998)  109-408. 

[6]  L.-A.  Norstrom,  B.  Klarenfjord,  M.  Svensson,  GieBerei-Praxis  9 
(1994)  204. 

[7]  S.  Malm,  L.-A.  Norstrom,  Met.  Sci.  9  (1979)  544. 

[8]  R.  Danzer,  F.  Sturm,  A.  Schindler,  W.  Zleppnig,  GieBerei-Praxis 
19-20  (1983)  1287. 

[9]  W.  Young,  GieBerei-Praxis  21  (1980)  325. 

[10]  D.  Sobol,  Die  Cast.  Eng.  29  (11-12)  (1985)  52. 

[11]  J.  Worbye,  GieBerei-Praxis  1-2  (1987)  7. 

[12]  D.  Heim,  F.  Holler,  C.  Mitterer,  Surf.  Coat.  Technol.  116-119 
(1999)  497. 

[13]  C.  Pfohl,  K.-T.  Rie,  Surf.  Coat.  Technol.  116-119  (1999)  911. 

[14]  K.-T.  Rie,  A.  Gebaiier,  C.  Pfohl,  Galvanotechnik  89  (10) 
(1998)  3380. 

[15]  C.  Pfohl,  A.  Gebauer-Teichmann,  K.-T.  Rie,  Mat.-wiss.  Werks- 
tomech.  29  (1998)  51. 

[16]  K.-T.  Rie,  C.  Pfohl,  S.H.  Lee,  C.S.  Kang,  Surf.  Coat.  Technol. 
97  (1997)  232. 

[17]  K.-T.  Rie,  A.  Gebauer,  J.  Wohle,  Surf.  Coat.  Technol.  86-87 
(1996)  87-498. 

[18]  K.-T.  Rie,  A.  Gebauer,  C.  Pfohl,  J.  Phys.  IV  5  (1995)  637. 

[19]  J.  Walkowicz,  J.  Smolik,  K.  Miernik,  J.  Bujak,  Surf.  Coat.  Tech¬ 
nol.  97  (1997)  453. 

[20]  P.  Hairy,  M.  Richard,  GieBerei-Praxis  19-20  (1997)  405. 


[21]  E.  Bernacchi,  A.  Ferrero,  E.  Gariboldi,  A.  Korovkin,  G.  Pontini, 
Metall.  Sci.  Technol.  14  (1)  (1996)  3. 

[22]  Y.  Wang,  Surf.  Coat.  Technol.  94-95  (1997)  60. 

[23]  O.  Knotek,  F.  Loffler,  B.  Bosserhoff,  Surf.  Coat.  Technol.  62 
(1993)  630. 

[24]  R.  Wild,  Giesserei  80  (20)  (1993)  696. 

[25]  F.J.  Teeter,  Proceedings  International  Conference  on  Die  Casting 
Technology,  North  American  Die  Casting  Association,  Rosem- 
ont,  1993,  pp.  233-237. 

[26]  K.A.  Pischow,  S.O.  Kivivuori,  A.S.  Korhonen,  J.  Mater.  Process. 
Technol.  32  (1992)  55. 

[27]  E.  Ford,  Die  Cast.  Eng.  34  (5)  (1990)  36. 

[28]  P.  Losbichler,  C.  Mitterer,  Surf.  Coat.  Technol.  97  (1997)  568. 

[29]  D.  Heim,  R.  Hochreiter,  Surf.  Coat.  Technol.  98  (1998)  1553. 

[30] C.M.D.  Starling,  J.R.T.  Branco,  Thin  Solid  Films  308  (1997) 
309-436. 

[31]  T.  Gredic,  M.  Zlatanovic,  N.  Popovic,  Z.  Bogdanov,  Thin  Solid 
Films  228  (1993)  261. 

[32]  T.  Gredic,  M.  Zlatanovic,  N.  Popovic,  Z.  Bogdanov,  Surf.  Coat. 
Technol.  54-55  (1992)  502. 

[33]  G.G.  Stoney,  Proc.  R.  Soc.  London  Ser.  A  82  (1909)  172. 

[34]  F.  Klein,  Giesserei  22  (1992)  928. 

[35]  C.  Jarms,  H.-R.  Stock,  P.  Mayr,  Surf.  Coat.  Technol.  108-109 
(1998)  206. 

[36]  C.  Heau,  R.Y.  Fillit,  F.  Vaux,  F.  Pascaretti,  Surf.  Coat.  Technol. 
120-121  (1999)  200. 

[37]  H.A.  Jehn,  S.  Hofmann,  V.-E.  Ruckborn,  W.-D.  Mtinz,  J.  Vac. 
Sci.  Technol.  A  4  (6)  (1986)  2701. 

[38]  J.  Laimer,  H.  Karner,  H.  Stdri,  P.  Rodhammer,  Mater.  Sci.  Forum 
140  (1993)  142-493. 

[39]  P.B.  Barna,  in:  L.  Eckertova,  T.  Ruzicka  (Eds.),  Diagnostics  and 
Applications  of  Thin  Films,  Institute  of  Physics,  Bristol,  1992, 
pp. 295-310. 

[40]  E.  Kelesoglu,  C.  Mitterer,  M.K.  Kazmanli,  M.  Urgen,  Surf.  Coat. 
Technol.  116-119  (1999)  133. 

[41]  C,  Mitterer,  P.H.  Mayrhofer,  E.  Kelesoglu,  R.  Wiedemann,  H. 
Oettel,  Z.  Metallkde.  90  (8)  (1999)  602. 

[42]  L.A.  Donohue,  I.J.  Smith,  W.-D.  Miinz,  I.  Petrov,  J.E.  Greene, 
Surf.  Coat.  Technol.  94-95  (1997)  226. 

[43]  F.  Vaz,  L.  Rebouta,  M.  Andritschky,  M.F.  da  Silva,  J.C.  Soares, 
J.  Am.  Ceram.  Soc.  17  (1997)  1971. 

[44]  C.W.  Kim,  K.H.  Kim,  Thin  Solid  Films  307  (1997)  113. 

[45]  S.  Inoue,  H.  Uchida,  Y.  Yoshinaga,  K.  Koterazawa,  Thin  Solid 
Films  300  (1997)  171. 

[46]  D.  McIntyre,  J.E.  Greene,  G.  Hakansson,  J.-E.  Sundgren,  W.-D. 
Miinz,  J.  Appl.  Phys.  67  (3)  (1990)  1542. 

[47]  M.  Wittmer,  J.  Noser,  H.  Melchior,  J.  Appl.  Phys.  52  (11) 
(1981)  6659. 

[48]  R.  Wiedemann,  H.  Oettel,  Surf.  Eng.  14  (4)  (1998)  299. 

[49]  W.D.  Nix,  Metall.  Trans.  A:  20  (1989)  2217. 

[50]  R.C.  Weast  (Ed.),  Handbook  of  Chemistry  and  Physics,  55th  ed., 
CRC  Press,  Cleveland,  OH,  1974,  p.  D152. 

[51]  H.  Holleck,  J.  Vac.  Sci.  Technol.  A  4  (6)  (1986)  2661. 

[52]  J.  Schiotz,  F.D.  Di  Tolla,  K.W.  Jacobson,  Nature  391  (1998)  561. 

[53]  C.  Mitterer,  P.H.  Mayrhofer,  M.  Beschliesser,  P.  Losbichler,  P. 
Warbichler,  F.  Hofer,  P.N.  Gibson,  W.  Gissler,  H.  Hruby, 
J.  Musil,  J.  Vlcek,  Surf.  Coat.  Technol.  120-121  (1999)  405. 

[54]  Bohler,  Edelstahl-Handbuch,  Bohler,  Kapfenberg,  1989. 

[55]  V.  Tomala,  T.  Hirsch,  P.  Mayr,  Surf.  Eng.  15  (1)  (1999)  59. 

[56]  S.  Suresh,  Fatigue  of  Materials,  Cambridge  University  Press, 
Cambridge,  1991. 


ELSEVIER 


Surface  and  Coatings  Technology  125  (2000)  240-245 


New  coatings  on  metal  sheets  and  strips  produced 
using  EB  PVD  technologies 

S.  Schiller,  Chr.  Metzner  *,  O.  Zywitzki 

Fraimhofer-Institut  fur  Elektronenstrahl  imd  Plasmatechnik  (FEP),  Winterhergstrafie  28,  01277  Dresden,  Germany 

Accepted  13  October  1999 


Abstract 

PVD  coatings  deposited  by  electron  beam  (EB)  evaporation  on  large  metal  sheets  and  metal  strips  are  discussed  and  have 
been  used  for  many  years.  Recently  developed  plasma  activated  technology  has  opened  up  new  potential  applications.  The  new 
coatings  produced  by  EB  PVD  represent  an  outstanding  supplement  to  existing  products.  It  is  verified  that  the  deposition  costs 
are  low  enough  in  comparison  to  competitive  technologies. 

Dense  Ti  layers  are  produced  with  high  deposition  rates  up  to  1000  nms"^  by  EB  evaporation  in  combination  with  effective 
plasma  activation  by  a  spotless  arc  (SAD-process).  The  corrosion  resistance  of  the  coatings  deposited  with  this  SAD  process  and 
an  additional  bias  voltage  can  be  drastically  improved  in  comparison  to  deposition  without  plasma  activation. 

Aluminum  oxide  coatings  were  deposited  by  reactive  EB  evaporation  at  deposition  rates  between  50  and  100  nms  h  The 
influence  of  plasma  activation  using  a  hollow  cathode  low-voltage  electron  beam  (HAD  process)  on  the  structure  and  properties 
of  AI2O3  coatings  have  been  investigated.  It  could  be  shown  that  the  coatings  deposited  with  the  HAD  process  have  a  drastically 
increased  hardness,  higher  density  and  an  improved  chemical  stability  in  comparison  to  the  coatings  deposited  without  plasma 
activation. 

Stone-blasting  resistance  can  be  improved  and  good  formability  of  galvanised  steel  can  be  maintained  by  a  thin  Fe  layer.  The 
Fe  layer  is  deposited  by  high  rate  EB  evaporation  and  then  via  a  subsequent  annealing  process  an  intermetallic  compound  top 
layer  is  created.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  AI2O3;  Electron  beam  evaporation;  Galvanized  steel;  Plasma  activation;  Titanium 


1.  Introduction 

The  use  of  EB  PVD  processes  for  the  coating  of  large 
areas,  such  as  metal  sheets  and  strips,  has  been  investi¬ 
gated  for  many  years.  Some  industrial  applications  are 
corrosion-resistant  coatings,  optical  layer  stacks  and 
thermal  barrier  coatings.  Further  potential  applications 
include  anti-abrasive  and  wear-resistant  coatings,  lubri¬ 
cating  coatings  and  conversion  coatings  for  the  replace¬ 
ment  of  chromating  and  phosphating  [1-3]. 

High  quality  EB  PVD  coatings,  which  are  not  pro- 
duceable  by  conventional  processes  such  as  electrochem¬ 
ical  deposition  (ECD)  or  hot-dipping,  stand  the  best 
chance  for  introduction  into  industrial  applications.  A 
further  demand  is  that  the  coating  costs  are  reasonable 
when  compared  with  those  of  the  competing  processes. 
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Costs  can  be  lowered  through  high  deposition  rates  [4]. 
The  ecological  acceptability  of  the  PVD  technology  is 
another  reason  for  its  future  use. 

The  EB  evaporation  by  axial  guns  allows  very  high 
deposition  rates  of  up  to  several  1000  nms“^  Because 
of  the  low  thermal  energy  of  the  vapor  particles,  the 
condensed  particles  have,  however,  only  a  limited  mobil¬ 
ity.  This  limited  mobility  leads  to  shadowing  effects  and 
to  the  formation  of  coatings  with  columnar  microstruc¬ 
tures  and  high  porosity.  The  coatings  are  in  most  cases 
insufficient  in  their  hardness,  chemical  resistance  and 
adhesion  [5,6]. 

It  has  long  been  known  that  through  the  application 
of  ion  assisted  processes,  such  as  ion  plating  (IP)  and 
ion  beam  assisted  deposition  (IBAD),  considerable 
improvements  in  the  characteristics  of  the  coatings  can 
be  achieved  [7-12].  For  high  rate  EB  evaporation  the 
plasma  densities  must  be  adapted  to  the  high  deposition 
rates  and  to  the  large  coating  areas.  The  activation  of 
the  plasma  by  a  spotless  arc  (SAD  process)  and  its 
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activation  by  a  hollow  cathode  low-voltage  electron 
beam  (HAD  process)  are  presented  here  as  possible 
solutions.  The  maximum  ion  current  density  reached  on 
the  substrate  was  50mAcm"^  with  the  HAD  process, 
whilst  the  SAD  process  reached  up  to  400mAcm“^. 
These  ion  current  densities  are  considerably  higher  than 
when  conventional  methods  are  used.  The  influence  of 
plasma  activating  processes  on  the  structure  and  the 
properties  will  be  demonstrated  using  Ti  and  AI2O3 
coatings  as  examples. 

Another  way  in  which  the  structure  and  properties 
of  a  surface  can  be  tailored  as  desired  is  by  the  evapora¬ 
tion  of  a  thin  coating,  followed  by  diffusion  annealing. 
This  is  shown  in  the  results  achieved  by  coating  of  hot- 
dipped  galvanized  steel  sheets  with  a  thin  iron  layer 
deposited  by  EB  evaporation.  After  an  annealing  pro¬ 
cedure  an  intermetallic  FeZn  top  layer  is  formed. 


2.  Experimental 

2.1.  EB  evaporation  with  plasma  activation  by  spotless 
arc  (spotless  arc  deposition;  SAD  process) 

Arc  discharges  are  very  well  suited  to  plasma  activa¬ 
tion  during  high  rate  EB  evaporation  because  of  their 
high  plasma  density  and  high  degree  of  ionization.  A 
disadvantage  of  the  conventional  arc  evaporation  is  the 
high  energy  density  on  the  root  of  the  arc.  These  leads 
to  a  high  emission  of  droplets.  The  incorporation  of 
droplets  into  the  coating  are  not  wanted  and  can  only 
be  avoided  with  great  technical  eflfort  [13]. 

In  some  metals  the  so-called  spotless  arc  with  an 
extension  of  several  centimeters  appears  after  the  evapo¬ 
ration  material  has  melted.  Owing  to  the  decreased 
energy  density  on  the  root  of  the  arc  the  emission  of 
droplets  is  avoided. 

The  SAD  process  combines  EB  evaporation  with  the 
activation  of  the  plasma  due  to  a  spotless  arc  (Fig.  1). 
The  evaporation  crucible  is  connected  as  the  cathode  of 
the  spotless  arc.  The  anode  function  will  be  taken  on 
by  an  additional  plasma  electrode.  The  spotless  arc  is 


guided  by  the  electron  beam.  The  arc  follows  the  hottest 
area  of  the  molten  evaporation  material.  Typical  dis¬ 
charge  parameters  of  the  spotless  arc  are  between  15 
and  40  V  for  t/Arc  between  600  and  2000  A  for 
/Arc-  The  maximum  ion  current  density  on  the  substrate 
is  400  mAcm"^. 

The  appearance  of  the  spotless  arc  is  linked  primarily 
to  a  sufficiently  high  thermal  emission  of  electrons. 
Therefore  the  formation  of  spotless  arc  is  limited  to 
metals  with  a  high  melting  point  such  as  Ti,  Mo,  Zr 
and  W  [14,15].  For  metals  and  alloys  with  lower  melting 
points,  such  as  FeCrNi  for  example,  a  further  process 
has  recently  been  developed  which  achieves  plasma 
activation  by  spotless  arc  through  the  addition  of  a  rod¬ 
shaped  hot  tungsten  cathode  (rod  cathode  activated 
deposition;  RAD  process)  [16]. 

Ti  coatings  with  thickness  between  5  and  20  pm  on 
steel  of  grade  St  14  will  provide  an  example  of  the 
application  of  the  SAD  process  for  corrosion  protection. 
Deposition  rate  was  varied  between  100  and 
1000  nm  s~^  and  the  substrate  temperature  (Ts)  between 
200  and  800°C. 

2.2.  Reactive  EB  evaporation  with  plasma  activation  by 
hollow  cathode  low-voltage  electron  beam  (hollow 
cathode  activated  deposition;  HAD  process) 

The  HAD  process  combines  high  rate  EB  evaporation 
with  plasma  activation  by  a  hollow  cathode  low-voltage 
electron  beam  (Fig.  2). 

Typical  discharge  parameters  for  the  hollow  cathode 
low-voltage  electron  beam  (LVEB)  are  //lveb  ^ 
/lveb  of  300  A.  Plasma  densities  of  10^^  cm"^  can  be 
achieved.  This  allows  an  effective  plasma  activation  even 
with  high  deposition  rates.  The  maximum  ion  current 
density  on  the  substrate  is  50  mA  cm”^. 

The  effectiveness  of  plasma  activation  on  structure 
and  properties  can  be  shown  using  the  reactive  depos¬ 
ition  of  AI2O3  coatings.  The  EB  will  therefore  be  gener¬ 
ated  in  an  axial  gun  and  guided  onto  the  aluminum 
evaporation  material.  The  reactive  oxygen  gas  will  be 
let  in  a  short  distance  above  the  crucible.  On  the  way 
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Fig.  1 .  Schematic  arrangement  of  the  EB  evaporation  with  plasma  Fig.  2.  Schematic  arrangement  of  EB  evaporation  with  plasma  activa- 
activation  using  the  SAD  process.  tion  using  the  HAD  process. 
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to  the  substrate  both  the  Al  vapor  and  the  reactive  O2 
gas  must  pass  through  the  plasma  zone  of  the  LVEB. 
The  coatings  were  deposited  onto  steel  sheets  of  the 
grade  X10CrA124.  The  deposition  rates  varied  between 
50  and  100  nm  s"^  The  substrate  temperature  was  mea¬ 
sured  with  a  thermocouple  and  varied  between  200  and 
750°C.  Coatings  were  deposited  both  with  the  HAD 
process  and,  to  provide  a  comparison,  with  EB  evapora¬ 
tion  but  without  plasma  activation. 

2.3.  Deposition  of  thin  layer  by  EB  evaporation,  followed 
by  annealing  for  diffusion 

The  deposition  of  a  thin  layer  by  EB  evaporation, 
followed  by  annealing  for  diffusion  will  be  explained 
using  a  thin  iron  layer  on  hot-dipped  galvanized  steel 
sheets. 

The  processes  for  deposition  of  zinc  coatings  are 
highly  developed  in  ECD  and  in  hot-dipping.  A  large 
proportion  of  the  galvanized  sheets  is  used  in  the  var¬ 
nished  state  in  the  automobile  industry.  Galvanized  and 
varnished  sheets,  however,  has  only  a  slight  mechanical 
resistance  to  stone-blasting,  owing  to  the  low  hardness 
of  zinc.  As  a  consequence  the  varnish  adhesion  is  often 
not  sufficient  in  the  case  of  stone-blasting. 

An  established  process  which  improves  the  resistance 
to  stone-blasting  is  the  galvannealing  process,  in  which 
iron  diffuses  from  the  steel  substrate  into  the  zinc 
coating.  This  produces  a  Zn  alloy  with  8-11  wt%  Fe, 
which  consists  completely  of  the  intermetallic  FeZn 
phases.  The  galvannealed  steel  sheet  is  characterized  by 
good  varnish  adhesion  and  good  corrosion  resistance. 
The  disadvantage  is  the  brittleness  of  the  FeZn  phases, 
which  leads  to  a  higher  abrasion  and  to  a  deterioration 
of  the  further  formability. 

The  aim  is  therefore  to  develop  galvanized  sheets 
with  good  corrosion  resistance  and  stone-blasting  resis¬ 
tance  and  with  a  simultaneously  good  formability.  A 
solution  is  expected  in  the  deposition  of  a  thin  iron  layer 
by  EB  evaporation.  This  coating  is  then  diffused  into 
the  zinc  by  a  short  annealing,  procedure.  The  annealing 
temperature  and  duration  are  controlled  so  that  a  FeZn 
top  layer  formation  with  a  thickness  of  1-2  pm  is 
achieved,  whilst  the  formation  of  intermetallic  phases 
from  the  substrate  can  be  almost  completely  avoided. 
The  composite  coating  consists  then  of  a  sublayer  of 
zinc  and  a  top  layer  which  consists  of  intermetallic  FeZn 
phases.  In  this  way  the  good  formability  of  zinc  and  the 
greater  hardness  of  the  intermetallic  FeZn  phases  are  to 
be  combined. 

For  an  undisturbed  diffusion  of  the  Fe  into  the  Zn  it 
is  necessary  to  carry  out  an  intensive  pretreatment  by 
sputter  etching,  in  order  to  completely  remove  oxides 
from  the  surface  of  the  Zn  coating.  Then,  without 
vacuum  interruption,  a  100-200  nm  thick  iron  layer  will 
be  deposited  by  EB  evaporation.  The  next  step  is  a 


short  heating  in  an  inert  gas  atmosphere  to  a  maximum 
temperature  of  400°C,  which  is  also  carried  out  without 
any  vacuum  interruption. 

3.  Results 

3. 1.  Ti  coatings  deposited  by  EB  evaporation  with  plasma 
activation  by  the  SAD  process 

The  influence  of  plasma  activation  by  spotless  arc  on 
the  microstructure  can  be  shown  with  scanning  electron 
microscopy  (SEM)  micrographs  of  the  cross  fractures 
and  the  topographies  of  ca.  5  pm  thick  Ti  coatings, 
which  were  deposited,  at  a  substrate  temperature  of 
220°C,  without  and  with  plasma  activation  using  the 
SAD  process. 

The  Ti  coating  which  was  deposited  without  plasma 
activation  has  a  columnar  microstructure  with  a  compar¬ 
atively  rough  surface.  The  columnar  grains  can  be  seen 
over  the  whole  coating  and  are  orientated  in  the  direction 
of  the  particles  impinging  on  substrate.  The  pronounced 
columnar  microstructure  is  probably  caused  by  a  high 
porosity  along  the  grains  [Fig.  3(a)]. 

In  contrast  the  coating  deposited  by  SAD  process 
has  a  considerably  smoother  surface  and  a  more  com¬ 
pact,  dense  fracture  [Fig.  3(b)]. 

In  addition,  the  corrosion  resistance  of  5-20  pm  thick 
Ti  coatings  was  investigated.  The  coatings  were  depos¬ 
ited  onto  0.8  mm  thick  steel  sheets  of  grade  Stl4  with 
an  average  roughness  value  of  R^=\.2  pm.  The  substrate 
temperatures  were  between  600  and  800'^C. 

To  test  the  corrosion  resistance,  the  sulfur  dioxide 
test  with  general  condensation  of  moisture  [17]  was 
used.  The  criterion  for  sufficient  corrosion  resistance 
was  that  the  red  rust  covering  remained  <  50%  after  60 
test  cycles. 

When  the  spotless  arc  process  was  used,  the  coatings 
that  achieved  a  sufficient  corrosion  resistance  could  be 
considerably  thinner  than  without  plasma  activation. 
Further  improvements  were  possible  by  raising  the  arc 
current  from  600  to  2000  A  and  through  the  additional 
use  of  substrate  bias  voltage  (Fig.  4). 

It  is  remarkable  that  the  considerably  higher  corro¬ 
sion  resistance  brought  about  by  the  use  of  plasma 
activation  could  still  be  found  at  very  high  coating  rates 
of  up  to  1000  nm  s"  ^  This  improvement  in  the  corrosion 
resistance  can  be  explained  principally  by  the  denser 
microstructure  of  the  coatings  which  are  deposited  when 
using  plasma  activation. 

3.2.  coatings  deposited  by  reactive  EB  evaporation 
with  plasma  activation  by  the  HAD  process 

Plasma  activation  by  hollow  cathode  low  voltage 
electron  beam  causes  a  considerable  increase  in  the 
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density  of  the  AI2O3  coatings.  In  addition,  the  stoichio¬ 
metric  composition  of  the  coatings  deposited  with 
plasma  activation  is  nearly  ideal,  the  Al/O  ratio  is  0.66- 
0.7,  whereas  the  coatings  without  plasma  activation 
have  an  Al/O  ratio  of  0.55-0.57,  that  is,  they  contain 
superfluous  oxygen. 

SEM  micrographs  of  coatings  are  shown  as  examples 
of  the  microstructures  which  are  produced  without  and 
with  HAD  process,  both  at  a  substrate  temperature 
j'g  =  500°C.  Even  at  this  rather  high  substrate  temper¬ 
ature  the  coating  deposited  without  plasma  activation 
has  a  porous  columnar  microstructure  and  a  relatively 
rough  surface  [Fig.  5(a)].  On  the  other  hand,  a  coating 
produced  with  the  HAD  process  has  a  glassy  like,  brittle 
fracture  and  a  very  smooth  surface  [Fig.  5(b)]. 

The  structure  of  all  coatings  deposited  at  a  substrate 
temperature  of  600°C  or  lower  is  amorphous.  At  of 


b) 


Fig.  3.  SEM  cross  fracture  and  topography  of  titanium  coatings  depos¬ 
ited  by  EB  evaporation  at  a  substrate  temperature  of  220°C:  (a)  without 
plasma  activation;  (b)  with  plasma  activation  using  the  SAD  process 
(4,,- 600  A;  f/B.as-0V). 
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Fig.  4.  The  thickness  of  Ti  coatings  ‘sufficient’  for  corrosion  resistance 
can  be  drastically  reduced  with  plasma  activation  using  the  SAD  pro¬ 
cess.  A  further  improvement  can  be  achieved  by  increasing  the  arc 
current  and  additional  substrate  bias  voltage  (deposition  rates 
500-1000  nm  s"^;  substrate  temperature  600-800°C). 
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Fig.  5.  SEM  cross-fracture  and  topography  of  AI2O3  coatings  depos¬ 
ited  by  reactive  EB  evaporation  of  aluminum  at  a  substrate  temper¬ 
ature  of  500°C:  (a)  without  plasma  activation  and  (b)  with  plasma 
activation  using  the  HAD  process. 
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700°C  the  coatings  deposited  with  the  HAD  process  are 
crystalline.  The  Y-AI2O3  phase  with  cubic  spinel  structure 
is  identified  by  X-ray  diffraction.  However,  a  coating 
deposited  at  =  without  plasma  activation  is 

still  amorphous  to  X-rays. 

The  plasma  activation  increases  the  hardness  of  the 
coatings  by  a  factor  of  2-3,  depending  on  the  substrate 
temperature  (Fig.  6).  The  coatings  which  are  deposited 
without  plasma  activation  have  up  to  a  substrate  temper¬ 
ature  of  700°C  an  porous  amorphous  structure  and  their 
hardness  is  only  between  4  and  7  GPa,  depending  on 
the  substrate  temperature.  In  contrast  the  hardness  of 
the  dense  amorphous  coatings  deposited  by  the  HAD 
process  at  substrate  temperatures  of  400-600"‘C  is 
12  GPa.  The  formation  of  the  crystalline  y  phase 
involves  a  drastic  increase  in  hardness  to  19  GPa. 

A  drastically  increased  chemical  stability  could  simul¬ 
taneously  be  achieved  in  the  coatings  prepared  with 
plasma  activation.  The  coatings  produced  without 
plasma  activation  had  a  etching  rate,  depending  on  the 
substrate  temperature,  of  430-2600  nm  min  in  phos¬ 
phoric  acid  heated  to  60‘'C.  The  etching  rate  on  coatings 
deposited  with  the  plasma  activation  was  drastically 
reduced  to  8-14nmmin”h  The  crystalline  coating 
resulting  from  the  deposition  at  of  700®C  with  plasma 
activation  is  fully  resistant  to  the  heated  phosphoric 
acid  (Fig.  7). 


Fig.  6.  Influence  of  substrate  temperature  and  plasma  activation  using 
the  HAD  process  on  the  hardness  of  reactive  deposited  AI2O3  coatings. 
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Fig.  7.  Influence  of  substrate  temperature  and  plasma  activation  using 
the  HAD  process  on  the  etching  rate  of  reactive  deposition  AI2O3 
coatings  in  heated  phosphoric  acid. 


3.3.  FeZn  coatings  produced  by  EB  evaporation  onto  hot- 
dipped  galvanized  steel  with  a  subsequent  annealing 
procedure 

As  a  first  process  step  the  removal  of  oxides  on  the 
hot-dipped  galvanized  steel  surface  by  an  intense  sputter 
etching  is  necessary.  A  100-200  nm  thick  iron  layer  was 
then  deposited  by  EB  evaporation  without  an  interrup¬ 
tion  to  the  vacuum.  After  that  a  flash  annealing  pro¬ 
cedure  up  to  a  maximum  temperature  of  400°C  was 
carried  out  in  an  inert  gas  atmosphere. 

The  result  is  a  1-2  pm  thick  intermetallic  FeZn  layer 
with  a  Fe  content  of  ca.  8  wt.%,  as  can  be  seen  in  the 
GDOES  Profile  (Fig.  8).  XRD  phase  analysis  shows 
that  the  layer  consists  primarily  of  the  intermetallic  ^ 
phase  (FeZni3). 

A  metallographic  cross-section  (Fig.  9)  clearly  shows 
a  2  pm  thick  intermetallic  FeZn  layer  which  is  formed 
by  diffusion  annealing.  One  can  also  see  that  the  forma¬ 
tion  of  FeZn  phases  arising  in  the  steel  substrate  inter¬ 
face  could  largely  be  avoided.  The  hardness  of  the  layers 


depth  /  pm 

- Fe  Zn 

Fig.  8.  GDOES  composition  depth  profile  after  an  annealing  procedure 
of  a  200  nm  thick  iron  layer  on  hot-dipped  galvanized  steel.  By  a 
diffusion  process  an  intermetallic  FeZn  top  layer  with  ca.  8  wt.%  Fe 
is  formed. 
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Fig.  9.  SEM  investigation  and  Vicker’s  hardness  measurements  with  a 
constant  load  0.1  gf  on  a  metallographic  cross-section.  At  the  top  an 
ca.  2  pm  thick  intermetallic  FeZn  layer  above  a  6  pm  thick  Zn  sublayer 
can  be  recognized.  The  hardness  for  the  FeZn  layer  is  3.0  GPa,  that 
of  the  Zn  sublayer  is  0.25  GPa  and  that  of  steel  substrate  1.1  GPa. 
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and  the  substrate  were  determined  by  indentations  with 
a  Vicker’s  indenter  at  a  constant  load  of  0.1  gf.  The  size 
of  the  indentations  were  measured  using  SEM.  For  the 
intermetallic  FeZn  top  layer  the  hardness  is  3  GPa,  that 
of  the  zinc  sublayer  0.25  GPa,  and  that  of  the  steel 
substrate  1.1  GPa. 

The  newly  formed  layer  stack  consists  therefore  of  a 
1-2  pm  thick,  hard  intermetallic  FeZn  top  coating  above 
an  ca.  6  pm  thick  soft  zinc  coating.  The  good  formability 
of  zinc  and  the  stone-blasting  resistance  of  the  FeZn 
phases  are  thus  combined  in  this  new  product. 

The  tests  on  stone-blasting  resistance  showed  equally 
good  results  as  those  achieved  with  galvannealed  steel 
sheet,  whose  coating  contains  only  intermetallic  FeZn 
phases.  The  disadvantage  of  galvannealed  steel  sheet, 
that  is,  the  high  abrasion  during  subsequent  deformation 
is  avoided  in  the  new  layer  stack  of  ductile  zinc  and 
intermetallic  FeZn.  Further  the  new  product  has  a  good 
formability  such  as  hot  dipped  galvanized  steel. 


4.  Summary  and  conclusions 

Possible  new  applications  for  high  rate  EB  evapora¬ 
tion  in  connection  with  effective  plasma  processes  have 
been  demonstrated.  The  quality  achieved  in  the  coatings 
is  promising. 

The  use  of  the  SAD  process,  for  example,  leads  to  Ti 
coatings  of  a  high  density  which  are  also  very  resistant 
to  corrosion.  The  coating  thickness  required  to  provide 
sufficient  protection  from  corrosion  can  therefore  be 
dramatically  reduced.  Using  the  HAD  process,  AI2O3 
coatings  can  be  deposited  which  are  two  to  three  times 
harder  than  coatings  deposited  without  the  plasma 
activation,  as  well  as  being  considerably  more  stable 
chemically. 

New  and  improved  properties  could  be  achieved  by 
the  EB  evaporation  of  a  thin  iron  coating  onto  hot- 
dipped  steel  followed  by  annealing.  The  new  product 
has  a  high  stone-blasting  resistance  as  well  as  good 
formability. 

The  processes  introduced  here  offer  great  potential 
for  new  applications  of  EB  PVD  techniques  and  the 


development  of  new  products  at  reasonable  coating 
costs.  The  next  step  must  be  the  transfer  of  the  results 
into  industrial  applications. 
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Abstract 

There  is  a  need  for  chemically  resistant  coatings  that  protect  the  exposed  surface  of  microfluidics  components.  Pinhole  free 
films  with  low  stress  and  a  good  uniformity  on  flat  and  inclined  surfaces  are  required.  In  this  study,  amorphous  silicon  carbide 
(SiC)  thin  films  have  been  deposited  by  RF  magnetron  sputtering  on  flat  surfaces  and  into  micromachined  cavities  of  Si  (100). 
The  variation  of  RF  power,  deposition  pressure  and  substrate  bias  voltage  have  been  studied.  Depending  on  the  deposition 
conditions,  the  film  stress  can  be  adjusted  from  -1400  MPa  to  -j- 100  MPa.  Modifications  of  the  deposition  rate  and  the 
morphology  between  normal  and  inclined  (54.7°)  planes  have  been  observed.  Optimal  chemical  stability  was  found  with  slightly 
compressive  (-100  MPa)  SiC  thin  films.  No  degradation  of  the  protective  layer  has  been  observed  after  3  h  in  KOH  at  80°C. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

In  the  advancement  of  micromachined  transducers 
for  life  science  or  microfluidic  applications  [1],  one 
particularly  challenging  area  is  the  corrosion  resistance 
of  the  devices  in  such  media  as  caustic  gases  or  biological 
systems.  For  this,  inert  protective  coatings  deposited  at 
low  temperature  that  do  not  deteriorate  upon  repeated 
or  continual  exposure  are  required.  Silicon  carbide  has 
long  been  recognized  as  an  ideal  material  for  application 
where  superior  attributes  such  as  hardness,  high  thermal 
conductivity,  low  coefficient  of  thermal  expansion  and 
chemical  and  oxidation  resistance  are  of  primary  value. 
With  heat  conductivity  three  times  greater  than  silicon, 
it  is  well  suited  for  coatings  in  heat  exchanger  applica¬ 
tions.  Its  potential  in  Micro-Electro-Mechanical  Systems 
(MEMS)  was  reported  for  the  first  time  by  Klumpp 
et  al.  in  1994  [2].  Since  then,  it  has  been  used  as  well  as 
protective  coating  [3,4]  or  as  new  sensing  material  in 
harsh  environment  [5-8]. 

Deposition  of  SiC  thin  films  can  be  done  either  by 
Physical  Vapor  Deposition  (PVD)  [9]  or  by  Plasma 
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Enhanced  Chemical  Vapor  Deposition  (PECVD)  [10]. 
As  PVD  is  a  highly  directional  deposition  method,  the 
covering  of  walls  perpendicular  to  the  substrate  may 
not  be  guaranteed.  Although,  owing  to  the  kinetic  energy 
of  the  ions,  PVD  thins  films  may  present  a  better 
adhesion  to  the  substrate  and  a  higher  density.  The  aim 
of  this  study  is  to  evaluate  the  potential  of  PVD  SiC 
thin  films  as  a  protective  coating  for  basic  structures 
such  as  cavities  of  Si  (100)  and  the  influence  of  the 
substrate  shape  (convex  or  concave  edge)  on  the  protec¬ 
tion  behavior. 


2.  Experimental 

Deposition  of  silicon  carbide  thin  films  was  performed 
in  a  Nordiko  2000  magnetron  sputtering  equipment.  RF 
cathode  power  was  applied  on  an  80  mm  diameter 
stoechiometric  SiC  target  in  a  pure  argon  atmosphere. 
Amorphous  SiC  thin  films  were  deposited  at  room 
temperature  (25 ®C)  on  Si02/Si  or  Si  substrates. 

The  measurement  of  the  stress  on  (111)  walls  of 
(100)  silicon  cavities  was  realized  on  flat  samples  tilted 
by  54.T'  during  the  deposition.  The  film  stresses  were 
measured  on  a  Tencor  FLX  stress  analysis  instrument. 
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Table  1 

Process  parameter  ranges 

Parameter 

Range 

Cathode  RF  power  (W) 
Working  pressure  (Pa) 

Substrate  bias  voltage  (V) 

50,  100,  150,  200,  250,  300 
0.53,  1.07,  1.6,  2.13,  3.19,  4.26 
-13,  -25,  -48,  -100 

The  influence  of  the  shape  of  the  substrate  on  the 
protection  behavior  of  the  film  was  evaluated  by  using 
micromachined  cavities  of  Si  (100).  Etching  resistance 
experiments  were  conducted  in  40%  KOH  solution  at 
80'"C.  At  this  temperature,  the  etching  rate  of  silicon 
along  its  (100)  orientation  is  about  100  pm/h  [11]. 


3.  Results  and  discussion 

3. 1.  Deposition  of  SiC  thin  films  on  fiat  substrate, 
parametrical  study 

A  parametrical  study  of  PVD  SiC  thin  films  was 
carried  out  in  order  to  evaluate  the  influence  of  different 
parameters  such  as  the  applied  cathode  RF  power,  the 
working  pressure  and  the  substrate  bias  voltage  on  the 
deposition  rate,  the  film  stress  and  the  chemical  composi¬ 
tion.  All  the  films  were  deposited  at  room  temperature 
with  25  seem  pure  argon  flow.  The  parameter  values  are 
listed  in  Table  1. 

Depending  on  the  applied  cathode  RF  power,  the 
deposition  rate  ranged  from  3.5nm/min  to  18nm/min 
(see  Fig.  1). 

As  the  deposition  rate  decreases,  the  oxygen  contami¬ 
nation  increases.  With  a  base  pressure  before  deposition 
of  0.27  mPa,  the  contamination  rate  of  oxygen  can  be 


Fig.  1.  Deposition  rate  and  film  stress  as  a  function  of  the  cathode 
RF  power. 


estimated  to  one  monolayer  per  second.  This  is  shown 
by  the  XPS  analysis  (see  Fig.  2). 

At  low  power  (SOW),  the  atomic  oxygen  content  is 
about  49  at.%  The  analysis  showed  that  oxygen  is  not 
just  incorporated  in  the  SiC  thin  films  but  bonded  to 
silicon  atoms  to  form  silicon  oxide.  As  silicon  oxide  is 
also  etched  by  KOH,  a  lower  protection  capability  of 
these  films  is  expected.  At  high  power  (300  W),  the 
atomic  concentration  of  oxygen  is  less  than  3  at.%  and 
the  peak  position  of  C  Is  at  283.5  eV  corresponding  to 
the  C— Si  bond  was  observed. 

The  film  stress  can  be  controlled  by  adjusting  the 
working  pressure  as  well  as  by  applying  a  bias  voltage 
on  the  substrate  (see  Fig.  3). 

Above  1  Pa,  stress  tends  to  a  slight  compressive  value 
of  -60  MPa.  At  low  pressure  (0.5  Pa),  high  compressive 
stress  (—800  MPa)  was  measured.  The  application  of  an 
external  bias  voltage  on  the  substrate  leads  to  densifica- 
tion  of  the  film.  The  measured  stress  is  then  highly 
compressive  (-1200  MPa)  and  the  delamination  of  the 
film  occurs.  Due  to  the  low  concentration  of  silicon 
oxide  and  the  weak  compressive  stress,  the  films  depos¬ 
ited  at  high  power  (200-300  W)  are  expected  to  present 
better  chemical  stability. 

3.2.  Properties  and  morphology  of  SiC  thin  films 
deposited  on  inclined  substrate 

Real  structures  on  devices  often  present  a  54.7°- 
inclined  (111)  wall  due  to  (100)  silicon  bulk  microma¬ 
chining.  Thus,  the  transition  zone  between  flat  and 
inclined  substrate  can  exhibit  complex  stress  that  can 
lead  to  the  formation  of  singularities  and  cracks.  In 
order  to  measure  the  stress  on  an  inclined  substrate, 
small  flat  samples  were  tilted  by  54.7°  during  the  depos¬ 
ition.  Fig.  4  shows  the  variation  of  film  stress  as  a 
function  of  the  deposition  angle. 


Fig.  2.  At.%  oxygen  and  film  stress  as  a  function  of  the  cathode  RF 
power. 


248 


N.  Ledernumn  et  ai.  /  Surface  and  Coatings  Technology  125  ( 2000)  246-250 


-200 

-400 

-600 

3 

-800  % 
(S 

w 

w 

-1000 

TJ 

-1200 

-1400 

-1600 


working  pressure  (Pa) 

Fig.  3.  Influence  of  (a)  working  pressure  and  (b)  substrate  bias  voltage  on  the  deposition  rate  and  film  stress. 


The  difference  between  the  two  curves  may  originate 
from  the  different  intensity  of  ion  bombardment  and 
different  distribution  of  incidence  direction  of  atoms. 
The  stress  on  inclined  walls  is  the  same  as  that  on  a  flat 
substrate  in  an  intermediate  power  range.  SEM  observa¬ 
tions  showed  that  the  deposition  on  an  inclined  or  flat 
substrate  leads  to  different  morphologies.  Fig.  5(a) 
shows  the  junction  point  between  flat  and  inclined  wall 
of  a  (100)  Si  cavity.  On  the  flat  substrate,  the  SiC  thin 
film  (deposited  at  200  W)  is  dense  and  no  grain  structure 
is  found.  On  an  inclined  wall,  a  growth  structure 
appears.  This  is  shown  in  more  detail  by  Fig.  5(b)  where 
a  2.1  pm  thick  SiC  film  has  been  deposited  on  a  54.7°- 
tilted  substrate.  The  film  is  also  dense  but  a  growth 
structure  can  be  observed  in  this  case.  Finally,  the 
thickness  on  inclined  wall  represents  about  85%  of  the 
total  thickness  on  the  flat  substrate. 


Fig.  4.  Influence  of  the  angle  incidence  and  the  cathode  RF  power  on 
film  stress  (film  thickness:  500  +  40  nm). 


3.3.  Etching  resistance  of  SiC  thin  films  in  KOH 

First,  the  etching  resistance  of  SiC  thin  films  on  the 
flat  substrate  was  evaluated.  Excellent  chemical  stability 
(5  h  in  KOH  40%  at  80°C)  was  observed  for  low  stress 
thin  films  (deposited  at  200-300  W,  1.07  Pa,  25  seem 
Ar,  25°C).  On  a  polished  substrate,  only  200  nm  thick 
films  are  sufficient  for  use  as  a  masking  layer  during 
KOH  bulk  micromachining,  with  respect  to  the  corro¬ 
sion  behavior.  The  use  of  low  stress  SiC  thin  films  as 
masking  layer  can  be  a  solution  when  there  is  a  need  to 
replace  the  high  tensile  stress  (+1400  MPa)  Low 
Pressure  Chemical  Vapor  Deposition  (LPCVD)  silicon 
nitride  [12,13]. 

Second,  the  etching  resistance  and  the  protective 
behavior  of  SiC  thin  films  deposited  on  micromachined 
cavity  of  Si  (100)  were  measured.  As  the  roughness  on 
the  bottom  of  the  cavity  is  about  70  nm,  the  deposition 
time  was  adjusted  in  order  to  obtain  2  pm  thick  films. 
The  investigated  samples  are  summarized  in  Table  2. 
The  protection  behavior  was  optically  observed  and  the 
etching  resistance  time  corresponds  to  the  appearance 
of  the  first  defect  (pinholes,  delamination)  on  the 
structure. 

At  low  RF  power  (50  and  100  W),  SiC  thin  films 
exhibit  a  high  compressive  stress  and  a  concentration  of 
atomic  oxygen  of  about  40  to  50%.  This  leads  to 
the  delamination  of  the  coating  after  several  minutes  in 
the  KOH  bath.  As  the  deposition  power  is  increased, 
the  compressive  stress  is  reduced  and  the  concentration 
of  silicon  oxide  also  decreases.  At  200  W,  the  stress  is 
still  compressive  (—235  +  20  MPa)  and  the  atomic  con¬ 
centration  of  oxygen  can  be  estimated  to  15%.  This  high 
concentration  can  explain  the  fact  that  pinholes  have 
been  formed  on  the  bottom  of  the  (100)  cavity  after 
15  min  in  KOH.  At  300  W,  the  SiC  thin  film  present  a 
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Fig.  5.  (a)  SEM  cross-section  of  the  junction  point  between  flat  and  54.7°  inclinded  film  (300  W,  1 .07  Pa)  (b)  SEM  cross-section  of  a  SiC  thin  film 
deposited  on  a  54.7°  tilted  substrate  (200  W,  1.07  Pa). 


Table  2 

Samples  investigated  for  KOH  etching  test  in  (100)  Si  cavity 


Cathode  RF  power  (W) 

Etching  resistance  time 

50 

delamination  on  top,  5  min 

100 

delamination  on  top,  5  min 

200 

Pinholes,  15  min 

300 

Resistant,  180  min 

low  stress  in  the  range  of  ±  50  MPa  with  less  than 
3  at.%  oxygen.  Protective  coating  made  using  these 
conditions  exhibits  a  high  resistance  in  KOH  and  seems 
to  be  indefinitely  resistant.  No  delamination  and  no 
pinhole  were  observed  (see  Fig.  6). 

Finally,  these  results  are  similar  to  those  obtained 
with  amorphous  hydrogenated  silicon  carbide  (a-SiC:H) 
thin  films  deposited  by  PECVD  [10].  In  that  case,  an 
optimal  protection  behavior  was  also  obtained  with  low 
compressive  stress  (-80  MPa)  thin  films.  Although,  for 
thin  films  deposited  by  PECVD,  the  substrate  temper¬ 
ature  was  350"'C  compared  to  room  temperature  for 
PVD. 


Fig.  6.  SEM  micrograph  of  a  (100)  Si  cavity  protected  by  a  2  pm  SiC 
layer  after  1 80  min  in  KOH  40%  at  80  +  2°C. 


4.  Conclusions 

The  parametric  study  of  PVD  silicon  carbide  thin 
films  has  shown  that  film  stress  is  mostly  compressive 
and  can  be  adjusted  from  — 1400  MPa  to  almost 
-f- 100  MPa  depending  on  the  deposition  conditions.  It 
was  demonstrated  that  PVD  silicon  carbide  thin  films 
offer  superior  protective  capabilities  of  simple  silicon 
microstructures  in  40%  KOH  at  80°C.  Thus,  an  excellent 
conformal  deposition  on  (100)  Si  cavity  was  observed. 
The  best  protective  behavior  was  obtained  with  2  pm 
low  stress  thin  films  deposited  at  300  W  cathode  RF 
power,  exhibiting  a  very  low  silicon  oxide  concentration 
(less  than  3  at.%  O).  This  work  provides  a  new  perspec¬ 
tive  in  the  development  of  sensors  for  harsh  environ¬ 
ment,  such  as  heat  exchangers  or  microevaporators. 
Further  work  will  include  evaluation  of  the  mechanical 
properties  of  the  films  and  adhesion/covering  investiga¬ 
tion  on  rough  substrates. 
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Abstract 

The  mechanisms  for  changes  in  the  structure-phase  state,  microhardness,  and  wear  resistance  have  been  investigated  for  carbide 
inserts  made  of  type  T15K6  (WC-15TiC-6Co)  hard  alloy,  irradiated  with  a  low-energy  (20-30  keV,  high-current 
(~  10^  A  cm"^)  electron  beam  of  duration  2.5  ps.  Using  transmission  electron  microscopy,  it  has  been  established  that  the  pulsed 
melting  of  the  near-surface  (~1  pm)  layer  results  in  the  formation  of  a  subgrain  structure  in  the  binding  phase,  segregation  of 
nanosized  carbide  particles  in  the  near-boundary  regions,  and  the  allotropic  transformation  of  WC.  The  irradiation  increases  by 
about  three  times  the  durability  of  the  inserts  at  elevated  cutting  rates  for  steels.  The  increase  in  durability  is  associated  with  the 
efficient  hardening  of  the  Co  binder  immediately  on  irradiation  and  with  its  high  thermal  stability  being  retained  in  the  process 
of  cutting  due  to  the  stability  of  the  dislocation  substructure  provided  by  second-phase  segregates.  ©  2000  Elsevier  Science  S.A. 
All  rights  reserved. 

Keywords:  Cemented  carbides;  Pulsed  electron-beam  treatment 


1.  Introduction 

Enhancement  of  the  wear  resistance  of  hard-alloy 
(cemented  carbides)  inserts  still  remains  an  urgent  prob¬ 
lem.  A  possible  way  of  solving  this  problem  is  pulsed 
thermal  surface  treatment  with  concentrated  energy 
flows.  This  statement  is  based  on  the  results  obtained 
with  the  use  of  a  laser  (pulse  duration  t^10"^s)  [1] 
and  high-power  ion  beams  (t=10”'^  s)  [2].  It  has  been 
shown  [3]  that  a  promising  technique  for  improving  the 
performance  of  machine  parts  and  tools  (carbide  inserts 
included)  is  treatment  of  the  working  surfaces  with  a 
low-energy  (20-30  keV),  high-current  ('-lO^Acm"^) 
electron  beam  (LEHCEB)  of  microsecond  duration  in 
surface  melting  modes.  With  this  type  of  treatment  (e.g. 
for  iron),  the  following  thermal  treatment  conditions 
are  typically  realized:  the  molten  layer  thickness  is 
10 “"^-10”^  mm;  the  melt  lifetime  is  -^10“^s,  and  the 
maximum  cooling  rate  from  melt  and  the  maximum 
velocity  of  the  crystallization  front,  both  achieved  at  the 
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surface,  are  ^  10^  K s"^  and  -5  m s"S  respectively.  As 
a  result  of  quick  quenching  from  melt,  highly  dispersed 
metastable  structure-phase  states  are  formed  which 
improve  the  performance  of  the  material. 

The  goal  of  the  study  was  to  investigate  the  effect  of 
LEHCEB  treatment  on  the  microhardness  and  durabil¬ 
ity  of  the  inserts  and  to  elucidate  the  mechanisms  for 
the  enhancement  of  its  wear  resistance  by  monitoring 
the  evolution  of  the  structure-phase  state  of  the  cutting 
edge  in  the  process  of  cutting. 


2.  Experimental 

Wear  testing  was  performed  for  commercial  pentahe¬ 
dral  (11x11x5  mm)  inserts  made  of  type  T15K6  (WC- 
15TiC-6Co)  hard  alloy.  For  microhardness  (H^)  meas¬ 
urements  and  structural  investigations  the  flat  rear  sur¬ 
faces  of  the  inserts,  previously  polished,  were  used.  The 
evolution  of  the  microstructure  in  the  process  of  cutting 
was  investigated  for  model  inserts  (2  x  3  x  15  mm).  The 
commercial  inserts  and  samples  were  irradiated  on  a 
set-up  described  elsewhere  [3].  The  electron  beam 
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parameters  were  as  follows:  electron  energy  is  20- 
30  keV,  t  =  2.5  ps,  energy  density  £'s  =  0.8-3  J  cm“^,  and 
number  of  pulses  N—5.  The  signs  of  surface  melting 
visible  in  an  optical  microscope  were  observed  for 
£*5=  1.2  J  cm^^.  Wear  testing  for  the  commercial  inserts 
was  carried  out  using  lathe  machining  of  steel  40X 
(0.4%  C,  1%  Cr)  at  a  speed  of  i;=  10-300  m  min"\  a 
feeding  rate  of  iS  =  0.14  rev  min"\  a  depth  of  ^/=  1.5  mm 
and  for  10  min.  To  compare  the  wear  of  the  inserts, 
curves  of  h{L)  (with  h  being  the  height  of  the  wear  area 
on  the  rear  surface  and  L  the  cutting  path  length)  were 
constructed.  Using  the  normal  wear  portions  of  these 
curves,  the  dependencies  of  the  relative  linear  wear  T 
on  V  were  constructed.  The  model  inserts  were  irradiated 
with  £'3  =  2.5  Jcm“^  and  N=5.  Their  testing  was  per¬ 
formed  with  i;=  100  m  min“\  S=0.14  rev  min“^  and 
d=  1  mm.  The  testing  time  was  10,  20  and  120  s,  which 
corresponded  to  the  stage  of  running-in,  normal  wear, 
and  the  transition  to  the  stage  of  fracture,  respectively. 
Structural  investigations  were  carried  using  optical 
metallography,  scanning  electron  microscopy  (SEM), 
X-ray  diffraction  (XRD)  and  transmission  electron 
microscopy  (TEM).  Foils  were  prepared  by  one-sided 
electrolytical  thinning  of  thin  plates.  The  procedure  of 
preparation  of  foils  allowed  an  examination  of  the 
microstructure  at  various  distances  from  the  working 
surface. 

The  dislocation  density  <p>  was  measured  by  two 
methods:  by  the  method  of  secant  [4]  for 
<p><5  X  10^^  cm”^,  and  by  the  method  described  in 
Ref  [5]  for  <p>>5x  10^^ cm”^. 

The  effect  of  irradiation  on  the  strength  properties 
and  structure-phase  state  of  the  material. 

Fig.  1  presents  the  relative  wear  as  a  function  of 
speed.  For  v<  --'200  m  min" irradiation  has  an  insig¬ 
nificant  effect  on  the  durability  of  the  inserts.  For 
i;  =  300  m  min"^,  the  wear  is  observed  to  decrease  about 
threefold.  With  that,  the  degree  of  enhancement  of  wear 
resistance  depends  on  only  weakly.  Given  in  Fig.  2  is 
the  dependence  of  the  surface  (in  the  initial  state 

=  1700  kg  mm"^).  Measurements  performed  on  cross 


Fig.  1.  Dependence  of  the  relative  wear  of  T15K6  carbide  inserts  on 
cutting  speed. 


Fig.  2.  Dependence  of  the  surface  microhardness  of  T15K6  carbide 
inserts  on  energy  density. 

sections  have  shown  that  the  of  irradiated  specimens 
at  depths  over  5-10  pm  corresponds  to  that  of  unaffected 
specimens,  that  is,  variations  in  occur  only  in  a  thin 
surface  layer.  We  call  attention  to  the  absence  of  any 
correlation  between  and  the  durability  of  the  irradi¬ 
ated  inserts,  namely,  notwithstanding  the  abrupt 
decrease  in  at  £3.>2Jcm"^,  the  durability  of  the 
inserts  at  i;  =  300mmin"^  is  much  in  excess  of  the 
starting  one  (Fig.  1). 

According  to  the  data  of  optical  metallography  and 
SEM,  there  are  three  phases  in  the  unaffected  structure 
of  the  T15K6  alloy:  WC  (bright  grains),  solid  solution 
of  WC  and  TiC  in  cobalt  playing  the  role  of  binding 
(dark  grains),  and  solid  solution  of  WC  in  TiC  (grey 
grains)  [Fig.  3(a)].  Even  at  £3=  1.2  J  cm interphase 
boundaries  are  molten  and  separate  microcracks  appear 
[Fig.  3(b)].  For  £3(2Jcm"^,  intense  melting  of  the 
surface  layer  is  observed  and  microcraters  of  diameter 
up  to  5  pm  and  long  microcracks  are  formed  [Fig.  3(c)]. 
An  examination  of  cross-sections  revealed  changes  in 
the  microstructure  only  in  a  thin  remelted  surface  layer 
of  thickness  no  more  than  a  few  micrometers.  This 
correlates  with  microhardness  measurements. 

According  to  the  XRD  data,  being  in  agreement  with 
Refs.  [6,7],  the  diffraction  pattern  of  the  initial  state 
contains  the  lines  of  a-WC  (hex)  and  the  lines  of  the 
(Ti,  W)C  with  an  fee  lattice  as  well  as  the  lines  of  Co. 
After  irradiation,  the  angular  positions  of  the  lines  and 
their  half-widths  remained  almost  unchanged  for  both 
carbide  phases.  The  intensity  of  the  a-WC  lines  gradually 
decreased,  while  that  of  the  cubic  (Ti,  W)C  lines 
increased  with  increasing  £3  as  compared  to  the  initial 
state.  For  £s<1.2  Jem”^,  these  changes  were  insignifi¬ 
cant  and  might  be  related  to  extra  dissolving  of  WC  in 
(Ti,  W)C.  For  E^>2  J  cm"^  on  the  contrary,  the  inten¬ 
sity  of  the  lines  of  a-WC  was  observed  to  abruptly 
decrease.  This  was  accompanied  by  the  appearance  of 
metastable  WC  (fee).  Thus,  the  abrupt  decrease  of  the 
volume  fraction  of  a-WC,  observed  for  £3>2Jcm"^, 
was  related  to  its  liquid-phase  dissolving  in  the  TiC 


Y.F,  JvanoY  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  251-256 


253 


lattice  [7]  and  to  the  formation  of  the  metastable  cubic 
WC  on  rapid  quenching  from  the  melt.  Note  that  the 
formation  of  WC  (fee)  was  observed  on  laser  quenching 
of  BK8  (WC-8C0)  alloy  from  the  liquid  state  [1]. 

TEM  investigations  have  confirmed  and  supple¬ 
mented  the  XRD  data.  The  unaffected  state  contains 
micron-sized  crystallites  of  carbides  and  interlayers  of 
the  binding  material  between  the  crystallites.  The  dislo¬ 
cation  structure  of  the  cobalt  binder  is  highly  inhomo¬ 
geneous:  the  dislocation  density  <p>  in  the  binder  varies 
in  the  range  of  5  x  10^-5  x  10^^  cm“^.  In  the  carbide 
phase  (WC)  <p>  is  low  (^  10^  cm“^).  In  the  Co  binder, 
regions  with  a  maximum  dislocation  density  are 
observed,  as  a  rule,  near  the  WC  grain  boundaries. 
Irradiation  noticeably  changes  the  structure-phase  state 
only  in  the  near-surface  region  of  thickness  <  1  pm.  As 
the  threshold  for  contact  melting  of  the  carbide  and 
binding  phases  is  achieved  (1.2  J  cm"^),  only  the  binder 
is  modified  and  a  subgrain  structure  is  observed  to  form: 
nanosized  particles  of  the  second  phase  (supposedly, 
C03W9C4  carbide)  are  found  at  interphase  boundaries. 
These  changes  become  more  pronounced  in  the  intense 
melting  mode  (2.0-2. 7  J  cm“^):  almost  the  whole  of  the 
binding  phase  acquires  subgrain  (0.1 -0.2  pm)  structure 
[Fig.  4(a)].  The  volume  fraction  of  the  C03W9C4  par¬ 
ticles  increases  noticeably.  With  that,  these  particles  are 
found  not  only  along  the  carbide-binding  interfaces,  but 
also  in  the  near-boundary  regions  of  both  the  binder 
and  the  original  carbide  crystallites  [Fig.  4(b)].  In  addi¬ 
tion,  the  micrographs  also  show  reflexes  corresponding 
to  new  disperse  segregates  which  we  failed  to  identify. 
After  irradiation,  the  inhomogeneity  of  the  original 
dislocation  substructure  of  the  material  is  retained. 


3.  Evolution  of  the  substructure  in  the  process  of  cutting 

TEM  studies  have  shown  that  in  the  cutting  process, 
the  substructure,  in  the  cutting  edge  of  both  irradiated 
and  unirradiated  tools  changes  both  in  the  Co  binder 
and  in  the  WC  grains.  In  the  binder,  the  dislocation 
density  increases.  In  WC  grains,  strain  occurs  mainly 
by  twinning.  With  that,  the  structures  showing  maxi¬ 
mum  <p>  values  in  the  binder  and  maximum  density  of 


twins  in  the  WC  are  formed  at  depths  of  2-80  pm  from 
the  wear  surface.  Fig.  4(c-f )  presents  typical  images  of 
these  microstructures.  At  a  cutting  time  of  10  s 
(running-in  stage),  in  an  irradiated  insert  a  developed 
grid  dislocation  structure  is  formed  both  in  the  binder 
and  in  the  WC.  The  average  dislocation  density  in  the 
material  is  '^4x  10^^ cm"^,  which  is  noticeably  higher 
than  that  in  the  unirradiated  material.  In  crystallites  of 
WC,  along  with  the  dislocation  substructure,  microtwins 
are  observed  which  are  arranged,  in  the  main,  without 
any  order.  The  misorientation  of  the  defect  substructure, 
estimated  by  the  relative  smear  of  reflexes,  is  4°.  Inside 
the  binder  and  at  the  interphase  boundaries,  nanosized 
segregates  of  second  phases  are  detected.  These  struc¬ 
ture-phase  changes  testify  to  an  efficient  strain  hardening 
of  the  irradiated  material  in  the  process  of  cutting.  In 
an  unirradiated  insert,  the  inhomogeneity  of  the  defect 
structure  inherent  in  the  unaffected  material  is  retained. 
An  elevated  <p>  (up  to  ^^5  x  10^®  cm"^)  is  observed 
only  in  the  binder  regions  bordering  the  carbide  grains. 
In  some  cases,  segregates  of  second  phases  are  observed. 
Furthermore,  micropores  and  microcracks  are  formed 
which  are  located  along  the  binder-carbide  interphase 
boundaries  [Fig.  4(c)].  The  absence  of  signs  of  strain 
hardening  and  the  presence  of  micropores  point  to  the 
reduced  strength  of  the  interphase  boundaries  and  of 
the  material  as  a  whole  as  compared  to  the  previously 
irradiated  material. 

Increasing  the  time  to  20  s  (normal  wear  stage)  leads 
to  further  strain  hardening  of  the  cutting  edge  of  the 
irradiated  inserts.  This  shows  up  in  the  formation  in  the 
binder  of  a  misoriented  (^5°)  dislocation  structure  with 
a  high  <p>  (^7  X  10^^  cm “^)  [Fig.  4(d)].  The  misorien¬ 
tation  regions  are  70-90  nm  in  size.  The  characteristics 
of  the  defect  substructure  in  WC  (dislocation  structure, 
presence  of  twins)  are  essentially  the  same  as  for  the 
10  s  time.  An  increase  in  time  results  in  an  increase  in 
the  volume  fraction  of  second  phase  segregates.  In  an 
unirradiated  insert  with  the  given  time,  the  changes  in 
the  defect  structure  of  the  binding  and  carbide  phases 
and  in  the  volume  fraction  of  the  second  phase  segregates 
are  insignificant  as  compared  to  the  running-in  stage 
(10  s).  The  decreased,  compared  to  unirradiated  inserts, 
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Fig.  4.  TEM  images  of  the  cutting  edge  of  T15K6  carbide  inserts  after  irradiation  (a  and  b)  and  cutting  (c-f ). 


<p>  (3.5  X  10^^  cm  testifies  to  a  lesser  strength  of  the 
material. 

For  an  irradiated  insert,  increasing  the  time  to  120  s 
was  accompanied  by  further  strain  and  dispersion  hard¬ 
ening  of  the  cutting  edge.  In  the  cobalt  interlayer,  the 
scalar  dislocation  density  increases  to  ~10^^  cm"^  and 
the  misorientation  of  the  substructure  elements  reaches 
-6°  [Fig.  4(e)].  In  the  carbide  phase  crystallites, 
multiple  twinning  is  observed  [Fig.  4(f)].  However,  as 
distinct  from  the  preceding  case  (20  s),  signs  of  fracture 
of  the  material  (micropores  and  microcracks)  are 
observed.  For  an  unirradiated  insert,  the  defect  substruc¬ 
ture  of  the  material  for  the  given  time  is  presented  by 
dislocation  grids  with  <p>  -'4xl0^®cm~^  which  is 
substantially  lower  than  that  for  an  irradiated  insert. 

The  results  are  given  in  Fig.  5  showing  the  dislocation 
density  in  the  cobalt  interlayer  as  a  function  of  distance 
X  from  the  cutting  surface.  The  scale  of  depths  is 
conventional  (with  the  scale  division  being  -'5iim); 
however,  the  sequence  of  changes  in  the  substructure  is 
reflected  adequately.  Irrespective  of  the  cutting  time,  the 


depth  distribution  of  dislocations  in  the  cutting  edge 
was  highly  nonmonotonic  in  character.  This  is  most 
pronounced  for  irradiated  inserts.  The  maximum  of  <p> 
is  observed  at  a  distance  from  the  surface  of  the  cutting 
edge,  and,  as  the  time  is  increased,  this  maximum  shifts 
into  the  bulk.  For  irradiated  inserts,  the  peak  values  of 
<p>,  irrespective  of  the  time,  are  higher  than  those  for 
unirradiated  inserts.  In  addition,  in  irradiated  inserts 
the  thickness  of  the  layer  with  an  elevated  <p>  increases 
with  time  roughly  linearly  from  ^^5  pm  (at  10  s)  to  SO¬ 
TO  pm  (at  120  s),  while  in  unirradiated  inserts  this  thick¬ 
ness  increases  insignificantly. 


4.  Discussion 

Let  us  consider  the  structural  mechanisms  that  might 
be  responsible  for  the  change  in  surface  microhardness 
on  irradiation.  In  the  mode  of  initial  (contact)  surface 
melting  (1.2  J  cm“^),  the  modification  of  the  Co  binder 
occurs  in  the  main.  This  modification  consists,  first,  in 
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Fig.  5.  The  depth  distribution  of  the  dislocation  density  in  the  cutting 
cutting  times. 

its  saturation  with  W,  Ti  and  C  atoms  due  to  partial 
dissolving  of  the  carbide  phases  resulting  in  solid-solu¬ 
tion  hardening  of  the  binder.  The  formation  of  an 
oversaturated  Co-base  solid  solution  is  evidenced  by  the 
fact  that  the  morphology  of  the  crystallites  changes 
from  edged  (in  the  original  state)  to  oval  (after  irradia¬ 
tion)  (see  Fig.  3).  Second,  nanosized  carbides  of  the 
C03W9C4  type  are  segregated  which  results  in  dispersion 
hardening  of  the  binder  [8].  Third,  a  subgrain  structure 
is  formed  which  is  responsible  for  substructural  harden¬ 
ing  [see  Fig.  4(a  and  b)].  The  major  mechanism  for  the 
binder  hardening  is  solid-solution  hardening.  The  contri¬ 
bution  of  the  two  other  mechanisms  is  insignificant 
because  of  the  small  volume  fraction  of  the  binder  where 
the  relevant  effects  are  observed.  It  follows  that  in  this 
mode,  solid-solution  hardening  of  the  binding  phase  is 
the  main  reason  for  the  increase  in  (see  Fig.  2). 

In  the  mode  of  uniform  melting  of  the  near-surface 
layer  (2-2.7  J  cm”^),  both  the  Co  binder  and  WC 
change  in  state.  In  the  binder,  a  subgrain  structure  is 
formed  and  C03W9C4  particles  are  segregated  in  notice¬ 
able  amounts.  These  factors  promote  the  hardening  of 
the  binder.  WC  experiences  an  allotropic  transformation 
resulting,  in  the  given  irradiation  modes,  in  a  decrease 
in  for  the  material  as  a  whole,  since  the  hardness  of 
WC  (fee)  is  lower  than  that  of  a-WC. 

Let  us  now  analyse  the  reasons  for  the  enhancement 
of  the  wear  resistance  of  the  inserts  on  irradiation.  It  is 
well  known  that  at  high  speeds  the  diffusion  wear 
mechanism  is  dominant  [9].  Its  essence  is  that  the  high 
temperature  and  intense  plastic  strain  in  the  contact 
zone  give  rise  to  mutual  dissolving  of  the  components 
of  the  insert  and  the  steel.  The  solubility  of  WC  in  the 
Co(Fe)  substitutional  solid  solution  is  much  higher  than 
in  Co  in  the  original  state  [10,11].  This  results  in  a 
decrease  in  ot-WC  fraction  and  in  the  formation  of 
complex  carbides  of  the  FeW3C  type  [10].  Moreover, 
the  squeezing  out  of  the  pliable  binder  leads  to  its  galling 
which  has  the  result  that  the  bonds  between  carbide 
grains  weaken.  Eventually,  the  cutting  edge  becomes 
brittle  and  fractures  [12]. 


X,  pm 

edge  of  T1K6  carbide  inserts  before  and  after  irradiation  for  various 


Irradiation  of  the  material  in  the  initial  melting  mode 
leads  to  saturation  of  the  near-boundary  regions  of  the 
Co  binder  with  W,  Ti  and  C  atoms.  This  hampers  the 
diffusion  of  iron  atoms  into  the  binder  and  prevents 
a-WC  crystallites  from  decomposition  [12].  The  suppres¬ 
sion  of  diffusion  processes  in  the  zone  of  contact  of  the 
insert  with  the  steel  should  enhance  the  wear  resistance 
of  the  insert. 

In  the  process  of  high-speed  cutting,  there  occurs 
intense  plastic  deformation  of  the  cutting  edge  which  is 
accompanied  by  annealing  of  defects  in  the  near-surface 
contact  zone.  For  unirradiated  inserts,  the  relaxation  of 
cutting  stresses  has  the  result  that  a  comparatively 
depth-homogeneous  dislocation  structure  with  a  low 
dislocation  density  is  formed  in  the  cobalt  binder  (see 
Fig.  4).  This  structure  has  reduced  hardness  and 
strength.  At  high  temperatures  and  shear  stresses,  the 
binder  is  squeezed  within  a  short  time  with  the  formation 
of  micropores  in  the  material  and  wears. 

Preliminary  pulsed  melting  hardens  the  Co  binder 
due  to  the  formation  of  a  subgrain  structure  and  segre¬ 
gation  of  second  phase  particles  [see  Fig.  4(b)].  Such  a 
structure  is  known  to  show  enhanced  strength.  It  does 
not  fracture  for  a  certain  time  in  the  process  of  cutting. 
Within  this  time,  owing  to  intense  thermomechanical 
loading,  a  dislocation  structure  stabilized  with  new 
second  phase  segregates  has  time  to  form  in  the  sublayer. 
This  structure  seems  also  to  show  elevated  strength.  As 
the  cutting  time  increases,  the  sublayer  modified  in  the 
process  of  cutting  grows  in  thickness.  The  strength  of 
this  layer  increases  proportionally  to  and  to  the 

density  of  nanosized  second  phase  segregates  [8]. 
Efficient  hardening  of  the  binder  in  the  process  of  cutting 
is  also  shown  by  multiple  twinning  in  the  WC  carbide 
phase  [Fig.  4(f)].  Once  the  surface  layer  has  worn,  its 
functions  are  fulfilled  by  the  sublayer  formed  in  the 
process  of  cutting.  This  assures  low  wear  of  the  irradi¬ 
ated  inserts  for  a  long  time  as  compared  on  to  unirradi¬ 
ated  ones. 

Thus,  for  high  speeds,  the  main  reason  for  the 
enhancement  of  wear  resistance  of  inserts  subjected  to 
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preliminary  pulsed  melting  is  the  modification  of  the  Co 
binder  in  the  near~surface  layer  through  the  formation 
of  segregates  of  nanosized  carbide  particles  and  of  a 
subgrain  structure.  In  the  process  of  cutting,  as  the  near¬ 
surface  layer  wears,  a  dislocation  structure  resistive  to 
high  thermomechanical  loading  has  time  to  form.  Its 
stability  is  due  to  the  fact  that  dislocations  are  fixed  by 
nanosized  second  phase  segregates  formed  in  the  process 
of  cutting. 
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Abstract 

Ternary  transition-metal  nitride  coatings  of  (Ti,Zr)N,  (Ti,Nb)N  and  (Zr,Nb)N  were  deposited  using  a  triple  cathode  vacuum 
arc  deposition  system  by  simultaneously  operating  two  cathodes  of  the  appropriate  metals  in  a  low-pressure  nitrogen  background. 
The  magnetically  collimated  plasma  flux  distribution  was  measured  using  a  13-element  ion  saturation  current  probe.  The 
microstructure,  composition,  and  hardness  of  the  coatings  were  determined  using  X-ray  diffraction,  Auger  electron  spectroscopy, 
and  Vickers  indentation,  respectively. 

The  plasma  flux  distribution  had  two  peaks  whose  relative  positions  were  related  to  the  two  cathodes.  Coatings  applied  to 
extended  substrates  had  a  compositional  gradient.  In  almost  all  cases,  the  ternary  nitrides  had  a  single-phase  solid-solution 
microstructure,  whose  lattice  constants  had  values  intermediate  between  those  of  the  parent  binary  nitrides.  The  ternary  coatings 
were  considerably  harder  than  either  of  the  parent  binary  nitrides.  (Ti,Nb)N  had  the  highest  microhardness:  ~50  GPa.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Hardness;  Structure;  Ternary  nitrides;  Transition  metals;  Vacuum  arc  deposition 


1.  Introduction 

Hard  coatings  of  TiN  and  similar  materials  are  widely 
used  to  increase  the  work  life  and  productivity  of  cutting 
and  forming  tools.  Initially,  simple  binary  materials  such 
as  TiN,  CrN,  and  ZrN  were  favored  for  these  applica¬ 
tions.  Increasingly,  however,  more  complicated  materials 
are  being  studied  and  used,  including  multi-layer  coat¬ 
ings  [1-3],  and  ternary  materials  including  Ti(C,N)  and 
(Ti,Al)N  [4-6].  Coatings  with  multiple  gas  components 
are  readily  fabricated  reactively,  by  admitting  a  mixture 
of  the  requisite  gases  into  the  deposition  chamber. 
Deposition  of  coatings  with  multiple  metallic  compo¬ 
nents  requires  the  use  of  an  alloy  source  [5-7],  a 
segmented  source  [8,9],  or  co-deposition  from  multiple 
sources  [9,10]. 

Co-deposition  of  hard  multi-component  nitride  coat¬ 
ings  has  been  relatively  little  explored,  albeit  that  it 
affords  research  flexibility.  Various  compositions  can  be 
fabricated  by  varying  the  relative  strength  of  the  various 
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sources  in  a  sequence  of  deposition  cycles,  or  by  arrang¬ 
ing  the  substrates  within  the  deposition  apparatus  such 
that  they  are  exposed  to  varying  relative  fluxes  from  the 
sources  during  a  single  deposition  run.  The  present 
group,  in  a  previous  report,  described  the  co-deposition 
of  Ti-Zr-N  and  Ti-Nb-N  coatings  in  a  multi-cathode 
vacuum  arc  deposition  apparatus,  and  their  microstruc¬ 
ture  and  morphology  [10].  Solid  solutions  were  found 
to  form  in  both  systems,  with  crystalline  grain  sizes  in 
the  20-30  nm  range.  Although  the  configuration  used 
led  to  a  composition  gradient  across  the  coated  substrate 
[11,12],  the  properties  of  the  coatings  as  a  function  of 
the  composition  were  not  explored.  In  this  paper  we 
present  the  dependence  of  the  structure  and  microhard¬ 
ness  of  multi-component  coatings  on  composition.  In 
addition,  the  previously  developed  methodology  is 
extended  to  investigate  also  the  Zr-Nb-N  system. 


2.  Experimental  setup  and  apparatus 

The  coatings  were  prepared  in  a  triple-cathode 
vacuum  arc  deposition  system  [13,14].  The  cathodes 
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TRIGGER  MECMANISM  GATE  VALVE 
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SAMPLES 


Fig.  1.  Schematic  diagram  of  the  triple-cathode  vacuum  arc  deposition  system:  (a)  side  view,  (b)  end  view,  showing  the  relative  placement  of  the 
Nb  and  Zr  cathodes  in  the  cathode  plane,  and  the  substrate  placement  in  the  substrate  plane. 


were  fabricated  of  Ti  (99.9%),  Zr  (99.95%)  and  Nb 
(99.5%).  Each  cathode  was  54  mm  in  diameter,  and  the 
three  cathodes  were  equally  spaced  on  a  50  mm  diameter 
circle  on  the  end  flange  of  the  system  (Fig.  1).  Each 
cathode  had  a  separate  trigger  electrode  that  physically 
contacted  the  side  of  the  cathode  to  ignite  the  arc.  In 
any  given  experiment,  one  or  two  cathodes  were  oper¬ 
ated  simultaneously,  with  currents  of  200  A  each.  The 
cathodes  faced  a  common  water-cooled  anode  having 
the  form  of  a  40  mm  thick  plate  with  54  mm  diameter 
apertures  aligned  with  the  cathodes. 

Plasma  formed  at  cathode  spots  was  transported 
through  the  anode  apertures  and  along  a  160  mm  diame¬ 
ter  duct  to  a  substrate  holder  located  560  mm  from  the 
cathode  plane.  Four  250  mm  average  diameter  magnetic 
field  coils  (Fig.  1)  collimated  the  plasma  beams.  The 
axial  locations  and  on-axis  strengths  are  given  in  Table  1. 

The  substrates  were  mounted  on  a  holder  located 
560  mm  from  the  cathode  plane.  In  some  experiments, 
a  13-element  probe  was  placed  at  the  substrate  plane  to 
measure  the  distribution  of  ion  flux.  As  shown  in  Fig.  2, 
the  elements  were  arranged  in  three  concentric  circles  of 
radii  (ri,  ^2,  r3)  =  (25,  37.5,  50)  mm  plus  a  central  ele¬ 
ment.  The  probes  were  biased  at  —40  V  with  respect  to 
the  anode,  and  the  currents  to  each  of  the  probes  were 
measured  simultaneously. 

The  substrates  were  20  x  6.5  x  5  mm^  WC-Co  bars. 
The  surface  to  be  coated  was  finely  polished.  Because 


Tabic  1 

Location  of  magnetic  field  coils,  and  the  magnetic  field  in  their  center 


2  (mm) 

B  (mT) 

Coil  1 

-135 

2 

Cathode  plane 

0 

Coil  2 

135 

2 

Coil  3 

400 

10 

Substrate  plane 

560 

Coil  4 

670 

10 

of  the  off-axial  location  of  the  cathodes  and  the  magnetic 
field  configuration,  the  centers  of  the  various  beams  did 
not  coincide  [11,12].  The  substrates  were  placed  in  the 
region  generally  between  the  beam  centers,  and  thus 
generally  received  flux  from  both  sources,  and  were  thus 
coated  with  a  multi-component  film.  Furthermore,  the 
coating  on  extended  substrates  had  a  compositional 
gradient,  with  the  relative  contribution  from  a  given 
source  decreasing  with  the  distance  from  its  beam  center. 
To  study  the  composition  distribution,  two  substrates 
were  placed  on  the  substrate  plane  parallel  to  the  line 
connecting  the  active  cathodes  as  shown  in  Fig.  1. 
Nitrogen  gas  was  introduced  into  the  system  near  the 
substrate.  The  gas  flow  was  regulated  to  maintain  a  set 
pressure  in  the  range  of  0.67-2  Pa.  The  coatings  were 


11 


Fig.  2.  Location  of  the  individual  elements  in  the  13-element  ion  flux 
probe.  The  relative  darkness  of  each  element  is  proportional  to  the 
average  ion  flux  measured  during  simultaneous  operation  of  Nb  and 
Zr  cathodes,  as  configured  in  Fig.  1 . 
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deposited  at  a  substrate  temperature  of  400°C  and  with 
an  applied  bias  voltage  to  the  substrate  of  —40  V. 

The  compositional  gradient  was  exploited  to  study 
the  microhardness  of  the  coatings  as  a  function  of 
composition.  The  composition  was  determined  using 
Auger  electron  spectroscopy,  and  the  hardness  using 
Vickers  indentation  at  loads  of  0.5  to  1  N,  both  as  a 
function  of  nitrogen  pressure,  and  of  position  on  the 
substrate.  The  coating  thickness  for  the  microhardness 
study  was  2.4-3  pm. 


3.  Results 

3.  L  Plasma  flux  distribution 

The  plasma  flux  distribution  obtained  when  operating 
the  Nb  and  Zr  cathodes  shown  in  Fig.  1  is  illustrated  in 
Fig.  2  —  the  ‘gray  level’  representing  each  element  of 
the  13-element  probe  is  proportional  to  the  average  ion 
current  detected  at  that  probe.  The  distribution  appa¬ 
rently  had  a  peak  to  the  right  of  and  below  element  2, 
and  a  weaker  peak  below  element  12.  Presumably  these 
peaks  correspond  to  the  center  of  the  Nb  and  Zr  plasma 
beams  respectively. 

3.2.  Structure 

The  phase  composition,  angular  positions  of  the 
diffraction  maxima,  texture  and  grain  size  of  binary 
(TiN,  ZrN,  NbN),  and  ternary  [(Ti,Zr)N,  (Ti,Nb)N] 
coatings  are  summarized  in  Table  2.  It  may  be  seen  that: 
(1)  in  all  cases  a  single-phase  composition  was  formed 
(except  for  Ti-Nb-N  deposited  at  P  =  2Pa);  (2)  the 
(Ti,Zr)N  coating  had  a  columnar  structure,  similar  to 
that  of  binary  TiN  and  ZrN,  whereas  in  the  case  of 
(Ti,Nb)N  the  coating  is  built  of  equiaxed  grains,  i.e.  a 
legacy  from  NbN  which  is  also  built  of  equiaxed  grains; 
(3)  the  diffraction  maxima  of  the  ternary  coatings  lie 
between  those  of  appropriate  binary  nitrides,  and  thus 
the  lattice  parameter  of  (Ti,Zr)N  is  between  that  of  the 


TiN  and  ZrN  and  similarly,  that  of  (Ti,Nb)N  is  between 
that  of  TiN  and  NbN. 

3.3.  Microhardness 

The  Ti  fraction  and  microhardness  measured  with  a 
load  of  0.5  N  in  Ti-Zr-N  and  Ti-Nb-N  coatings  as 
functions  of  deposition  nitrogen  pressure  for  samples 
placed  on  the  system  axis  are  shown  in  Fig.  3.  The  Ti 
fraction  decreased  with  nitrogen  pressure  in  both  exam¬ 
ples.  However,  the  microhardness  was  minimized  at  the 
intermediate  pressure  of  1.33  Pa  in  Ti-Zr-N,  whereas  it 
was  maximized  there  for  Ti-Nb-N. 

The  microhardness  of  (Ti,Zr)N  and  (Ti,Nb)N  coat¬ 
ings  as  a  function  of  the  Zr/(Zr  +  Ti)  and  Nb/(Nb-FTi) 
fractions  is  shown  in  Fig.  4.  These  results  were  obtained 
from  binary  nitride  samples  and  from  two  different 
samples  of  ternary  nitrides  deposited  using  the  same 
process,  but  having  different  compositions  because  of 
their  different  positions  in  the  chamber.  In  both  cases 
the  microhardness  is  highest  at  some  intermediate  com¬ 
position  between  pure  TiN  at  the  one  extreme,  and  ZrN 
or  NbN  at  the  other. 

3.4.  Composition  and  microhardness  hardness 
distribution 

Fig.  5(a)  presents  the  composition  distribution  of  a 
(Nb,Zr)N  coating  deposited  at  P  =  0.67  Pa,  and  the 
microhardness  distribution  measured  with  a  load  of  1  N 
along  the  length  of  the  samples,  positioned  as  shown  in 
Fig.  1.  The  Nb  and  Zr  contents  were  highest  at  those 
positions  closer  to  the  respective  beam  centers  (as  seen 
in  Fig.  2),  as  might  be  expected.  The  N  content  was 
somewhat  higher  in  the  Zr-rich  coatings.  The  hardness 
data  had  considerable  scatter.  However,  the  maximum 
values  were  found  in  the  Nb-rich  portion  of  the  sample. 

Fig.  5(b)  presents  the  dependence  of  the  Vickers 
hardness  on  the  Nb/(Nb  +  Zr)  ratio.  It  was  obtained  by 
using  the  results  from  Fig.  5(a)  by  first  fitting  the 
Nb/(Nb-l-Zr)  ratio  dependence  on  position  to  a  second- 


Table  2 

XRD  peaks,  structure,  texture,  and  grain  size  of  binary  and  related  ternary  nitrides 


Coating 

P(Pa) 

Phase  composition 

20(111) 

20  (200) 

20  (220) 

20(311) 

Structure 

Texture 

Grain  size  (nm) 

ZrN 

0.67;  1.33 

6-ZrN 

33.9 

39.2 

56.9 

67.9 

columnar 

{111} 

22-32 

(Ti,Zr)N 

0.67;  1.33 

6-(Ti,Zr)N 

35.1 

41.1 

59.3 

70.0 

columnar 

{111} 

30 

2 

5-(Ti,Zr)N 

35.0 

41.0 

59.0 

69.7 

columnar 

{111} 

30 

TiN 

0.67 

5-TiN 

36.6 

42.9 

64.1 

73.8 

columnar 

{111},  {200} 

30-50 

(Ti,Nb)N 

0.67 

6-(Ti,Nb)N 

35.6 

41.7 

60.5 

71.5 

equiaxed 

20 

1.33 

6-(Ti,Nb)N 

36.2 

41.4 

61.0 

71.9 

equiaxed 

20-30 

2 

5-(Ti,Nb)N  +  5-NbN 

36.1 

42.0 

60.0 

72.0 

equiaxed 

30 

NbN 

0.67-1.33 

5-NbN 

35.1 

40.7 

59.4 

70.5 

equiaxed 

25 
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Fig.  3.  Composition  and  niicrohardness  of  (Ti,Nb)N  and  (Ti,Zr)N  coatings  as  functions  of  nitrogen  pressure  dining  deposition. 


order  polynomial  in  order  to  translate  position  to  a 
single  value  of  the  ratio,  and  then  plotting  the  measured 
microhardness  (in  general  measured  at  slightly  different 
positions  than  the  composition)  against  the  computed 
composition.  The  0  and  100%  points  were  obtained 
from  separate  binary  ZrN  and  NbN  samples  deposited 
under  the  same  conditions  and  having  a  thickness  of 
2.5-2. 8  pm.  The  hardness  versus  composition  data  was 
fitted  by  third-order  polynomial  function,  shown  as  the 
solid  curve.  It  may  be  seen  that  the  microhardness  of 
the  ternary  nitride  is  higher  than  that  of  the  correspond¬ 
ing  binary  nitrides,  as  was  observed  in  the  (Ti,Zr)N  and 
(Ti,Nb)N  coatings. 


4.  Discussion 

It  is  known  that  in  the  ternary  nitride  systems  of 
Group  IV-VI  transition  metals,  continuous  ranges  of 
solid  solutions  (MeI^.MeIIi_^)N  with  NaCl-type  face- 
centered  cubic  structures  exist.  Such  solid  solutions  may 
be  considered  as  quasi-binary  systems  of  two  cubic 
nitrides,  e.g.  5-(MeI)N  and  5(MeII)N  [15]. 

In  the  Ti-Zr-N  coatings,  only  single-phase  ternary 
nitrides,  with  different  Ti:Zr  ratios  depending  on  the 
nitrogen  pressure  and  sample  position,  were  found. 
Columnar  grains  with  a  strongly  preferred  (111)  orienta¬ 
tion  were  observed,  similar  to  that  in  TiN  and  ZrN  [13]. 
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X  [mm] 


Nb/(Nb+Zr) 


Fig.  5.  Composition  and  microhardness  of  (Zr,Nb)N  coatings:  (a)  as  functions  of  position  on  the  substrate;  (b)  microhardness  as  a  function  of 
composition. 


Similarly,  other  researchers  who  studied  Ti-Zr-N  coat¬ 
ings  deposited  by  different  physical  vapor  deposition 
techniques  reported  the  formation  of  the  single-phase 
ternary  nitride  for  a  wide  range  of  Ti:Zr  ratios  [8,9,16], 
and  with  a  (111)  oriented  columnar  structure  [8,9].  The 
lattice  parameter  of  Ti^Zr^-^N  was  between  the  values 
of  that  for  binary  TiN  and  ZrN  and  almost  directly 
dependent  on  x  (Vegard’s  rule)  with  slight  positive 
deviation  [9,16].  Knotek  and  Barimani  [16]  showed  that 
single-phase  (Ti,Zr)N  coatings  undergo  spinodal  decom¬ 
position  after  annealing  at  1000°C  for  3  h  to  form  a 
solution  of  (Ti,Zr)N  +  (Zr,Ti)N,  where  the  first  is  TiN 
enriched  with  Zr  and  the  second  is  ZrN  enriched  with 
Ti.  The  spinodal  decomposition  is  well  described  for 
bulk  ternary  nitrides  [15]. 

As  in  our  case,  in  most  reported  researches  the 


hardness  of  a  ternary  solid  solution  is  higher  than  that 
of  the  appropriate  binary  nitrides  [9,17],  similar  to  that 
observed  in  the  bulk  ternary  carbide  and  nitride  systems 
[15].  The  increased  hardness  is  due  to  solid  solution 
strengthening,  possibly  because  of  the  energy  barrier  for 
dislocation  movement  through  the  crystals  by  the  distor¬ 
tion  of  the  lattice  [9].  However,  in  the  (Ti,Zr)N  coatings 
deposited  by  Knotek  et  al.  [17]  using  a  cathodic  arc, 
the  Knoop  microhardness  measured  on  5-7  pm  thick 
coatings  were  25  GPa,  30  GPa,  33.5  GPa  and  32  GPa 
(all  ±2  GPa)  for  TiN,  Tio.5Zro.5N,  Tio.252:ro.75N  and 
ZrN  respectively.  Thus  the  hardest  ternary  material  was 
only  slightly  harder  (i.e.  within  experimental  uncer¬ 
tainty)  than  ZrN.  They  also  observed  that  the  increased 
hardness  was  accompanied  by  decreased  scratch  critical 
load  of  the  ternary  nitrides  with  respect  to  the  parent 
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binary  nitrides.  Donohue  et  al.  [9]  also  observed 
increased  hardness  for  the  ternary  nitrides,  but  accompa¬ 
nied  by  increased  scratch  critical  load.  In  most  cases, 
the  performance  of  cutting  tools  with  the  ternary  coat¬ 
ings  was  enhanced  relative  to  binary  nitride  coated  tools 
[3,17-19]. 

In  the  Ti-Nb-N  system,  the  phase  composition 
depended  on  the  deposition  pressure.  Thus,  the  high 
pressure  (2  Pa)  deposited  coating  had  a  two-phase  com¬ 
position  consisting  of  ternary  5-(Ti,Nb)N  and  5-NbN. 
It  must  be  noted  that  the  hardness  of  this  two-phase 
coating  was  much  less  than  that  of  the  single-phase 
5-(Ti,Nb)N  coatings  (Fig.  3).  In  contrast  to  (Ti,Zr)N, 
the  (Ti,Nb)N  coatings  had  an  equiaxial  structure  (as 
did  arc-deposited  5-NbN  [14]).  The  ternary  coatings 
exhibited  a  very  high  microhardness  ('^50GPa), 
approximately  the  same  as  that  of  superlattice  TiN- 
NbN  coatings  [20]. 

Few  data  on  the  physical,  mechanical  and  tribological 
properties  of  (Ti,Nb)N  coatings  have  been  previously 
presented  [4,21].  Coatings  deposited  using  steered  arc 
ion  plating  had  a  room  temperature  nanohardness  of 
(28  +  4  GPa),  higher  than  that  of  TiN  (23.8  +  7  GPa). 
These  values,  however,  are  much  less  than  those  in  the 
present  study.  The  high  temperature  (900°C)  nanohard¬ 
ness  of  (Ti,Nb)N  was  the  highest  among  TiN,  (Ti,Al)N, 
Ti(CN),  and  showed  excellent  cutting  performance 
when  drilling  Cr-Mo  steels,  much  higher  than  other 
coatings  studied  in  that  work  [21]. 


5.  Conclusions 

Vacuum  arc  deposited  ternary  nitride  coatings  had  a 
single-phase  solid  solution  structure.  Their  lattice  con¬ 
stants  were  between  those  of  their  parent  binary  com¬ 
pounds.  The  hardest  of  the  ternary  coatings  was  harder 
than  either  of  the  parent  binary  materials. 
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Abstract 

TiAlN/CrN  superlattice  coatings  show  excellent  surface  oxidation  resistance  up  to  900°C,  with  an  as  deposited  hardness 
maximum  of  HK  3400  (bi-layer  3.8  nm).  Coated  M2  high  speed  steel  and  cemented  carbide  samples  have  been  examined  by 
scanning  electron  microscopy  (SEM)  and  energy  dispersive  X-ray  analysis  (EDX)  after  heat  treatment  in  air  between  600°C  and 
1000°C  to  study  the  influence  of  the  oxidation  behaviour.  X-ray  diffraction  (XRD)  and  thermogravimetric  (TG)  measurements 
were  performed  on  the  uncoated  substrates  to  gain  an  overall  picture  of  the  oxidation  stability  of  the  plain  substrate  materials  at 
high  temperatures.  Globular  oxides  were  observed  on  coated  cemented  carbide  at  700°C,  while  on  M2  high  speed  steel  similar 
oxides  did  not  form  below  800°C.  The  small  globular  oxides  were  gradually  replaced  by  spherical  oxides  mainly  formed  out  of 
substrate  material.  Initially  oxidation  starts  at  the  bottom  of  pores  or  craters  produced  by  small  droplets  or  by  growth  defects 
grown  on  the  droplets.  The  droplets  were  deposited  during  the  cathodic  arc  metal  ion  step  whereas  the  growth  defects  developed 
during  film  growth.  Some  detached  growth  defects  formed  craters  through  which  oxidation  products  formed  from  the  substrate 
material.  Elements  from  the  substrate  penetrated  to  the  coating  surface  at  temperatures  far  below  the  actual  oxidation  temperature 
of  TiAlN/CrN  (900°C),  namely  at  temperatures  as  low  as  VOO'^C  (on  cemented  carbide).  On  M2  and  stainless  steel  SS304,  this 
type  of  localised  oxidation  was  observed  at  temperatures  equal  to  and  above  900''C.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Cathodic  arc  deposition;  Oxidation  behaviour;  PVD  coatings;  Superlattice  structure;  Unbalanced  magnetron  deposition 


1.  Introduction 

Physical  vapour  deposited  TiAlN  coatings  are  used 
in  dry  cutting  operations,  because  of  their  high  oxidation 
temperature  (SSO^'C)  and  their  wear  resistance  [1,2].  To 
further  improve  the  hardness  and  the  oxidation  resis¬ 
tance,  TiAlN/CrN  multilayer  coatings  were  produced 
leading  to  an  increase  in  hardness  up  to  HK0.25  3400 
and  an  increase  in  oxidation  temperature  of  up  to  900°C. 
Previous  investigations  showed  that  the  oxidation  resis¬ 
tance  of  this  coating  increases  as  the  CrN  component 
of  the  multilayer  increases.  The  superlattice  coating  has 
an  equal  layer  thickness  of  CrN  and  TiAlN  of  3.8  nm 
[3].  The  coating  is  produced  by  using  the  combined 
cathodic  arc/unbalanced  magnetron  sputter  technique 
(ABS®).  The  cathodic  arc  chromium  metal  ion-etching 
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Step  is  an  important  step  in  the  combined  technique.  It 
allows  high  and  reliable  adhesion  values  for  PVD  hard 
coatings  on  steel  substrates  [4].  One  of  the  drawbacks 
of  the  cathodic  arc  deposition  are  macroparticles  gener¬ 
ated  in  the  metal  ion  etching  stage  which  result  in  the 
formation  of  growth  defects  [4-8].  In  a  previous  paper 
[7],  it  was  shown  that  the  size  and  the  number  of 
droplets  are  substantially  reduced  by  the  cathodic  arc 
Cr  metal  ion  etch.  However,  the  few  remaining  droplets 
are  causing  a  shadowing  effect  underneath  the  droplet, 
which  results  in  an  attenuated  ion  and  deposition  flux. 
The  defect  structure  that  surrounds  a  droplet  leaves  a 
low-density  zone  or  even  a  gap  between  the  growth 
defect  grain  structure  and  the  coating  [8].  In  other  cases 
the  droplets  and  the  defects,  grown  on  the  droplets,  may 
be  expelled  from  the  coating  during  film  growth  due  to 
compressive  stresses  generated  by  the  growing  film, 
causing  craters  [5].  The  influence  growth  defects  on  the 
localised  oxidation  behaviour  of  TiAlN/CrN  superlattice 
coatings  deposited  on  cemented  carbide  (CC)  and  M2 
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Fig.  1.  (a)  Continuous  TG  measurement  on  CC  and  M2  Fig.  (b) 
Continuous  TG  measurement  on  coated  SS  and  the  uncoated 
substrate. 

high  speed  steel  substrates  of  the  substrate  materials 
was  investigated  using  Scanning  Electron  Microscopy 
(SEM)  and  Energy  Dispersive  X-ray  Analysis  (EDX). 


2.  Experimental  details 

The  TiAlN/CrN  coatings  were  deposited  by  the 
ABS®  technology  using  a  Hauzer  HTC  1000-4  physical 
vapour  deposition  machine.  This  machine  comprises 
four  targets  operated  simultaneously  in  a  reactive  atmo¬ 
sphere  [1].  Prior  to  the  coating  step  the  substrates  were 
exposed  to  high  negative  bias  voltage  (  — 1.2  kV)  steered 
arc  chromium  metal  ion  etching  treatment.  The  chro¬ 
mium  metal  ion  etch  minimises  the  number  of  droplets 
produced  [6].  The  remaining  three  targets  were  TiAl 
targets.  All  targets  were  operated  at  8  kW  in  the  coating 
step;  details  are  given  in  Ref.  [3].  Under  these  condi¬ 
tions,  the  coating  was  grown  with  approximately  equally 
thick  TiAlN  and  CrN  layers  with  a  bi-layer  thickness 
of  3.8  nm  [3].  The  substrate  materials  used  were  M2 
high  speed  steel  (M2),  cemented  carbide  (CC)  and 
stainless  steel  304  (SS),  polished  to  a  roughness  of 
Ra  =  0.01  mm  finish. 

The  samples  were  heat  treated  in  a  furnace  in  air  at 
600,  700,  800,  900  and  1000°C  for  1  h.  The  temperature 


Fig.  2.  (a)  Oxidised  CC  substrate  with  W  indicating  the  monoclinic 
version  of  WO3  and  WB  the  triclinic  form.  CW  denotes  C0WO4.  (b) 
Oxidised  M2  substrate.  MAG  denotes  Fe304,  HEM  denotes  Fe203 
and  FWC  denotes  the  mixed  FeCr204  oxide.  FE  is  iron. 

during  the  heat  treatment  was  controlled  with  an  accu- 
racy  of  ±3X.  After  each  heat  treatment  the  samples 
were  examined. 

A  Cahn  TG  131  was  used  for  the  thermogravimetry 
work.  The  samples  were  continuously  heated  to  1000°C 
(at  50°C/min  to  400°C  and  from  400°C  to  1000°C  at 
1‘^C/min)  using  a  flow  rate  of  12.6  ml/min  in  dry  air. 

The  specimens  were  examined  by  a  SEM  (Philips  XL 
40)  at  20  kV  accelerating  potential  for  the  imaging 
mode.  The  EDX  analysis  was  performed  using  an  ultra- 
thin  window  in  front  of  the  detector  at  a  lower  accelerat¬ 
ing  voltage  of  10  kV. 

The  X-ray  diffraction  (XRD)  was  performed  using 
monochromatic  Cu-K^  radiation  with  Bragg-Brentano 
geometry.  The  phases  present  were  identified  using 
powder  diffraction  files  data  [9]. 


3.  Results  and  discussion 

The  TG  measurements  in  Fig.  la  revealed  that  the 
CC  used  starts  to  oxidise  rapidly  at  temperatures  above 
700°C.  In  contrast  to  CC,  rapid  oxidation  in  M2  high 
speed  steel  does  not  occur  before  900°C.  The  weight 
gain  of  cemented  carbide  is  higher  than  that  of  M2  and 
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Fig.  3.  (a)  Low  magnification  survey  from  the  as  received  coating  surface.  A  crater  is  indicated  through  an  arrow,  (b)  Oxides  appear  on  the  bottom 
of  a  crater  on  coated  CC  at  700X.  (c)  Oxide  formation  on  coated  CC  initiated  local  cracking  of  the  coating  at  800°C. 


SS  by  factors  of  5  and  100,  respectively,  when  heated 
to  1000°C.  Cemented  carbide  is  well  known  for  its  rapid 
oxidation  behaviour  starting  at  temperatures  as  low  as 
600°C  [10].  Therefore,  it  needs  a  protective  coating  to 
enable  it  to  be  used  in  high-speed  cutting  operations. 

XRD  diffraction  patterns  of  the  surface  of  CC  and 
M2  heat  treated  at  900°C  (CC)  and  1000°C  (M2) 
respectively  are  shown  in  Fig.  2.  The  oxides  identified 
on  CC  were  two  different  phases  of  tungsten  oxide, 
WO3,  one  with  a  monoclinic  crystal  structure  (JCPDS 
24-747)  and  the  other  with  a  triclinic  crystal  structure 
(JCPDS  20-1323),  together  with  a  mixed  tungsten  cobalt 
oxide,  C0WO4,  with  a  cubic  crystal  structure  (JCPDS 
15-867)  [9].  The  mixed  C0WO4  oxide  resulted  from  the 
oxidation  of  the  cobalt  binder  used  in  liquid  phase 
sintering  of  the  tungsten  carbide  matrix.  On  M2,  hema¬ 
tite  (JCPDS  24-0072)  Fe203,  magnetite  (JCPDS 


19-0629)  Fe304  and  a  mixed  FeCr204  (JCPDS  24-0512) 
oxide  were  identified.  The  M2  substrate  material  was 
not  fully  oxidised,  as  can  be  seen  from  the  presence  of 
the  remaining  iron  (JCPDS  06-0696)  peaks  in  the  XRD 
pattern  in  Fig.  2b. 

Examination  at  low  magnification  of  the  surface  of 
the  as  deposited  coating  using  SEM  showed  the  presence 
of  growth  defects  and  craters  (Fig.  3a),  Droplets  pro¬ 
duced  by  the  cathodic  arc  metal  ion  etch  led  to  growth 
defects  in  the  coating,  which  can  extend  from  the 
substrate  to  the  coating  surface  [8],  Because  of  the 
inherent  high  residual  compressive  stresses  in  the  coat¬ 
ing,  some  defects  become  detached  [5]  resulting  in  the 
formation  of  craters  as  pointed  out  by  the  arrow  in 
Fig.  3a.  After  heat  treatment  of  coated  CC  samples, 
oxides  were  formed  at  the  bottom  of  craters  at  temper¬ 
atures  as  low  as  700°C  (Fig.  3b).  On  CC,  increasing  the 
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temperature  to  900°C  leads  to  a  significant  increase  in 
oxide  formation  in  the  crater,  which  results  in  cracking 
of  the  adjacent  coating  (Fig.  3c).  EDX  analysis  of  the 
oxidation  product  in  the  crater  showed  the  presence  of 
both  tungsten  and  oxygen  (Fig.  4a).  The  presence  of  the 
element  tungsten  in  the  oxides  formed  in  the  crater 
clearly  shows  that  these  oxides  are  formed  by  the 
oxidation  of  the  substrate.  Previous  XRD  measurements 
on  the  oxidised  substrate  would  indicate  that  these  were 
of  WO3.  A  possible  mechanism  for  the  formation  of 
cracks  in  the  coating  adjacent  to  craters  containing 
oxide  is  the  high  volume  expansion  of  tungsten  oxide 
relative  to  that  of  tungsten  (38%  increase  in  volume). 
In  contrast  to  CC  local  oxidation  of  substrate  material 
in  holes  occurred  at  higher  temperatures  on  M2.  The 
first  oxides  were  observed  at  700°C  on  CC  and  at  900°C 
on  M2.  This  result  is  not  surprising  as  the  TG  analysis 
clearly  showed  that  CC  oxidises  at  a  significantly  lower 
temperature  than  M2. 

Another  form  of  oxidation  is  shown  in  the  micro¬ 
graph  in  Fig.  5a  at  700°C  on  coated  CC.  At  low  magni¬ 
fications,  accumulations  of  very  small  globular  defects 


keV 


were  observed  on  CC  as  pointed  out  by  the  arrows  in 
Fig.  5a.  At  higher  magnifications  (Fig.  5b)  a  more  or 
less  continuous  coating  is  observed  covered  with  smaller 
and  larger  sized  globular  oxides.  Only  a  small  concen¬ 
tration  of  substrate  elements  are  observed  for  coated 
CC  oxidised  at  800°C  as  shown  in  Fig.  4b.  This  special 
defect  may  be  correlated  to  areas  where  the  droplet  and 
the  growth  defect  were  expelled  during  film  growth  and 
the  crater  created  has  been  partially  filled  with  coating 
material  [5].  Pores  formed  in  the  under-dense  region  at 
the  rim  of  the  growth  defect  on  the  deposited  film 
material  allowed  localised  oxidation.  Further  oxidation 
led  to  the  formation  of  spherical  oxides  as  shown  in  the 
micrograph  in  Fig.  5c  and  the  appearance  of  substrate 
materials  as  shown  in  the  EDX  spectrum  in  Fig.  4c  at 
800''C  on  coated  CC.  Similar  shaped  defects  were 
observed  on  coated  M2.  An  EDX  spectrum  in  Fig.  4d 
taken  at  900®C  showed  the  occurrence  of  Fe  and  O  on 
surface  of  the  coated  M2  steel.  However,  on  coated  M2 
this  defect  formation  was  in  general  less  pronounced 
than  that  on  coated  CC  and  the  first  defects  containing 
substrate  elements  occurred  at  900°C  on  M2.  These 


kcv 


Fig.  4.  (a)  EDX  analysis  on  oxide  breaking  through  the  surface  on  coated  CC.  Ti  and  Cr  indicate  the  areas  where  the  lines  of  these  elements 
would  be  observed,  (b)  EDX  analysis  of  accumulated  globular  oxides  on  coated  CC  at  800°C.  (c)  EDX  analysis  of  big  oxide  formed  in  the  globular 
oxide  region  on  CC  at  SOO'^C.  (d)  EDX  analysis  of  big  oxide  formed  in  the  globular  oxide  region  on  M2  at  900®C. 
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Fig.  5.  (a)  Low  magnification  survey  on  an  oxidised  coated  CC  at  700  °C.  (b)  Accumulated  globular  oxides  in  detail  on  CC  at  800  C.  (c)  Big  oxide 
formed  in  globular  oxides  on  CC  at  SOO^C 


results  are  again  reflected  in  the  relative  oxidation  resis-  (4)  Conversely,  in  the  case  of  M2  high  speed  steel 

tance  of  the  M2  high  speed  steel  in  comparison  to  CC  substrates  the  oxide  defect  formation  should  be  of  less 
as  can  be  seen  in  Hig.  la.  importance  as  tools  fabricated  from  M^2  are  usually 

operated  at  temperatures  below  600°C. 


4.  Conclusion 

( 1 )  The  oxidation  behaviour  of  the  substrate  material 
influences  directly  the  generation  of  growth  defects 
through  craters  caused  by  droplet  formation. 

(2)  Particularly  in  the  case  of  WC  substrates,  severe 
oxide  defect  growth  is  observed  already  at  700°C. 

(3)  These  defects  should  be  of  significant  influence  in 
dry  high  speed  cutting  operations  when  cutting  temper¬ 
atures  up  to  1000°C  are  expected. 
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Abstract 

TiAlN  and  CrN  are  gaining  increasing  importance  in  many  industrial  applications.  To  improve  their  mechanical  and  tribological 
properties  further,  these  materials  have  been  deposited  to  form  3  pm  thick  superlattice  structures  of  TiAlN-CrN  (period  3.8  nm). 
The  structural  and  tribological  characteristics  of  TiAlN-VN  (period  3.0  nm)  and  CrN-NbN  (period  3.7  nm)  have  also  been 
studied  in  comparison  with  TiAlN-CrN  and  monolithic  TiAlCrN  and  CrN  alloys.  All  coating  were  deposited  using  the  combined 
steered  cathodic  arc-unbalanced  magnetron  deposition  method.  The  superlattice  coatings  generally  showed  increased  hardness 
value  and  considerably  reduced  sliding  and  micro-abrasive  wear  compared  with  TiAlCrN  and  CrN.  In  the  case  of  superlattice 
structured  films  TiAlN-VN  films  showed  exceptional  performance  in  dry  sliding  wear  tests  and,  generally,  all  TiAlN-based  films 
performed  well  in  micro-abrasive  wear  trials.  Corrosion  tests  revealed  that  CrN-NbN  coatings  exhibited  clear  passivation 
characteristics  with  considerably  better  corrosion  resistance  than  stainless  steel  and  significantly  lower  passive  current  density  than 
electroplated  hard  chromium.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 


Keywords:  Arc;  Evaporation;  Multilayers;  PVD;  Sputtering;  Superlattices 


1.  Introduction 

The  micro  structure,  microchemistry  and  enhanced 
mechanical  properties  of  superlattice  structures  such  as 
TiN-VN  and  TiN-NbN  hard  coatings  have  been 
reported  for  several  years.  In  particular,  hardness  values 
up  to  Knoop  hardness  of  50  GPa  (evaluated  by  25  g 
load,  HK0.025)  have  raised  the  interest  of  the  scientific 
community  [1-3].  More  recently,  new  materials  combi¬ 
nations  have  been  studied,  among  which  have  been  TiN- 
based  coatings,  such  as  TiN-WN  [4],  TiN-CrN,  TiN- 
TaN,  TiN-MoN  [5]  and  TiN-AlN  [6].  Initial  efforts 
have  also  been  undertaken  to  transfer  process  technol¬ 
ogy  from  the  laboratory  to  an  industrial  scale  to  produce 
TiAlN-based  superlattice  coatings  using  commercial 
multi-target  physical  vapour  deposition  (PVD)  equip¬ 
ment  utilising  the  combined  cathodic  arc-unbalanced 
magnetron  deposition  technique  [7,8]  primarily  for  the 
coating  of  cutting  tools.  Early  reports  on  TiAlN-ZrN 
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[8],  TiAlN-CrN  [9]  and  TiAlN-TiNbN  [10]  have  shown 
that  coatings  can  be  deposited  with  clear  superlattice 
characteristics  without  the  use  of  complicated  and  econ¬ 
omy-reducing  shielding  to  avoid  severe  intermixing  of 
the  growing  layers.  Only  recently,  the  scale  of  alloy 
combinations  under  evaluation  has  been  enlarged  by  the 
introduction  of  CrN-NbN  coatings  [11,12]  aimed  at  the 
development  of  a  combined  wear-  and  corrosion-resis¬ 
tant  coating.  The  element  Nb  was  chosen  to  be  part  of 
the  coating  system  owing  to  its  unique  properties  and 
performance  in  electrochemical  tests  [13].  When 
reactively  deposited  and  constrained  within  a  superlat¬ 
tice  stack,  high  hardness  values  are  expected  that  will 
allow  competition  with  traditional  20  pm  thick  electro¬ 
plated  hard  chromium  coatings.  In  the  following  a 
comparative  summary  is  presented  on  results  obtained 
for  monolithically  grown  TiAlCrN  and  CrN  alloy  coat¬ 
ings  and  superlattice  structure  TiAlN-CrN,  TiAlN-VN 
and  CrN-NbN  hard  coatings.  The  coatings  have  been 
evaluated  with  respect  to  their  microstructure,  mechan¬ 
ical  and  tribological  properties  and  also  the  corrosion 
behaviour  in  the  case  of  CrN-NbN. 
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2.  Experimental 

All  coatings  were  deposited  using  a  Hauzer  Techno 
Coating  Europe  B.V.  HTC  1000-4  ABS  PVD  coating 
unit  utilising  the  combined  cathodic  arc-unbalanced 
magnetron  sputter  deposition  method  [7].  Prior  to 
deposition  the  substrates  were  exposed  to  an  in  vacuo 
pre-treatment  with  highly  energetic  Cr  metal  ions  gener¬ 
ated  from  a  steered  cathodic  arc  discharge.  In  the  case 
of  TiAlCrN-CrN,  Ti AlN-CrN  and  CrN-NbN  the  sub¬ 
strates  [polished  M2  high  speed  steel,  diameter 
30  mm  X  10  mm  of  =  0.01  pm  and  30  x  30  x  8  mm^ 
coupons  of  austenitic  304  stainless  steel  (SS)]  were  metal 
ion  etched  at  a  substrate  bias  voltage  of  —1200  V  and 
an  exposure  time  of  20  min.  By  these  means  the  steel 
substrate  surface  was  conditioned  for  local  epitaxial  film 
growth  [10,14],  guaranteeing  sufficiently  high  adhesion 
[10]  and  minimising  the  roughness  of  the  coatings  due 
to  reduced  macroparticle  deposition  on  the  substrate 
during  the  metal  ion  etching  step  [15].  In  the  case  of 
TiAlN-VN,  vanadium  was  used  as  the  metal  ion  etchant. 

The  coatings  were  grown  within  a  symmetrically 
arranged  four  cathode,  large-scale  chamber  used  in 
unbalanced  magnetron  sputter  mode  as  shown  in  cross- 
section  in  Fig.  1.  The  cathodes  could  also  be  used  in 
steered  arc  mode  [7]  by  suitable  mechanical  movement 
of  the  permanent  magnets  (i.e.  magnets  positioned 
directly  behind  target  for  sputter  mode  or  magnets 
withdrawn  for  steered  arc  mode).  The  unbalancing  effect 
was  achieved  using  electromagnets  displaced  around 
each  cathode  in  such  a  manner  that  closed  field  magnetic 
field  coupling  could  be  accomplished  to  allow  a  high 


degree  of  ionisation  and  bias  current  density  during 
unbalanced  magnetron  sputtering  (typically 
2-4  mA  cm“^).  The  opposing  linear  cathodes  were  at  a 
distance  of  1  m.  A  planetary  rotation  substrate  holder 
was  placed  in  the  centre  of  the  chamber  and  rotated 
with  a  primary  rotation  frequency  of  7.5  rpm.  TiAlN 
was  reactively  (Ar  +  N2  mixed  discharge)  sputtered  from 
three  TiAl  targets  of  composition  50:50  at.%  at  a  cathode 
power  of  8  kW  (each  of  dimension  60  x  20  x  1.2  cm^). 
Simultaneously,  the  Cr  target  was  sputtered  with  0.5  kW 
to  maintain  a  surface  that  was  essentially  uncontami¬ 
nated  with  scattered  Ti  and  Al  atoms.  In  the  case  of 
TiAlN-CrN  superlattice  films  the  same  arrangement 
was  used  with  accordingly  higher  power  dissipation  on 
the  Cr  target.  TiAlN- VN  coatings  were  formed  using 
two  TiAl  targets  (50:50  at.%)  and  two  pure  V  targets; 
CrN-NbN  films  were  fabricated  by  reactive  sputtering 
two  pure  Cr  and  two  pure  Nb  targets.  During  the 
complete  cycle  of  superlattice  deposition  all  the  targets 
were  operated  simultaneously  without  the  use  of  shutters 
or  shieldings.  It  should  be  noted  that  this  arrangement 
can  clearly  lead  to  a  certain  degree  of  cross-contamina¬ 
tion  and  intermixing  of  the  layers.  If  one  uses  different 
target  materials  simultaneously  in  one  common  reactive 
gas  atmosphere,  the  effect  of  preferred  poisoning  of  the 
more  sensitive  target  material  has  to  be  considered.  To 
avoid  such  a  situation,  a  strong  pumping  system  was 
used  that  included  two  unthrottled  2200  1  s"^  turbomo- 
lecular  pumps  backed  by  a  250  m^  h“^  roots  pump  and 
a  500  m^  h~^  rotary  vane  pump.  Under  these  conditions 
a  rather  flat  and  narrow  hysteresis  (poisoning  curve 
formed  by  plotting  N2  partial  pressure  as  a  function  of 
gas  flow)  characteristic  may  be  expected  (Fig.  2).  As,  in 
the  relevant  pressure  range  for  reactive  magnetron  sput- 


Fig.  2.  Schematic  of  hysteresis  behaviour  as  a  function  of  pumping 
speed  (after  Ref.  [16]). 
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tering,  the  turbo-pumps  tend  to  exhibit  a  highly  accurate 
and  essentially  pressure-independent  pumping  speed,  the 
partial  pressure  of  AP^r  was  adjusted  by  means  of  mass- 
flow  controllers.  The  reactive  gas  was  controlled  by  a 
feedback-controlled  sensitive  manometer  (Leybold 
‘Viscovac’)  coupled  to  a  flow  control  valve  where 
the  Viscovac  accurately  measured  total  pressure 
(3-3.5  X 10^^  mbar),  whereas  AP^r  was  set  to 
2-2.5  X  10“^  mbar.  The  electromagnetic  coils  were  usu¬ 
ally  operated  at  6  A.  Only  in  the  case  of  low-temperature 
deposition  of  CrN  were  the  coils  reduced  to  3  A  to 
provide  a  substrate  temperature  as  low  as  250°C.  The 
typical  process  data  are  summarised  in  Table  1 .  Further 
information  on  the  simultaneous  operation  of  the 
differently  composed  targets  within  a  common  gas  atmo¬ 
sphere  is  given  in  Ref.  [8]. 

3.  Physical  and  structural  properties  of  superlattice 
coatings 

The  various  structural  and  physical  properties,  such 
as  phase  composition,  lattice  parameter,  preferred  orien¬ 
tation  and  residual  stresses,  of  the  films  are  summarised 
in  Table  2).  All  of  the  coatings  investigated  were  found 
to  crystallise  into  a  B1  NaCl  fee  structure.  As  reported 
previously,  monolithic  Tio.44Alo.53Cro.03N  [15]  and  CrN 
[17]  films  were  grown  with  {111}  and  {220}  preferred 
orientation  respectively.  All  superlattice  structured  films 
examined  so  far  have  exhibited  predominantly  {111}  or 
{200}  orientation  with  {111}  (occasionally  mixed  {111} 
and  {220}  for  high  CrN-containing  films)  preferred 
orientation  observed  typically  for  low  lattice  mis¬ 
matched  films  demonstrating  competitive  columnar 


growth,  e.g.  TiAlN-CrN,  TiAlN-VN  or  TiAlN-TiN 
(not  included  in  this  study).  However,  {200}  orientation 
(lowest  energy  state  for  an  fee  structure)  tends  to  become 
dominant  for  systems  that  grow  via  a  continuous 
re-nucleation  or  interrupted  grain  growth  mechanism 
(i.e.  TiAlN-ZrN  [8]).  This  effect  is  commonly  found  in 
TiAlN-based  systems  when  large  atomic  radii  or  heavier 
atoms  are  involved  in  the  growth,  such  as  Nb  [18],  Y 
[19]  and  W  [4,8].  All  of  the  coatings  exhibited  compres¬ 
sive  residual  stress  states,  with  the  TiAlN-based  superlat¬ 
tice  systems  generally  considerably  higher  than  that  of 
Tio.44Alo.53Cro.03N  and  CrN.  In  contrast,  the  CrN-NbN 
superlattice  has  a  comparatively  low  stress  of  —  1 .5  GPa. 
Similar  low  stress  values  have  also  been  found  for  TiN- 
WN  [4].  It  is  difficult  at  this  stage  to  discuss  the 
tabulated  full-width  at  half-maximum  (FWHM)  data, 
as  exact  knowledge  of  the  grain  size  has  yet  to  be 
determined  by  plan  view  transmission  electron  micro¬ 
scopy  (TEM).  Complete  separation  of  the  influence  of 
lattice  strain  and  grain  size  contributions  for  each  system 
is  currently  being  determined.  The  phase  composition 
of  the  coatings  is  further  documented  in  Fig.  3(a)-(e). 
All  the  superlattice  coatings  [Fig.  3(c)-(e)]  clearly  iden¬ 
tified  single-phase  character  with  peak  positions  coincid¬ 
ing  with  that  predicted  from  the  weighted  average  of 
the  two  components.  It  is  also  interesting  to  observe 
that  the  typical  CrN  orientation  {220}  loses  its  domi¬ 
nance  in  the  CrN-NbN  system  to  the  {200}  direction. 
The  typical  superlattice  period  of  the  coatings  investi¬ 
gated  in  this  study  ranged  between  3  and  4  nm.  Figs.  4 
and  5  outline  the  gradual  change  in  bi-layer  thickness 
that  can  be  achieved  within  the  TiAlN-CrN  system  at 
constant  rotation  velocity  but  increasing  Cr  content.  On 
raising  the  cathode  power  of  the  Cr  target  steadily  from 


Table  1 

Basic  process  details  for  PVD  coating  of  the  various  films 


Metal  ion 
etchant 

Etching  substrate  Deposition 

bias  (V)  temperature  (°C) 

Base  layer  and 

1  typical  thickness  (pm) 

Total  film 
thickness  (pm) 

Substrate 
bias  (V) 

(nm) 

TiAlCrN 

Cr 

-1200 

450 

None 

3-5 

-75 

0.04 

CrN 

Cr 

-1200 

250 

None 

3-5 

-100 

0.04 

TiAlN-CrN 

Cr 

-1200 

450 

TiAlN  (0.1-0.3) 

3-5 

-75 

0.04 

TiAlN~VN 

v 

-1200 

450 

TiAlN  (0.1-0.3) 

3-5 

-75 

0.06 

CrN-NbN 

Cr 

-1200 

450 

CrN  (0.3) 

3-5 

-75 

0.05 

Table  2 

Phase  composition,  lattice  parameter  and  typical  preferred  orientation  of  the  various  films  (data  taken  by  low-  and  wide-angle  Bragg-Brentano 
and  glancing-angle  parallel  beam  geometry  X-ray  diffraction) 


Preferred 

orientation 

Structure 

Typical  lattice 
parameter  (nm) 

(111)  peak 
FWHM  (20°) 

Typical  superlattice 
period  (nm) 

Residual  stress  state 
and  magnitude  (GPa) 

TiAlCrN 

{111} 

Bl  NaCl  fee 

0.418 

0.34 

none 

—  3.8  compressive 

CrN 

{220} 

B1  NaCl  fee 

0.419 

0.75 

none 

—  2.0  compressive 

TiAlN-CrN 

{111} 

Bl  NaCl  fee 

0.420 

0.93 

3.8 

—  6.1  compressive 

TiAlN-VN 

{111} 

Bl  NaCl  fee 

0.416 

1.10 

3.0 

—4.0  compressive 

CrN-NbN 

{200} 

Bl  NaCl  fee 

0.429 

0.71 

3.8 

— 1.5  compressive 
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Fig.  3.  Wide-angle  Bragg-Brentano  X-ray  diffraction  patterns:  (a)  TiAl-CrN;  (b)  CrN;  (c)  TiAlN-CrN;  (d)  TiAlN-VN;  (e)  CrN-NbN 


2  4  6  8  10  12 

Cr  cathode  power  (kW) 


Fig.  4.  Properties  of  TiAlN-CrN  as  a  function  of  Cr  content  and  siiperlattice  period. 
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0  to  12  kW  the  bi-layer  thickness  shows  a  linearly 
increasing  superlattice  period  from  0  to  4  nm.  Fig.  4 
also  shows  that  at  8  kW  the  typical  superlattice  hardness 
maximum  is  attained,  coinciding  with  equi-thickness 
layering.  At  a  cathode  power  below  8kW,  a  steady 
increase  in  hardness  is  achieved  (from  HK  =  25  GPa  to 
HK  =  32  GPa)  as  a  function  of  Cr  content,  followed  by 
a  hardness  decay  at  power  in  excess  of  8  kW  approaching 
HK  =  20GPa  typical  for  CrN  [17].  The  bi-layer  thick¬ 
ness  may  be  measured  by  low-angle  Bragg-Brentano 
X-ray  diffraction  analyses  as  illustrated  in  Fig.  5.  The 
typical  microstructure  of  the  superlattice  coatings  can 
be  illustrated  using  two  systems  using  bright-field  XTEM 
imaging  in  Figs.  6  and  7.  Fig.  6  shows  at  low  magnifica¬ 
tion  the  typical  competitive  columnar  grain  growth 
associated  with  {111}  oriented  TiAlN-VN.  The  micro¬ 
graph  also  depicts  clearly  that  a  dense  TiAlN  base  layer 


Fig.  7.  Higher  magnification  bright-field  XTEM  at  base  layer-superlat¬ 
tice  interface  of  CrN-NbN  and  associated  selected-area  diffraction 
pattern. 


of  thickness  approximately  0.2  pm  is  deposited  above 
the  polycrystalline  steel  substrate  prior  to  superlattice 
deposition  to  a  thickness  in  excess  of  3  pm.  The  base 
layer  is  deposited  primarily  to  control  and  set  up  a 
residual  stress  gradient  between  the  superlattice  film  and 
steel  substrate.  The  use  of  a  base  layer  has  also  been 
found  to  be  essential  to  achieve  sufficiently  high  adhesion 
in  highly  stressed  superlattice  films  such  as  TiAlN-ZrN. 
Fig.  7  describes  at  higher  magnification  the  transition 
zone  between  the  base  layer  and  the  CrN-NbN  superlat¬ 
tice.  The  grains  of  the  CrN  base  layer  are  found  to 
extend  into  the  superlattice  in  an  undisturbed  manner 
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unlike  the  case  for  {200}TiAlN-ZrN  where  continuous 
re-nucleation  caused  extensive  grain  refinement  [8,10]. 
The  image  also  shows  the  interesting  detail  of  gradual 
poisoning  of  the  Nb  cathodes  by  the  decrease  in  thick¬ 
ness  of  the  deposited  NbN  layers  (appearing  dark). 
After  deposition  of  approximately  ten  bi-layers  a  steady 
reactive  sputtering  condition  has  been  reached  and  the 
thickness  of  the  NbN  layers  remain  constant  throughout 
the  remaining  film  thickness. 


4.  Mechanical  and  tribological  properties 

The  mechanical  and  tribological  properties  of  the 
various  films  are  summarised  in  Table  3.  The  evaluated 
hardness  values  of  the  three  superlattice  coatings  (typi¬ 
cally  around  HK  =  35GPa)  were  found  to  be  consis¬ 
tently  higher  than  the  monolithically  grown  films 
(typically  HK  =  21  GPa  to  HK  =  25  GPa).  However,  the 
hardness  values  measured  using  static  load  Knoop  dia¬ 
mond  indentation  testing  were  lower  than  those  recorded 
for  various  superlattice  systems  deposited  under  labora¬ 
tory  conditions  and  generally  measured  using  dynamic 
nano-hardness  apparatus  [1,2].  One  might  speculate 
that  a  possible  reason  for  the  reduction  in  hardness 
could  be  a  consequence  of  partial  intermixing  or  reduced 
interface  definition  of  the  individual  layers  involved. 
This  may  be  investigated  further  by  exploring  the  intro¬ 
duction  of  shielding  to  stimulate  sharper  interface  forma¬ 
tion.  On  the  other  hand,  all  coatings  show  satisfactory 
adhesion-related  results  such  as  critical  load  or 
Rockwell-C  indentation  values  (Daimler-Benz  test). 

The  sliding  wear  represented  by  the  sliding  wear 
coefficient  Kq,  [20]  Table  3,  was  found  to  depend 
strongly  on  the  friction  coefficient.  The  lowest  friction 
coefficient  was  observed  for  the  TiAlN-VN  system. 
Earlier  work  indicated  that  VN  tends  to  form  lubricious 
surface  oxides,  which  may  reduce  the  friction  coefficient 
[21].  Hence  TiAlN-VN  provides  encouraging  tribologi¬ 
cal  behaviour  through  the  complementary  properties  of 
surface  oxide  formation  by  VN,  with  high  microhardness 


given  by  the  superlattice  approach.  Based  on  this 
assumption  the  wear  coefficient  of  the  CrN  system 
should  be  expected  to  be  lower  than  TiAlCrN.  However, 
we  must  also  correlate  the  morphology  of  the  CrN  to 
wear  trials,  as  discussed  later.  With  respect  to  the 
abrasive  wear  rate,  all  TiAlN-based  coatings  were  found 
to  be  superior.  This  result  may  be  attributed  to  the 
typically  high  oxidation  resistance  [19,21,22]  of  TiAlN 
coatings  as  the  abrasive  particles  (in  our  case  SiC) 
generate  permanently  new  unprotected  surfaces  where 
tribo-oxidation  may  take  place. 

Examples  of  the  wear  tracks  produced  during  the  dry 
sliding  wear  tests  are  shown  in  Fig.  8(a)-(d).  CrN 
coatings  shown  after  3  km  of  sliding  (0.1  m  s”\  6  mm 
AI2O3,  33%  humidity,  5N)  illustrate  deep  grooving 
along  the  wear  direction.  Growth  defects  developed 
above  droplets  generated  during  ion  etching  can  be 
observed  to  be  ejected  from  the  coating  to  leave  holes. 
In  contrast,  CrN-NbN  films  worn  for  an  equivalent 
sliding  distances  show  only  marginal  effects  with  a 
relatively  smooth  (polished)  surface  and  significantly 
reduced  wear.  In  the  case  of  the  TiAlN-CrN  (and  CrN- 
NbN)  film  after  500000  cycles  (equivalent  to  approxi¬ 
mately  30  km)  deep  grooves  were  also  found  to  appear 
as  the  wear  depth  within  the  track  approached  the 
coating-substrate  interface  and  the  distinctive  role  of 
the  ploughed  macroparticles  reappears.  In  comparison, 
the  TiAlN- VN  coating  after  nearly  70  km  of  wear  shows 
a  wear  depth  within  the  track  of  less  than  1  pm.  The 
wear  track  still  appears  rather  smooth  and  only  a  few 
defects  may  be  observed  to  have  been  extracted  from 
the  coating  surface.  On  the  contrary,  the  majority  of 
the  growth  defects  appear  to  have  been  smoothly  pol¬ 
ished,  as  indicated  by  bright  spots.  Fig.  9  represents  the 
friction  coefficient  as  a  function  of  sliding  distance.  As 
expected  from  the  wear  rate  measurements,  the  recorded 
friction  coefficient  was  found  to  be  relatively  low  at 
approximately  0.4  and  to  remain  virtually  constant  over 
the  entire  1.1  x  10^  cycle  duration  of  the  test  (a  short 
run-in  period  may  also  be  observed  at  initiation  of 
the  test). 


Tabic  3 


Mechanical  properties  of  various  PVD  hard  coatings^ 


Microhardiicss, 
HKo.025  (GPa) 

Scratch 

adhesion 

4(N) 

Rockwell  indent 
quality 

(Daimler-Benz  test) 

Sliding  wear 
coefficient 

Abrasive  wear 
coefficient 

Kc  (i-im^N-') 

Average 
friction 
coefficient  p 

Coating 

structure 

type 

TiAlCrN 

25 

55 

1 

1.22  X  10-*“* 

0.15 

0.68 

columnar  monolithic 

CrN 

21 

50 

1 

8.93X  10-“'’ 

0.77 

0.49 

columnar  monolithic 

TiAIN-CrN 

32 

55 

1 

2.38  X  10'“' 

0.16 

0.56 

superlattice 

TiAlN-VN 

35 

70 

1 

1.26  X  lO-” 

0.22 

0.40 

superlattice 

CrN-NbN 

35 

50 

1 

2.10x10-** 

0.61 

0.63 

superlattice 

Friction  coefficient  and  sliding  wear  data  measured  from  CSEM  dry  pin-on-disc  testing  against  6  mm  diameter  polycrystalline  AI2O3  at  normal 
load  5  N,  sliding  velocity  0.1  m  s"^  and  radius  10  cm.  Abrasive  wear  measured  using  CSEM  ‘Calo-Wear’  test  ^  25  mm  diameter  ball  rotating  with 
4  pm  Sic  particle  aqueous  suspension. 
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Fig.  8.  Pin-on-disc  wear  tracks:  (a)  CrN  film  worn  over  50000  cycles  (3.14  km);  (b)  CrN-NbN  film  worn  over  50000  cycles  (3.14  km);  (c)  TiAlN- 
CrN  film  worn  over  500000  cycles  (31.4  km);  (d)  TiAl-NVN  film  worn  over  1.1  x  10®  cycles  (69  km). 


It  is  interesting  to  discuss  this  behaviour  in  context 
with  previously  published  results  concerning  XTEM 
investigations  on  the  wear  mechanisms  of  monolithically 
grown  TiAlCrN  and  TiAlN-CrN  superlattice  coatings 
[23].  It  has  been  shown  that  monolithically  grown 


coatings  tended  to  fail  during  pin-on-disc  testing  through 
plastic  deformation  of  the  columnar  grains  at  near¬ 
surface  regimes  due  to  the  influence  of  high  mechanical 
loads.  This  eventually  leads  to  delamination  and  crack 
formation  (in  the  literature  tests  of  approximate  length 
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Fig.  10.  Comparison  of  corrosion  behaviour  of  CrN-NbN  supcrlattice  coatings  with  304L  SS  and  hard  Cr  plating  (aerated  0.1  M  acetic  acid- 
sodium  acetate  buffer  solution  with  0.1  M  added  NaCl). 


55  nm)  beneath  the  worn  surface  followed  by  spallation. 
In  the  case  of  superlattice  coatings  tested  under  identical 
conditions,  delamination  wear  was  dramatically  reduced 
(thin  slices  of  5-10  nm  thickness)  and  sub-surface  plastic 
deformation  zones  proved  difficult  to  observe. 


5.  Corrosion  behaviour 

The  influence  of  NbN  on  the  corrosion  behaviour  of 
CrN  is  outlined  in  Fig.  10  through  potentiodynamic 
polarisation  curves  produced  from  coated  304  SS  cou¬ 
pons  in  aerated  and  buffered  0.1  M  NaCl  solution. 
Uncoated  304  SS  was  utilised  as  a  reference  material 
along  with  20  pm  thick  Cr-plated  SS.  Three  types  of 
CrN-NbN  superlattice  were  produced  for  the  test:  (I) 
CrN-NbN  with  an  inappropriate  two  phase  base  layer; 
(II)  sub-stoichiometric  CrN-NbN  (N/Me  =  0.5);  (III) 
stoichiometric  CrN-NbN  with  an  adherent  and  crack- 
free  stoichiometric  CrN  base  layer  (N/Me=l).  It  is 
evident  from  Fig.  10  that  the  latter  two  4  pm  thick 
coatings  outperform  uncoated  SS  and  exhibit  lower 
passive  current  densities  than  electroplated  Cr.  In  con¬ 
junction  with  the  higher  hardness  values  (HK  =  35  GPa 
for  CrN-NbN  compared  with  HK  =  10-14  GPa  for  hard 
Cr  plate)  we  may  postulate  from  the  behaviour  of  CrN- 
NbN  that  the  system  has  potential  to  provide  economi¬ 
cally  thin  PVD  coatings  to  compete  in  niche  applications 
currently  served  by  the  electroplating  industry.  The 
results  shown  also  indicate  that  the  PVD  process  has  to 
be  carefully  optimised  or  non-tolerable  corrosion  perfor¬ 
mance  may  be  achieved  through  excessive  micro-crack¬ 
ing  or  through-thickness  porosity. 


6.  Conclusion 

The  results  summarised  in  this  paper  indicate  clearly 
that  superlattice  coatings  with  interesting  structural  and 
tribological  properties  can  be  currently  produced  under 
economical  conditions  in  industrial-sized  and  commer¬ 
cially  available  PVD  equipment.  Automated  process 
control  now  provides  adequate  stability  for  consistent 
and  adjustable  fine  layer  production,  although  methods 
for  the  improvement  of  layer  intermixing  and  interface 
abruptness  to  increase  microhardness  may  still  require 
further  development.  The  combination  of  appropriate 
processing  parameters  and  material  combinations  may 
further  allow  the  flexible  tailoring  of  structural,  mechan¬ 
ical  and  tribological  properties  to  further  improve  com¬ 
ponent  performance. 
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Abstract 

Inductively  coupled  plasma  chemical  vapour  deposition  (ICP-CVD)  has  been  used  for  the  preparing  of  thin  CN^  films  from  a 
solid  carbon  source  (at  floating  potential)  and  a  nitrogen  plasma.  Volatile  CN  species  generated  via  atomic  transport  reactions 
are  the  film  forming  particles.  The  deposited  layers  have  a  rather  smooth  surface;  their  deposition  rate  and  thickness,  respectively, 
depend  on  the  substrate  position  due  to  a  gradient  in  the  precursor  species  concentration.  The  nitrogen  fraction  is  at  about  50% 
and  exhibits  almost  no  dependence  on  the  deposition  parameters.  Emphasis  was  placed  on  a  detailed  study  of  the  bonding 
structure  by  different  analytical  techniques.  Based  on  these  investigations,  a  probable  structure  of  the  CN^  films  is  proposed.  Since 
no  identification  of  tetragonally  bonded  carbon  atoms  was  found,  it  is  supposed  that  the  bonding  network  is  composed  of  imine- 
like  units  and  only  to  a  small  part  of  nitrile-type  elements.  The  films  are  insulating  with  resistivity  of  up  to  10^^f2cm.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Bonding  structure;  Carbon  nitride;  Composition;  ICP-CVD 


1.  Introduction 

There  have  been  numerous  attempts  to  synthesize 
crystalline  P-C3N4  which  is  predicted  to  possess  a  bulk 
modulus  comparable  to  that  of  diamond  [1].  Various 
techniques  have  been  used  for  the  preparation  of  carbon 
nitride:  pyrolysis  of  nitrogen-containing  organic  precur¬ 
sors  [2],  r.f.  sputtering  [3,4],  magnetron  sputtering  [5], 
electron  cyclotron  resonance  enhanced  plasma  chemical 
vapour  deposition  [6],  nitrogen  implantation  into  graph¬ 
ite  [7],  chemical  vapour  deposition  [8],  and  ion  beam 
deposition  [9].  Although  most  of  the  synthesized  materi¬ 
als  have  nitrogen  content  lower  than  the  stoichiometric 
for  C3N4  (57  at.%),  the  new  CN^  phases  are  of  both 
scientific  and  practical  interest.  The  properties  of  these 
materials  vary  depending  on  their  composition  and 
structure,  which  are  strongly  influenced  by  the  depos¬ 
ition  process.  In  this  work  we  report  on  ICP-CVD  of 
CNx  films  utilizing  transport  reactions  from  a  solid 
carbon  source.  The  composition  and  the  bonding  struc- 
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ture  of  the  films  were  studied  by  various  analytical 
techniques  and  a  probable  structure  of  the  prepared 
material  is  proposed.  In  addition,  few  optical  and  electri¬ 
cal  parameters  of  the  layers  were  determined. 


2.  Experimental 

The  deposition  set-up  for  ICP-CVD  of  carbon  nitride 
films  utilizing  transport  reactions  has  been  described  in 
detail  elsewhere  [10].  In  brief,  the  plasma  tube  is  made 
of  quartz,  and  the  13.56  MHz  signal  of  the  generator  is 
inductively  coupled  into  the  tube  via  a  copper  coil 
(Fig.  1).  The  maximum  power  delivered  was  100  W. 
The  upper  part  of  the  set-up,  made  of  stainless  steel  and 
combining  the  carbon  source  holder  and  the  gas  inlet, 
is  at  floating  potential  in  order  to  prevent  ion  bombard¬ 
ment  and  subsequently  physical  sputtering  of  the  carbon 
target.  The  lower  part,  consisting  of  a  steel  chamber 
with  a  substrate  holder,  is  grounded.  The  base  pressure 
was  5xl0“^mbar  while  the  working  pressure  was 
between  0.3  and  1.0  mbar  after  introduction  of  nitrogen 
(99.999%)  with  a  flow  of  50,  100  or  200  seem.  A  carbon 
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Fig.  1.  Process  steps  of  ICP-CVD  of  CN^  films  utilizing  transport 
reaction. 

mesh  of  high  purity  was  used  as  a  carbon  source.  The 
average  diameter  of  the  carbon  fibers  was  5  pm,  thus 
providing  a  large  area  for  interaction  with  the  atomic 
nitrogen.  The  carbon  nitride  films  were  deposited  on 
n-type  (111)  silicon  substrates  placed  on  the  holder 
(3  cm  from  the  carbon  source).  The  substrate  and  the 
carbon  target  were  at  room  temperature  but  it  can  be 
supposed  that  they  were  slightly  heated  by  the  plasma. 

The  process  itself  includes  the  following  steps  sche¬ 
matically  presented  in  Fig.  1 ; 

1.  Activation  of  molecular  nitrogen  in  the  ICP: 

N,  N+, 

2.  Interaction  of  atomic  nitrogen  with  the  solid 
carbon  to  form  carbon-nitrogen  species  (CN): 
C(s)  +  N(g)->CN(g). 

3.  Transport  of  CN  species  to  the  grounded  substrate. 

4.  Deposition  of  carbon  nitride  film  in  the  presence  of 
nitrogen  species  from  ICP:  CN(g)^CNx(s). 

The  thickness  of  the  films  was  determined  by  ellip- 
sometry  and  cross-section  scanning  electron  microscopy 
(SEM);  the  values  obtained  were  used  to  calculate  the 
deposition  rate  and  the  film  resistivity.  The  surface 
morphology  was  investigated  by  SEM  and  atomic  force 
microscopy  (AFM).  Auger  electron  spectroscopy 
(AES),  X-ray  excited  photoelectron  spectroscopy  (XPS) 
and  elastic  recoil  detection  (ERD)  analysis  were  used  to 
study  the  film  composition.  Information  on  the  chemical 
bonding  structure  was  derived  from  Fourier  transform 
infrared  (FTIR)  spectroscopy,  Raman  spectroscopy, 
reflection  electron  energy  loss  spectroscopy  (R-EELS), 
XPS  and  AES.  The  refractive  index  of  the  films  was 
determined  by  ellipsometry.  To  determine  the  electrical 
parameters  (resistance  and  capacitance)  of  the  CN^ 


films,  aluminium  dot  contacts  were  evaporated  on  top 
of  the  layers,  which  allowed  current-voltage  (I-V)  and 
high  frequency  (1  MHz)  capacitance-voltage  (C-V) 
measurements. 


3.  Results  and  discussion 

3. 1.  Deposition  rate  and  surface  morphology 

The  average  deposition  rate  of  the  CN,;  films  was  in 
the  range  of  1.0-3. 5  nm/min,  almost  independent  of  the 
process  parameters  within  the  investigated  ranges.  The 
thickness  of  the  films  increases  from  the  center  of  the 
substrate  to  the  edge  as  shown  in  Fig.  2.  This  trend 
reflects  the  influence  of  the  CN  species  concentration 
gradient  and  the  gas  hydrodynamics  inside  the  reactor. 
The  concentration  of  the  carbon-nitrogen  species 
decreases  downstream  due  to  depletion  as  a  result  of 
deposition  on  the  wall  and  on  the  lower  part  of  the 
carbon  mesh.  As  a  consequence,  the  deposition  rate 
decreases  in  the  center  of  the  substrate  right  below  the 
carbon  mesh  as  well  as  with  increasing  distance  of  solid 
carbon  source-substrate.  In  the  latter  case  the  nonuni¬ 
formity  in  thickness  is  smaller  but  the  average  deposition 
rate  drops  down  dramatically. 

The  deposited  CN^  films  have  a  rather  smooth  surface 
as  observed  by  SEM  and  AFM  (Fig.  3).  The  average 
roughness  was  below  1  nm,  suggesting  the  absence  of 
destructive  processes  such  as  resputtering  or  etching  due 
to  ion  bombardment  of  the  growing  film. 

3.2.  Film  composition 

In  Table  1  the  results  for  the  film  composition 
obtained  by  surface  sensitive  methods  (AES,  XPS)  are 
compared  with  those  from  bulk  ERD  analysis;  the 
deposition  conditions  and  the  calculated  nitrogen  atomic 
fraction  N/(N4-C)  are  also  given.  For  all  samples  the 


Fig.  2.  Film  thickness  distribution  across  the  substrate. 
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Fig.  3.  AFM  image  of  CN^  film. 


nitrogen  atomic  fraction  determined  by  AES  and  ERD 
is  between  41  and  54%.  The  data  obtained  by  AES  are 
rather  scattered;  however,  one  has  to  keep  in  mind  the 
uncertainties  of  the  method  and  probably  also  a  slight 
influence  of  the  deposition  conditions. 

The  nitrogen  fraction  in  the  bulk  (ERD)  is  in  all 
cases  higher  than  at  the  surface,  a  trend  already  observed 
for  CNx  films  prepared  by  other  methods  [11-13].  There 
are  three  possible  reasons  for  this  observation:  influence 
of  the  sampling  beam  (electrons,  X-rays,  ions)  on  the 
surface  composition  of  the  films  by  preferential  release 
of  loosely  bonded  nitrogen;  sensitivity  of  the  surface 
analyses  results  in  the  storing  history  of  the  samples; 
and  loss  of  nitrogen  from  the  surface  region  during 
deposition  itself  or  during  storage.  The  data  for  the 
elemental  composition  show  that  the  nitrogen  atomic 
fraction  in  all  films  is  around  0.5.  Bearing  in  mind  the 
nature  of  the  process,  it  can  be  supposed  that  the 
number  of  carbon  atoms  transported  to  the  substrate  is 
at  the  most  the  same  as  that  of  nitrogen  atoms  (if  the 
Tree’  N  atoms  from  the  plasma  are  not  taken  into 
account).  This  predetermines  the  nitrogen  atomic  frac¬ 
tion  in  the  films  to  about  50%.  The  high  nitrogen  content 
is  also  facilitated  by  the  relatively  low  substrate  temper¬ 
atures  and  by  the  lack  of  intensive  ion  bombardment. 


3. 3.  Chemical  bonding  structure 

3.3.1.  Reflection  electron  energy  loss  spectroscopy 

Typical  EELS  spectra  of  the  CNj,  films  are  presented 

in  Fig.  4.  The  n-n*  interband  transition  peak  (also  called 
n  plasmon  peak)  appears  at  about  5.5  eV  next  to  the 
elastically  back-scattered  electron  peak.  The  a  x  tc  plas¬ 
mon  energy  of  22.5  eV,  precisely  determined  from  the 
second  derivative  spectrum,  was  used  to  calculate  the 
electron  density  by  means  of  the  free  electron  approxi¬ 
mation.  An  atomic  density  of  1.8gcm“^  is  obtained, 
assuming  numbers  of  valence  electrons  of  4  and  5  for 
carbon  and  nitrogen,  respectively,  as  the  samples  are 
approximately  stoichiometric.  No  well  defined  contribu¬ 
tion  from  electrons  suffering  two  or  more  energy  losses 
can  be  seen,  indicating  very  broad  peaks  of  the  electron 
loss  function  due  to  amorphous  broadening  [14]. 

3.3.2.  Auger  electron  spectroscopy 

High  resolution  AES  was  used  to  study  the  CN^ 
films;  a  typical  spectrum  is  presented  in  Fig.  5.  The  peak 
positions  were  calculated  taking  the  arithmetic  mean 
value  of  the  maximum  and  minimum  of  the  first  deriva¬ 
tive  data;  they  are  indicated  by  arrows  in  the  figure.  For 
the  Ckvv  these  peaks  are  at  248,  259,  265  and 


Fig.  4.  R-EELS  spectra  of  CN^  films. 


Tabic  1 

Deposition  conditions  and  chemical  composition  of  CN^  films 


Sample  no. 

r.f.  power  (W) 

N,  flow  (seem) 

Pressure  (mbar) 

Composition  (at.%) 

N/(N-1-C) 

Method 

N 

C 

0 

H 

CN9 

100 

100 

1.0 

AES 

43.5 

55.4 

1.1 

- 

0.44 

XPS 

31.2 

63.2 

5.6 

- 

0.33 

CNIO 

100 

100 

0.5 

AES 

39.9 

57.5 

2.6 

- 

0.41 

ERD 

34.6 

31.6 

9.5 

24.4 

0.52 

CN12 

75 

50 

0.3 

AES 

42.6 

54.1 

3.3 

0.44 

ERD 

32.7 

30.1 

9.1 

28.1 

0.52 

CN15 

100 

50 

0.3 

ERD 

30.7 

36.2 

14.1 

19.0 

0.46 

CN23 

100 

200 

1.0 

AES 

52.1 

47.1 

0.8 

_ 

0.53 

ERD 

37.9 

31.9 

7.1 

23.4 

0.54 
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Fig.  5.  Ckvv  and  N^w  Auger  spectra  of  CN^  films. 


Fig.  6.  Infrared  absorption  spectrum  of  CN,  films  in  the  range  1000- 
2000  cm''. 


277  eV.  The  analysis  of  the  carbon  peaks  by  the  valence 
band  method  of  Zemek  et  al.  [15]  shows  a  value  for  the 
D  parameter  of  25  eV.  Comparing  this  result  with  the 
D  parameters  for  diamond  (14.3)  and  HOPG  (21.1) 

[  1 5]  we  can  suppose  that  there  are  no  sp^  bonded  carbon 
atoms  in  the  films.  A  similar  conclusion  can  be  drawn 
by  applying  the  graphite  parameter  technique  [16].  The 
estimated  graphite  parameter  of  15  obtained  by  the 
method  of  Ullmann  et  al.  [16]  is  between  the  values  for 
diamond  (0)  and  sp^  bonded  a-C  (38).  On  the  high 
energy  side  of  the  Ckvv  peak,  an  additional  contribution 
at  277  eV  appears  (dashed  arrow  in  Fig.  5).  According 
to  the  discussion  of  Steffen  [17],  the  great  intensity  of 
this  contribution  indicates  sp^  bonded  carbon  atoms  in 
a  disordered  and  heavily  damaged  matrix.  Regarding 
the  Nkvv  data  presented  in  Fig.  5,  the  peaks  appear  at 
344^  364  and  384  eV.  The  energetic  distance  of  20  eV 
between  the  individual  peaks  is  in  good  agreement  with 
AES  data  for  nitrogen  in  other  sp^  bonded  materials, 
e.g.  h-BN  [18]. 

3.3.3.  Fourier  transform  infrared  spectroscopy  and 
Raman  spectroscopy 

No  Raman  active  modes  were  registered  in  the  fre¬ 
quency  range  of  1000-2000 cm'*  as  the  films  showed 
strong  luminescence  in  this  region.  The  infrared  spectra 
of  the  films  were  similar  to  those  reported  for  other 
carbon  nitride  materials  [19,20].  The  band  at 
2180cm'*  can  be  attributed  to  the  C=N  bond  stretch¬ 
ing  mode.  A  recent  publication  has  shown  that  the  main 
contribution  to  the  3200-3500  cm'*  absorption  band  is 
due  to  O— H  stretching  modes  from  adsorbed  water, 
while  only  a  small  marginal  contribution  originated 
from  N— H  bonds  [21].  The  broad  band  between  1100 
and  1700  cm'*  was  deconvoluted  using  two  Gaussian 
peaks  at  about  1400  and  1600  cm'*  (Fig.  6).  This  result 
shows  the  presence  of  two  main  modes  which  are  similar 
to  the  Raman  D  and  G  bands  of  DEC  which  become 
IR  active  when  the  symmetry  of  the  sp^  domains  is 
broken  by  incorporation  of  nitrogen,  or  to  the  analogous 


‘semicircle’  and  ‘quadrant’  stretching  modes  of  ring 
structures  composed  of  C  and  N  atoms.  The  latter  bands 
are  observed  for  a  great  number  of  compounds  contain¬ 
ing  six-member  rings,  e.g.  triazine,  pyrimidine,  pyridine, 
etc.  [22,23].  The  two  individual  peaks  in  our  IR  spectra 
are  rather  broad  indicating  either  a  short-range  composi¬ 
tional  order  and/or  additional  contributions  of  other 
vibrations.  For  example,  if  we  assume  that  part  of  the 
hydrogen  detected  by  ERD  originates  not  only  from 
water  molecules  but  is  bonded  to  nitrogen  or  carbon 
atoms,  the  contributions  of  the  respective  deformation 
modes  to  the  broad  band  between  1100  and  1700  cm'* 
must  also  be  considered. 

3. 3. 4.  X-ray  excited  photoelectron  spectroscopy 

The  infrared  data  were  used  for  interpretation  of  the 
XPS  results  after  deconvolution  of  the  C  Is  and  N  Is 
peaks;  the  individual  peak  parameters  and  their  assign¬ 
ments  are  summarized  in  Table  2. 

The  narrowest  contributions  to  both  peaks  at  285.9 
and  398.4  eV,  respectively,  are  assigned  to  nitrile  groups 
— C— N,  the  presence  of  which  was  detected  by  FTIR. 
This  assignment  is  supported  by  the  fact  that  the  ener¬ 
getic  spacing  of  112.5eV  between  the  two  nitrile-type 
core  electron  binding  energies  (for  N  Is  and  C  Is)  is  in 
good  agreement  with  the  value  of  112.2eV  recently 
obtained  for  C2N2  material  [24].  As  supposed  from  the 
infrared  spectra,  most  of  the  atoms  in  the  films  are  sp^ 
bonded  (imine-type);  the  corresponding  XPS  peaks  at 
287.4  and  399.5  eV  are  almost  twice  broader  than  the 
nitrile  peaks.  This  fact  can  be  explained  by  additional 
amorphous  broadening,  by  the  screening  effect  of  n 
electrons  from  conjugated  or  ring  structures  leading  to 
additional  relaxation,  or  by  different  atomic  arrange¬ 
ments  around  the  sp^  carbon  atoms.  The  third  peak  in 
the  C  Is  spectrum  at  284.5  eV  can  be  assigned  to  ‘free’ 
carbon  or  hydrocarbon  contamination  material  on  the 
very  sample  surface  [25]. 
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Table  2 

XPS  peak  parameters  for  the  different  contributions 


Core  level 

BE  (cV) 

Peak  width  (eV) 

Chemical  environment 

Hybridization 

C  Is 

284.5 

1.40  +  0.10 

C— C,  C— H  surface  contamination 

sp^ 

285.9 

1.20  +  0.05 

— C=N  nitrile-type 

sp 

287.4 

2.30  +  0.15 

>C=N—  imine-type 

sp^ 

N  Is 

398.4 

1.26  +  0.05 

N=C—  nitrile-type 

sp 

399.5 

2.28  +  0.05 

”N=C<  iminc-type 

sp^ 

3. 3. 5.  Structure  of  the  films 

Based  on  the  above  composition  and  bonding  struc¬ 
ture  studies,  we  can  suppose  that  the  CN^  films  prepared 
by  ICP-CVD  utilizing  transport  reactions  are  'paracya- 
nogen’-like  with  a  possible  structure  like  that  given  by 
Cuomo  et  al.  [26]  and  shown  in  Fig.  7.  In  addition  to 
this  structure  the  presence  of  terminating  — C=N 
groups  was  detected  by  FTIR  and  XPS.  A  structure 
composed  of  bridged  C—N  rings  is  less  probable  bearing 
in  mind  the  species  involved  in  the  film  deposition. 

3, 4.  Optical  and  electrical  parameters 

The  refractive  index  n  of  the  CNj,  films  was  in  the 
range  of  1.65-1.79.  It  has  been  shown  in  literature  that 
n  depends  on  the  nitrogen  content  in  the  films  [27,28]. 
In  our  case  the  nitrogen  fraction  in  all  films  is  rather 
constant,  as  discussed  above,  which  determines  the 
almost  constant  value  of  n  when  changing  the  deposition 
conditions. 

Fig.  8  shows  a  typical  high  frequency  C-V  curve  of 
an  Al/CNx/Si  MIS  capacitor,  indicating  the  insulating 
character  of  the  films.  For  negative  voltages,  deep  deple¬ 
tion  is  reached.  The  counter-clockwise  hysteresis  sug- 


C"  % 


Fig.  7.  Probable  structure  of  the  CN,^  films  prepared  by  ICP-CVD 
utilizing  transport  reaction. 


gests  the  presence  of  some  mobile  ions  in  the  CN^  films, 
most  probably  alkali  and  earth  alkali.  Their  presence  is 
not  surprising  since  no  care  was  taken  to  provide 
electronic-grade  cleanliness  during  film  preparation.  The 
insulating  character  of  the  film  was  confirmed  by  I-V 
measurements  yielding  resistivities  of  up  to  10^^  Qcm. 


4.  Conclusions 

Thin  carbon  nitride  films  with  high  nitrogen  contents 
(in  the  order  of  50%)  have  been  prepared  by  ICP-CVD 
utilizing  transport  reactions.  The  deposition  rate 
depends  mainly  on  the  substrate  position.  The  nitrogen 
atomic  fraction  of  all  films  is  about  0.5  and  not  sensitive 
towards  the  deposition  conditions.  The  structure  is 
composed  of  — N=C<  groups  forming  conjugated 
chains  and  rings.  The  composition  and  the  structure  of 
the  films  predetermine  their  insulating  properties  and 
the  high  value  of  the  resistivity. 
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Abstract 

Amorphous  carbon  nitride  thin  films  were  prepared  in  a  dual  ion  beam  sputtering  (DIBS)  system.  The  N/C  atomic  concentration 
ratio  ranged  between  0.3  and  0.5  as  determined  by  quantitative  X-ray  photoelectron  spectroscopy  (XPS)  of  the  surface.  Fourier 
Transform  Infrared  spectroscopy  (FT-IR),  XPS  and  X-ray  Absorption  Spectroscopy  (XAS)  were  used  to  obtain  information 
about  the  different  types  of  bonding  present  in  the  films.  The  hardness  and  the  Young’s  modulus  of  the  samples  were  determined 
by  nanoindentation  measurements.  The  hardness  varied  in  the  range  15-30  GPa  with  Young’s  modulus  between  170  and  250  GPa. 
In  order  to  explain  the  measured  hardness,  some  of  the  films  are  considered  as  heterogeneous,  in  good  agreement  with  the  XPS, 
FT-IR  and  XAS  data.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon  nitride;  Dual  ion  beam  sputtering;  FT-IR;  Hardness;  XAS;  XPS 


1.  Introduction 

Many  efforts  have  been  made  in  the  synthesis  of 
carbon  nitride  CN^  films  by  several  techniques.  The 
obtained  films  show  interesting  mechanical  properties 
that  make  them  suitable  for  technological  applications, 
e.g.  low  friction  coefficient  and  high  hardness  [1-4]. 
However,  there  is  a  great  spread  in  the  results  presented 
in  the  literature,  and  the  bonding  structure  of  the  films 
and  its  relation  with  their  mechanical  properties  still 
lacks  of  a  definitive  interpretation.  In  particular,  the 
C  Is  and  N  Is  XPS  signals  and  IR  measurements  are 
frequently  used  to  characterise  the  type  of  bonding 
present  in  the  films  [5-12],  but  less  works  report  on 
results  based  on  XAS  [8,13,14]  spectra.  In  this  work, 
FT-IR,  XPS  and  XAS  measurements  have  been  used  to 
obtain  information  on  the  film  bonding  structure,  and 
nanoindentation  tests  were  performed  in  order  to  deter¬ 
mine  the  hardness  and  Young’s  modulus  of  the  samples. 


2.  Experimental 

Carbon  nitride  films  were  prepared  on  Si  (100)  and 
KCl  substrates  in  a  Dual  Ion  Beam  Sputtering  system 

*  Corresponding  author. 


(DIBS)  at  a  base  pressure  of  10'^  Pa.  A  3  cm  Kaufmann- 
type  ion  gun  was  used  to  sputter  a  4  in.  graphite  target 
(99.999%  purity)  with  inert  Ar'^  ions  at  an  angle  of 
incidence  of  45"^.  Simultaneously,  an  end-Hall  ion  source 
is  used  to  bombard  the  substrates  at  an  angle  of  60°  off 
normal  with  reactive  ions  in  order  to  supply  nitrogen 
to  the  growing  film.  During  the  deposition  time,  the 
substrates  were  kept  at  100°C  and  rotated  at  2  rpm  to 
enhance  the  homogeneity.  In  some  of  the  samples,  a 
negative  bias  voltage  was  applied  to  the  substrates  in 
order  to  increase  the  energy  of  the  assisting  ions. 

FT-IR  spectra  were  obtained  on  Si  (100)  substrates 
in  a  Bruker  IFS66V  FTIR  spectrometer  between  7000 
and  560  cm“^  with  a  resolution  of  4  cm~^  A  previously 
collected  spectrum  of  uncoated  Si  (100)  substrate  was 
used  as  reference.  The  Auger  and  XPS  measurements 
were  performed  in  a  PHI-3027  spectrometer,  equipped 
with  a  double  pass  CMA,  using  3  keV  electrons  and 
Mg-Ka  radiation  (hv=  1253.6  eV),  respectively. 
Sensitivity  factors  from  the  manufacturer  were  used  to 
determine  the  compositions.  XAS  spectra  were  taken  in 
the  PGM-VLS  monochromator  at  BEESY  I  in  the  total 
electron  yield  mode  with  an  acquisition  step  of  0.1  eV. 
The  energy  resolution  at  the  N  Is  edge  was  better  than 
100  meV.  The  spectra  were  normalised  to  the  Iq  current 
collected  from  a  gold  mesh.  The  energy  scale  was 
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calibrated  according  to  the  known  position,  457.8  eV, 
of  the  first  sharp  peak  of  the  Ti  2p  multiplets  of  a 
Ti02  (rutile)  sample  [15]. 

Nanoindentation  experiments  were  made  with  a 
Nanoindenter  IIs  (Nano  Instruments,  Inc.,  Knoxville, 
TN)  Mechanical  Properties  Microprobe.  All  tests  were 
performed  at  room  temperature  with  a  diamond 
Berkovich  (three-sided  pyramid)  indenter  tip.  The 
indenter  was  first  loaded  and  unloaded  three  times  in 
succession  at  a  constant  rate  of  10%  of  the  maximum 
depth  and  for  three  different  depths;  each  of  the  unload¬ 
ings  terminated  at  10%  of  the  peak  load  to  assure  that 
contact  was  maintained  between  the  specimen  and  the 
indenter.  Three  hold  periods  of  50  s  were  inserted  at  the 
maximum  depths  and  another  hold  period  of  100  s  was 
inserted  at  the  minimum  of  the  final  unloading.  During 
this  last  hold  period,  the  displacement  of  the  indenter 
was  carefully  monitored  to  establish  the  rate  of  thermal 
drift  in  the  machine  for  subsequent  correction  of  the 
data.  The  load-displacement  data  obtained  were  ana¬ 
lysed  using  the  method  of  Oliver  and  Pharr  [16]  to 
determine  the  hardness  and  elastic  modulus  as  a  function 
of  the  displacement  of  the  indenter. 

Each  specimen  was  also  tested  using  the  continuous 
stiffness  measurement  technique  developed  by  Oliver 
and  Pethica  [17].  This  technique  enables  continuous 
measurement  of  the  stiffness  and  area  contact  between 
the  indenter  and  the  specimen  during  indentation.  The 
contact  stiffness,  applied  load  and  indenter  displacement 
can  then  be  used  to  determine  the  mechanical  properties 
such  as  Young’s  modulus  and  hardness.  This  technique 
allows  for  measurement  of  the  mechanical  properties  as 
a  function  of  the  indentation  depth. 

3.  Results  and  discussion. 

Table  1  summarises  the  preparation  parameters  of 
the  samples  studied.  Three  different  sputtering  condi¬ 
tions  were  used  to  obtain  the  flux  of  C  atoms  coming 
to  the  substrates.  In  order  to  select  the  assisting  condi¬ 
tions,  two  effects  have  to  be  taken  into  account.  One  is 


the  objective  of  incorporating  significant  amounts  of 
nitrogen  to  the  films  requires  the  use  of  high  fluxes  of 
N2  assisting  ions.  Conversely,  to  reduce  the  damages 
and  resputtering  phenomena  that  occur  during  the 
growth  [18]  and  to  obtain  films  with  sufficient  thickness 
to  perform  the  nanoindentation  tests,  the  N^  assistance 
must  be  reduced.  In  this  way,  an  optimisation  of  the 
assistance  conditions  is  required  to  find  a  compromise 
between  these  opposite  trends.  Table  1  shows  that  the 
assistance  conditions  selected  led  to  films  with  N/C 
atomic  ratios  varying  in  the  range  0  to  0.5,  as  stated  by 
XPS  quantification.  The  XPS  measurements  were  made 
after  a  limited  exposure  to  air  (less  than  5  min,  similar 
for  all  the  samples),  so  that  it  is  to  be  expected  that  the 
N/C  atomic  ratio  in  the  volume  should  be  higher.  It  is 
important  to  indicate  that  low  concentrations  of  O  and 
W  (the  last  coming  from  the  filament  of  the  assisting 
gun)  were  detected  in  the  films  (<6%  and  1%,  respec¬ 
tively).  The  thicknesses  given  in  Table  1  were  obtained 
by  Auger  depth  profiling  of  the  samples  with  reference 
to  a  film  which  was  calibrated  by  RBS,  and  are  affected 
by  a  considerable  uncertainty,  but  they  give  reliable 
information  about  the  relative  thickness  of  the  films. 

Information  about  the  type  of  bonding  present  in  the 
films  was  obtained  from  FT-IR  spectra  of  the  samples, 
as  those  shown  in  Fig.  1.  The  spectra  have  a  broad 
absorption  band  between  1000  and  1700  cm“^  This 
band  is  attributed  to  C— C,  C— N,  C^C  and  C=N 
bonds  present  in  the  sample  [10].  A  small  absorption 
around  2100  cm“^  is  also  observed,  especially  in  those 
samples  with  the  highest  nitrogen  content.  It  seems  that 
the  relative  intensity  of  this  band  increases  with  the  bias 
voltage.  The  peak  at  this  frequency  can  be  assigned 
either  to  carbonitrile  groups  (--C=N)  or  to  the  presence 
of  carbodiimides  (— N=C=N— )  [9].  The  changes  in 
the  background  of  the  different  spectra  make  difficult 
the  quantification  of  the  intensities  of  the  bands. 

The  shape  and  position  of  the  C  Is  and  N  Is  XPS 
spectra  can  also  give  valuable  information  about  the 
bonding  structure  of  the  sample.  Fig.  2  shows  the  C  Is 
spectra  for  the  respective  samples  (as  labelled).  At  a 
first  glance,  no  relevant  features  are  observed  in  the 


Table  1 


Sputtering  and  assistance  conditions,  bias  voltage,  N/C  atomic  ratio,  thickness, 

hardness  (//)  and  Young’s 

modulus  (E) 

Sample 

Ar"^  sputtering 

N2  assistance 

Bias 

voltage  (V) 

N/C 

(XPS) 

Thickness 

(nm) 

H  (7  nm) 
(GPa) 

E  (7  nm) 
(GPa) 

Energy  (eV) 

Flux  (mA/cm^)  Energy  (eV) 

Flux  (mA/cm^) 

AO 

500 

1.0 

0 

0 

0 

0.00 

240 

6.5 

105 

Al 

500 

1.0 

65 

0.031 

0 

0.49 

28 

15 

175 

B1 

800 

3.7 

87 

0.077 

0 

0.32 

- 

28 

240 

Cl 

800 

4.0 

87 

0.077 

0 

0.29 

60 

21 

245 

C2 

800 

4.0 

87 

0.077 

-10 

0.34 

60 

- 

- 

C3 

800 

4.0 

87 

0.077 

-50 

0.34 

53 

25 

260 

C4 

800 

4.0 

87 

0.077 

-90 

0.36 

19 

19 

220 
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Fig.  1 .  FT-IR  spectra  of  different  CN^  samples  as  labelled  (cf.  Table  1 ). 

series,  except  the  shift  of  the  peak  maximum  from  the 
value  obtained  for  the  amorphous  carbon  film,  284.8  eV, 
up  to  286.3  eV  when  N— C  bonds  are  formed. 

The  N  Is  XPS  spectra  show  a  clear  dependence  of 
the  features  with  the  bias  voltage,  as  can  be  seen  in 
Fig.  3.  The  N  Is  peak  is  composed  of  two  main  contribu¬ 
tions:  the  first  at  400.8  eV,  assigned  to  N— C  sp^  bonds 
and  the  second  at  399.3  eV  assigned  to  N— C  sp^  bonds 
[5,7,8].  In  particular,  increasing  the  bias  leads  to  the 
enhancement  of  the  low  energy  component.  It  seems 
that  increasing  the  assisting  energy  leads  to  a  preferential 
resputtering  of  the  bonds  related  with  the  first  compo¬ 
nent,  i.e.  N— C  sp^.  Interestingly,  this  component  is  also 
partially  removed  when  the  samples  are  subjected  to 
heat  treatments  at  500°C  for  2  h.  This  nitrogen  is  not 
firmly  bonded  to  the  film,  so  that  it  is  preferentially 
removed  or  recombined  by  increasing  the  dose  of  assis- 


binding  energy  (eV) 


Fig.  2.  C  Is  XPS  spectra  of  tlie  CN^  films  as  labelled  (cf.  Table  1). 


Fig.  3.  N  Is  XPS  spectra  of  the  CN,  films  as  labelled  (cf.  Table  1). 

tance  or  annealing  at  T  above  500°C.  An  additional 
small  contribution  is  observed  at  binding  energies  close 
to  404  eV,  usually  attributed  to  the  presence  of  N— O 
or  N2  species  [5,6,8]. 

The  previous  assignment  of  the  N  Is  peaks  is  the 
most  frequently  accepted  in  the  literature,  but  there  is  a 
great  spread  in  the  positions  of  the  peaks  that  leads  to 
ambiguous  interpretation  of  the  N  Is  spectra.  XAS 
spectra  could  give  some  complementary  information  for 
studying  the  role  of  nitrogen  in  the  films.  Fig.  4a  shows 
the  XAS  N  Is  spectra  of  the  samples.  The  spectra  have 
a  small  shoulder  at  399.8  eV  and  two  sharp  features  at 

400.8  and  402.1  eV,  all  of  them  associated  with  ls->-7i* 
transitions  (that  are  related  to  sp  and  sp^  nitrogen). 
Another  broad  peak  is  also  present  at  energies  close  to 

408.8  eV  and  related  to  Is^a*  transitions  (that  can  be 
produced  by  sp,  sp^  or  sp^  nitrogen).  In  Fig.  4b,  the 


energy  (eV) 


Fig.  4.  XAS  spectra  of  the  N  Is  edge  for  the  CN,,  films  as  labelled 
(cf.  Table  1). 
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XAS  N  Is  peaks  are  shown  normalised  to  the  Is^a* 
transition  in  order  to  observe  the  evolution  of  the 
intensity  of  the  Is^ti*  transitions  relative  to  the 
ls->a*  transition.  When  the  bias  voltage  is  increased 
the  TT*  features  are  enhanced,  which  (due  to  the  fact 
that  sp^  nitrogen  has  no  tt*  transitions)  can  be  related 
to  the  decrease  of  the  sp^  character  of  the  nitrogen  as 
bias  voltage  is  increased  [13].  Interestingly,  a  clear 
correlation  can  be  found  when  comparing  the  evolution 
of  the  low  binding  energy  component  of  the  N  Is  XPS 
spectra,  at  399.3  eV,  and  the  ls->7i*  features  observed 
in  the  N  Is  XAS  spectra  at  399.8,  400.8  and  402.1  eV. 
Although  the  assignment  of  the  peaks  is  difficult,  trans- 
itions  at  399.8  and  402.1  eV  could  be  generated  by 
pyridine  and  pyridone  (caused  by  surface  oxidation  of 
pyridine)  functionalities,  while  the  peak  at  400.8  eV 
could  be  related  to  carbonitrile  groups  [19].  The  pyridine 
peak  in  XPS  is  shown  at  398.9  eV  by  some  authors 
[12,20]  and  the  carbonitrile  at  399.5  eV  [20],  so  the 
increase  observed  of  the  low  energy  N  Is  XPS  compo¬ 
nent  and  of  the  XAS  N  Is  features,  fits  with  the  increase 
of  these  functionalities  as  bias  voltage  is  increased.  In 
addition,  FT~IR  also  confirms  an  increase  of  the  carbon¬ 
itrile  contribution  when  bias  voltage  is  applied. 

The  evolution  observed  in  the  N  Is  XPS  is  similar  to 
that  of  N  Is  XAS,  but  is  difficult  to  correlate  with  C  Is 
XPS  evolution.  A  possibility  to  be  considered  is  that  the 
components  observed  in  the  XPS  spectra  cannot  be 
assigned  to  just  one  type  of  bonding,  but  to  the  overlap¬ 
ping  of  different  types  giving  similar  binding  energies. 

Plotting  the  hardness  of  all  the  samples,  indepen¬ 
dently  of  the  sputtering  conditions,  versus  the  C  Is 
centroid,  a  clear  correlation  is  detected  (Fig.  5):  the 
increase  of  the  centroid  position  leads  to  measurable 
increases  in  hardness.  The  hardness  values  used  in  this 
figure  were  determined  at  low  penetrations,  around 
7  nm,  in  order  to  enhance  surface  information  and  to 
facilitate  the  correlation  with  the  XAS  and  XPS  surface 
measurements  described  previously.  Although  the  posi- 


Fig.  5.  Hardness  and  Young’s  modulus  as  a  function  of  the  C  Is 
centroid  position  of  the  films. 
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Fig.  6.  Hardness  of  sample  Cl  as  a  function  of  the  contact  distance  of 
the  nanoindenter. 

tion  of  the  centroid  cannot  be  unambiguously  related 
with  the  C  sp^  content  of  the  film,  the  general  trend  is 
that  the  peak  shifts  to  higher  binding  energies  when  the 
C  sp^— N  fraction  increases  [5,7,8].  The  evolution 
observed  in  the  hardness  measurements  is  consistent 
with  the  increase  of  the  C  sp^  content  as  centroid 
position  increases.  In  fact,  EELS  measurements  made 
to  these  same  set  of  samples,  at  the  C  K  edge  [21], 
showed  an  evolution  of  the  sp^/sp^  content  close  to  the 
evolution  of  the  C  Is  centroid.  The  dependence  of  the 
Young’s  modulus  with  the  C  Is  centroid  is  also  shown 
in  the  Fig.  5.  No  clear  dependence  can  be  observed 
between  the  nitrogen  behaviour  and  the  mechanical 
properties.  In  fact,  the  hardest  (Bl)  and  the  softest  (Al) 
samples  have  a  N  Is  peak  almost  identical. 

Fig.  6  shows  the  hardness  data  of  sample  Cl  at  three 
different  depths  corresponding  to  indentations  in  ten 
different  areas  of  the  film.  This  sample  shows  the  highest 
dispersion  in  the  surface  hardness  (7  nm)  data,  going 
from  13  to  28  GPa.  This  high  dispersion  suggests  that 
the  film  is  inhomogeneous,  having  areas  with  different 
C  sp^/sp^  ratios,  which  are  responsible  for  the  spread  in 
the  hardness  measurement.  This  interpretation  is  consis¬ 
tent  with  the  intermediate  position  of  the  C  Is  centroid 
of  sample  Cl  in  Fig.  5.  In  addition,  its  tribological 
performance  shows  the  lower  friction  coefficient,  0.13, 
and  the  best  wear  resistance  behaviour  [21]. 


Sample  Cl 


4.  Conclusions 

Thin  films  of  carbon  nitride  have  been  prepared  in  a 
dual  ion  beam  sputtering  system.  Changing  the  assis¬ 
tance  conditions  we  were  able  to  obtain  films  with  N/C 
atomic  ratios  between  0  and  0.5,  and  thickness  ranging 
between  19  and  240  nm.  Nanoindentation  tests  were 
performed  to  obtain  the  hardness  and  Young’s  modulus 
of  most  of  the  films. 

FT-IR,  XAS  and  XPS  measurements  have  shown  the 
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presence  of  different  nitrogen  and  carbon  species.  A  clear 
correlation  between  some  of  the  features  of  the  XAS  and 
XPS  N  Is  spectra  has  been  evidenced,  although  because 
of  the  overlapping  of  different  types  of  N-bonding  at 
approximately  the  same  binding  energies,  no  definitive 
assignment  can  be  made.  The  presence  of  pyridine  and 
pyridone  species  at  the  surface  of  the  films  is  proposed. 

The  measured  hardnesses  at  depths  of  around  7  nm 
(i.e.  close  to  the  surface)  show  a  clear  correlation  with 
the  position  of  the  centroid  of  the  C  Is  XPS  peak,  i.e. 
the  hardness  increases  when  the  binding  energy 
increases.  This  improvement  in  hardness  is  explained  as 
being  due  to  an  increase  of  the  sp^  content  of  the  films. 
The  high  dispersion  in  the  values  of  hardness  measured 
in  some  of  the  samples  suggests  the  existence  of  inhomo¬ 
geneities  with  different  C  sp^sp^  ratios,  in  good 
agreement  with  the  complex  structure  observed  in  the 
FT~IR,  XPS  and  XAS  measurements. 
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Abstract 

We  prepared  CN;,  films  by  reactive  r.f.  magnetron  sputtering  from  a  graphite  target  in  a  pure  N2  plasma,  with  different 
substrate  bias  voltages  (Tb).  We  studied  the  optical  properties  of  CN^  films  by  using  the  in  situ  spectroscopic  ellipsometry  (SE)  in 
the  energy  region  1.5-5. 5  eV.  The  differences  in  compositional  and  bonding  configuration  between  CN^.  films,  provided  by  the  SE 
data  analysis,  are  discussed  and  correlated  with  the  results  obtained  by  Fourier  Transform  IR  SE  (FTIRSE)  measurements.  Post¬ 
growth  annealing  experiments  were  performed  in  an  ultra-high  vacuum  (UHV)  chamber,  up  to  900°C.  The  film  modifications 
and  the  nitrogen  evolution,  were  monitored  in  real-time  using  an  ultra-fast  16-wavelength  ellipsometer  and  a  quadropole  mass 
spectrometer  (QMS).  In  situ  SE  and  FTIRSE  measurements  were  also  obtained  on  the  completion  of  annealing.  The  nitrogen 
evolution  is  correlated  with  the  carbon-nitrogen  bonding  and  the  compositional  modifications  in  the  films,  as  derived  by  FTIRSE 
and  SE.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon  nitride;  Chemical  bonds;  Ellipsometry;  Reactive  sputtering 


1.  Introduction 

Nowadays  carbon  nitride  (CN  J  is  a  material  of  high 
scientific  and  technological  importance.  Since  Cohen 
and  Liu  [1,2]  proposed  that  the  P-C3N4  phase  should 
exhibit  a  hardness  comparable  to  that  of  diamond, 
CN^  has  become  a  promising  candidate  as  a  thin  film 
protective  overcoat  in  the  magnetic  recording  industry. 
However,  the  most  important  difficulty  which  faced 
experimentalists  in  producing  thin  films  with  the 
P-C3N4  phase,  even  using  a  variety  of  deposition  tech¬ 
niques,  is  the  low  concentration  of  N  (well  below 
57  at.%)  which  is  incorporated  in  the  films.  Further 
experimental  efforts  in  preparing  and  characterizing 
CN^  films,  however,  has  led  to  the  development  of  films 
with  desired  and  unpredictable  elastic  properties,  such 
as  high  hardness  and  elasticity  [3].  The  percentage  of  N 
in  these  films  could  be  as  low  as  20  at.%.  Thus,  the 
enhanced  elastic  properties  may  not  only  be  due  to  the 
existence  of  the  P-C3N4  phase  but  also  due  to  the 
formation  of  other  phases  or  bonding  configurations. 
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Indeed,  HREM  results  identified  a  ‘fullerene-like’  micro¬ 
structure  in  CN^.  films  [3]  and  theoretical  calculations 
[3,4]  support  the  possibility  of  buckling  and  inter-linking 
of  graphene  planes. 

The  structure  and  the  bonding  configuration  of 
CN^.  materials  are  a  rather  complicated  subject.  This  is 
because  CN^  films,  like  amorphous  carbon  films,  may 
contain  different  ratios  of  tetrahedral  sp^,  trigonal  sp^ 
and  linear  sp^  hybridised  bonds,  in  contrast  to  the  other 
amorphous  materials  of  group  IV  (e.g.  Si,  Ge)  which 
can  only  hybridise  teterahedrally.  However,  this  provides 
the  opportunity  to  develop  films  with  a  high  degree  of 
structural,  optical  and  electronic  tuning.  Thus,  CN^  can 
also  be  an  alternative  to  amorphous  silicon  (a-Si)  for 
electronic  device  applications  [5].  The  suitability  of 
CN^  films  for  specific  applications  depends  on  the 
compositional  and  structural  characteristics  stability, 
adherence  and  tribological  properties.  All  these  proper¬ 
ties  are  strongly  related  to  the  preparation  conditions 
and  the  post-growth  treatments  of  the  films.  Recently, 
we  reported  on  the  stability  and  adherence  of  CN^  films 
developed  in  an  N2/Ar  gas  mixture  with  various  sub¬ 
strate  biases,  versus  post-growth  annealing  at  300°C  in 
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an  inert  environment  [6].  In  this  work,  we  deposited 
magnetron  sputtered  CN^.  films  with  different  substrate 
biases  in  a  pure  Na  plasma.  We  studied  the  film  optical 
properties  and  the  chemical  bonding,  and  investigated 
the  effect  of  thermal  annealing  up  to  900°C  on  the  films. 
Multi-wavelength  (MW)  ellipsometry,  SE,  FTIRSE  and 
quadrapole  mass  spectrometer  (QMS)  were  used  as  real 
time  and  in  situ  diagnostic  techniques  for  the  compara¬ 
tive  study  of  the  electronic  dielectric  response  and  the 
chemical  bonding  of  the  as-grown  and  annealed  films. 


2.  Experimental 

films  were  deposited  on  Si  substrates  by  reactive 
r.f.  magnetron  sputtering  technique  using  a  graphite 
target  in  a  deposition  chamber  with  a  base  pressure 
better  than  1  x  10“^mbar.  The  substrates  were  located 
65  mm  above  the  target,  and  coated  using  a  sputtering 
power  of  100  W  in  a  pure  N2  environment.  The  working 
pressure  was  4  x  10"^^  mbar.  The  energy  and  the  flux  of 
the  ions  reaching  the  growing  film  surface  was  varied 
by  applying  an  external  bias  voltage  from  +  20  V 
(floating,  self  bias)  to  -250  V,  to  the  substrate. 
However,  in  this  work  we  present  results  on  two  repre¬ 
sentative  CN^  samples  developed  at  low  and  high  nega¬ 
tive  Eb  —  namely  film  #a  (1^=— 20V),  and  film  #h 
(Fb=  —250  V).  All  films  were  deposited  at  room  temper¬ 
ature  (RT)  and  their  thickness  was  ^5000  A. 

A  phase  modulated  ellipsometer  (PME),  mounted 
on  the  deposition  system  at  an  angle  of  incidence  70.4°, 
allowed  in  situ  SE  measurements  of  the  growing  films 
in  the  energy  region  1.5-5. 5  eV.  SE  is  a  non-destructive 
technique  which  measures  the  complex  dielectric  func¬ 
tion  e{(D)  e((j))  is  directly  related  to 

the  electronic  properties,  the  chemical  bonding  as  well 
as  the  structural  and  the  morphological  properties  of 
the  material.  In  the  case  of  a  thin  film,  the  measured 
quantity  by  SE  is  the  pseudodielectric  function  <e(w)> 
which  accounts  for  the  effect  of  substrate  too.  After 
deposition,  the  films  were  thermally  annealed  in  a  UHV 
chamber  with  a  base  pressure  1  x  10"^^  mbar.  Another 
PME,  which  was  adapted  on  the  chamber,  allowed  MW 
and  SE  measurements  during  and  after  annealing.  MW 
measurements  were  accomplished  at  16  different  wave¬ 
lengths  in  the  energy  range  1.54-4.32  eV.  The  capability 
of  the  system  in  its  acquisition  time  was  less  than  4  s. 
In  the  same  UHV  chamber,  an  FTIRSE  in  the  IR 
energy  region  (900-4000  cm  “^)  and  a  QMS  of  10 
different  detection  channels  were  also  adapted. 


3.  Results  and  discussion 


are  presented  in  Figs.  1  and  2,  respectively.  These  spectra 
provide  a  first  indication  concerning  the  stability  of  film 
#b  compared  to  film  #a.  The  latter  film  exhibits  large 
alterations  during  annealing.  These  alterations  can  only 
be  attributed  to  permanent  modifications  in  microstruc¬ 
ture,  bonding  configuration  and  film  composition  which 
occurred  during  annealing  and  not  due  to  the  temper¬ 
ature  shift.  The  latter  has  been  certified  with  MW  and 
SE  measurements  performed  when  the  films  were  cooled 
down  to  RT  (see  Fig.  3).  SE  measurements  for  the 
as-grown  and  annealed  films  were  taken  in  the  energy 
region  1.5-5. 5  eV.  In  general,  the  CN^.  films  are  compos¬ 
ite  materials  consisting  of  a  mixture  of  threefold  (sp^) 
and  fourfold  (sp^)  co-ordinated  carbon  and 
carbon  ^nitrogen  atoms  whilst  with  a  low  percentage 
of  carbon  and  nitrogen  atoms  it  is  possible  to  constitute 
sp^  hybridized  chemical  bonds.  Consequently,  as  in  the 
case  of  a-C  [7],  the  electronic  dielectric  response  (NIR- 
Visible-UV  energy  region)  of  the  a-CN^.  films  is  mainly 
due  to  sp^  and  sp^  bonding  and  less  so  to  sp^  hybridized 


Fig.  1.  Real  time  multi-wavelength  <e(co)>  spectra  during  annealing 
from  RT  to  900^C:  #a  CN,^.  film  deposited  with  =  -20  V. 


The  MW  spectra  <e(a;)>  during  the  annealing  pro¬ 
cedures  from  RT  to  900°C  of  the  #a  and  #b  CN^.  films 


Fig.  2.  Real  time  multi-wavelength  <e(oj)>  spectra  during  annealing 
from  RT  to  900°C:  #b  CN^.  film  deposited  with  —250  V. 
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Fig.  3.  The  experimental  (symbol)  and  calculated  (solid  line)  <e(co)> 
spectra  of  the  #a  CN^  film,  obtained  by  SE;  as-grown  (circles)  and 
after  annealing  to  900‘"C  (squares). 

bonds  and  can  be  described  with  the  Lorentz  oscillator 
dispersion  relations. 

In  order  to  evaluate  the  spectral  dependence  of  the 
electronic  dielectric  function  of  films,  we  fit  the 
experimental  <e(a;)>  by  using  the  modified  Tauc- 
Lorentz  (TL)  model  proposed  by  Jellison  et  al.  [8]  in 
combination  with  the  three  phase  model  (air/CN^^ 
film/c-Si  substrate).  In  the  TL  model  the  imaginary  part 
[^2(^)1  of  the  dielectric  function  is  determined  by 
multiplying  the  Tauc  joint  density  of  states  [9]  by  the 
value  of  £2  obtained  from  the  Lorentz  oscillator  model. 
So,  the  TL  model  provides  the  ability  to  determine  the 
fundamental  optical  gap  of  the  interband  electronic 
transitions,  as  well  as  the  energy,  broadening  and 
strength  characteristics  of  each  classical  Lorentz  oscilla¬ 
tor  [7]. 

In  Figs.  3  and  4  are  plotted  the  experimental  (symbol) 
and  calculated  (solid  line)  <e(co)>  for  the  #a  and  #b 
films  as-grown  and  after  annealing  at  900°C,  respec¬ 
tively.  By  this  analysis  a  fundamental  difference  was 
found  between  the  two  samples  concerning  the  number 
of  oscillators  required  to  describe  the  measured  <e(co)> 
spectra.  In  the  fitting  procedure  for  film  #a,  we  used 
two  oscillators  centered  at  '^S.SeV  and  ~9.5eV. 
Similar  to  a-C  films  [7],  the  former  corresponds  to 
K-electron  transitions  (sp^  bonds,  C=C  and  C=N), 
and  the  latter  to  a-electron  transitions  (sp^  bonds,  C— C 
and  C— N).  In  the  case  of  film  #b,  due  to  its  high 
optical  absorption  at  low  energies,  in  addition  to  the 
above  two  oscillators,  an  additional  oscillator  at  1.5- 
2.0  eV  is  needed  to  describe  the  experimental  data.  This 
corresponds  to  a  semi-metallic  optical  behavior  of  film 


Fig.  4.  The  experimental  (symbol)  and  calculated  (solid  line)  <e:(c(;)> 
spectra  of  the  #h  film,  obtained  by  SE;  as-grown  (circles)  and 
after  annealing  to  900°C  (squares). 

#h.  Recently  [7]  we  have  also  reported  that  sputtered 
a-C  films,  grown  with  high  energy  ion  bombardment, 
exhibit  a  similar  semi-metallic  optical  behavior  which 
was  correlated  with  the  formation  of  a  dense  carbon 
phase  [10]. 

The  calculated  e(co)  spectra  obtained  using  the  optical 
parameters  resulting  from  the  fitting  procedure,  in  the 
energy  range  0-12  eV,  are  plotted  for  films  #a  and  #b 
in  Figs.  5  and  6  respectively.  The  non-zero  optical  band 
gap  and  the  lower  absolute  values  of  the  imaginary  part 


Fig.  5.  The  calculated  e(cf;)  spectra  of  the  #a  CN,,  film;  as-grown  (solid 
line)  and  annealed  at  900°C  (dashed  line). 
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Fig.  6.  The  calculated  e(w)  spectra  of  the  #b  CN^.  film;  as-grown  (solid 
line)  and  annealed  at  900"C  (dashed  line). 

of  dielectric  function  €2  (proportional  to  the  absorption) 
of  film  #a,  point  to  its  higher  optical  transparency. 
Thereby,  the  comparison  of  the  measured  and  calculated 
e(m)  spectra  certify  that  sp^  bonding  is  dominant  in  film 
#b.  The  alterations  resulting  from  the  annealing  pro¬ 
cedure  are  also  clearly  illustrated  in  Figs.  5  and  6.  More 
specifically,  in  film  #a  (see  Fig.  5)  the  first  oscillator 
(-^3.5  eV)  has  been  shifted  to  lower  energy  (--3.1  eV) 
and  the  strength  of  the  second  one  ( ~  9  eV )  has  been 
remarkably  reduced.  The  above  suggest  a  redistribution 
of  sp^  sites  and  a  reduction  of  sp^  sites  due  to  the 
evolution  of  N  from  the  film.  In  the  same  mode,  the 
strength  of  the  oscillator  centered  at  --  9  eV,  in  film  #b, 
has  also  been  reduced,  but  surprisingly  no  significant 
changes  were  deduced  at  low  energies  up  to  --3  eV. 
This  indicates  the  thermal  stability  of  the  sp^  bonding 
in  film  #b.  The  electronic  dielectric  response  (SE)  does 
not  exhibit  any  particular  contribution  of  C=N  bonds 
of  films  possibly  because  of  their  low  polarizability 
in  this  energy  region.  Nevertheless,  even  though  we  are 
not  able  to  obtain,  at  the  moment,  direct  information 
from  SE  on  the  effect  of  temperature  on  the  C=N 
bonds,  we  note  here  that  the  loss  of  nitrogen  from  such 
sites  must  be  accompanied  by  the  formation  of  micro¬ 
voids.  That  is,  the  breaking  of  C=N  bonds  during 
annealing  is  translated  into  an  average  reduction  of  film 
optical  density  (lower  absolute  values  of  €{co)). 

Fig.  7  shows  the  evolution  of  N2,  as  detected  with 
QMS,  during  film  annealing.  In  film  #a,  the  evolution 
of  N2  initiates  at  -'210'’C,  whereas  in  film  #b  it  initiates 
at  -'310°C.  In  the  latter,  a  saturation  of  N2  partial 
pressure  was  obtained  up  to  600°C.  In  film  #a,  a 
reduction  of  N2  partial  pressure  was  detected  within  the 


Annealing  Temperature  (°C) 


Fig.  7.  The  evolution  of  molecular  nitrogen  (N2)  during  annealing, 
from  RT  to  900°C,  of  #a  and  #b  CN^.  films.  The  arrows  indicate  the 
characteristic  temperatures  where  the  N2  partial  pressure  increases. 

temperature  range  420“600°C.  This  probably  means 
that  one  specific,  weak  type  of  carbon— nitrogen  bond 
was  already  exhausted.  We  expect  that  C— N  bonds 
start  to  break  at  lower  temperatures,  and  the  breaking 
of  bonds  starts  afterwards  due  to  their  different 

degrees  of  freedom.  Therefore,  these  findings  suggest 
that  the  C— N  bonds  are  weaker  in  film  #a  than  in  film 
§b.  However,  for  a  more  accurate  definition  of  the 
characteristic  temperatures  at  which  C— N  and  C=N 
bonds  start  to  break,  more  detailed  experiments  should 
be  carried  out.  In  both  films,  a  gradual  increase  in  N2 
partial  pressure  above  600°C  was  detected.  This  nitrogen 
evolution  is  associated  with  the  C=N  bonds  [11,12]. 
We  should  note  here  that  no  significant  changes  in  the 
partial  pressures  of  other  gases  which  were  below 
1  X  lO'^mbar,  such  as  atomic  nitrogen  N,  carbon  C, 
carbon  nitrogen  CN,  oxygen  O  or  O2,  etc.  were  detected. 

Since  the  optical  response  of  CN^  films  was  associated 
with  chemical  bonding  between  carbon— carbon  or 
carbon— nitrogen  atoms  we  studied  the  films  using  the 
FTIRSE  technique.  This  technique  is  a  powerful  tool 
for  the  investigation  and  study  of  chemical  bonds  in 
amorphous  materials  with  weak  contribution.  Every  IR 
active  chemical  bond  in  the  FTIRSE  spectra  can  be 
described  as  a  Lorentz  oscillator.  For  the  enhancement 
of  the  characteristic  bands,  the  first  derivative  of  the 
measured  pseudodielectric  function  (d<e)/da))  was  cal- 
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culated.  In  this  quantity,  the  chemical  bonds  can  be 
identified  by  a  maximum  or  minimum  in  d<ei>/dco  along 
with  an  inflection  in  d<e2>/d<^-  For  the  sake  of  simplicity, 
in  Fig.  8  only  the  d<ei>/dcu  spectra  of  the  as-grown  and 
annealed  films  are  illustrated.  Arrows,  in  the  figure, 
denote  the  characteristic  bands  of  single,  double 
and  triple  chemical  bonds,  between  carbon-nitrogen 
or  carbon-carbon  atoms,  contributing  in  the  wave- 
number  regions  1100-1300,  1300-1800  [13]  and 
2100-2250 cm"^  [14],  respectively.  The  denoted  C=0 
vibration  mode  at  2350  cm“^  is  attributed  to  the  envi¬ 
ronmental  CO2.  In  film  #a,  two  different  contributions 
of  the  double  bonding  were  identified  and  assigned  to 
C=N  (1530 cm“i)  and  C=C  (1670 cm“^)  bonds 
[15,16].  The  question  raised  here  is  why  C=C  bonds 
are  IR  active  only  in  film  #a  and  not  in  film  #b? 

The  analysis  of  FTIRSE  spectra  of  the  as-grown  and 
annealed  films  showed  that  the  oscillator  strength  for 
the  sp^  sites  (C— N)  is  reduced  in  both  films. 
Furthermore,  the  oscillator  broadening  of  film  #a  is 
reduced  by  a  factor  of  two  compared  to  film  #b, 
suggesting  that  the  sp^  bonds  become  more  localized 
and  their  large  variation  in  bond  angles  and  lengths  is 


Wavenumber  (cm'*) 


Fig.  8.  The  real  part  of  the  first  derivative  of  FTIRSE  spectra 

(d<ei>/do;)  of  the  as-grown  and  annealed  at  900°C  #a  and  #b  CN,, 
films.  The  arrows  denote  the  characteristic  bands  of  single,  double  and 
triple  chemical  bonds  between  carbon— nitrogen  or  carbon— carbon 
atoms,  and  the  C=0  vibration  mode  of  envirnmental  CO2. 


diminished.  In  film  #a,  the  effect  on  double  bonds  of 
annealing  is  a  reduction  of  C=N  and  an  increase  of 
C=C  bonds,  whereas  no  signification  changes  are 
observed  in  film  #b.  This  finding  is  in  agreement  with 
the  SE  results.  The  feature  attributed  to  C^N  bonds 
seems  to  have  the  same  characteristics  in  the  films, 
whilst  a  similar  reduction  has  been  deduced  in  both  of 
them  after  annealing.  This  is  in  agreement  with  the 
results  obtained  by  QMS  (see  Fig.  7).  All  the  above 
demonstrate  the  fundamental  differences  in  chemical 
bonding  configurations,  and  their  stability  during  ther¬ 
mal  annealing,  between  the  studied  CN^  films  originated 
from  the  different  ion  energies  used  during  their  prepara¬ 
tion.  Moreover,  FTIRSE  spectra  yield  important  insight 
into  the  film  chemical  bonding  as  well  as  the  nitrogen 
distribution  in  the  films;  these  will  now  be  discussed. 

In  general,  chemical  bonds  between  carbon— carbon 
atoms  in  a-C  films  are  not  IR  active  [17].  In  the  case 
of  CN^  films  the  incorporation  of  N  in  the  a-C  matrix 
breaks  the  symmetry  and  activates  the  carbon— carbon 
bonds  [18].  In  our  first  attempt  to  justify  the  observed 
C=C  bonds  in  FTIRSE  spectra,  we  suppose  that  this 
is  related  to  the  nitrogen  incorporation  in  the  amorphous 
carbon  matrix.  When  the  incorporated  nitrogen  content 
is  high,  then  more  N  atoms  are  bonded  into  sp^  domains 
and  break  the  symmetry  of  sixfold  rings.  As  a  conse¬ 
quence,  more  C=^C  bonds  may  become  IR  active  [18]. 
According  to  this  assumption,  the  nitrogen  content  in 
film  #a  should  be  higher  compared  to  that  of  film  #b. 
On  the  other  hand,  SE  data  analysis  revealed  that  film 
#a  is  more  optically  transparent  and  contains  a  lower 
percentage  of  sp^  sites,  compared  to  film  #b.  However, 
the  above  two  arguments  are  in  contradiction  with  the 
results  reported  so  far,  which  support  the  increase  of 
sp^  sites  with  increasing  nitrogen  concentration  in 
films  [19,20].  In  addition,  preliminary  results  from  X-ray 
photoelectron  spectroscopy  showed  that  the  nitrogen 
concentration  is  similar  ('^20at.%)  and  some  small 
deviations  cannot  justify  the  observed  differences 
between  them. 

A  possible  explanation  of  whether  or  not  C^C  bonds 
are  activated  (see  Fig.  8)  may  be  the  nitrogen  distribu¬ 
tion  in  the  films,  which  affects  the  bonding  configura¬ 
tions.  The  substrate  bias  influences  the  energetic-ion 
bombardment  and  the  chemistry  mechanisms  of  the 
reaction  kinetics  in  the  CN^  film  surface.  For  reactive 
r.f.  magnetron  sputtering,  in  the  presence  of  a  pure  N 
plasma,  where  the  dominant  process  gas  ions  are  N*^ 
and  N2  [21],  more  negatively  biased  substrates  acceler¬ 
ate  the  ions  towards  the  growing  film  surface  enhancing 
their  reactivity  and  mobility.  Thus,  they  can  dissociate 
the  low  energy  sputtered  species,  such  as  C„  or  (CN)„ 
clusters,  which  are  reaching  the  substrate,  and  form 
chemical  bonds  affecting  the  nitrogen  distribution  in  the 
bulk  of  the  film.  In  film  #a,  the  incorporation  of  N  in 
the  a-C  matrix  is  homogeneous,  the  N  substitutes  C 
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atoms  in  both  sp“  and  sp^  carbon  bonded  sites.  In  film 
#b,  the  distribution  of  N  atoms  is  not  homogeneous  all 
over  the  film,  but  instead,  there  are  regions  in  the  a-C 
matrix  where  the  local  N  concentration  is  high,  and 
more  than  one  N  atom  is  incorporated  per  aromatic 
ring.  This  is  because  of  the  high  reactivity  and  mobility 
of  the  nitrogen  ions  during  deposition.  If  this  is  so,  then 
there  is  a  strong  possibility  on  the  formation  of:  (i) 
pentagons  leading  to  the  buckling  of  graphene  planes; 
and  (ii)  C3N4  crystalline  phases.  The  former  corresponds 
to  the  transition  of  the  graphite  structure  to  a  Tullerene- 
like’  one  [3].  Both  the  Tullerene-like’  and  the  C3N4 
phases  exhibit  high  hardness  and  elasticity  [1-3]. 

To  verify  the  validation  of  our  speculation,  nanoin¬ 
dentation  measurements  were  undertaken  in  the 
as-grown  films.  The  results,  not  presented  here,  reveal 
that  film  #a  is  softer  6  GPa)  and  shows  a  susceptibility 
to  plastic  deformation  during  indentation,  whereas  film 
#b  is  harder  ( ^  10  GPa)  and  shows  a  capability  of  elastic 
recovery.  If  we  take  into  account  that  high  elasticity  in 
an  examined  film  prevents  the  accurate  determination 
of  the  projected  area,  and  as  result  of  this  the  accurate 
evaluation  of  the  elastic  properties,  then  the  hardness 
of  film  #b  is  expected  to  be  higher  than  10  GPa. 


4.  Conclusions 

CN^.  films  developed  by  r.f.  magnetron  sputtering  in 
a  pure  N2  plasma  at  RT  with  two  different  bias  voltages 
(Kb  =—20,  —  250Y)  which  controls  the  energy  of 
and  ions  bombarding  the  growing  film  surface.  We 
studied  the  optical  properties  and  chemical  bonding 
configurations,  and  the  modifications  occurring  in  post¬ 
annealing  up  to  900''C.  The  differences  in  the  electronic 
dielectric  response  and  the  bonding  configurations 
between  the  examined  films  were  attributed  to  the  nitro¬ 
gen  bonding  and  distribution  in  the  films.  That  is,  in 
the  film  deposited  with  Kb  = -20  V  (low  energy  ion 
bombardment)  the  nitrogen  distribution  is  homogen¬ 
eous,  whereas  in  the  film  deposited  with  the 
Kb=  —250  V  (high  energy  ion  bombardment)  there  are 
regions  with  a  high  local  nitrogen  concentration.  This 
may  lead  either  to  the  formation  of  pentagons  which 
induces  the  buckling  of  graphene  planes,  or  to  the 


formation  of  C3N4  phases.  Furthermore,  the  CN^  film 
grown  with  high  energy  ion  bombardment  (Kb  = 
—250  V)  proved  to  be  more  stable  during  annealing, 
compared  to  that  grown  with  Kb=  —  20  V. 
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Abstract 

Carbon  nitride  thin  films  have  been  deposited  on  silicon  substrates  by  reactive  sputtering  of  a  pure  graphite  target.  In  this 
process,  argon  plasma,  generated  by  a  hot  cathode  discharge,  diffuses  through  a  diaphragm  into  a  deposition  chamber  towards 
the  target  which  is  biased  at  — 300  V.  The  current  density  on  the  target  is  about  30  mA  cm  Nitrogen  gas  is  injected  into  the 
deposition  chamber  during  the  sputtering.  Evolution  of  the  deposition  rate  is  measured  versus  the  partial  N2  pressure.  The  films 
are  characterized  by  X-ray  photoelectron  spectroscopy  (XPS),  Fourier  transform  infra-red  spectroscopy  (FTIR)  and  Raman 
spectroscopy.  The  atomic  ratios  of  N  and  C  in  films  are  evaluated  by  XPS.  At  high  N2  partial  pressure,  the  atomic  fraction 
saturates  at  a  value  of  38  at.%.  The  curve  fitting  of  the  C  Is  and  N  Is  XPS  peak  spectra  indicates  that  C  and  N  atoms  in  films 
exhibit  two  different  chemical  states,  representative  of  different  C~N  chemical  bonds.  These  XPS  results,  combined  with  FTIR 
and  Raman  analysis,  suggest  the  existence  of  two  amorphous  carbon  nitride  phases  in  films,  one  with  a  stoichiometry  similar  to 
C3N4  and  the  other  with  an  increasing  fraction  of  nitrogen  as  the  total  N  content  in  the  films  increases.  These  two  carbon  nitride 
phases  seem  to  be  present  as  soon  as  nitrogen  is  incorporated  in  films,  even  at  low  atomic  concentration  of  nitrogen.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Carbon  nitride  films  have  generated  much  interest 
since  Liu  and  Cohen  [1]  predicted  the  existence  of  a 
metastable  covalent  carbon  nitrogen  compound 
(P-C3N4)  with  a  bulk  modulus  comparable  to  or  greater 
than  that  of  diamond.  This  prediction  motivated  many 
researches  to  attempt  to  synthesize  this  material  by 
various  techniques  such  as  laser  ablation  deposition 
[2,3],  sputtering  deposition  [4-6],  ion  beam  evaporation 
deposition  [7,8],  and  chemical  vapor  deposition  [9,10]. 
Although  the  nitrogen  content  of  most  of  the  CN^^  films 
obtained  has  not  yet  reached  the  predicted  value  of 
57  at.%  of  the  P-C3N4  phase,  carbon  nitride  has  already 
emerged  as  a  new  material  of  both  scientific  and  practical 
interest.  For  example,  two  main  applications  of  these 
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films  concern  electronic  field  emission  [11-13]  and  semi¬ 
conducting  properties  [10]. 

In  this  paper  we  report  on  experiments  carried  out 
to  synthesize  CN^-  films  by  an  original  method  using 
plasma  beam  reactive  sputtering  of  a  graphite  target. 
Films  are  analyzed  by  X-ray  photoelectron  spectroscopy 
(XPS),  Fourier  transform  infrared  spectroscopy  (FTIR) 
and  Raman  spectroscopy.  The  study  is  mainly  devoted 
to  following  the  evolution  of  the  deposition  rate,  the 
composition,  type  of  chemical  bonds  and  structure  of 
the  deposited  films  versus  nitrogen  partial  pressure 
injected  in  the  reactive  deposition  chamber.  Particular 
attention  is  paid  to  determine  the  type  of  chemical 
bonds  between  C  and  N  atoms  by  a  systematic  XPS 
investigation. 

2.  Experiments  details 

The  deposition  is  performed  using  a  Sputtron  II 
Balzers  plasma  beam  sputtering  equipment.  The  experi- 
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mental  set-up,  presented  in  Fig.  1,  is  composed  of  an 
ionization  chamber  and  a  sputtering  chamber.  Chambers 
are  evacuated  by  an  18001/s  oil  diffusion  pump  with  a 
coolant  baffle  to  a  base  pressure  of  8  x  10"^  mbar  before 
beginning  the  deposition.  The  ionization  chamber  is 
connected  to  the  sputtering  chamber  via  an  aperture, 
through  which  there  is  a  pressure  drop  during  sputtering 
operation.  The  pressure  in  the  ionization  chamber  is 
approximately  20  times  greater  than  in  the  sputtering 
chamber.  First,  argon  gas  is  injected  into  the  ionization 
chamber,  then,  before  deposition,  nitrogen  gas  is  injected 
into  the  sputtering  chamber.  The  N2  partial  pressure 
can  be  adjusted  between  0  and  10"^  mbar,  whereas  the 
Ar  partial  pressure  is  set  to  10  mbar  in  the  sputtering 
chamber.  A  heated  tantalum  filament  emits  electrons 
and  the  discharge  is  initiated  using  the  auxiliary  anode. 
An  arc  discharge  is  maintained  between  hot  cathode 
and  anode  in  the  sputtering  chamber.  A  magnetic  field, 
generated  by  an  external  coil  mounted  around  the 
sputtering  chamber,  forces  the  plasma  into  a  beam 
between  the  aperture  and  anode,  which  results  in  a  high 
concentration  of  ionized  particles. 

The  target  is  a  60  mm  diameter  high  purity  sintered 
graphite  (99.995%).  By  applying  a  negative  voltage  set 
at  —  300  V  to  the  target,  the  ions  of  the  arc  plasma  are 
accelerated  towards  the  graphite  for  sputtering  of  the 
material.  The  current  density  on  the  target  is  about 
30mAcm““.  Prior  to  each  deposition,  the  target  is 
sputter  cleaned  with  a  shutter  shielding  the  substrate 
during  this  procedure.  The  substrates  are  fixed  laterally 
200  mm  from  the  target  center. 

Substrates  are  p-type  boron-doped  silicon  with  (100) 
orientation  and  a  resistivity  of  12Qcm.  Before  their 
introduction  into  the  deposition  system,  the  substrates 
are  cleaned  in  acetone  (5  min)  then  in  ethanol  (5  min) 
using  an  ultrasonic  cleaner,  and  finally  are  dried  by  a 
N2  flow.  The  last  cleaning  operation  is  Ar"^  ion  bom- 


Fig.  1 .  Schematic  diagram  of  the  experimental  set-up. 


bardment  of  substrates  biased  at  —  1 50  V  in  the  depos¬ 
ition  chamber  during  5  min.  For  this  operation,  N2  gas 
is  not  injected  and  the  plasma  beam  is  brought  along 
the  substrate  vicinity  by  removing  the  magnetic  field 
generated  by  the  external  coil.  During  deposition,  sub¬ 
strates  are  connected  to  ground. 

After  deposition,  the  chamber  is  vented  to  atmo¬ 
spheric  pressure  under  nitrogen  gas  and  samples  are 
immediately  transferred  to  a  Kratos  Axis  Ultra  spec¬ 
trometer  for  XPS  ex  situ  analysis.  The  pressure  in  the 
spectrometer  is  around  10“^  mbar.  This  condition  allows 
us  to  maintain  XP  spectra  over  a  few  hours  with  a 
constant  C  Is,  N  Is  and  O  Is  ratio  and  peak  shape. 
Monochromatic  Al  Ka  radiation  ( 1486.6  eV)  is  used 
for  all  XPS  measurements.  The  pass  energy  of  the 
analyzer  is  160  eV  for  wide  scan  XP  spectra  and  20  eV 
for  detailed  XPS  peaks.  The  resolution  of  the  spectrome¬ 
ter,  measured  by  fitting  a  silver  Fermi  edge  [14],  is 
0.47  ±  0.03  eV  and  2.1±0.1eV  at,  respectively,  20  eV 
and  1 60  e V  pass  energy.  Tests  under  electron  bombard¬ 
ment  of  films  during  XPS  measurements  have  revealed 
no  shift  of  the  binding  position  of  the  XPS  peaks.  This 
result  indicates  that  there  is  no  charging  effect  during 
our  measurements,  and  correction  of  the  binding  energy 
is  not  necessary. 

The  transmission  FTIR  spectra  are  recorded  on  a 
Nicolet  20XSC  spectrophotometer  equipped  with  a 
HgCdTe  detector  over  a  range  of  400  to  4000  cm”^  with 
a  4cm”^  spectral  resolution. 

Raman  measurements  are  carried  out  on  a  Jobin- 
Yvon  T64000  spectrometer  using  the  514.5  nm  line  of 
an  argon  ion  laser  with  a  power  of  10  mW.  The  width 
of  the  slit  is  40  pm,  which  gives  a  resolution  of  about 
0.9  cm"^ 

Film  thickness  is  measured  using  a  Tencor  Alpha 
Step  profiler. 

3.  Results  and  discussion 

The  deposition  rate  versus  nitrogen  partial  pressure 
is  given  in  Fig.  2.  A  significant  increase  of  the  deposition 
rate  is  observed  as  the  N2  pressure  increases  up  to 
7.5  X  lO""^  mbar.  Measurements  at  10"^  mbar  indicate  a 
lowering  of  the  deposition  rate.  This  behavior  is  not 
associated  with  a  modification  of  the  electrical  parame¬ 
ters  of  the  discharge.  Particularly,  the  target  current 
remains  constant  as  the  N2  pressure  increases.  The 
increase  in  deposition  rate  with  N2  pressure  has  already 
been  observed  in  reactive  magnetron  sputtering  [6,15]. 
One  possible  explanation  is  an  increase  in  sputtering 
yield  of  the  target  as  the  N  concentration  increases  on 
the  target  surface  due  to  ion  bombardment.  The  incorpo¬ 
ration  of  nitrogen  atoms  in  the  target  leads  to  chemical 
reactions  between  N  and  C  atoms  and  may  reduce  the 
cohesive  energy  of  the  carbon  atoms  of  the  target.  The 
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Fig.  2.  Deposition  rate  as  a  function  of  the  partial  N2  pressure. 


decrease  in  deposition  rate  at  high  nitrogen  pressure  is 
probably  due  to  the  etching  of  films  by  nitrogen  during 
their  growth.  Indeed,  volatile  CN  compounds  can  be 
formed  by  chemical  reaction  between  carbon  and  nitro¬ 
gen  at  the  film  surface  [7].  At  high  pressure,  this  etching 
mechanism  is  certainly  not  negligible  compared  with  the 
growth  one,  and  hence  the  deposition  rate,  which  is  the 
result  of  a  balance  between  etching  and  growth  mecha¬ 
nisms,  must  decrease. 

Wide  scan  XP  spectra  indicate  the  presence  of  carbon, 
nitrogen  and  oxygen  in  films.  The  presence  of  oxygen  is 
probably  related  to  the  relatively  high  base  pressure  in 
the  deposition  system.  The  chemical  composition  was 
obtained  from  the  area  of  C  Is,  N  Is  and  O  Is  XPS 
peaks  taking  into  account  sensitivity  factors  for  each 
constituent.  The  evolution  of  the  atomic  concentration 
of  C,  N  and  O  is  given  in  Fig.  3.  A  strong  increase  in 
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Partial  pressure  (mbar) 

Fig.  3.  Atomic  concentration  of  C,  N  and  O  in  films  as  a  function  of 
the  partial  N2  pressure. 


Fig.  4.  C  Is  spectra  for  films  containing  14at.%  and  38  at.%  concen¬ 
tration.  The  experimental  data  are  represented  by  circles.  The  solid 
lines  are  the  results  of  curve  fitting  by  the  Gaussian  components  in 
dotted  lines. 


N  concentration  is  observed  as  N2  partial  pressure  varies 
from  0  to  10  mbar.  The  N  concentration  saturates  at 
high  N2  pressure  and  reaches  38%  at  10”^  mbar.  This 
saturation  of  the  N  concentration  can  be  correlated  with 
the  observed  decrease  in  deposition  rate  at  high  N2 
pressure.  The  formation  of  volatile  CN  compounds  on 
the  film  surface  during  deposition  must  probably  limit 
the  incorporation  of  nitrogen. 

The  C  Is  and  N  Is  XPS  peaks  are  shown  in  Fig.  4 
and  Fig.  5  for  two  samples  at  14%  and  38%  relative 
atomic  nitrogen  concentration.  The  background  spectra 
are  considered  as  Shirley  type.  The  shape  and  the  large 


Fig.  5.  N  Is  spectra  for  films  containing  14  at.%  and  38  at.%  N  concen¬ 
tration.  The  experimental  data  are  represented  by  circles.  The  solid 
lines  are  the  results  of  curve  fitting  by  the  Gaussian  components  in 
dotted  lines. 
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full-width  at  half-maximum  (FWHM)  of  XPS  peaks 
suggest  different  types  of  chemical  state  for  carbon  and 
nitrogen  in  the  films.  Curve  fitting  of  spectra  is  achieved 
by  adding  several  peaks  of  Gaussian  shape.  For  all 
samples,  the  curve  fitting  of  the  C  Is  spectra  indicates 
the  presence  of  four  different  chemical  states  of  carbon 
(Fig.  4),  whereas  the  N  Is  spectra  (Fig.  5)  show  three 
different  chemical  states.  Results  of  the  curve  fitting  are 
given  in  Table  1 .  All  the  component  binding  energies 
increase  with  N  content.  The  corresponding  values  of 
FWHM  are  1. 4-1.6 eV  for  Cl,  C2,  C3,  Nl,  N2,  N3 
peaks  and  I.5-1.8eV  for  C4  peak.  The  C4  peak  is 
attributed  to  C— O  bonds  and,  similarly,  the  N3  peak 
corresponds  to  N— O  bonds  [5,9].  The  Cl  peak  is 
attributed  to  C-^C  bonds;  this  position  is  at  an  interme¬ 
diary  value  between  the  two  positions  of  the  C  Is  peak 
attributed  to  C  — C  sp^  bonds  in  graphite  and  C— C 
sp^  bonds  in  diamond-like  amorphous  carbon.  The  C2 
and  C3  peaks  are  related  to  nitrogen  incorporation  and 
are  assigned  to  C— N  bonds.  Correspondingly,  in  the 
N  Is  zone,  the  Nl  and  N2  peaks  are  assigned  to  C^N 
bonds. 

On  the  basis  of  some  reports  [16-18],  the  C2  and  N2 
peaks  can  be  assigned  to  a  type  of  C—N  bond  for  which 
nitrogen  atoms  are  bonded  to  sp^  carbon,  whereas  C3 
and  Nl  peaks  correspond  to  C—N  bonds  for  which 
nitrogen  atoms  are  bonded  to  sp^  carbon  atoms.  The 
presence  of  C^N  is  also  not  excluded  since  the  positions 
of  the  C  Is  and  N  Is  are,  respectively,  286.7  eV  and 
399.6  eV  in  polyacrylonitriles  [19].  The  first  value  is 
close  to  the  C2  peak  position  and  the  second  is  at  an 
intermediary  value  between  C2  and  C3  position  peaks. 

The  relative  atomic  concentration  of  each  component, 
deduced  from  the  magnitude  of  the  component  areas 
taking  into  account  the  XPS  sensitivity  factors,  is  shown 
in  Figs.  6  and  7  as  a  function  of  the  total  nitrogen 
atomic  concentration  in  films.  The  relative  intensity  of 
the  Cl  and  C2  peaks  decreases,  whereas  the  C3,  Nl  and 
N2  peaks  have  an  increasing  relative  intensity  as  the  N 
content  increases  in  films.  Assuming  two  carbon  nitride 
phases  in  films,  phase  1  associated  with  C2  and  N2 
peaks,  phase  2  associated  with  C3  and  Nl  peaks,  the 
atomic  fraction  of  nitrogen  has  been  calculated  in  each 
phase.  The  result  is  shown  in  Fig.  8.  In  phase  1,  the 
nitrogen  fraction  varies  from  15  at.%  to  39  at.%  as  the 
total  nitrogen  content  in  films  increases.  In  phase  2, 
whatever  the  total  nitrogen  content  in  films,  the  fraction 

Tabic  1 

Results  of  the  XP  spectra  curve  fitting 


Fig.  6.  Relative  atomic  concentration  deduced  of  the  C  Is  component 
intensities  versus  total  atomic  nitrogen  concentration  in  film. 


Fig.  7.  Relative  atomic  concentration  deduced  of  the  N  Is  component 
intensities  versus  total  atomic  nitrogen  concentration  in  film. 

of  nitrogen  is  very  close  to  57  at.%  which  is  the  stoichi¬ 
ometry  expected  for  C3N4.  This  result,  and  the  fact  that 
the  XPS  peak  position  in  phase  2  is  attributed  to  N 
bonded  to  sp^  C,  leads  us  to  conclude  that  phase  2  is  a 
C3N4  phase  probably  in  an  amorphous  state. 

Therefore,  XPS  results  suggest  the  presence  of  three 
phases  in  films:  a  carbon  phase  and  two  carbon  nitride 


C  Is  core  level  N  Is  core  level 


Peak  designation  Cl  C2  C3  C4  Nl  N2  N3 


Position  at  low  N  content  (eV)  284.7  286  287.3  289  398.8  400.2  402.1 

Position  at  high  N  content  (eV)  285.3  286.8  287.6  289.4  399.4  401  402.5 
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Fig.  8.  Nitrogen  fraction  in  phase  1  and  in  phase  2  versus  total  atomic 
nitrogen  concentration  in  films. 


phases.  The  first  carbon  nitride  phase  has  an  increasing 
fraction  of  nitrogen  as  the  total  nitrogen  content 
increases  in  the  films,  the  second  one  corresponds  to 
C3N4  and  is  present  as  soon  as  nitrogen  is  incorporated 
in  films. 

Structural  information  on  the  deposited  films  is 
obtained  using  micro-Raman  and  FTIR  spectroscopy. 
The  Raman  and  FTIR  spectra  are  analyzed  in  order  to 
investigate  the  effect  of  nitrogen  concentration  on  the 
film  bonding  structure.  Whatever  the  N  content,  a  broad 
peak  between  1200  and  1700  cm  "Ms  detected,  revealing 
the  amorphous  structure  of  the  CN^  films.  This  peak 
can  be  resolved  into  two  Gaussian  line  shapes  and  a 
constant  background  using  curve-fitting  software.  The 
positions  of  the  two  Gaussian  shapes  are  found  around 
1360  and  1560 cm“^  These  bands  are  characteristic  of 
a  mixture  of  graphitic  (G  band  at  1575  cm  "^)  and 
disordered  sp^-bonded  carbon  (D  band  at  1350  cm "^) 
[20].  With  increasing  nitrogen  content,  these  bands 
become  stronger,  meaning  that  Raman  G  and  D  bands 
become  more  active  when  large  amounts  of  nitrogen 
(up  to  38%)  are  present  in  the  film. 

A  weak  band  near  2210  cm" ^  appears  in  the  Raman 
spectra  with  nitrogen  incorporation.  Its  intensity  also 
increases  as  more  N  is  incorporated  in  films.  This  band 
is  usually  attributed  to  the  stretching  vibration  of  C^N 
bonding.  Hence  the  increase  in  this  band  is  ascribed  to 
an  increasing  amount  of  C=N  bonds. 

From  a  more  precise  inspection  of  the  broad  peak 
between  1200  and  1700  cm"S  we  find  that  the  distinction 
between  the  D  and  G  peaks  becomes  clearer  as  the 
nitrogen  concentration  in  the  film  is  raised.  Indeed,  at 
high  N  content  (35-38%),  the  broad  peak  clearly  sepa¬ 
rates  into  two  peaks  located  around  1360  and 
1560  cm"^ 

In  order  to  quantify  this  behavior,  we  calculate  the 


area  intensity  ratio  of  the  D  and  G  peaks:  /(D)//(G). 
With  varying  N  content  from  0  to  38%,  the  ratio 
/(D)//(G)  varies  quite  linearly  from  1.3  up  to  a  limited 
value  of  1.7-1. 8.  This  evolution  is  indicative  of  the 
increase  in  structure  disorder  degree  in  the  CN  films: 
the  translational  periodicity  of  the  atomic  network  of 
the  solid  is  disturbed  by  bond-angle  distortions  and 
particle  size  effects  caused  by  the  nitrogen  incorporation 
in  the  carbon  structure.  Moreover,  the  linear  variation  of 
/(D)//(G)  as  a  function  of  nitrogen  concentration  shows 
that  the  shape  of  the  Raman  spectra  between  1200  and 
1700  cm  is  clearly  indicative  of  incorporated  N 
amount  of  the  CN^.  films. 

The  Raman  results  can  be  correlated  with  the  FTIR 
ones.  As  nitrogen  is  incorporated  in  the  film,  FTIR 
spectra  exhibit  characteristic  bands  of  carbon  nitrogen 
bonds  at  2210  (stretching  vibration  C=N  bond)  and 
around  1500  cm  (stretching  vibration  modes  of  C— N, 
C^C  bonds),  showing  that  the  C  and  N  atoms 
are  chemically  bonded  in  the  films  [18,21,22].  In  particu¬ 
lar,  we  can  note  the  increase  in  intensity  of  the  peak 
located  at  2210  cm" ^  as  the  N  content  increases  in  the 
film,  showing  the  simultaneous  increase  in  C=N  bonds. 
The  presence  of  C=N  bonds  is  consistent  with  XPS 
results.  Indeed,  as  noted  previously,  a  part  of  the  C2 
peak  can  be  attributed  to  C=N  in  phase  1. 


4.  Conclusions 

This  work  demonstrates  the  ability  of  an  original 
sputtering  deposition  process  to  synthesize  carbon  nit¬ 
ride  films.  After  optimization  of  the  deposition  parame¬ 
ters,  the  N  content  in  the  deposited  films  reaches  38% 
without  any  ion  bombardment  at  the  substrate  with  an 
external  supply.  The  detailed  XPS  results  combined  with 
FTIR  and  Raman  measurements  suggest  the  existence 
of  three  amorphous  phases  in  films:  a  carbon  phase,  a 
carbon  nitride  phase  with  a  variable  fraction  of  nitrogen 
(N“C  sp^  and  C=N  bonds)  and  another  one  with  a 
stoichiometry  similar  to  C3N4  in  which  N  is  bonded  to 
C  sp^.  Future  work  will  be  devoted  to  the  improvement 
of  nitrogen  incorporation  on  the  films  by  ion  bombard¬ 
ment  of  the  substrate  during  their  growth.  Moreover, 
an  attempt  to  determine  the  mechanisms  involved  in 
the  CN^  phases  formation  will  be  made  by  studying 
both  the  transport  of  sputtered  species  and  the  structure 
of  the  films  by  analysis  methods  such  as  optical  emission 
spectroscopy,  EELS  and  TEM. 
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Abstract 

Carbon  nitride  thin  films  (CNJ  were  produced  by  UV  laser  (ArF,  ;.  =  193nm)  induced  chemical  vapour  deposition  from 
C2H2/NH3  mixtures,  on  Si  and  TiN/Si  substrates.  The  surface  and  bulk  composition  of  the  deposited  layers  were  investigated  by 
X-ray  photoelectron  spectrometry  (XPS)  and  elastic  recoil  detection  analysis  (ERDA),  respectively.  Nitrogen  was  found  to  be 
singly  and  doubly  bonded  to  carbon,  as  revealed  by  FTIR  spectrometry.  Specific  morphology  of  the  films  was  evidenced  by 
transmission  electron  microscopy  (TEM),  while  selected  area  electron  diffraction  (SAED)  confirms  the  presence  of  nano-crystallites 
in  the  layers.  The  calculated  J-lattice  spacings  fit  rather  well  with  theoretical  and  experimental  data  for  a-  and  P-C3N4.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon  nitride;  Electron  diffraction;  ERDA;  Laser  CVD;  Thin  films;  XPS 


1.  Introduction 

Liu  and  Cohen’s  prediction  [1]  on  the  existence  of  a 
new  ultra-hard  material  based  on  carbon  and  nitrogen 
and  having  a  structure  equivalent  to  that  of  P-Si3N4  has 
raised  great  interest  due  to  the  properties  that  this 
material  could  have,  such  as  hardness  similar  to  or  even 
higher  than  that  of  diamond,  chemical  and  thermal 
stability,  toughness,  etc.  The  possible  applications  of 
this  material  as  coatings  in  the  semiconductor  industry, 
for  data  storing  media  or  protection  have  focused  the 
efforts  of  the  scientific  community  on  obtaining 
P-C3N4.  Since  then,  it  has  been  indicated  that  hexagonal 
a-C3N4  [2]  and  other  C3N4  phases  having  rhombohedral 
or  defect  zinc-blende  structure  [3]  would  be  more  stable 
than  P-C3N4.  At  the  same  time,  crystallites  attributed 
to  tetragonal  and  monoclinic  carbon  nitride  were  experi¬ 
mentally  evidenced  [4,5].  Different  types  of  deposition 
method,  such  as  sputtering  [6,7],  ion  beam  deposition 
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[8],  hot  filament  CVD  [4,5,9]  or  laser  ablation  [10,11], 
in  reactive  atmosphere  have  been  used  to  synthesise 
carbon  nitride  thin  films.  The  majority  of  these  works 
have  resulted  in  deposits  with  nitrogen  concentration  up 
to  40%  (far  from  the  stoichiometric  value  of  -^51%)  or 
failed  to  produce  crystalline  materials.  However,  the 
existence  of  micro-crystallites  of  P-C3N4  embedded  in 
an  amorphous  CN^  matrix  (x<0.7)  was  evidenced  by 
electron  diffraction  [7,12]  or  even  X-ray  diffraction 
(XRD)  [9]  measurements.  Recently,  we  have  demon¬ 
strated  that  laser  CVD  (L-CVD)  could  be  a  suitable 
method  to  produce  CN^  films  on  different  substrates 
using  carbon/nitrogen-containing  gas  precursors  and 
shown  that  the  film  morphology  depends  on  the  sub¬ 
strate  nature  [13].  Also,  in  an  earlier  study,  Li  et  al. 
[14]  evidenced  that  TiN(lll)  substrates  could  play  the 
role  of  a  structural  initiator  in  the  nucleation  of  crystal¬ 
line  P-C3N4  films.  Based  on  these  observations,  the 
present  work  aims  at  confirming  the  suitability  of  the 
L-CVD  method  to  produce  CN^  thin  films  with  high 
nitrogen  content  using  an  ArF  excimer  laser,  acetylene 
and  ammonia  mixtures  and  Si  or  TiN  substrates. 


0257-8972/00/$  -  see  front  matter  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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2.  Experimental 

The  experimental  set-up  consists  of  a  stainless-steel 
flow  reactor  (40  cm  in  diameter)  equipped  with  a  pri¬ 
mary  vacuum  pump  and  a  secondary  turbo-molecular 
one  (Ley bold  AG).  The  unfocused  ArF  excimer  (A  = 
193  nm,  20  ns)  laser  beam  (Lambda  Physics,  model 
EMG  103  MSC)  5x25  mm^  in  size,  enters  the  reactor 
through  a  CaF2  window  (purged  with  N2  at 
'-'150  ml/min,  in  order  to  avoid  fogging  and  subsequent 
residual  deposition).  High  purity  acetylene  (C2H2)  and 
ammonia  (NH3)  gases  are  selected  as  carbon  and  nitro¬ 
gen  donors,  since  both  exhibit  absorption  at  193  nm. 
The  acetylene  and  ammonia  flows  are  maintained  at  30 
and  190  seem,  respectively.  The  gases  are  pre-mixed 
before  entering  the  reaction  cell  and  conducted  through 
a  nozzle  over  the  substrate.  The  total  pressure  is  settled 
at  ^60mbar.  The  reaction  cell  is  pumped  down  to 
6.6xl0“^mbar  before  admission  of  reactant  gases. 
Wafers  (15  x  20  mm^  in  size)  of  Si(lOO)  and  TiN  depos¬ 
ited  on  Si  are  used  as  substrates  and  prior  to  each 
experiment  they  are  ultrasonically  cleaned  in  ethanol. 
The  time  of  irradiation  is  varied  between  30  min  and  2  h. 

The  irradiation  geometry  (substrate  perpendicular  or 
parallel  to  the  laser  beam)  plays  an  important  role.  First 
exploratory  experiments  have  shown  that  the  perpendic¬ 
ular  irradiation  results  in  scattered  and  non-uniform 
deposits  in  the  periphery  of  the  irradiated  area  with  low 
nitrogen  incorporation.  Consequently,  the  parallel  irra¬ 
diation  was  chosen  in  which  the  laser  beam  and  substrate 
are  parallel  and  4  mm  apart.  The  incident  laser  fluence 
was  ^70  mJ/cm^  per  pulse,  at  a  repetition  rate  of  10  Hz. 

The  chemical  composition,  morphology  and  crystall¬ 
inity  of  the  deposited  films  were  investigated  by  X-ray 
photoelectron  spectrometry  (XPS),  FTIR  spectrometry, 
transmission  electron  microscopy  (TEM),  XRD  and 
selected  area  electron  diffraction  (SAED). 


3.  Results  and  discussion 

The  obtained  films  are  yellow  in  colour,  relatively 
smooth  and  dense,  uniform  and  well  adherent  as 
revealed  by  the  Scotch®  test  (European  norm  NF  EN 
ISO2409:  1994).  The  profilometric  measurements 

(Tencor  Instrument)  show  that  the  deposition  rate  of 
the  CN^.  films  deposited  on  TiN  substrates  is  slightly 
higher  (30A/min)  than  that  of  the  films  deposited  on 
Si  (~20  A/min). 

FTIR  spectra  of  films  deposited  under  similar  experi¬ 
mental  conditions  on  both  types  of  substrate  were 
recorded  with  a  Nicolet  205  spectrometer  in  transmission 
mode  and  are  presented  in  Fig.  1.  There  is  no  significant 
difference  between  spectra,  which  suggests  that  the  com¬ 
position  and  chemical  bonding  in  the  CN^^.  films  depos¬ 
ited  on  TiN  and  Si  substrates  are  the  same.  The  broad 


Fig.  1 .  FTIR  transmission  spectra  of  carbon  nitride  films  deposited  on 
Si  and  TiN  substrates. 

band  between  3100  and  3500  cm  can  be  attributed  to 
NH2  symmetric  and  asymmetric  stretching  modes.  The 
shoulder  in  the  2800-3050  cm"^  region  is  specific  to  the 
CH2  symmetric  and  asymmetric  vibrations  or  CH 
stretching  modes.  The  low  intensity  features  over 
3600  cm"^  are  due  to  OH  bonds  [15].  The  peaks  appear¬ 
ing  in  the  1300-1700  cm" ^  region  are  representative  of 
the  existence  of  C=N  and  C— N  bonds.  Although  it  is 
rather  difficult  to  distinguish  between  different  possible 
chemical  bonds,  and  despite  the  often  contradictory 
reports  on  IR  spectra  of  the  CN^^-type  films  [6,10,11], 
the  strong  peak  at  1680  cm  is  attributed  to  C=C 
bonds  and  sp^  graphitic  domains.  The  small  peak  at 
^  1616  cm  corresponds  to  NH2  stretching  modes, 
while  the  peak  at  '-'1560cm"^  is  attributed  to  C="N 
type  bonds.  The  band  in  the  1280-1450 cm“^  range, 
which  presents  a  peak  at  ^  1370  cm  suggests  the 
presence  of  C— N  bonds.  The  asymmetric  band  in  the 
region  1025-1270  cm" ^  characterises  amine  stretching 
vibrations  or  C— O  stretching  modes  [15].  Furthermore, 
no  peak  belonging  to  the  triply  bonded  C=N  (usually 
around  2200  cm"^)  appears  in  our  spectra. 

XPS  measurements  were  carried  out  on  a  Riber  SIA 
200  instrument  using  a  non-monochromatic  Al  Ka 
(1486.6  eV)  X-ray  source  and  a  MAC  2  energy  analyser. 
The  vacuum  in  the  analytical  chamber  was  better  than 
1.3  X  10"^  mbar  and  the  electron  take-off  angle  was  65"" 
with  respect  to  the  sample  surface.  All  the  observed 
photoelectron  peaks  were  corrected  for  charging  effects 
by  referencing  to  the  C  Is  peak  relative  to  hydrocarbon 
species  at  284.6  eV.  The  analyses  show  that  both  films 
deposited  on  Si  and  TiN  contain  carbon,  nitrogen  and 
a  certain  amount  of  oxygen  ('-'10%)  which  is  due  to 
reactions  involving  residual  oxygenated  species  in  the 
reaction  chamber  or  to  air  contamination.  The  elemental 
concentration  of  the  CN^^  flirts  deposited  on  both  types 
of  substrate  gives  a  N/C  atomic  ratio  between  0.63  (film 
deposited  for  30  min)  and  0.75  (film  deposited  for  2  h). 
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The  N/C  ratio  was  calculated  by  taking  into  account 
the  whole  integrated  area  of  the  N  Is  and  C  Is  peaks. 
This  ratio,  besides  the  carbon  bonded  to  nitrogen  contri¬ 
butions,  contains  information  coming  from  other  pos¬ 
sible  bonds,  i.e.  carbon  bonded  to  hydrogen  or  oxygen 
and  nitrogen  bonded  to  hydrogen.  Thus,  we  may  refer 
to  it  as  an  overall  N/C  ratio.  In  this  respect,  the  increase 
of  this  N/C  ratio,  when  the  deposition  time  increases, 
can  be  explained  by  the  decrease  of  the  oxygen  content 
in  the  film.  Such  a  phenomenon  is  the  result  of  the 
consumption  of  the  residual  oxygenated  species  whose 
content  decreases  as  a  function  of  the  deposition  time. 
We  noticed  that  the  N/C  ratio  of  the  films  deposited  on 
TiN  substrates  is  in  all  cases  slightly  higher  (about  5%), 
but  as  it  is  in  the  limits  of  experimental  error,  we  cannot 
affirm  that  there  is  a  significant  variation  of  N/C  values 
with  the  type  of  substrate.  The  C  Is  and  N  Is  spectra 
of  a  CN^-  film  deposited  on  a  silicon  substrate  for  1  h 
irradiation  (Fig.  2)  are  rather  broad,  suggesting,  among 
others,  different  chemical  bonds  between  carbon  and 
nitrogen.  A  Gaussian/Lorentzian  decomposition  of  these 
spectra  gives  peaks  at  284.7,  285.7,  286.6  and  287.7  eV 
for  the  C  Is  spectrum  and  at  398.9,  399.7  and  400.5  eV 
for  the  N  Is  one.  As  in  the  case  of  FTIR  analyses,  the 
ill-defined  nature  of  the  films  deposited  (within  which 
oxygen  and  hydrogen  atoms  are  present)  makes  rather 
difficult  the  attribution  of  these  peaks.  Based  on  the 
literature  data  [8,16,17],  the  C  Is  peak  at  284.7  eV  is 
assigned  to  adventitious  carbon  and  to  C^H  bonds 
which  are  present  in  significant  amount  in  the  film  as 
shown  by  FTIR  and  ERDA  (see  further).  Under  these 
conditions,  it  is  very  difficult  to  evaluate  the  contribution 
due  to  contamination.  The  peak  at  287.7  eV  suggests 
the  existence  of  C=0  type  bonds  [17].  The  two  other 
C  Is  peaks  at  285.7  and  286.6  eV  may  be  attributed  to 
carbon-nitrogen  bonds  and,  more  precisely,  to  sp^  C— N 
and  sp^  C— N  configurations,  respectively.  These  attri¬ 
butions  are  made  by  considering  XPS  results  obtained 
by  Gelius  et  al.  [18,19]  on  graphite  (sp^  C  peak  at 
284.45  eV)  and  diamond  (sp^  C  peak  at  285.25  eV)  and 
by  Jackson  and  Nuzzo  [20]  on  ultra-pure  graphite  (sp^ 
C  peak  at  about  284.8  eV)  and  diamond  (sp^  C  peak  at 


about  285.8  eV),  and  on  amorphous  carbon  (sp^  C  and 
sp^  C  peaks  at  284.84  and  285,80  eV,  respectively).  In 
both  these  cases,  the  peak  separation  is  0.8-1  eV.  For 
the  CN;,  films,  the  polarisation  of  the  C— N  bonds  leads 
to  an  increase  of  the  binding  energy  of  the  C  Is  corre¬ 
sponding  peaks.  This  explains  the  values  (285.7  and 

286.6  eV)  determined  in  the  present  work.  However, 
different  remarks  have  to  be  made:  (i)  the  energy 
difference  between  the  sp^  C— N  and  sp^  C— N  peaks 
is  here  0.9  eV,  while  higher  values  are  given  in  the 
literature  [8,16]  for  CN^,  samples  obtained  by  various 
other  techniques;  (ii)  the  presence  of  carbon  micro-areas 
which  do  not  contain  nitrogen  atoms  must  not  be 
excluded,  account  being  taken  of  the  relatively  low 
nitrogen  content.  As  a  result,  trigonal  C— C  bonds  may 
contribute  to  the  peak  at  284.7  eV.  In  the  same  way, 
tetragonal  C— C  bonds  could  participate  in  the  peak  at 

285.7  eV;  and  (iii)  the  possible  presence  of  some 
C“-0_C  and  C— O— H  bonds  whose  C  Is  peak  is 
located  at  a  binding  energy  1.5  eV  higher  than  that 
corresponding  to  the  C— H  bonds  could  also  broaden 
the  C  Is  peaks  associated  with  C— N  bonds.  The  decom¬ 
position  of  the  N  Is  spectrum  of  the  CN^^  shows 
three  peaks  at  398.9,  399.7  and  400.5  eV.  Their  attribu¬ 
tion  is  done  on  the  basis  of  both  theoretical  and  experi¬ 
mental  literature  data.  According  to  numerical 
simulations  [21],  taking  into  account  nitrogen  atoms 
bonded  to  carbon  in  different  hybridisation  states, 
Hammer  et  al.  [22,23]  consider  that  the  N  Is  component 
at  the  lower  binding  energy  (398.3  eV)  is  due  to 
N— sp^  C  bonds  while  that  at  higher  binding  energy 
(400.6  eV)  is  due  to  N"-sp^  C  bonds.  In  addition,  these 
authors  show  that  a  new  peak  due  to  N—H  bonds 
appears  at  399.1  eV  when  hydrogen  is  incorporated  in 
CN^-  films.  Other  quantum  chemical  calculations  carried 
out  by  Sjostrom  et  al.  [24]  lead  to  similar  results  with, 
however,  a  smaller  energy  difference  (1.8  eV)  between 
the  two  components.  Experimental  works  due  to  Marton 
et  al.  [8,25]  and  Zemek  et  al.  [26,27]  confirm  these 
calculation  results.  In  the  present  work,  the  peak  inter¬ 
pretation  is  in  agreement  with  Hammer’s  model,  namely 
N-sp^  C  at  398.9  eV,  N-H  at  399.7  eV,  and  N-sp^ 


Fig.  2.  C  Is  and  N  Is  decomposed  spectra  for  CN.^  thin  films  deposited  on  Si  substrates. 
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C  at  400.5  eV,  even  though  the  energy  separation 
between  the  peaks  characteristic  of  N— C  bonds  is  only 
1.6  eV.  However,  this  value  is  near  to  that  indicated  by 
Marton  and  Zemek.  In  conclusion,  the  general  inter¬ 
pretation  of  the  C  1  s  and  N  1  s  peaks  given  here  is  made 
difficult  because  the  actual  structure  of  the  films  is  not 
clearly  established,  as  pointed  out  in  the  section  dealing 
with  the  SAED  results. 

The  bulk  composition  of  the  films  deposited  on  Si 
and  TiN  was  investigated  by  ERDA.  The  measurements 
were  carried  out  at  the  8,5  MV  Tandem  accelerator  of 
NIPNE  using  an  80  MeV  beam.  The  samples 

were  mounted  in  the  scattering  chamber  with  a  vacuum 
better  than  6.6  x  10“^  mbar  and  tilted  at  15''  with  respect 
to  the  beam  direction.  The  detector,  which  is  described 
in  detail  elsewhere  [28],  consisted  in  a  compact 
A£'(gas)  — E'(solid)  telescope  placed  at  30°  with  respect 
to  the  beam.  For  both  types  of  substrate  the  elemental 
analysis  of  the  films  shows  the  presence  of  C,  N,  O  and 
H  along  with  Si  and/or  Ti  coming  from  the  substrate. 
The  AE—E  spectrum  and  the  energy  spectra  of  the 
elements  for  a  film  deposited  for  1  h  on  a  Si  sub¬ 
strate  are  presented  in  Fig.  3.  A  quantitative  analysis  of 
these  energy  spectra  using  the  program  SURFAN  [29] 
gives  the  following  stoichiometric  composition: 


C0.35N0.15O0.08H0.42-  As  also  indicated  by  FTIR,  there 
is  a  substantial  incorporation  of  H  in  the  films.  The 
amount  of  oxygen  includes  that  of  the  oxide  layer 
(SiOJ  at  the  substrate  surface.  The  difference  in  the 
elemental  composition  of  the  films,  as  revealed  by  XPS 
and  ERDA  analysis,  comes  from  the  fact  that  the 
hydrogen  is  not  seen  in  XPS,  thus  resulting  in  an 
overestimation  of  the  element  concentrations.  In  the 
case  of  CN^-  films  deposited  on  TiN,  it  is  rather  difficult 
to  differentiate  between  the  nitrogen  signals  coming 
from  the  film  and  from  the  TiN  layer  deposited  on  Si. 

TEM  and  SAED  investigations  of  the  CN^  films 
deposited  on  Si  and  TiN  were  performed  using  a  JEOL 
JEM-2000  CX  transmission  microscope.  The  specimens 
were  obtained  by  mechanical  stripping  of  the  films  from 
the  substrate.  The  TEM  images  and  associated  SAED 
patterns  for  CN^^  thin  films  deposited  on  Si  and  TiN 
substrates  are  presented  in  Fig.  4(a)  and  (b),  respec¬ 
tively.  The  films  contain  polycrystalline  domains,  with 
very  small  grains  whose  dimensions  are  at  least  one 
order  of  magnitude  higher  for  the  films  deposited  on  Si 
substrates.  The  SAED  patterns  confirm  the  nano-crystal¬ 
line  nature  of  the  films  and  point  to  a  better  organisation 
of  the  films  deposited  on  TiN  compared  to  those  depos¬ 
ited  on  Si.  Indeed,  in  the  latter  case  the  diffraction  rings 


- 

•^15- 

^  h 

^  E 

1  ^ 

a 

^  oL 

2C  25 

E(MeV) 


35 


E(Mevf^ 


E  (MeV) 


E(MeV) 


Fig.  3.  AE—E  spectrum  and  energy  spectra  for  C,  N,  O,  H  and  Si  as  recorded  by  ERDA  for  a  CN^.  film  deposited  on  Si  substrate  along  with  the 
simulated  curves  (dotted  lines). 
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Fig.  4.  TEM  images  and  associated  SAED  patterns  for  CN^  thin  films  deposited  on  (a)  Si  and  (b)  TiN  substrates. 


are  slightly  diffuse  which  characterises  the  presence  of 
disordered  nano-crystallites.  Table  1  presents,  for  films 
deposited  on  both  substrates,  the  lattice  spacings  mea¬ 
sured  on  ring  patterns  of  Fig.  4(a)  and  (b),  along  with 
the  theoretically  predicted  values  for  oc-  and  P-C3N4  as 
presented  in  Refs.  [2,12,30].  The  lattice  spacings  marked 
with  *  and  j  could  also  come  from  the  Si  or  TiN 
substrates  as  a  consequence  of  the  preparation  method 
of  the  SAED  specimens.  It  can  be  observed  that  the 
majority  of  the  experimental  data  fit  rather  well  the 
predicted  pattern  for  both  C3N4  phases.  Although  it 
was  theoretically  postulated  that  the  a-C3N4  phase  could 
be  energetically  preferred  to  the  p  phase  [2],  it  is  likely 
that  non-equilibrium  processes  could  lead  to  a  mixture 
of  these  phases  [12].  From  Table  1  it  can  be  inferred 
that  most  of  the  lattice  spacings  measured  on  the  CN^ 
films  deposited  on  Si  are  specific  to  the  a-C3N4  phase, 
even  though  some  diffraction  lines  calculated  from  the 
theoretical  model  and  relative  to  this  compound  do  not 
appear  in  the  experimental  results.  Yu  et  al.  [7]  made 
the  same  observations  and  concluded  that  the  absence 
of  some  diffraction  lines  could  be  attributed  to  the 
presence  of  oxygen  and  hydrogen  in  the  films. 
Furthermore,  the  presence  of  two  diffraction  lines  corre¬ 


sponding  to  2.26  and  1.82  A  and  some  others  character¬ 
istic  of  both  a-  and  P-C3N4  allow  us  to  assert  that  the 
P  phase  is  also  present  by  the  side  of  the  oc  phase.  The 
film  structure  is  probably  a  mixture  of  the  a  and  P 
phases,  in  which  the  former  is  predominant.  For  the 
film  deposited  on  TiN  the  diffraction  pattern  suggests 
the  coexistence  of  the  same  phases  with,  in  addition, 
two  rf-spacings  at  3.80  and  2.58  A  which  cannot  be 
attributed  to  any  of  the  a-  or  P-C3N4  phases.  Zhang 
et  al.  [9],  who  studied  CN^  films  by  XRD,  found  similar 
values  for  two  rf- spacings  at  3.93  and  2.55  A  and  con¬ 
cluded  that  they  could  come  from  unknown  CN 
structures. 

The  crystallinity  of  the  deposited  films  was  also 
investigated  by  XRD  using  a  Philips  PW  1340  spectrorn- 
eter  equipped  with  a  Cu  X-ray  source  (2=  1.5404  A) 
operating  at  40  kV  and  20  mA,  but  apart  from  the  peaks 
belonging  to  the  Si  or  TiN  substrates,  we  could  not  find 
any  peak  attributable  to  the  a-  or  P-C3N4  phases.  The 
absence  of  an  X-ray  diffraction  pattern  characteristic  of 
the  films  deposited  is  due  either  to  the  low  CN^,.  thickness 
or  the  too  small  size  of  the  crystallites  (tens  of  nanome¬ 
ters,  as  indicated  by  TEM  observations).  It  is  well 
known  that  X-ray  diffraction  gives  macroscopic  infor- 
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Tabic  1 

Lattice  spacings  of  CN.,.  films  compared  with  theoretical  calculations  for  a-  and  P-C3N4.  The  spacings  marked  *  and  f  can  also  be  attributed  to  Si 
and  TiN  substrates,  respectively 


Experimental  results 
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Illation  regarding  the  structure  of  a  compound,  while 
SAED  refers  to  the  phase  structure  on  a  microscopic 
scale. 

4.  Conclusions 

Carbon  nitride  thin  films  were  deposited  by  ArF 
excimer  laser  decomposition  of  NH3/C2H2  mixtures,  on 
Si  and  TiN  substrates,  at  room  temperature.  The  com¬ 
position  and  chemical  bonding  of  the  films,  as  analysed 
by  XPS  and  FTIR  spectrometry,  do  not  show  any 
significant  differences  for  the  films  deposited  on  both 
types  of  substrate.  In  both  cases,  the  maximal  N/C  value 
calculated  from  XPS  measurements  goes  up  to  0.75. 
The  films  contain  singly  and  doubly  bonded  carbon  and 
nitrogen,  hydrogen  and  about  10%  of  oxygen.  ERDA 
measurements  certify  the  presence  of  an  important  quan¬ 
tity  of  hydrogen  in  the  films.  The  latter,  deposited  either 
on  Si  or  TiN,  are  constituted  of  nano-crystallites  embed¬ 
ded  in  an  amorphous  phase.  The  lattice  spacings 
obtained  from  SAED  patterns  can  be  attributed  to  both 
a-  and  P-C3N4  phases,  the  a-C3N4  phase  being  predomi¬ 
nant  for  the  films  deposited  on  Si.  TEM  images  reveal 
that  the  CN.,  films  deposited  on  Si  substrates  are  formed 
from  grains  larger  than  those  of  the  films  deposited  on 


TiN.  It  can  be  concluded  that  the  nature  of  the  substrate 
can  slightly  influence  the  microscopic  structure  of  the 
deposited  CN^  films,  although  on  a  macroscopic  scale 
the  differences  are  not  observed. 
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Abstract 

Amorphous  carbon  nitride  films  are  deposited  at  room  temperature  on  silicon  substrates  by  ArF  excimer  laser  (193  nm) 
ablation  of  a  graphite  target  in  nitrogen  atmosphere.  By  tuning  the  process  parameters,  fine  control  of  the  carbon-carbon  and 
carbon-nitrogen  bond  configuration  is  achieved  in  a  broad  range  as  followed  by  X-ray  photoelectron  spectroscopy  (XPS)  and 
infrared  (IR)  absorption  spectroscopy.  Based  on  the  comparative  and  quantitative  analysis  of  changes  in  measured  IR  versus 
XPS  spectra  as  a  function  of  reactive  gas  pressure,  laser  fluence  and  target-to-substrate  distance,  and  on  a  critical  review  of  the 
existing  interpretation  of  IR  data,  an  assignment  of  the  components  of  the  broad  band  extending  from  900  to  1900  cm”^  in  the 
IR  spectra  to  specific  carbon-carbon  and  carbon-nitrogen  bond  configurations  is  proposed.  ©  2000  Elsevier  Science  S.A.  All 
rights  reserved. 

Key^vords:  Carbon  nitride;  Infrared  (IR)  absorption  spectroscopy;  Pulsed  laser  deposition;  X-ray  photoelectron  spectroscopy  (XPS) 


1.  Introduction 

The  unique  properties  of  P-C3N4  predicted  by  Liu 
and  Cohen  [1,2]  motivated  numerous  groups  to  try  to 
synthesize  films  with  nitrogen  content  as  close  as 
possible  to  the  magic  57  at.%  [3-25].  Although  most  of 
the  films  obtained  proved  to  be  amorphous  and  con¬ 
tained  much  less  nitrogen,  as  a  result  of  these  studies 
carbon  nitride  emerged  as  a  new  material  possessing  a 
great  variety  of  properties  of  both  scientific  and  practi¬ 
cal  interest. 

Detailed  and  unambiguous  description  of  the  chemi¬ 
cal  structure  of  carbon  nitrides  prepared  by  different 
techniques  and  in  wide  ranges  of  process  parameters  is 
not  only  a  challenging  task  but  is  also  a  prerequisite  of 
reproducible  production  of  films  of  predetermined  prop¬ 
erties  appropriate  for  application  in  industrial  environ¬ 
ment.  Here  we  report  an  attempt  to  assign  individual 
bands  of  the  infrared  (IR)  spectra  to  specific  carbon- 
carbon  and  carbon-nitrogen  bond  configurations  as  a 
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result  of  the  comparative  and  quantitative  analysis  of 
changes  in  the  IR  and  X-ray  photoelectron  spectroscopy 
(XPS)  spectra  of  identical  thin  film  samples  fabricated 
by  ArF  excimer  laser  ablation  of  a  graphite  target  in 
nitrogen  atmosphere  under  systematically  varied  experi¬ 
mental  conditions. 


2.  Experimental 

Carbon  nitride  films  were  deposited  in  a  conventional 
PLD  system  in  static  nitrogen  atmosphere  of  0.1-5  mbar 
pressure.  The  beam  of  the  ArF  excimer  laser  (Lambda 
Physik,  193  nm,  22  ns,  80  Hz,  maximum  240  mJ)  was 
focused  onto  the  surface  of  a  rotating  graphite  target  at 
normal  incidence  through  a  UV-grade  quartz  window. 
Energy  density  values  between  6  and  16J/cm^  on  the 
target  surface  were  adjusted  by  changing  the  dimensions 
of  the  illuminated  area. 

Infrared  spectra  of  films  deposited  on  0.5  mm  thick 
silicon  wafers  were  recorded  on  a  Perkin-Elmer  983G 
spectrophotometer  in  the  600-2000  and  2000- 
4000  cm  wavenumber  domains,  in  the  worst  case  at 
12  cm"^  and  24.5  cm“^  resolution  respectively.  Baseline 
correction  was  performed  by  connecting  the  local 
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minima  at  900  and  1900  cm  as  end  points  with  a 
straight  line.  Though  different  sample-reference  pairs 
resulted  in  baselines  of  different  slopes  the  corrected 
spectra  agreed  fairly  well.  Spectra  presented  are  averages 
of  a  minimum  of  three  measurements  made  on  samples 
prepared  under  identical  conditions.  In  order  to  remove 
differences  in  peak  heights  between  spectra  recorded  on 
films  of  different  thickness,  the  absorbance  values  have 
been  divided  by  the  largest  one  in  all  spectra.  As  a  result 
of  normalization,  only  relative  changes  in  the  weight  of 
the  individual  spectral  components,  contributing  to  the 
broad  band  extending  from  900  to  1900  cm^\  have 
been  considered  in  the  analysis. 

In  parallel  experiments  the  surface  chemical  composi¬ 
tion  and  structure  of  each  film  characterized  by  IR  was 
determined  by  XPS.  XP  spectra  were  recorded  by  a 
VSW  spectrometer  in  fixed  analyzer  transmission  (FAT) 
mode  at  a  constant  pass  energy  of  22  eV  using  mono¬ 
chromatic  Al  Ka  (1486.6  eV)  excitation.  The  over¬ 
all  experimental  resolution  was  0.75  eV.  Home-made 
software  was  used  for  lineshape  analysis  of  the  C  Is  and 
N  Is  lines. 


3.  Results  and  discussion 

3.L  JR  characterization  of  the  CN^  films 

In  all  spectra  three  bands  were  observed.  The  broad 
feature  between  3700  and  2300  cm  "Ms  associated  with 
carbon-hydrogen  and  nitrogen-hydrogen  bonds  [3- 
5,7,11,13,18],  the  small  peak  at  around  2200  cm"^  cor¬ 
responds  to  a  C  =  N  stretching  mode  [3-7],  while  the 
other  broad  band  between  1900  and  900  cm“^  comprises 
several  components  associated  with  different  carbon- 
carbon  and  carbon-nitrogen  bonding  configurations  [3- 
20].  In  this  paper  we  focus  on  this  last  feature.  The 
interpretation  of  the  2200  cm  peak  is  clear.  The  role 
of  hydrogen  in  influencing  the  chemical  structure  of 
carbon  nitride  films  will  be  discussed  in  another  paper. 

Even  the  first  glance  at  the  full  set  of  our  spectra, 
and  in  particular  at  those  measured  on  films  deposited 
at  high  fluences,  strongly  suggested  that  the  broad  band 
extending  from  900  to  1900  cm  was  composed  of  at 
least  five  components.  Visual  examination  and  calcula¬ 
tion  of  the  second  derivatives  of  carbon  nitride  spectra 
shown  in  Refs.  [3-7,9-11,13,19],  in  some  cases  even 
contrary  to  the  analyses  of  the  authors  [6,7],  indicated 
the  presence  of  a  minimum  of  four  individual  bands. 
Clearly,  a  necessary  prerequisite  for  any  analysis  is  the 
identification  of  the  individual  spectral  components  to 
be  assigned  to  the  respective  bond  configurations. 
Surprisingly  enough  we  could  not  find  unambiguous 
identification  of  the  components  in  the  comprehensive 
literature  [3-20].  Therefore,  we  used  curve-fitting  with 
four  and  five  bands  for  the  evaluation  of  the  position 


and  intensity  of  the  overlapping  peaks  that  give  the 
broad  spectral  feature.  Though  recognizing  that  the 
biggest  problem  with  this  analysis  is  that  (with  suffi¬ 
ciently  high  number  of  bands)  different  sets  may  give 
equally  good  fits,  one  may  not  be  sure  whether  the 
respective  set  of  parameters  is  unique.  However,  we 
consider  that  the  proof  of  the  feasibility  of  the  curve¬ 
fitting  procedure  applied  is  that  whereas  four  bands 
could  not  give  a  satisfactory  fit  in  all  cases,  all  the 
spectra  within  the  900-1900  cm“^  wavenumber  domain 
could  be  perfectly  fitted  with  five  bands  of  full  width  at 
half  maxima  (FWHM)  ranging  from  140  to  200  cm" \ 
peak  positions  at  around  1080,  1230,  1375,  1510  and 
1650  cm" ^  and  different  intensities.  All  changes  in  the 
IR  spectra  recorded  as  a  function  of  nitrogen  pressure, 
laser  energy  density  and  target-to-substrate  distance  will 
be  discussed  below  in  terms  of  changes  in  the  relative 
intensities  of  these  five  components  numbered  starting 
from  the  lowest  wavenumber. 

As  shown  in  Fig.  1,  changes  in  the  pressure  of  the 
nitrogen  atmosphere  result  in  striking  changes  in  the 
absorption  spectra.  Although  peaked  at  '->1560cm"S 
the  spectra  of  the  films  deposited  at  0. 1  mbar  are  domi¬ 
nated  by  the  lower  photon  energy  components.  There  is 
a  clear  contribution  from  the  1080  cm"^  band  and  both 
the  1230  and  1375  cm"^  components  are  fairly  intensive. 
Compared  with  the  intensity  of  the  1535  cm"^  peak,  the 
highest  photon  energy  component  at  1630  cm  "Ms  rather 
weak.  The  second  and  third  are  well  comparable  to  the 
fifth  in  intensity.  When  increasing  the  pressure  up  to 
0.5  mbar  the  relative  weight  of  the  low  and  high  photon 
energy  parts  of  the  spectrum  significantly  changes.  While 
it  is  apparent  that  the  two  high  energy  components  gain 
strength  compared  with  the  other  three,  it  is  practically 
impossible  to  follow  precisely  the  changes  in  the  indivi¬ 
dual  components,  since  both  the  lower  and  the  higher 


WAVENUMBER  [cm’'] 

Fig.  1.  Normalized  absorbance  spectra  of  carbon  nitride  films  depos¬ 
ited  at  0.1,  1  and  5  mbar  nitrogen  pressures.  Laser  fluence:  6  J/cm^; 
target-to-substrate  distance:  50  mm.  The  curves  are  vertically  dis¬ 
placed.  Curve-fitting  is  illustrated  for  0. 1  mbar. 
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energy  parts  can  satisfactorily  be  fitted  with  different 
sets  of  three  and  two  bands  of  slightly  varying  FWHM 
and  intensities  respectively.  Nevertheless,  the  shift  in  the 
peak  position  from  1560  to  1640cm“^  indicates  an 
increasing  contribution  from  the  highest  photon  energy 
component.  A  further  increase  from  0.5  to  l.Ombar 
does  not  lead  to  significant  changes  in  the  spectra, 
whereas  between  1.0  and  5.0  mbar  changes  in  the  oppo¬ 
site  direction  start:  the  low  energy  part  recovers  the 
losses.  There  is  a  clear  increase  in  the  strength  of  the 
low  energy  bands,  and  the  maximum  shifts  back  to 
approximately  1600cm~^  indicating  a  decrease  in  the 
contribution  of  the  fifth  component. 

The  most  remarkable  feature  of  the  IR  spectra  of 
films  deposited  using  pulses  of  higher  energy  densities 
is  the  clear  separation  of  the  bands,  especially  those  in 
the  low  energy  domain,  between  900  and  1450  cm 
(Fig.  2).  This  effect  is  a  consequence  of  the  dramatic 
decrease  in  the  relative  intensity  of  the  third  component, 
accompanied  by  the  relative  strengthening  of  the  two 
other  low-energy  bands,  particularly  that  peaked  at 
around  1060  cm^k  Narrowing  of  the  individual  compo¬ 
nents  further  amplifies  this  separation. 

Compared  with  the  extent  of  changes  with  nitrogen 
pressure  and  laser  fluence,  the  influence  of  target-to- 
substrate  distance  is  marginal.  When  increasing  the 
distance  from  30  to  70  mm,  while  keeping  both  the 
fluence  and  the  pressure  constant  at  lOJ/cm"’  and 
1  mbar  respectively,  the  only  obvious  effect  is  the  relative 
decrease  in  the  intensity  of  the  1375  cm  peak  com¬ 
pared  with  the  two  bands  at  higher  photon  energies. 

3.2.  XPS  characterization  of  the  CN^  films 

In  practically  all  XPS  studies  on  carbon  nitride  films 
two  and  three  components  of  the  N  Is  and  C  Is  core¬ 
level  lines  are  assumed  respectively,  implying  two  nitro- 


WAVENUMBER  [cm''] 

Fig.  2.  Normalized  absorbance  spectra  of  carbon  nitride  films  depos¬ 
ited  at  6  and  1 6 .1/cnr  laser  fluence.  Nitrogen  pressure:  1  mbar;  target- 
to-substratc  distance:  50  mm.  The  curves  are  vertically  displaced. 


gen  and  three  carbon  bonding  configurations.  In  the 
interpretation  of  the  respective  contributions,  however, 
there  is  no  consensus  yet;  see  Ref.  [24]  and  references 
therein. 

According  to  our  assignment,  the  lowest  energy  C  Is 
component  at  around  284.6  eV  originates  from 
sp^-coordinated  carbon  atoms  bonded  to  either  carbon 
or  nitrogen  (C=C,  C^N),  the  peak  at  around  286  eV 
from  carbon  atoms  singly  bonded  to  either  carbon  or 
nitrogen  (sp^  carbon:  C“^C  or  C— N),  and  the  highest 
energy  component  at  287-288  eV  is  attributed  to  sp^ 
carbon  atoms  multiply  bonded  to  nitrogen.  To  obtain  a 
satisfactory  agreement  between  the  measured  and  fitted 
lines  two  contributions  had  to  be  assumed  for  the  N  Is 
spectra.  We  ascribed  the  first  component,  located  at 
around  398.5  eV,  to  N^C  bonds,  and  the  second,  at 
around  400  eV,  to  N—C  bonds.  In  the  analysis  the 
contribution  of  carbon  and  nitrogen  bonded  to  oxygen 
at  high  binding  energies  has  been  neglected. 

The  lineshape  analysis  outlined  above  was  performed 
for  all  samples  characterized  by  IR  spectroscopy.  From 
the  fit  data  the  fractions  of  the  respective  components 
were  determined  as  a  function  of  process  parameters. 
As  seen  in  the  lower  part  of  Fig.  3,  an  increase  in 
pressure  from  0.1  to  0.5  mbar  results  in  a  significant 
decrease  in  the  concentration  of  the  sp^-coordinated 
carbon  species.  Concomitantly,  the  amounts  of  both  the 
singly  and  multiply  bonded  carbon  increase.  Between 
0.5  and  l.Ombar  the  sp^-coordinated  carbon  fraction 
reaches  a  minimum,  whereas  the  concentration  of  the 
sp^-coordinated  carbon  species  passes  through  a  maxi¬ 
mum.  A  further  increase  in  the  nitrogen  pressure  leads 
to  a  slight  increase  in  both  the  sp^-coordinated  and 
multiply  bonded  carbon  fraction  accompanied  by  a 
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Fig.  3.  Dependence  of  the  concentration  of  sp^  C=C  and  C=N  bonds 
(open  squares),  sp^  C— C  and  C— N  bonds  (open  circles),  sp^  carbon 
atoms  multiply  bonded  to  nitrogen  (open  triangles),  N—C  bonds  (full 
squares)  and  N^C  bonds  (full  circles)  on  nitrogen  pressure,  as  deter¬ 
mined  by  the  lineshape  analysis  of  C  Is  and  N  Is  photoelectron  lines 
(open  and  full  symbols  respectively). 
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Table  1 


Assignments  of  the  infrared  absorption  bands  of  carbon  nitride  films 


Wavenumber  (cm  —  1 ) 

Assignment 

Reference 

2205 

C=N  triple  bond 

[18] 

2200 

nitrile  (C^N)  bound  to  an  aromatic  ring 

[4,5,7] 

2190 

C=N  triple  bond 

[3] 

2143 

nitrile  (C=N)  or  isocyanate  (N=C=0)  groups 

[6] 

2130 

isonitrile  or  nitrile  in  an  unusual  environment 

[4] 

1689 

C-N 

[18] 

1660 

NH2  asymmetric  bending 

[3] 

1650 

C=C  stretch 

[19] 

1634 

C=C 

[15,16] 

1630 

double  bonded  carbon 

[3] 

1625 

C=N 

[13] 

1600-1650 

C=N  and  C=C  stretching  vibrations 

[10] 

1600 

C=N  and  C=C 

[5] 

1600 

sp^  bonds  in  graphitic  microdomains 

[7] 

1600 

C=N 

[9] 

1570 

c=c 

[4] 

1555 

graphite-like  sp^  carbon 

[6] 

1550 

NH2  symmetric  bending 

[3] 

-1540 

N  substituting  C  in  graphitic  microdomains 

[12] 

1530 

C=N 

[20] 

1520 

C=N 

[19] 

-1500 

C=N  and  C“N  stretching  modes 

[8] 

1500 

C-N 

[15,16] 

1450 

CH2  bending 

[3] 

1440 

C-N 

[5] 

1417 

C— N  stretching 

[11] 

1400 

C“N  stretch  or  disordered  sp“  domains 

[19] 

1350-1500 

C“N 

[13] 

1380 

C-N 

[9] 

1370 

C=C 

[4] 

1350 

C^N  and  C— N  stretching  modes 

[8] 

1350 

C-N 

[15,16] 

1300-1350 

sp^  carbon 

[5] 

1300 

sp^  bonds  at  the  surface  of  graphitic  microdomains 

[7] 

1297 

disordered  sp^  carbon 

[6] 

1265 

C— N  stretching 

[11] 

1250-1300 

sp“  carbon 

[12] 

1250-1400 

sp^  carbon  single  bonded  to  nitrogen  (C— N) 

[20] 

1230 

C-N  stretching  modes 

[19] 

1222 

C-N 

[18] 

1125 

no  assignment 

[13] 

1103 

C— 0  stretching 

[11] 

1100 

v(C-O) 

[19] 

1022 

C— 0  stretching 

[11] 

marked  decrease  in  the  amount  of  carbon  species  in 
sp^  configuration.  The  results  of  the  N  Is  fitting  are  in 
line  with  those  derived  from  the  analysis  of  the  C  Is 
spectra:  the  dependence  of  the  concentration  of  both 
the  N"-C  and  N^C  bonds  on  pressure  shows  a  biphasic 
character  (upper  part  of  Fig.  3). 

An  increase  in  the  processing  fluence  from  4  to 
16  J/cm^  results  in  a  steep  increase  in  the  weight  of  the 
second  peak  at  around  286  eV,  i.e.  in  the  concentration 
of  the  sp^-coordinated  carbon  species,  at  the  expense  of 


the  lowest  energy  C  Is  component  associated  with  sp^ 
carbon.  A  significant  increase  in  the  number  of  multiply 
bonded  carbon  atoms  at  the  highest  binding  energy 
contributes  also  to  this  rearrangement  in  the  chemical 
structure  of  the  films. 

The  changes  in  the  XPS  spectra  of  the  films  deposited 
by  tuning  the  target-to-substrate  distance  are  marginal 
compared  with  those  due  to  changes  in  pressure  or  fluence. 
Nevertheless,  the  fraction  of  N— C  bonds  monotonously 
increases  at  the  expense  of  the  N=C  bonds. 
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3.3.  Assignment  of  the  IR  spectral  components  to  bond 
configurations 

From  a  (not  complete)  list  of  assignments  compiled 
in  Table  1  it  is  clear  that  the  IR  features  of  carbon 
nitrides  are  not  very  clearly  identified.  Our  analysis 
cannot  be  considered  as  complete  either,  e.g.  since  bond 
configurations  comprising  hydrogen  and  oxygen  have 
not  been  taken  into  account.  However,  by  comparing 
the  dependence  of  the  relative  intensities  of  the  IR 
spectral  components  and  the  respective  bond  configura¬ 
tions  as  determined  from  the  analysis  of  the  lineshapes 
of  the  N  Is  and  C  Is  core-level  lines  on  reactive  gas 
pressure,  laser  fluence  and  target  to  substrate  distance, 
the  corollary  of  our  work  is  as  follows. 

(1)  The  IR  components  peaking  at  around  1650  and 
1510  cm  can  be  assigned  to  both  C^C,  C— N  and 
C^N  bond  configurations.  The  correlation  between  the 
changes  in  the  intensity  of  the  1650  cm“^  peak  and 
the  two  higher  energy  XPS  components  suggests  that 
this  band  —  contrary  to  the  assignments  listed  in 
Table  1  —  might  be  associated  with  sp^  carbon  singly 
or  multiply  bonded  to  nitrogen. 

(2)  The  two  lower  energy  components  at  around 
1375  and  1230 cm"^  originate  most  probably  from 
carbon-carbon  bonds  in  amorphous  and  graphitic  envi¬ 
ronments  and  from  C^N  bonds. 

(3)  We  could  not  find  a  straight  correlation  between 
the  changes  in  the  relative  intensity  of  the  lowest  photon 
energy  IR  band  ('^lOSOcm"^)  and  the  respective 
changes  in  carbon-carbon  and  carbon-nitrogen  bond 
configurations. 


4.  Conclusion 

Although  being  an  easy  yet  powerful  technique, 
because  of  the  lack  of  standards  and  reliable  assignments 
IR  spectroscopy  can  hardly  be  applied  for  routine 
characterization  of  carbon  nitride  films  yet.  In  compari¬ 
son  with  IR  spectroscopy,  XPS  of  carbon  nitrides  is  a 
well-established  analytical  technique.  However,  even 
XPS  cannot  be  directly  used  for  calibration  of  IR  since 
(i)  it  is  extremely  hard,  if  not  impossible,  to  differentiate 
between  certain  chemical  environments  (e.g.  C— C  and 
C— N  states)  and  (ii)  owing  to  the  complexity  of  the  C 
Is  an  N  Is  XPS  lines,  there  is  no  consensus  yet  in  the 
assignment  of  the  individual  peaks  to  respective  chemical 
states,  as  convincingly  demonstrated,  for  example,  in  a 
recent  review  by  Ronning  et  al.  [24].  Detailed  studies 
aimed  at  improving  the  weak  points  of  both  techniques 
by  providing  complementary  chemical  information  for 
comparison  are  absolutely  necessary  in  order  to  render 
(quantitative)  IR  spectroscopy  appropriate  for  routine 


characterization  of  carbon  nitride  films.  Our  contribu¬ 
tion  was  intended  as  one  step  in  this  direction. 

Acknowledgement 

T.  Szorenyi  is  grateful  to  the  French  Ministry  of 
Education,  Research  and  Technology  for  his  visiting 
professor  fellowship. 

References 


[1]  A.Y.  Liu,  M.L.  Cohen,  Science  245  (1989)  841. 

[2]  A.Y.  Liu,  M.L.  Cohen,  Phys.  Rev.  B  41  (1990)  10727. 

[3]  H.-X.  Han,  B.J.  Feldman,  Solid  State  Commun.  65  (1988)  921. 

[4]  J.H.  Kaufman,  S.  Metin,  D.D.  Saperstein,  Phys  Rev.  B  39 
(1989)  13053. 

[5]  M.  Ricci,  M.  Trinquecoste,  F.  Auguste,  R.  Canet,  P.  Delhaes,  C. 
Guimon,  G.  Pfister-Guillouzo,  B.  Nysten,  J.P.  Issi,  J.  Mater.  Res. 
8  (1993)  480. 

[6]  N.  Nakayama,  Y.  Tsuchiya,  S.  Tamada,  K,  Kosuge,  S.  Nagata, 
K.  Takahiro,  S.  Yamaguchi,  Jpn.  J.  Appl.  Phys.  32  (1993)  L1465. 

[7]  X.-A.  Zhao,  C.W.  Ong,  Y.C.  Tsang,  Y.W.  Wong,  P.W.  Chan, 
C.L.  Choy,  Appl.  Phys.  Lett.  66  (1995)  2652. 

[8]  Z.J  Zhang,  S.  Fan,  J.  Huang,  C.M.  Lieber,  J.  Electron.  Mater. 
25  (1996)  57. 

[9]  X.-M.  He,  L.  Shu,  W.-Z.  Li,  H.-D.  Li,  J.  Mater.  Res.  12  (1997) 
1595. 

[10]  P.  Hammer,  M.A.  Baker,  C.  Lenardi,  W.  Gissler,  J.  Vac.  Sci. 
Technol.  A:  15  (1997)  107. 

[11]  Z.-M.  Ren,  P.-N.  Wang,  Y.-C.  Du,  Z.-F.  Ying,  F.-M.  Li,  Appl. 
Phys.  A  65  (1997)  407. 

[12]  K.  Saito,  Y.  Koga,  Nucl.  Instrum.  Methods  Phys.  Res.  B  121 
(1997)  400. 

[13]  P.  Gonzalez,  R.  Soto,  E.G.  Parada,  X.  Redondas,  S.  Chiussi, 
J.  Serra,  J.  Pou,  B.  Leon,  M.  Perez-Amor,  Appl.  Surf.  Sci.  109-110 
(1997)  380. 

[14]  S.  Acquaviva,  A.P.  Caricato,  M.L.  De  Giorgi,  A.  Luches,  A. 
PeiTone,  Appl.  Surf.  Sci  109-110  (1997)  408. 

[15]  A.  Wei,  D.  Chen,  N.  Ke,  S.  Peng,  S.P.  Wong,  Thin  Solid  Films 
323  (1998)  217. 

[16]  A.  Wei,  D.  Chen,  N.  Ke,  W.Y.  Cheung,  S.  Peng,  S.P.  Wong, 
J.  Phys.  D:  Appl.  Phys.  31  (1998)  1522. 

[17]  Y.F.  Lu,  Z.M.  Ren,  W.D.  Song,  D.S.H.  Chan,  J.  Appl.  Phys.  84 
(1998)  2133. 

[18]  Z.-M.  Ren,  Y.F.  Lu,  W.D.  Song,  D.S.H.  Chan,  T.S.  Low,  K. 
Gamani,  G.  Chen,  K.  Li,  Mater.  Res.  Soc.  Proc.  526  (1998)  343. 

[19]  I.N.  Mihailescu,  E.  Gyorgy,  R.  Alexandrescu,  A.  Luches,  A.  Per- 
rone,  C.  Ghica,  J.  Werckmann,  1.  Cojocaru,  V.  Chumash,  Thin 
Solid  Films  323  (1998)  72. 

[20]  C.  Jama,  V.  Rousseau,  O.  Dessaux,  P.  Goudmand,  Thin  Solid 
Films  302  (1997)  58. 

[21]  E.  D’Anna,  A.  Luches,  A.  Perrone,  S.  Acquaviva,  R.  Alexan¬ 
drescu,  I.N.  Mihailescu,  J.  Zemek,  G.  Majni,  Appl,  Surf.  Sci,  106 
(1996)  126. 

[22]  E.  Aldea,  A.P.  Caricato,  G.  Dinescu,  A.  Luches,  A.  Perrone,  Jpn. 
J.  Appl.  Phys.  36  (1997)  4686. 

[23]  R.  Henck,  C.  Fuchs,  E.  Fogarassy,  J.  Hommet,  F.  Le  Normand, 
Mater.  Res.  Soc.  Proc.  526  (1998)  337. 

[24]  C.  Ronning,  H.  Feldermann,  R.  Merk,  H.  Hofsass,  P.  Reinke, 
J.-U.  Thiele,  Phys.  Rev.  B  58  (1998)  2207. 

[25]  C.  Vivient,  J.  Hermann,  A.  Perrone,  C.  Boulmer-Leborgne, 
J.  Phys.  D:  Appl.  Phys.  32  (1999)  518. 


ELSEVIER 


Surface  and  Coatings  Technology  125  (2000)  313-316 


www.elsevier.nl/locate/siirfcoat 


X-ray  photoelectron  spectroscopy  study  of  carbon  nitride  films 

V.  Krastev  P.  Petrov  D.  Dimitrov  G.  Beshkov  Ch.  Georgiev  I.  Nedkov  ’’ 

Institute  of  General  and  Inorganic  Chemistry,  Bulgarian  Academy  of  Sciences,  acad.  G.  Bonchevstr.  Bl  II,  1113  Sofia,  Bulgaria 
Institute  of  Electronics,  Bulgarian  Academy  of  Sciences,  Tsarigradsko  Chaussee  72,  1784  Sofia,  Bulgaria 
^  Institute  of  Solid  State  Physics,  Bulgarian  Academy  of  Sciences,  Tsarigradsko  Chaussee  72,  1784  Sofia,  Bulgaria 


Abstract 


The  demand  for  hard  and  superhard  coatings  has  inspired  many  investigators  in  their  attempts  to  synthesise  P-C3N4. 
films  were  deposited  on  c-silicon  substrates  with  simultaneous  nitrogen  ion  bombardment.  An  electron  beam  was  used  for  graphite 
target  evaporation,  and  d.c.  gas  discharge  for  creation  of  nitrogen  ion  flow.  In  this  process,  plasma  that  occurs  in  the  space 
between  electrodes  and  the  electron  beam  ionises  nitrogen  and  carbon  atoms. 

For  characterisation  of  the  carbon  nitride  films,  X-ray  photoelectron  spectroscopy  was  used.  A  rapid  change  of  composition 
occurs  in  the  first  10-15  nm  of  the  material,  and  then  saturation  is  reached.  The  N/C  ratio  passes  through  the  value  of  1.33  (which 
is  characteristic  of  C3N4)  and  reaches  an  even  higher  value  at  15  nm.  The  Nls  peak  consists  of  four  components.  The  number  of 
carbon-nitrogen  bonds  with  sp^  hybridisation  goes  through  a  minimum  at  5  min  sputtering  time,  reaches  a  maximum  at  10  min 
and  again  decreases  at  15  min.  The  behaviour  of  the  area  of  the  peak  at  about  400.9  eV  resembles  a  mirror  reflection  through  the 
same  interval.  This  peak  position  is  ascribed  to  C-N  bonding  with  sp^  hybridisation.  The  Cls  peak  includes  five  components. 
The  area  of  the  peak  at  about  287.2  eV,  which  is  due  to  C-N  bonds  with  sp^  hybridisation,  passes  this  interval  of  sputtering 
time  in  parallel  with  the  area  of  the  Nls  peak  at  about  399.2  eV,  which  is  also  due  to  this  type  of  bonding.  It  is  ascribed  to 
I3-C3N4.  The  area  of  the  peak  at  about  286.3  eV  is  in  parallel  with  the  flow  curve  for  the  Nls  peak  at  400.9  eV,  and  this  behaviour 
supports  the  supposition  that  both  peaks  are  due  to  C— N  bonds  with  sp^  hybridisation. 

Based  on  the  behaviour  of  curves  concerned  with  sp^  and  sp^  bonding  which  resemble  a  mirror  reflection,  the  conclusion  can 
be  drawn  that  redistribution  of  C-N  bonds  between  sp^  and  sp^  bonding  occurs  during  the  growth  of  the  film,  and  a  struc^re 
is  proposed  consisting  of  nanoclusters  of  P-C3N4  embedded  in  an  amorphous  matrix  of  C  N  bonds  with  sp  hybiidisation. 
©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon  nitride;  Electron  beam  evaporation;  Ion  bombardment;  X-ray  photoelectron  spectroscopy 


1.  Introduction 

Improvements  in  the  optical,  thermal,  chemical, 
electrical  and  mechanical  features  of  materials  are  devel¬ 
oping  fast.  At  present,  there  is  a  strong  demand  for 
hard  and  superhard  coatings.  Liu  and  Cohen  suggested 
in  1989  that  P'C3N4,  a  carbon  nitride  compound  with 
the  structure  of  P-Si3N4  which  does  not  exist  in  nature, 
should  have  a  hardness  exceeding  that  of  c-BN  and 
close  to  that  of  diamond  [1,2]. 

Following  theoretical  predictions,  different  groups 
have  tried  recently  to  grow  P-C3N4  on  Si  substrates 
using  a  variety  of  experimental  techniques,  such  as 
chemical  vapour  deposition  and  electron  cyclotron  reso- 
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nance  plasma  enhanced  chemical  vapour  deposition  [3- 
5],  ion  beam  and  laser  ablation  processing  [6-11], 
magnetron  sputtering  [12,13]  and  electron  beam  evapo¬ 
ration  of  carbon  with  nitrogen  ion  bombardment  [14- 
16].  In  all  these  approaches  the  P-C3N4  phase  presented 
only  a  small  fraction  of  the  entire  layer  embedded  in 
the  amorphous  carbon  nitride  matrix.  The  properties  of 
carbon  nitride  films  depend  strongly  on  deposition  and 
processing. 

In  this  paper  we  present  X-ray  photoelectron  spectro¬ 
scopy  (XPS)  studies  on  thin  CN^.  layers,  formed  by 
electron  beam  evaporation  of  graphite  and  simultaneous 
nitrogen  ion  bombardment. 

2.  Experiment 

Thin  CN,^.  films  were  deposited  on  crystalline  silicon 
substrates  by  electron  beam  evaporation  of  graphite  and 
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simullaneous  nitrogen  ion  bombardment.  High  purity 
99.99%  pyrolytic  graphite  targets  and  99.9999%  pure 
nitrogen  gas  in  d.c.  discharge  were  used.  In  this  process, 
the  plasma  formed  between  the  electrodes  and  the 
electron  beam  is  responsible  for  nitrogen  ionisation.  The 
films  were  formed  at  electron  beam  powers  of  0.5- 

1.5  kW  and  N ion  energies  of  300-400  eV.  The  sub¬ 
strate  holder  was  heated  to  1  ]50'"C.  The  growth  process 
cannot  be  described  by  adiabatic  relations  since  it 
involves  electron  transfer  reactions.  Electrons  moving 
from  one  atom  to  another  are  facing  a  potential  barrier 
[17].  Passing  through  the  barrier  is  assisted,  in  this  case, 
by  the  moving  nitrogen  ion  to  which  the  electron 
belongs. 

XPS  analysis  was  carried  out  in  an  ESCALAB  Mkll 
(VG  Scientific)  electron  spectrometer  at  base  pressures 
in  the  preparation  and  analysis  chamber  at  2x10”^ 
and  lx  10"^  Pa,  respectively.  Photoelectrons  were 
excited  by  an  X-ray  source  using  Mg  Koc  {liv  = 

1256.5  eV).  When  the  pass  energy  of  the  analyser  was 
20  eV,  the  instrumental  resolution  measured  as  the  full- 
width  at  half-maximum  (FWHM)  of  the  Ag3d5^2  photo¬ 
electron  was  1 .2  eV.  The  surface  sensitivity  was  esti¬ 
mated  as  10  monolayers. 

3.  Results  and  discussion 

The  results  of  XPS  measurements  are  shown  in 
Figs.  1-3.  The  depth  profile  concentrations  are  listed  in 
Table  1.  The  Cls,  Nls  and  01s  photoelectron  peaks 


Binding  energy  (eV) 


Fig.  I.  Evolution  of  the  Nls  peaks  with  sputtering  time. 


Fig.  2.  Evolution  of  the  Cls  peaks  with  sputtering  time. 


Fig.  3.  (a)  Depth  profile  of  total  concentrations;  (b)  fit  results  for  Nls 
peak;  (c)  fit  results  for  Cls  peak. 

were  recorded.  Their  intensities  were  determined  from 
the  integrated  Cls,  Nls  and  01s  peak  intensity,  assum¬ 
ing  a  linear  background.  Elemental  concentrations  were 
estimated  according  to  the  approach  outlined  in 
Ref.  [18].  The  values  of  the  corresponding  photoionisa¬ 
tion  cross-section,  cr,  were  taken  from  Ref.  [19].  For  a 
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Tabic  1 

Concentrations  and  structure  of  Cls  and  Nls  peaks 


Surface 

5  min 

10  min 

15  min 

C(%) 

51.6 

17.7 

20.5 

15.6 

N  (%) 

20 

62.2 

69.3 

77.8 

0(%) 

28.4 

20.1 

10.2 

6.6 

N/C 

0.388 

3.51 

3.38 

5.0 

Cls-284.6eV 

3.82 

4.46 

3.36 

9.02 

Cls-285.5eV 

16.90 

21.59 

16.00 

29.22 

Cls-286.3eV 

22.17 

27.23 

22.75 

23.77 

Cls-287.2eV 

49.54 

37.66 

48.68 

31.44 

Cls-289.6  eV 

7.56 

9.07 

9.22 

6.56 

Nls-398,2cV 

25.72 

21.30 

5.15 

16.87 

Nls-399.2  eV 

48.53 

39.85 

77.68 

41.78 

Nls-400.9eV 

17.07 

32.24 

9.25 

33.27 

Nls-403.2eV 

8.69 

6.61 

7.92 

8.08 

detailed  analysis  the  core-level  lines  obtained  by  XPS 
were  fitted  by  Doniach-Sunjic  functions,  i.e.  convolution 
of  a  Gaussian  and  a  Lorentzian  without  additional 
parameters  allowing  asymmetry  of  the  line  [20].  In 
semiconducting  and  isolating  materials  this  asymmetry 
should  be  zero.  The  secondary  (inelastically  scattered) 
electron  background  was  assumed  to  be  linear.  During 
the  fitting  procedure  all  the  parameters  were  left  freely 
adjustable.  As  already  mentioned  in  the  experimental 
part,  the  resolution  of  the  analyser  of  about  1  eV  defines 
the  line  width  of  the  Gaussian  component  of  the 
Doniach-Sunjic  functions.  Due  to  amorphisation  the 
line  width  increases.  In  this  study  we  obtain  line  widths 
(FWHM)  between  1.3  and  2.6  eV.  As  shown  in 
Fig.  3(a),  the  concentration  changes  across  the  film.  In 
our  previous  investigation  [21],  we  sputtered  a  similar 
carbon-nitride  film  for  300  min  and  achieved  a  film 
thickness  of  300  nm.  We  found  that  rapid  changes  of 
composition  occur  in  the  first  10—15  nm  of  the  material, 
and  then  saturation  is  reached.  We  expect,  therefore,  to 
have  reached  the  homogenous  part  of  the  film  after 
penetration  to  a  depth  of  15nm.  Under  the  present 
experimental  conditions,  the  concentration  of  nitrogen 
in  the  first  1 5  nm  increases  rapidly  at  the  expense  of 
carbon.  As  can  be  seen  from  Fig.  3(a),  the  N/C  ratio 
exceeds  the  value  of  1.33  (which  is  characteristic  of 
C3N4)  and  reaches  an  even  higher  value  at  15  nm.  While 
the  oxygen  concentration  is  about  28  at%  in  the  begin¬ 
ning,  after  15  min  sputtering  only  6.6  at%  is  observed. 

The  evolution  of  the  Nls  and  Cls  peaks  with  sputtering 
time  is  presented  in  Table  1  and  Figs.  1—3.  The  Nls  peak 
consists  of  four  relatively  broad  components  with  line 
widths  (FWHM)  of  about  2  eV.  The  integrated  intensity 
of  the  peak  at  399.2  eV,  which  is  characteristic  of  carbon- 
nitrogen  bonds  with  sp^  hybridisation  [6],  is  minimal  at 
5  min  sputtering  time,  reaches  a  maximum  at  10  min  and 
decreases  continuously  up  to  15  min.  The  behaviour  of 
the  peak  at  400.9  eV  through  the  same  time  interval  is 


exactly  the  opposite.  This  peak  is  ascribed  to  C— N  bonds 
with  sp^  hybridisation  [6].  The  peak  at  398.2  eV  is  charac¬ 
teristic  of  C=N— C  bonds  [11].  The  number  of  these 
bonds  decreases  at  the  expense  of  the  formation  of  other 
C^N  bonds.  The  low  intensity  peak  at  403.2  eV  is  due 
to  N— O  bonds  and  is  independent  of  time  within  experi¬ 
mental  error.  As  shown  in  Table  1  and  Fig.  2,  the  Cls 
peak  includes  five  components  with  FWHM  of  1.30  eV 
defined  by  the  resolution  of  the  analyser  used  in  this 
investigation.  The  integrated  intensity  of  the  peak  at 

287.2  eV,  which  is  due  to  C— N  bonds  with  sp^  hybridisa¬ 
tion  [6],  exhibits  during  the  sputtering  time  changes 
analogous  to  those  observed  in  the  Nls  peak  at  399.2  eV. 
Both  peaks  are  ascribed  to  I3-C3N4  [22].  Also  the  peak  at 

286.3  eV  behaves  similarly  to  the  peak  at  400.9  eV  (Nls). 
This  behaviour  strongly  suggests  that  both  peaks  are  due 
to  C— N  bonds  with  sp^  hybridisation.  The  peak  at 
284.6  eV  is  assigned  to  bonds  of  graphite  type  [4],  while 
the  peak  at  289.6  eV,  which  decreases  slowly  with  thick¬ 
ness,  is  assigned  to  C— O  bonds.  The  peak  behaviour  is 
additionally  influenced  by  charge  distribution  due  to  steric 
interactions  between  adjacent  atoms  participating  in 
different  bonds.  Based  on  the  behaviour  of  peaks  resem¬ 
bling  mirror  reflection  and  associated  with  sp^  and  sp^ 
bonds,  we  conclude  that  redistribution  of  C— N  bonds 
between  sp^  and  sp^  bonding  occurs  during  the  growth 
process.  This  is  probably  due  to  temperature  changes  in 
the  substrate  as  a  result  of  additional  heating  by  the  ion 
flow  and  changes  in  ion  energy.  Both  factors  may  influence 
the  value  of  Morse  potential  barriers  hindering  bond 
formation.  We  propose  a  structure  in  which  tetrahedrally 
bonded  carbon  atoms  of  the  layers  are  substituted  by 
nitrogen  atoms  leading  to  a  decrease  in  the  share  of  the 
nanocrystalline  diamond  phase  and  the  formation  of  a 
CN,,  phase  embedded  in  the  amorphous  carbon  layer. 


4.  Conclusions 

XPS  was  applied  to  investigate  thin  CN,,  layers, 
deposited  by  electron  beam  evaporation  of  graphite  and 
simultaneous  nitrogen  ion  bombardment.  The  XP 
spectra  show  that  the  ratio  of  sp^  to  sp^  bonds  changes 
during  the  growth  process  and  that  the  number  of 
P-C3N4  clusters  increases  with  increasing  deposition 
energy  and  substrate  temperature.  In  our  suggested 
structure  the  tetrahedrally  bonded  carbon  atoms  of  the 
layers  are  substituted  by  nitrogen  atoms  leading  to  a 
decrease  in  the  share  of  the  nanocrystalline  diamond 
phase  and  the  formation  of  a  CN^,  phase  embedded  in 
the  amorphous  carbon  layer. 
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Abstract 

Near-edge  X-ray  absorption  fine  structure  (NEXAFS)  measurements  have  been  made  on  carbon  nitride  films  containing  as 
much  as  44at.%  of  nitrogen.  The  films  have  been  synthesized  by  dual  ion  beam  deposition  (IBD)  bombarding  a  carbon  target 
with  low-energy  nitrogen  ions  at  varying  nitrogen  beam  energies  and  substrate  temperatures  ranging  from  the  liquid  nitrogen 
temperature  up  to  400‘^C.  The  structural  changes  induced  by  the  reduction  of  the  temperature  have  been  previously  investigated 
[Hammer  et  al.,  J.  Vac.  Sci.  Technol.  A  15  (1)  (1997)  107;  Baker  et  ah,  Surf.  Coat.  Technol.  97  (1997)  544].  The  transition  from 
a  predominantly  sp^/sp^  C“N  amorphous  arrangement  to  a  more  polymer-like  structure  has  been  confirmed  and  more  deeply 
examined  by  X-ray  absorption  spectroscopy.  In  particular,  for  samples  deposited  at  liquid  nitrogen  temperature,  a  relevant 
reduction  of  sp^  C^C  fraction  has  been  detected.  Moreover,  the  condensation  on  the  growing  film  surface  of  hydrogen  containing 
species  (i.e.  HCN)  has  been  well  identified  by  the  appearance  of  the  C—H*  peak.  ©  2000  Published  by  Elsevier  Seience  S.A,  All 
rights  reserved. 

Keywords:  Carbon  nitride;  Dual  ion  beam  deposition;  Near-edge  X-ray  absorption  fine  structure 


1.  Introduction 

The  predicted  existence  of  a  metastable  covalent 
carbon  nitride  compound,  P-C3N4  [3],  having  a  bulk 
modulus  comparable  to  that  of  diamond,  induced  many 
researchers  to  attempt  to  synthesize  this  material. 
Stoichiometric  P-C3N4  was  not  obtained,  but  only  films 
with  a  concentration  of  nitrogen  not  exceeding  a  value 
of  45  at.%.  The  formation  of  volatile  CN  compounds 
during  the  film  growth  can  limit  the  nitrogen  incorpora¬ 
tion,  as  verified  by  Hammer  et  al. 

We  deposited  carbon  nitride  films  using  the  dual  ion 
beam  technique  (DIED).  Nitrogen  beams  were  used 
both  to  sputter  a  graphite  target  and  to  assist  the 
growing  films  at  variable  energies  and  deposition  tem¬ 
peratures.  The  target  was  bombarded  with  a  ISOeV 
nitrogen  beam.  At  this  energy  chemical  sputtering  is 
predominant  and  the  formation  of  radical  CN  is  favored 
[4].  The  reaction  of  these  radicals  with  themselves  or 
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with  adsorbed  water  molecules  leads  to  formation  of 
C2N2  or  of  HCN  and  HOCN.  In  order  to  increase  the 
N  content  in  the  films  we  maintained  the  deposition 
temperature  below  the  boiling  point  of  these  N-rich 
species,  which  are  volatile  at  room  temperature. 
Moreover,  we  bombarded  the  growing  films  with  nitro¬ 
gen  ions  to  further  increase  the  N  content  and  promote 
the  formation  of  the  desired  phase  P-C3N4.  Previous 
characterizations  of  the  coatings  (FTIR,  XPS,  AES, 
UV/vis  spectroscopy,  X-ray  reflectivity,  conductivity  and 
hardness  measurements)  are  reported  in  Refs.  [1,2].  In 
the  following  we  summarize  the  principal  results 
obtained.  The  films  deposited  at  high  sputter  beam 
voltages  (1000-1500  V)  contain  up  to  34  at.%  of  nitro¬ 
gen  and  are  opaque,  conductive  (^  1  cm“^),  with  a 

density  of  about  2.1  gcm“^  and  a  hardness  of  20  GPa. 
Their  structure  is  that  of  sp^/sp^  amorphous  carbon. 
Triple  bonds  between  carbon  and  nitrogen  (C=N)  arise 
above  an  N  concentration  of  20%.  The  films  deposited 
at  low  sputter  energy  ( 1 50  V )  and  low  substrate  temper¬ 
ature  (<  140  K)  have  a  larger  N  content  (up  to  44  at.%), 
exhibit  a  large  optical  band  gap  (up  to  2.20  eV),  are 
optically  transparent,  not  conductive,  very  soft  (hard- 
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ness  <  1  GPa)  and  present  a  density  of  about 
1.7gcm"^.  The  spectroscopic  analyses  indicate  that 
these  properties  occur  as  a  result  of  a  decrease  of  the 
sp^  delocalized  component  substituted  by  localized 
double  bonds.  These  groups  are  bound  together  to  form 
a  chain-like  polymeric  structure.  No  evidence  of  forma¬ 
tion  of  the  phase  P-C3N4  was  found. 

The  subject  of  this  work  is  the  investigation  of  the 
structural  and  electronic  properties  of  carbon  nitride 
films  by  means  of  near-edge  X-ray  absorption  fine 
structure  (NEXAFS)  spectroscopy  and  Raman  spectro¬ 
scopy  in  order  to  obtain  a  more  deep  understanding  of 
their  properties.  X-ray  absorption  is  very  sensitive  to 
the  chemical  environment  of  carbon  and  nitrogen  atoms 
and  well  suited  to  characterize  systems  having  a  mixing 
of  saturated  (sp‘^)  and  unsaturated  (sp^,  sp)  carbon- 
nitrogen  bonds.  Thus  it  represents  a  useful  tool  in 
determining  the  chemical  structure  and  the  coordination 
of  carbon  and  nitrogen  atoms  as  a  function  of  different 
deposition  parameters.  Raman  spectroscopy  is  very  sen¬ 
sitive  to  the  structural  changes  in  carbon-based  materials 
and  information  on  the  medium-range  order  can  be 
obtained.  These  two  spectroscopic  techniques  then  have 
different  bond-type  sensitivity  and  probe  different  length 
scales  [5].  Thus  their  combined  use  can  provide  comple¬ 
mentary  information  on  the  nature  of  carbon  nitride 
films. 


2.  Experimental 

Film  synthesis  was  performed  in  a  dual  ion  beam 
sputter  deposition  apparatus  supplied  with  two 
Kaufmann  ion  sources  of  3  cm  diameter  as  sputter  and 
assisting  guns.  A  graphite  target  (purity  >  99.99  at.%) 
was  sputtered  by  nitrogen  ions  at  different  voltages 
between  100  and  1500  V  with  a  total  beam  current  of 
18~35mA.  The  focused  assisting  source  was  operated 
at  voltages  between  80  and  500  V  with  a  total  beam 
current  of  1.5-8. 5  mA. 

The  vacuum  chamber  was  evacuated  by  a  450  1  s  ^ 
turbomolecular  pump  to  a  base  pressure  of 
ci:3  X  lO""^  mbar.  The  flow  rates  of  the  nitrogen  were 
5  seem  for  the  sputter  gun  and  2  seem  for  the  assisting 
gun.  The  working  gas  pressure  was  <4  x  10""^  mbar. 


The  substrates  were  doubly-polished  silicon  (100  ori¬ 
ented)  and  sapphire.  These  were  cleaned  in  an  ultrasonic 
bath  first  with  a  tensio-active  solution,  then  with  distilled 
water  and  finally  in  propanol.  Before  the  deposition  the 
substrates  were  sputter  cleaned  by  a  500  V/10  mA  nitro¬ 
gen  beam  for  2  min.  A  few  samples  were  cooled  down 
by  using  liquid  nitrogen.  The  temperature  was  monitored 
by  a  PTIOO  thermocouple  and  the  values  are  reported 
in  Table  1.  The  samples  are  indicated  with  the  same 
symbols  used  in  Refs.  [1,2]. 

The  NEXAFS  experiments  were  carried  out  at  LURE 
facility  (Orsay,  France)  on  the  VUV  Super-ACO  storage 
ring  using  the  SACEMOR  beamline.  The  monochroma¬ 
tor  was  a  HE-TGM  with  an  energy  resolution  of  0.1  eV 
at  the  carbon  K-edge.  The  detection  of  the  out-coming 
electrons  was  in  total  electron  yield  (TEY)  mode 
(-100  A  of  depth  sensitivity).  The  energy  step  was 
0.1  eV  and  the  collecting  time  was  1  s  for  each  channel. 
The  intensity  of  the  incident  beam  /q  was  obtained  from 
the  photocurrent  produced  in  a  gold  coated  grid.  The 
ratio  between  the  collected  signal  from  the  sample  4 
and  the  incoming  intensity  Iq  gives  the  signal  of  the 
absorption.  For  a  detailed  description  of  data  handling 
(calibration  and  normalization)  and  analysis  see  Ref.  [5]. 

Unpolarized  Raman  spectra  were  recorded  ex  situ  at 
room  temperature  and  backscattering  geometry.  An 
I.S.A.  Jobin-Yvon  triple  grating  spectrometer  equipped 
with  a  liquid  nitrogen  cooled  detector  was  utilized.  The 
514.5  nm  line  of  an  argon  ion  laser  was  used  as  excita¬ 
tion  source. 


3.  Results 

The  Raman  spectra  of  three  CN^.  films  (CN42,  CN54, 
CN67)  are  shown  in  Fig.  1.  For  comparison  the  spectra 
of  two  amorphous  carbon  deposits  are  also  reported: 
sample  Cl  deposited  at  room  temperature  (Ar'^  ions, 
sputtering  voltage  1 000  V )  and  sample  C79  deposited  at 
140  K  (Ar"^  ions,  sputtering  voltage  700  V).  The  region 
between  1200  and  1650  cm  is  given  by  the  partial 
overlapping  of  the  D  band  at  — 1370  cm" ^  and  the  G 
band  at  - 1570  cm~^  The  D  band  is  larger  in  CN^.  films 
than  in  a-C  films,  giving  a  first  qualitative  indication  that 
the  incorporation  of  nitrogen  modifies  the  degree  of 
order.  To  compare  different  samples  on  a  more  quantita- 


Tablc  1 

Deposition  parameters  of  CN,,  films  grown  at  substrate  temperature  between  80  and  673  K.  The  nitrogen  content  was  determined  by  AES 
measurements  (sec  Ref.  [1]) 


Sample  Sputtering  voltage  Sputtering  current  Assisting  voltage  Assisting  current  Substrate  temperature  Deposition  rate  Nitrogen 

t/sputt(V)  /sputt(niA)  /asUmA)  (K)  i;dcp  (nm  min-b  content  (at.%) 


CN42 

1500 

30 

CN54 

150 

17 

CN55 

150 

16 

CN67 

150 

18 

673 

1.7 

24 

310 

0.5 

32 

140 

0.7 

44 

80 

0.1 

- 

200 

100 


8.0 

1.4 
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Raman  shift  (cm'^) 

Fig.  1.  Raman  spectra  of  films.  For  comparison  two  spectra  of 
amorphous  carbon  films  Cl  (deposition  at  310  K,  sputtering  voltage 
1000  V)  and  C79  (deposition  at  140  K,  sputtering  voltage  700  V)  are 
also  reported.  Due  to  the  high  optical  transparency  of  the  samples,  the 
contribution  of  the  silicon  substrate  is  also  detected  by  the  peaks  at 
'^500cm“^  (first  order)  and  ^  1000  cm (second  order). 


Fig.  2.  The  NEXAFS  C  K-edge  spectra  of  the  CN,^  films.  Two  samples 
were  treated  in  the  experimental  chamber:  CN67  was  heated  up  to 
400°C  for  1  h  and  CN54  was  sputtered  by  an  Ar beam  (600  V,  8  niA, 
for  10  min).  The  reference  spectra  of  graphite,  diamond  and  of  the 
sample  called  Anode  (100%  sp^)  are  also  reported  (see  text). 


five  basis,  the  peaks  were  fitted  with  two  Gaussian  curves 
and  the  obtained  values  are  collected  in  Table  2.  From 
sample  CN42  to  sample  CN67  both  bands  shift  towards 
higher  frequency  and  their  FWHM  becomes  smaller  as 
the  deposition  decreases.  As  well  as  the  ratio  of  the 
integrated  areas  /d//g  decreases.  These  results  indicate 
that  the  films  deposited  at  lower  temperatures  have  a 
higher  degree  of  order.  In  CN^  films  the  feature  at 
^2150  cm“^  (more  evident  in  CN54)  can  be  related  to 
hybridized  carbon  bonded  to  nitrogen.  We  recall  that  the 
presence  of  triple  bonds  (C=N)  was  already  unambigu¬ 
ously  detected  in  FTIR  measurements  [  1  ] . 


The  near-edge  absorption  spectra  were  acquired  at 
the  carbon,  nitrogen  and  oxygen  K-edges.  In  Fig.  2  the 
C  K-edge  NEXAFS  spectra  of  the  CN^.  samples  are 
shown.  For  comparison  the  spectra  of  graphite  and 
diamond  are  also  reported  together  with  the  spectrum 
indicated  as  Anode’.  This  is  the  deposit  grown  on  the 
anode  of  a  carbon  cluster  beam  source.  The  highly 
disordered  orientation  of  the  graphitic  domains  in  this 
sample  makes  it  preferable  to  graphite  as  a  reference 
sample  for  the  evaluation  of  the  sp^  (C=C)  content  in 
our  amorphous  samples  (for  details  see  Ref.  [5]).  The 
spectra  of  graphite  and  diamond  resume  those  reported 


Table  2 

Fitted  values  of  the  Raman  spectra 


Sample 

D  band  position  (cm  b 

Dband  FWHM  rD(cm-‘) 

G  band  position  (cm  f 

G  band  FWHM  To  (cm'*) 

W/o 

CN42 

1378 

342 

1559 

147 

1.970 

CN54 

1390 

341 

1564 

146 

1.515 

CN67 

1406 

302 

1584 

134 

1.247 

Cl 

1385 

320 

1545 

146 

1.327 

C79 

1374 

285 

1580 

129 

0.861 

320 
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in  the  literature  [6,7],  even  if  the  exciton  peak  of  the 
diamond  cannot  be  resolved.  Two  samples  were  treated 
in  situ:  CN67  was  heated  up  to  400°C  for  1  h,  and 
CN54  was  sputter  etched  using  Ar*^  ions  (600  V,  8  mA, 
for  10  min). 

The  spectra  of  CN^.  films  show  a  pre-edge  resonance 
at  about  285.3  eV  principally  due  to  transitions  from 
the  C  Is  level  to  unoccupied  states  of  sp^  (C=^C)  sites. 
Also  sp  (C=C)  sites  contribute  to  this  peak  but  the 
presence  of  triple  bonds  between  carbon  atoms  seems 
to  be  negligible  in  the  amorphous  structures  under 
investigation.  Thus  this  peak  can  be  used  for  evaluating 
the  sp^  (C==C)  fraction  in  accordance  with  the  method 
proposed  by  Fallon  et  al.  [8].  The  transitions  are 

also  present  in  the  diamond  spectrum  due  to  a  graphitic 
phase  contained  in  the  diamond  powder,  as  also  detected 
in  X-ray  diffraction  measurements.  The  intensity  of  the 
peak  increases  both  after  thermal  anneal  (sample  CN67) 
and  after  sputtering  (sample  CN54).  This  is  an  index  of 
graphitization  induced  by  these  treatments,  as  already 
investigated  by  us  and  reported  in  Refs.  [5,9].  Another 
relevant  pre-edge  resonance  arises  at  288.8  eV,  just 
before  the  absorption  edge  placed  at  about  289.5  eV, 
Different  transitions  can  contribute  to  this  peak,  as 
carbon  bonded  to  an  OH  group.  The  sputtering  does 
not  evidently  affect  this  peak,  while  the  heating  produces 
a  relevant  reduction  of  its  intensity. 

The  shoulder  at  about  287.8  eV  is  assigned  to 
C— H*  transitions  [10].  Fig.  3  shows  the  best  fit  of  two 
C  K-edge  spectra  of  the  sample  deposited  at  highest 
temperature  (CN42)  and  at  lowest  temperature  (CN67). 
The  contribution  to  the  C— H*  resonance  is  higher  for 
CN67  as  well  as  that  of  the  peak  at  288.8  eV.  These 
increments  can  be  originated  by  the  possible  condensa¬ 
tion  of  species  as  HCN  and  OHCN  on  the  growing  film. 

Possible  other  contributions  are  at  286.5  eV,  related 
to  C  Is -^71*  into  orbitals  involving  C^O  and  C==N 
bonds,  and  at  287,2  eV  related  to  ttc— n-  In  sample  CN67 
the  contributions  at  285.3  and  286.5  eV  are  smaller  than 
in  sample  CN42.  At  the  lowest  deposition  temperature 
the  diminution  of  sp^  sites,  namely  C=C  and  C=N,  can 
be  correlated  with  the  loss  of  aromaticity  in  favor  of  a 
more  polymeric  structure  with  hydrogen  and  C^N  as 
terminations.  This  trend  is  confirmed  by  the  data  reported 
in  Table  3  where  the  evaluated  sp^  (C=C)  content  for 
each  film  is  reported.  Incidentally,  it  is  also  observed 
that  the  treated  samples  present  a  relevant  increment  of 
the  sp^  (C=C)  fraction  (up  to  55%). 

The  broad  features  between  290  and  320  eV  are  the 
overlap  of  sp,  sp^  and  sp^  sites  and  reveal  the  amorphous 
nature  of  the  films. 

In  Fig.  4  the  nitrogen  NEXAFS  K-edge  spectra  are 
shown.  Sample  CN42  exhibits  a  broader  structure  in  the 
pre-edge  region  (ionization  edge  at  about  402.0  eV). 
Samples  CN67  and  CN55  show  a  shift  of  the  maximum 


Fig.  3.  Fits  of  the  samples  CN42  (673  K,  1500  V)  and  CN67  (80  K, 
150  V).  The  solid  line  is  the  resulting  optimized  fitting  curve  and  the 
dotted  curves  are  the  individual  components  of  the  deconvolution.  For 
details  regarding  the  fitting  procedure  see  Ref.  [6]. 


Table  3 

Fraction  of  sp^  (C=C)  bonds  evaluated  from  the  spectra  of  Fig.  2  by 
using  the  procedure  described  in  Refs.  [5,8] 


Sample 

Fraction  of  sp^  (%) 

Anode 

100 

CN42 

36 

CN54 

13 

CN54  (sputtered) 

55 

CN55 

27 

CN67 

8 

CN67  (400°C) 

54 

towards  higher  energies  while  sample  CN54  is  practically 
structureless. 

The  NEXAFS  spectra  at  the  oxygen  K-edge  are 
reported  in  Fig.  5.  These  data  were  acquired  to  identify 
the  presence  of  bonds  between  carbon  and  oxygen  given 
by  the  transition  nc=o  at  533.3  eV.  Actually  this  reso¬ 
nance  is  present  in  every  spectra  but  is  more  intense  for 
the  samples  deposited  at  the  lowest  temperatures  (CN55 
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Photon  Energy  (eV) 

Fig.  4.  The  NEXAFS  N  K-edge  spectra  of  the  CN^.  films. 


and  CN67).  After  sputtering  (CN54)  this  peak  practi¬ 
cally  disappears  while  after  thermal  anneal  it  is  only 
reduced.  Thus  even  if  the  oxygen  is  mainly  a  surface 
contaminant,  it  can  also  be  incorporated  in  the  films 
grown  at  a  temperature  which  favors  the  condensation 
of  oxygen  containing  species. 


4.  Conclusions 

The  combination  of  Raman  and  NEXAFS  spectro¬ 
scopies  contributes  towards  a  better  understanding  of 
the  structure  and  chemical  states  of  the  carbon  nitride 
films.  From  the  Raman  spectra  we  can  conclude  that 
the  films  are  amorphous  and  present  an  increasing 
medium-range  order  as  the  sputtering  energies  and 
deposition  temperatures  decrease.  Under  these  condi¬ 
tions  there  is  also  a  change  in  the  local  coordination  as 
revealed  by  NEXAFS  data.  In  fact  a  loss  of  sp^  (C"=C) 
sites  is  detected  with  a  concomitant  increase  of  the  peak 
originated  by  c— H*  transitions  and  of  resonances 
related  to  species  containing  carbon  and  oxygen.  The 
incorporation  of  hydrogen  and  oxygen  is  favored  by  the 
low  deposition  temperature  at  which  species  such  as 
HCN  or  OHCN  can  condense  on  the  growing  film. 
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Abstract 

This  article  reviews  the  development  of  hard  coatings  from  a  titanium  nitride  film  through  superlattice  coatings  to  nanocomposite 
coatings.  Significant  attention  is  devoted  to  hard  and  superhard  single  layer  nanocomposite  coatings.  A  strong  correlation  between 
the  hardness  and  structure  of  nanocomposite  coatings  is  discussed  in  detail.  Trends  in  development  of  hard  nanocomposite 
coatings  arc  also  outlined.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Hard  coatings  have  been  successfully  used  for  protec¬ 
tion  of  materials  and  particularly  to  enhance  the  life  of 
cutting  tools  since  the  1970s.  Both  the  technological 
process  of  their  production  and  their  properties,  i.e. 
hardness,  wear  and  oxidation  resistance,  however,  are 
continuously  being  improved.  Important  milestones  in 
the  development  of  hard  coatings  are  briefly  summarized 
in  Table  1.  This  table  shows  a  clear  effort  (i)  to  decrease 
the  temperature  T  at  which  hard  coatings  are  formed 
and  (ii)  to  improve  the  properties  of  hard  coatings, 
particularly  to  increase  the  hardness  and  oxidation 
resistance.  The  oxidation  resistance  should  be  increased 
up  to  approximately  lOOO'^C  because  during  high-speed 
machining  the  temperature  of  the  tool  tip  can  reach 
lOOOX  and  the  coating  should  be  stable  at  such  high 
temperatures. 

As  to  the  hardness,  the  coatings  are  usually  divided 
into  two  groups:  (1)  hard  coatings  having  a  hardness 
<40  GPa,  and  (2)  superhard  coatings  having  a  hardness 
>40  GPa.  Compared  to  a  large  number  of  hard  materi¬ 
als,  there  are  only  a  few  superhard  materials,  i.e.  cubic 
boron  nitride  (c-BN),  amorphous  diamond-like  carbon 
(DLC),  amorphous  carbon  nitride  (a-CN^,.)  and  poly¬ 
crystalline  diamond.  Moreover,  these  superhard  materi¬ 
als  are  thermodynamically  unstable.  This  is  a  serious 
disadvantage  which  strongly  limits  their  utilization  in 
some  applications.  For  instance,  the  high  chemical 
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affinity  of  carbon  to  iron  limits  the  applicability  of 
diamond  coated  cutting  tools  to  machining  of  aluminum, 
their  alloys  and  wood  only.  Similar  problems  can  be 
expected  when  the  c-BN  coating  is  used  in  cutting  of 
steels  due  to  the  chemical  dissolution  of  boron  in  iron. 
These  problems  stimulated  intensive  research  in  this 
field,  and  recently  new  superhard  materials  based  on 
superlattices  and  nanocomposites  were  developed. 


2.  Hard  superlattice  coatings 

Superlattice  coatings  are  nanometre-scale  multilayers 
composed  of  two  different  alternating  layers  with  a 
superlattice  period,  i.e.  the  bilayer  thickness  of  two 
materials,  ranging  from  5  to  10  nm.  The  bilayers  of 
these  superlattices  can  be  metal  layers,  nitrides,  carbides 
or  oxides  of  different  materials  or  a  combination  of  one 
layer  made  of  nitride,  carbide  or  oxide  of  one  metal  and 
the  second  layer  made  of  another  metal.  According  to 
the  composition  of  the  bilayer,  superlattice  coatings  can 
be  divided  into  five  groups:  (1)  metal  superlattices,  (2) 
nitride  superlattices,  (3)  carbide  superlattices,  (4)  oxide 
superlattices  and  (5)  nitride,  carbides  or  oxides/metal 
superlattices. 

Experiments  show  that  metal  superlattices  exhibit  a 
relatively  low  hardness.  On  the  contrary,  single-crystal 
nitride  superlattice  coatings  are  superhard  materials  with 
a  hardness  ranging  from  45  to  55  GPa,  e.g.  TiN/VN, 
56  GPa  [15];  TiN/CVo.^NboJN,  41  GPa  [16]; 
TiN/NbN,  51  GPa  [17];  TiN/Nb,  52  GPa  [18,19]; 
TiN/CN,,  45-55  GPa  [20];  ZrN/CN„  40-45  GPa  [21]; 
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Table  1 

Important  steps  in  development  of  hard  coatings 


Coating 

Material 

H  (GPa) 

Main  characteristics 

Single  layer 

TiN,  TiC,  AI2O3 

21,  28,  21 

CVD  at  T  around  1000"C  on  cemented  carbides 

Single  layer 

TiN,  TiC 

21,  28 

PVD  at  T<550°C  on  steel  substrates 

Multilayer 

TiC/TiB. 

About  10^  phase  boundaries  TiC/TiB2  [2] 

Single  layer 

c-BN 

50  [3] 

High  chemical  affinity  of  C  to  iron 

Single  layer 

diamond 

90  [4] 

Chemical  dissolution  of  B  in  iron  [5] 

Single  layer 

TiAlN 

Oxidation  resistance  up  to  800”C  [6] 

Single  layer 

DLC 

65 

Amorphous  phase  [7] 

Single  layer 

CN., 

50-60 

Substoichiomctric  (.v  =  0.2-0.35)  turbostratic  structure  [8,9] 

Superlattices 

TiN/VN,  TiN/NbN,  etc. 

-50 

Superlattice  period  5-10  nm  [10,11] 

Single  layer 

nc-MeN/a-nitride 

-50 

Superlattice  period  5-10  nm  [10,11] 

Single  layer 

nc-MeN/metal 

-50 

Nanocomposite  [13] 

Single  layer 

Tio. 4-^10.61^ 

-32 

Nanocomposite,  oxidation  resistance  up  to  950'^C  [14] 

TiN,/C-N,  20-50  GPa  [22,23].  The  overall  hardness  of 
the  superlattice  coating  is  therefore  greater  than  that  of 
the  materials  of  the  individual  components  of  the  bilayer, 
^  ^TiN/NbN^52  GPa,  //TiN  =  21  GPa,  14  GPa. 

This  hardness  enhancement  is  a  very  complex  phenome¬ 
non.  In  spite  of  this,  several  models  which  explain 
multilayers  strengthening  have  already  been  developed 
[24-27].  The  model  of  Shinn  et  al.  [26]  shows  that  (i) 
a  difference  in  elastic  modulus  between  the  two  layer 
materials  is  required  to  increase  the  hardness  of  the 
superlattice  film,  and  (ii)  the  coherency  strain  at  the 
interface  between  the  two  layers  has  only  a  minor  effect. 
The  model  of  Chu  and  Barnett  [27]  is  based  on  restricted 
dislocation  movement  within  and  between  layers  in  the 
superlattice  coating.  It  predicts  a  peak  in  hardness  when 
there  is  a  difference  in  shear  modulus  between  two  layer 
materials  and  sharp  interfaces  between  layers. 

So  far,  less  attention  has  been  devoted  to  carbide 
multilayer  coatings.  These  coatings  can  also  be 
superhard,  up  to  55  GPa,  e.g.  TiC/VC,  52  GPa  [28]; 
TiC/NbC,  45-55  GPa  [29].  Considerable  attention  has 
been  devoted  to  nitride/metal  superlattice  coatings.  This 
combination  of  bilayer  materials,  i.e.  the  hard  nitride 
with  a  more  ductile  metal,  makes  it  possible  to  improve 
the  toughness  of  the  coating  while  retaining  its  relatively 
high  hardness  (>30GPa),  e.g.  TiN/Ti,  36.8  GPa  [30]; 
WN/W,  34  GPa  [30];  HfN/Hf,  50  GPa  [30];  TiN/Ni, 
35  GPa  [31];  TiN/Nio.4Cro.i,  32  GPa  [31];  NbN/Mo, 
33  GPa  [32,33];  NbN/W,  30  GPa  [32,33].  An  improve¬ 
ment  in  the  toughness  of  the  coating  increases  its  adhe¬ 
sion  to  the  substrate,  which  is  of  fundamental 
importance  for  coating  applications. 

At  present,  practically  no  data  are  available  on  oxide 
superlattice  coatings.  This  is  probably  because  the  depos¬ 
ition  rate  of  oxide  films  using  both  d.c.  and  r.f.  reactive 
magnetron  sputtering  is,  compared  with  that  of  metals, 
too  low.  Recently,  this  situation  strongly  changed. 
Considerable  progress  has  been  made  in  magnetron 
deposition  of  oxide  films,  such  as  AI2O3,  Zr02,  Ti02, 


etc.  using  pulsed  d.c.  sputtering  [34,35].  For  instance, 
the  deposition  rate  for  clear  AI2O3  films  formed  using 
this  technique  can  reach  78%  of  the  metal  deposition 
rate,  which  is  about  25  times  the  rate  obtainable  with 
r.f.  power  [1].  Therefore,  oxide  films  can  be  produced 
at  economical  rates  and  so  we  can  expect  that  research 
will  be  intensified  for  oxide  superlattice  coatings.  For 
instance,  Sproul  already  reported  on  the  deposition  of 
multilayer  nanometre-scale  oxide  films  composed  of 
alternating  layers  of  AI2O3  and  Zr02  at  a  high  rate  onto 
glass,  silicon,  and  high-speed  steel  substrates  [1].  Results 
are  very  encouraging  because  the  energy  delivered  to 
the  growing  film  during  the  pulse  operation  can  stimulate 
film  crystallization  at  low  deposition  temperatures. 

In  conclusion  it  is  worthwhile  to  note  that  superhard 
coatings  in  the  form  of  superlattices  represent  a  very 
important  milestone  in  the  development  of  superhard 
materials  and  the  understanding  of  the  origin  of  the 
superhardness.  However,  the  maximum  hardness  of  the 
superlattice  coating  is  very  strongly  dependent  on  the 
superlattice  period  2,  see  for  instance  Fig.  3  presented 
in  Ref.  [15].  The  strong  dependence  of  H  on  X  may 
cause  large  variations  in  the  coating  hardness,  H,  when 
deposited  in  industrial  machines  because  it  is  difficult  to 
ensure  the  same  thickness  of  all  superlattice  layers  on 
all  coated  objects,  particularly  when  they  have  a  complex 
shape.  Similar  variations  in  H  can  also  be  caused  by  the 
interdiffusion  of  elements  in  neighbouring  layers  at  high 
service  temperatures.  These  problems  can  be  avoided  if 
the  superlattice  coating  is  replaced  with  a  single-layer 
nanocomposite  coating. 


3.  Nanocomposite  materials 

Materials  are  composed  of  grains  separated  by  grain 
boundaries.  The  size  of  grains  in  currently  produced 
materials,  which  can  be  called  the  conventional  materi¬ 
als,  varies  over  a  wide  range  from  about  100  nm  to 
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several  hundred  millimetres,  corresponding  to 
monocrystals.  This  means  that  the  number  of  atoms  in 
grains  is  always  considerably  greater  than  that 
in  boundary  regions.  The  behaviour  of  such  materials 
is  determined  mainly  by  the  bulk  of  grains  in  which 
dislocations  play  a  decisive  role.  Properties  of  these 
materials  are  continuously  improved  by  optimizing  their 
composition,  structure  and  the  technological  processes 
used  for  their  formation.  No  fundamental  qualitative 
changes  in  properties  of  the  conventional  materials  can, 
however,  be  expected. 

Completely  new  properties  are  exhibited  by  nanocrys¬ 
talline  materials  with  a  grain  size  of  about  10  nm  or 
less.  The  behaviour  of  these  materials  is  determined 
mainly  by  processes  in  boundary  regions  because  the 
number  of  atoms  in  the  grains  is  comparable  to  or 
smaller  than  that  in  the  boundary  regions.  Under  these 
conditions  dislocations  do  not  exist  [36],  because  grain 
boundaries  prevent  their  formation,  and  the  boundary 
regions  play  a  decisive  role  in  the  material  deformation. 
A  new  deformation  mechanism,  called  grain  boundary 
sliding,  replaces  the  dislocation  activity  which  is  the 
dominant  deformation  process  in  conventional  materials 
[37].  All  these  facts  result  in  new  unique  properties  of 
nanocrystalline  materials.  In  the  case  where  the  size  of 
grains  decreases  below  5  nm,  the  participation  of  atomic 
forces  in  material  formation  has  to  be  considered  and 
the  formation  of  nanocrystalline  subatomic  structures 
can  be  expected  [38]. 

The  new  unique  properties  of  nanocrystalline  materi¬ 
als  are  the  main  driving  force  stimulating  their  develop¬ 
ment.  These  materials  can  be  prepared  only  by  a  method 
which  simultaneously  ensures  a  high  rate  of  nucleation 
and  a  low  growth  rate  of  grains.  This  can  be  achieved 
relatively  easily  when  the  nanocrystalline  materials  are 
produced  in  the  form  of  films.  The  most  suitable  method 
for  the  production  of  nanocrystalliiie  films  is  magnetron 
sputtering. 

4.  Methods  to  control  the  size  and  orientation  of  grains  in 
sputtered  films 

The  main  task  in  the  development  of  nanocomposite 
materials  is  to  master  control  of  their  growth  mecha¬ 
nism.  Therefore,  further  basic  processes  used  for  con¬ 
trolling  the  size  and  crystallographic  orientation  of 
grains  in  growing  films  are  given.  There  are  two  funda¬ 
mental  processes:  (1)  low-energy  ion  bombardment  and 
(2)  mixing  process  [39,40]. 

4.1.  Low-energy  ion  bombardment 

The  process  of  low-energy  ion  bombardment  controls 
the  growth  mechanism  of  the  film  by  the  energy  delivered 
to  the  growing  film  by  bombarding  ions.  The  ion 


bombardment  is  a  strongly  non-equilibrium  process 
which  heats  the  growing  film  at  an  atomic  level. 
Therefore,  it  is  called  atomic  scale  heating  (ASH).  The 
ion  bombardment  significantly  differs  from  conventional 
heating  because  the  kinetic  energy  of  bombarding  ions 
is  transferred  into  very  small  areas  of  atomic  dimensions 
and  then  very  quickly  conveyed  into  their  close  vicinity, 
i.e.  the  ASH  is  accompanied  by  extremely  fast  cooling 
rates  of  about  10^"^  K/s  [41].  ASH  can  replace  conven¬ 
tional  heating  and  so  produce  dense  films  corresponding 
to  zone  T  in  the  Thornton  structural  zone  model  when 
sputtering  is  carried  out  at  low  pressures  of  about  0.1  Pa 
and  lower  [42]. 

Ion  bombardment  of  the  growing  film  can  restrict 
the  grain  growth  and  permit  the  formation  of  nanocrys¬ 
talline  films.  The  size  and  crystallographic  orientation 
of  grains  can  be  controlled  by  the  energy  and  flux  of 
bombarding  ions.  This  control  of  the  film  structure  is, 
however,  accompanied  by  film  heating  and  is  not  conve¬ 
nient  for  all  applications. 

4.2.  Mixing  process 

The  mixing  process  is  based  on  the  addition  of  one 
or  several  elements  to  a  base,  one  element  material.  As 
at  least  two  elements  are  present  in  the  film,  alloy  films 
are  formed  by  this  process.  The  mixing  process  is  an 
efficient  method  convenient  for  production  of  nanocrys¬ 
talline  films.  Compared  with  ion  bombardment,  no  sub¬ 
strate  bias  and  heating  are  necessary  to  form  the  films 
with  nanocrystalline  structure.  Also,  metastable  high- 
temperature  phases  can  be  formed  on  unheated  sub¬ 
strates  [43].  This  is  connected  with  efficient  ASH,  caused 
by  condensing  sputtered  atoms,  and  subsequent 
extremely  fast  cooling  at  an  atomic  level. 


5.  Nanocrystalline  alloy  films 

The  structure  of  alloy  films  depends  on  the  amount 
and  type  of  elements  added  to  a  base,  one  element 
material.  Recent  experiments  carried  out  in  our  labora¬ 
tory  show  that  there  are  two  groups  of  binary  metal 
alloy  films.  The  films  of  the  first  group  are  characterized 
by  relatively  narrow  X-ray  reflection  lines 
(FWHM<U).  The  films  of  the  second  group  are  very 
fine  grained  (nanocrystalline)  or  X-ray  amorphous  films 
characterized  by  very  broad  low-intensity  reflections 
(FWHM>  U).  Several  examples  are  given  in  Table  2. 

Here,  together  with  the  grain  size,  d,  two  characteris¬ 
tic  parameters  of  the  alloyed  materials,  i.e  (i)  difference 
in  atomic  radii  of  the  alloy  elements  and  (ii)  enthalpy 
of  the  alloy  formation  A/ff,  are  also  given.  These  quanti¬ 
ties  are  often  used  to  predict  the  creation  of  an  amor¬ 
phous  state  [51-53].  This  state  is  expected  to  be  formed 
in  the  case  when  (i)  the  atomic  size  difference  is  greater 
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Table  2 

Typical  features  of  X-ray  reflection  line  from  selected  alloy  films  sputtered  on  unheated  substrates  (r=RT)  at  4=  1  A,  U^  =  t/n  and  -0.5-0. 7  Pa 


Alloy 

20  n 

hki  (cps) 

FWHM  C) 

d  (nm) 

A/ff  (kJ/mol) 

/'a  (nm) 

Tb  (nm) 

A, •/</•>“ 

Reference 

Narrow  reflections 
NiCr  (80/20  wt.%) 

51.74 

22642 

0.2995 

51.97 

-4 

0.1246 

0.125 

0.003 

[44] 

CrNi  (60/40  wt.%) 

46.50 

7627 

0.2788 

59.94 

-9 

ZrY  (70/30  at.%) 

46.56 

89231 

0.2910 

49.58 

14 

0.160 

0.181 

0.123 

[45] 

TiSi  (90/10  at.%) 

52.21 

756 

0.3770 

36.16 

-65 

0.144 

0.1176 

0.202 

[46] 

CuCr  (60/40  at.%) 

51.57 

1500 

0.9360 

12.38 

20 

0.117 

0.125 

0.066 

[47] 

Broad  reflections 
TiCu  (50/50  at.%) 

46.70 

15 

4.7020 

1.79 

-9.6 

0.144 

0.117 

0.207 

[48] 

TiAl  (60/40  at.%) 

45.80 

45 

5.1018 

1.49 

-57 

0.144 

0.143 

0.007 

[49] 

ZrCii  (70/30  at.%) 

43.55 

135 

9.8495 

0.93 

-12 

0.160 

0.117 

0.255 

[50] 

ArKr)  is  the  difference  in  atomic  radii,  <r>  =  (/A  +  ''B)' 


than  0.15  [52]  and  (ii)  the  enthalpy  of  alloy  formation 
is  negative  and  large.  As  can  be  seen  from  Table  2,  these 
two  materials  parameters,  Ar/<r>  and  AiTf,  are  not, 
however,  sufficient  to  predict  the  structure  of  binary 
metal  alloy  films  formed  by  sputtering.  At  present,  it  is 
not  known  which  combinations  of  these  two  elements 
will  form  films  with  narrow  and  broad  X-ray  reflection 
lines,  respectively.  Despite  these  problems  there  exists  a 
solution  which  allows  the  preparation  of  nanocrystalline 
alloy  films. 

Alloy  films  with  narrow  X-ray  reflection  lines  can  be 
converted  into  films  with  broad  X-ray  reflection  lines  if 
nitrogen  is  added,  i.e.  when  the  nitride  of  the  alloy  film 
is  formed,  see  e.g.  Ref.  [44].  This  means  that  either 
binary  metal  alloys  or  their  nitrides  form  nanocrystalline 
films.  The  structure  of  the  nanocrystalline  film  can  be 
controlled  by  the  substrate  bias,  substrate  temperature 
and  by  the  amount  of  nitrogen  incorporated  into  the 
film,  i.e.  by  the  energy  delivered  to  the  growing  film. 

6.  Nanocomposite  films  based  on  nitrides  of  binary  metal 
alloys 

Nanocomposite  films  consist  of  at  least  two  phases. 
Experiments  show  that  the  incorporation  of  N  into  the 
growing  film  is  not  sufficient  to  produce  the  nanocom¬ 
posite  film  with  fully  separated  phases.  To  achieve  this, 
the  substrate  has  to  be  heated,  see  for  instance  the 
formation  of  ZrCu-N  [50],  NiCr-N  [44]  and  TiNi-N 
[54]  nanocomposite  films. 

The  formation  of  nanocomposite  structures  is  con¬ 
nected  with  a  segregation  of  the  one-phase  to  grain 
boundaries  of  the  second  phase,  and  this  effect  is  respon¬ 
sible  for  stopping  of  the  grain  growth.  There  are, 
however,  two  open  questions.  (1)  What  is  a  minimum 
temperature  necessary  to  start  the  segregation  pro¬ 
cess.  and  are  there  some  factors  which  could  be  used  to 
decrease  (2)  What  is  a  thermal  stability  of  nano¬ 
composite  films?  Recent  experiments  indicate  that  rare- 


earth  elements,  such  as  yttrium,  drastically  reduce  the 
grain  size  in  metals,  see  for  instance  Ref.  [55]. 

7.  Hard  and  superhard  nanocomposite  coatings 

At  present,  significant  effort  is  devoted  to  master  the 
formation  of  nanocomposite  coatings  using  magnetron 
sputtering  because  this  technology  can  easily  be  scaled 
up  for  industrial  use.  The  nanocomposite  coatings  are 
produced  using  so-called  selective  reactive  magnetron 
sputtering  [56].  In  this  deposition  process,  one  element 
of  the  alloy  is  converted  into  nitride  and  the  second 
element  of  the  alloy  is  transported  into  the  growing  film 
unreacted. 

Recently,  new  hard  (<40GPa)  super  tough  material 
of  the  type  nc-TiC/a-C  [57]  with  a  remarkable  plasticity 
(40%  during  nanoindentation  deformation)  and  new 
superhard  (>40GPa)  materials  of  the  type 
nc-MeN/a-Si3N4  [12]  with  a  high  elastic  recovery  (up  to 
80%)  in  the  form  of  nanocomposite  coatings  were  devel¬ 
oped;  here  nc-  and  a-  denote  the  nanocrystalline  and 
amorphous  phases,  respectively,  and  Me  =  Ti,  W,  V,  Zr, 
etc.  are  transition  metals.  Even  though  both  types  of 
material  are  composed  of  nanocrystalline  grains  embed¬ 
ded  in  an  amorphous  matrix,  they  exhibit  completely 
different  physical  properties.  This  is  due  to  the  different 
structures  of  the  supertough  and  superhard  nanocom¬ 
posite  coatings. 

A  systematic  investigation  carried  out  on  systems 
ZrCu-N  [13]  and  TiAl-N  [49]  showed  that  superhard 
nanocomposite  coatings  can  be  composed  not  only  of 
two  hard  phases  as  proposed  by  Vepfek  et  al.  [58]  but 
also  in  the  case  when  only  one  phase  is  hard,  e.g.  a 
nc-ZrN/Cu  nanocomposite  [13].  This  means  that  there 
are  two  groups  of  superhard  nanocomposite  coatings: 

1.  nc-MeN/nitride  (e.g.  a-Si3N4,  a-TiB2,  etc.); 

2.  nc-MeN/metal  (e.g.  Cu,  Ni,  Y,  Ag,  Co,  etc.). 

The  hardness  H  of  films  of  both  groups  can  be  continu¬ 
ously  varied  from  low  values  of  about  10  GPa  to  very 
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high  values,  achieving  up  to  50-70  GPa.  Moreover,  it  is 
worthwhile  to  note  that  the  hardness  of  nanocomposite 
films  is  strongly  correlated  with  their  structure. 

7. 7.  Structure  of  super  hard  nanocomposite  coatings 

Superhard  films  with  //>40GPa  are  formed  only 
when  their  structure  is  close  to  X-ray  amorphous.  This 
structure  corresponds  to  a  transition  from  the  crystalline 
structure  to  an  amorphous  one.  The  main  factors  which 
govern  the  formation  of  films  with  an  X-ray  amorphous 
structure  are:  the  energy  delivered  to  the  growing  film, 
the  substrate  temperature  the  type  of  elements  form¬ 
ing  the  film  [their  (i)  mutual  solubility  or  immiscibility, 
(ii)  ability  to  form  intermetallic  compounds,  (iii)  chemi¬ 
cal  affinity,  and  (iv)  binding  energy],  gap  of  elements 
immiscibility,  enthalpy  of  the  alloy  formation  and  the 
content  of  individual  phases  in  the  nanocomposite  film, 
e.g.  the  content  of  soft  phase  in  a  composite  of  the  type 
nc-Me/metal. 

The  structure  of  hard  (<40GPa)  and  superhard 
(>40GPa)  nanocomposite  coatings  is  significantly 
different.  A  systematic  investigation  of  the  correlation 
between  the  hardness  and  structure  in  the  ZrCu-N  and 
TiAl-N  nanocomposite  films  showed  that  (a)  the  hard 
films  are  characterized  by  many  reflections  from  polyor- 
iented  grains  of  both  phases,  (b)  the  superhard  films 
are  two-phase  nanocomposites  one  phase  of  which  has 
a  nanocrystalline  structure  and  the  second  is  X-ray 
amorphous,  and  (c)  the  maximum  hardness  is  achieved 
only  when  all  grains  are  oriented  in  the  same  direction 
and  the  size  of  grains  has  an  optimum  value  of  approxi¬ 
mately  several  tens  of  nanometres. 

7.2.  Classification  of  hard  nanocomposite  coatings 

Till  now,  various  different  types  of  hard  nanocom¬ 
posite  coating  have  been  prepared: 

1.  nc-MeN/a-nitride,  e.g.  nc-MeN/a-Si3N4  (Me  =  Ti,  W, 
V)  [58,61],  nc-TiN/a-Si3N4  [62]; 

2.  nc-MeN/nc-nitride,  e.g.  nc-TiN/nc-BN  [58]; 

3.  nc-MeC/a-C,  e.g.  nc-TiC/DLC  [7]; 

4.  nc-MeN/ metal,  e.g.  nc-ZrN/Cu  [13],  nc-(Ti,Al)/AlN 
[49,60],  nc-CrN/Cu  [47]; 

5.  nc-MeN  or  MeC/a-boron  compounds,  e.g. 

nc-Ti(B,0)/quasi-a-(TiB2,  TiB  and  B2O3)  [63],  Ti- 
B-C  [64]; 

6.  nc-WC  +  nc-WS2/DLC  [65]; 

7.  nc-MeC/a-C -fa-nitride,  e.g.  nc-Mo2C/a-C-f a- 
M02N  [59]. 

This  survey  shows  that  all  hard  nanocomposite  coatings 
contain  one  or  two  hard  crystalline  phases.  The  second 
phase  is  more  complicated.  It  is  either  amorphous  (e.g. 
a-Si3N4)  or  crystalline  (e.g.  nc-BN  [58]).  Sometimes,  the 
content  of  the  second  phase  in  the  nanocomposite 
coating  is  very  low  at  approximately  1-2  wt.%  (e.g.  Cu 


in  nc-ZrN/Cu  films  [13]).  In  such  a  case,  it  is  very 
difficult,  without  a  HRTEM  investigation,  to  determine 
if  the  second  phase  is  crystalline  or  amorphous  because 
the  X-ray  reflections  from  a  small  quantity  of  grains  are 
below  the  detection  limit.  This  means  that  the  second 
phase  can  be  incorrectly  interpreted  as  amorphous  when 
determined  from  X-ray  diffraction  analysis  only.  On  the 
basis  of  these  facts  hard  nanocomposite  coatings  can  be 
divided  into  two  main  groups:  (1 )  crystalline/amorphous 
nanocomposites  and  (2)  crystalline/crystalline 
nanocomposites. 

At  present,  no  definite  methodology  exists  on  how  to 
select  the  combination  of  elements  to  produce  films  with 
nanocrystalline  and/or  X-ray  amorphous  structure.  Such 
films  can  be  formed  from  nitrides  of  alloys  composed 
of  elements  which  exhibit  a  wide  miscibility  gap  and 
contain  one  element  forming  hard  nitride,  for  instance 
nitrides  of  binary  alloys  formed  of  immiscible  elements 
such  as  Cu-Cr,  Zr-Y,  etc,  or  transition  metal 
nitride/boride  and  nitride/carbide  systems  [64].  A  misci¬ 
bility  gap  between  intermetallics  is  also  sufficient  to 
produce  hard  nanocomposite  coating,  e.g.  ZrCu-N  film. 
There  is  also  a  possibility  to  produce  the  nanocomposite 
coating  from  nitrides  of  alloys  whose  elements  form  a 
solid  solution,  e.g.  Tii_^Al^.N  film.  This  is  enabled  by 
the  existence  of  a  gap  in  the  alloy  composition  x  where 
the  structure  of  the  film  is  quasi-X-ray  amorphous  [66]. 

7.3.  Mechanical  properties  of  hard  nanocomposite 
coatings 

A  short  survey  of  basic  mechanical  characteristics  of 
some  recently  prepared  nanocomposite  films  is  given  in 
Table  3.  For  comparison,  the  characteristics  of  some 
selected  hard  bulk  materials  and  hard  amorphous 
carbon  films  are  also  given  in  this  table. 

The  hard  nanocomposite  coating  is  characterized  not 
only  by  its  hardness  H  but  also  by  its  Young’s  modulus 
E  and  elastic  recovery  W^.  The  determination  of  these 
quantities  for  thin  films  is,  however,  difficult  because 
they  strongly  vary  with  the  load  L  used  in  their  measure¬ 
ment.  Despite  these  problems,  Figs.  1  and  2  display  H 
as  a  function  E"  =  EI{\—v^)  and  the  elastic  recovery 
Wq  as  a  function  //,  because  these  dependencies  were 
measured  under  the  same  conditions  in  one  laboratory 
and  on  different  nanocomposite  systems.  The  high  hard¬ 
ness  of  the  material  is  only  one  parameter  which  ensures 
scratch  and  abrasion  resistance.  Protective  overcoat 
films  must  be  highly  resistant  also  to  plastic  deformation 
during  contact  events.  This  requires  a  low  Young’s 
modulus  E  since,  according  to  Johnson  analysis,  the 
load  Py  needed  to  initiate  plastic  deformation  when  a 
rigid  sphere  of  radius  r  is  pressed  into  the  coating  is 
proportional  to  [74].  The  ratio  EfilE^  is  a  parame¬ 

ter  which  controls  the  resistance  of  materials  to  plastic 
deformation.  The  likelihood  of  plastic  deformation  is 
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Table  3 

Comparison  of  hard  bulk  materials,  hard  single  layer  films  and  selected  hard  and  superhard  nanocomposite  coatings 


Material 

H  (GPa) 

r  =  £/(l-v^)  (GPa) 

K  m 

d  (nm) 

Reference 

Bulk  materials 

Diamond 

100 

1050 

0.91 

[67] 

Boron 

35 

470 

0.19 

[68] 

Sapphire 

30 

441 

0.14 

[69] 

Amorphous  films 

DLC 

65 

550 

80-90 

0.91 

[7] 

a-C  (cathodic  arc) 

>59 

>395 

-1.3 

[74] 

Nanocomposite  single  layer  films 
nc-TiN/Si3N4 

48 

-565 

_a 

-0.34 

4.5 

[70] 

nc-TiN/BN 

69 

585 

- 

0.96 

9 

[58] 

nc-W2N/a-Si3N4 

51 

560 

- 

0.42 

3.5 

[58,70,71] 

Ti-B-C 

71 

486 

80.5 

1.52 

-1 

[64] 

Ti-B-N 

54 

-500 

- 

0.63 

-1 

[64] 

Zr98CihN 

54 

394 

81 

1.03 

35 

[13] 

W8,,7Ni8.3N5 

55 

510 

- 

0.64 

- 

[75] 

^68^*14^18 

45 

- 

- 

- 

- 

[61] 

nc-Mo2C/a-(C  +  Mo2N) 

49 

440 

67 

0.61 

27 

[59] 

Ti45Afi5N 

47 

409 

74 

0.62 

30 

[49] 

TifioAboN 

40 

650 

_ 

0.15 

- 

[14] 

ZrY-N 

41 

319 

77 

0.66 

- 

[45] 

CrNi-N 

32 

253 

74 

0.50 

- 

[72] 

Ti75Si25N 

29 

256 

67 

0.36 

- 

[46] 

Tio.32Co.68  (TiC/a-C) 

32 

370 

60 

0.239 

10-50 

[73] 

Denotes  data  not  given  in  the  references  or  not  determined. 


H  =  0.2(E'-  120) 


X  Zr-Cu-N 
+  Zr-Y-N 
o  Cr-Ni-N 
A  Ti-Si-N 
V  Ti-Al-N 

*  Tl-B-C  (Mitterer) 

■  i  Ti-Si-N  (Vepfek) 

■2  Ti-B-N 

■3  W-Si-N 

•  TiC-C  (Voevodin) 


Fig.  1.  //  as  a  function  of  £■/(!  -v^)  for  Zr-Cu-N,  Zr-Y-N,  Cr-Ni-N,  Ti-Si-N  and  Ti-Al-N  nanocomposite  films  sputtered  at  different  deposition 
conditions,  i.e.  T^,  Cg,  4  and  pj^2- 


reduced  in  materials  with  high  hardness  and  low  modu¬ 
lus  [74].  In  general,  a  low  modulus  is  also  desirable  as 
it  allows  the  given  load  to  be  distributed  over  a  wider 
area.  The  ratio  H^jE^  of  nanocomposite  films  spreads 
over  a  very  wide  range  from  about  0.15  to  1.52,  see 
Fig.  3  and  Table  3.  Data  given  in  Table  3  and  in  Figs.  1- 
3  show  that  the  elastic  recovery  and  the  resistance 


of  materials  to  plastic  deformation  can  be  controlled  by 
the  film  hardness  H  and  its  elastic  modulus  E. 

A  spread  of  experimental  points  around  the  straight 
lines  in  Figs.  1-3  is  connected  with  the  variation  in  the 
film  structure  induced  particularly  by  dififerent  (i)  depos¬ 
ition  conditions  and  (ii)  chemical  composition  of  the 
film.  Therefore,  H  and  E  of  nanocomposite  coatings 
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X  Zr-Cu-N 
+  Zr-Y-N 
o  Cr-Ni-N 
^  Ti-Si-N 
V  Ti-AI-N 

•  TiC-C  (Voevodin) 

5K  Ti'B'C  (Mitterer) 


Fig.  2.  Elastic  recovery  upon  indentation  as  a  function  of  H  for  Zr-Cu-N,  Zr-Y-N,  Cr-Ni-N,  Ti-Si-N  and  Ti-Al-N  nanocomposite  films 
sputtered  at  diflferent  deposition  conditions,  i.e.  T^,  f/g,  i^  and  p^2- 


X  Zr-Cu-N 
+  Zr-Y-N 
o  Cr-Ni-N 
A  Ti-Si-N 
V  Ti-AI-N 

*  Ti-B-C  (Mitterer) 

■  1  Ti-Si-N  (Veprek) 

■  2  Ti-B-N 

■  3  W-Si-N 

•  TiC-C  (Voevodin) 

♦  Diamond  [67] 


Fig.  3.  The  ratio  H^/E'  characterizing  the  resistance  of  the  material  to  plastic  deformation  as  a  function  of  H  for  Zr-Cu-N,  Zr-Y-N,  Cr-Ni-N, 
Ti-Si-N  and  Ti-Al-N  nanocompositc  films  sputtered  at  different  deposition  conditions,  i.e.  4  and  p^2- 


prepared  by  plasma  CVD  and  magnetron-assisted  laser 
deposition  processes  differ  from  those  prepared  by  mag¬ 
netron  sputtering.  A  further  systematic  investigation  is 
necessary  to  master  the  preparation  of  materials  with 
prescribed  properties. 

8.  Conclusions 

The  main  results  obtained  in  the  development  of  hard 
and  superhard  nanocomposite  coatings  can  be  summa¬ 
rized  as  follows. 

1.  Hard  (<40  GPa)  coatings  are  characterized  by  a  high 


plastic  deformation  increasing  with  decreasing  H  up 
to  about  70%  for  10  GPa. 

2.  Superhard  (>40GPa)  coatings  are  characterized  by 
a  high  elastic  recovery  increasing  with  increasing  H 
up  to  about  85%  for  Hi^lO  GPa. 

3.  There  are  two  types  of  superhard  nanocomposite 
film:  (1)  nc-MeN/a-nitride  and  (2)  nc-MeN/metal. 
This  means  that  the  superhard  film  can  be  composed 
either  of  two  hard  phases  or  of  one  hard  phase  and 
the  second  soft  phase. 

4.  The  hardness  of  nanocomposite  coatings  correlates 
well  with  their  structure.  A  decrease  of  the  film 
crystallinity,  characterized  by  a  decrease  of  the  inten- 
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sity  of  X-ray  reflection  lines  and  by  an  increase  of 
their  broadening,  results  in  an  increase  of  hardness. 
5.  The  structure  of  superhard  films  is  close  to  X-ray 
amorphous. 

The  nanocomposite  films  are  fascinating  materials  since 
novel  structures  and  new  physical  properties  are 
expected.  The  development  of  nanocomposite  films  is, 
however,  only  at  the  beginning.  Many  problems  are 
unsolved  and  many  questions  remain  open.  Therefore, 
further  systematic  research  in  this  field  is  required. 
Further  research  is  focusing  on  the  following  problems: 
(i)  understanding  of  the  origin  of  superhardness;  (ii) 
correlation  between  the  mechanical  parameters  of  mate¬ 
rials  and  process  parameters;  (iii)  dramatic  changes  in 
crystallographic  orientation  of  grains  in  alloy  films,  their 
hardness  and  elastic  recovery  induced  by  incorporation 
of  nitrogen;  (iv)  formation  of  nanocomposite  films  with 
controlled  hardness,  elastic  modulus  and  elastic  recovery 
and  new  functional  properties;  and  (v)  investigation  of 
materials  having  very  small  grains  of  about  1  nm  in  size. 
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Abstract 

Cr  and  Ti  films  on  C/C-SiC  substrates  were  obtained  by  ion  assisted  electron  beam  physical  vapour  deposition  (lA  EBPVD) 
and  EBPVD,  interrupting  the  deposition  process  and  annealing  the  substrates.  The  morphology  and  properties  of  the  films  were 
studied  using  optical  microscopy,  scanning  electron  microscopy  and  X-ray  diffraction  (XRD)  methods.  Ion  bombardment  of  the 
surface  during  the  metal  deposition  has  an  influence  on  the  structure  of  the  grown  films:  by  increasing  the  ion  energy  from  200  V 
to  700  V,  the  grain  sizes  are  more  uniform.  X-ray  investigations  show  that  residual  silicon  has  an  influence  on  the  initial  stage  of 
chromium  deposition.  XRD  was  also  used  for  measurement  of  the  residual  stresses,  which  depend  on  the  ion  energy.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Carbon/carbon  composites;  Cr  and  Ti  coatings;  Ion  assisted  electron  beam  PVD;  Morphology;  X-ray  diffraction 


1.  Introduction 

Carbon/carbon  composites  (C/C)  are  very  attractive 
materials  because  of  their  low  density,  high  strength  and 
excellent  thermal  resistance.  C/C  composites  are 
expected  to  be  used  for  heat  protection  and  as  shielding 
materials  for  spacecraft,  nuclear  fusion,  heat  exchangers, 
turbine  engines,  and  for  thermal  radiators.  The  practical 
applications  of  these  composites  are  remarkably 
restricted  when  used  in  an  oxidative  atmosphere  at  high 
temperatures  because  of  the  low  resistance  against  oxida¬ 
tion.  One  way  to  protect  C/C  is  through  infiltration 
technology  [1].  The  C/C  materials  or  C/C  construction 
elements  are  immersed  in  molten  silicon  to  form  a  SiC 
compound.  However,  to  a  large  extent  Si  remains  in  the 
C/C  material  and,  because  of  cracks  in  the  SiC  [2],  the 
C/C-SiC  composite  cannot  withstand  oxidation  and 
other  types  of  corrosion  attack.  Surface  modification 
via  deposition  of  protective  layers  may  considerably 
improve  the  oxidation  and  corrosion  resistance  of  C/C- 
SiC  composites. 

There  are  some  publications  about  chemical  vapour 
deposition  (CVD)  of  metals  on  C/C  composites  [3,4]. 
We  used  ion  assisted  electron  beam  physical  vapour 
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deposition  (lA  EBPVD)  for  metal  coating  of  C/C  com¬ 
posites,  taking  into  consideration  that  the  ion  bombard¬ 
ment  gives  a  better  control  of  the  deposition  process 
and  the  resulting  adhesion,  internal  stress,  morphology, 
density,  and  chemical  composition  [5-7].  Although 
metals  have  higher  coefficients  of  thermal  expansion 
than  C/C  composites,  they  are  ductile  and  hence  less 
vulnerable  to  crack  formation. 


2.  Experimental  details 

A  vacuum  chamber  equipped  with  a  turbomolecular 
pump  and  a  6  kW  electron  beam  evaporator  with  a  270'' 
beam  deflection  by  a  permanent  magnet  and  10  kV 
acceleration  voltage  was  used  for  the  deposition  of  high 
temperature  protective  films.  With  this  set-up  lA 
EBPVD  was  also  realised.  Ions  were  generated  by  the 
collision  of  accelerated  10  keV  electrons  with  metal  flow 
ij/.  Such  interaction  causes  a  partial  (about  5%)  vapour 
ionisation. 

As  coating  materials,  chromium  and  titanium  were 
chosen  because  of  their  good  anti-oxidation  and  anti¬ 
corrosion  properties.  Moreover,  their  carbides  and  sili- 
cides  resist  oxidation.  The  substrates  investigated  were: 

•  C/C-SiC  infiltrated  in  molten  Si  [1]; 

•  C/C-SiC  infiltrated  and  heat  treated  [8]; 
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•  C/C-SiC  infiltrated  and  SiC  covered  by  CVD  [8]. 
The  substrates  were  precleaned  with  acetone  in  an 
ultrasonic  bath  and  with  boiling  deionised  water.  The 
dried  substrates  were  mounted  on  the  substrate  holder. 
The  deposition  process  was  carried  out  at  600°C  on  a 
substrate  with  emission  current  of  0.2  A  at  10  kV  with 
average  rate  within  0.5-1  pm/min.  To  decrease  the 
influence  of  residual  stress,  which  ultimately  causes 
surface  damage,  and  to  increase  the  maximum  coating 
thickness  by  EBPVD,  we  used  a  periodically  interrupting 
deposition  process  and  annealing  (30  min  deposition, 
30  min  annealing  without  evaporation  and  deposition, 
‘interrupting  mode’  [9]).  The  growth  rate  was  checked 
‘in  situ’  by  a  built-in  ion  detector.  By  lA  EBPVD  the 
bias  potential  was  kept  to  one  of  the  following  levels: 
0,  -200  V,  -500  V  and  -700  V. 

The  morphology  and  properties  of  deposited  chro¬ 
mium  and  titanium  films  were  studied  using  optical 
microscopy,  scanning  electron  microscopy  and  X-ray 
diffraction  methods.  Micrographs  were  taken  to  show 
the  overgrowth  of  cracks  and  the  morphology  of  the 
films  obtained.  The  X-ray  experiments  were  performed 
with  a  6^-20  Siemens  diffractometer  D5000  using  Cu 
radiation  of  wavelength  /i=1.54nm.  X-ray  diffrac¬ 
tion  methods  were  applied  in  order  to  study  the  phases 
formed  at  the  interface  as  well  as  to  measure  the  residual 
stresses  of  the  metal  films  at  room  temperature  by 
sin^  ij/  method. 

2.1.  Microscopic  results 

Optical  micrographs  [Fig.  1  (a)-(c)]  show  12  pm  thick 
Ti  films  on  the  C/C-SiC  (CVD)  substrate.  The  cracks 
in  SiC  are  partially  covered  with  Ti  in  the  case  of 
EBPVD  by  interrupting  mode  and  completely  covered 
by  application  of  lA  EBPVD.  The  scanning  electron 
micrographs  [Fig.  2(a)  and  (b)]  obtained  using  the 
JSM-6400  scanning  electron  microscope  show  that  the 
ion  bombardment  of  the  surface  during  the  metal  depos¬ 
ition  has  a  strong  influence  on  the  structure  of  the 
grown  films:  by  increasing  the  ion  energy  from  200  to 
700  eV,  the  grain  sizes  become  more  uniform. 

2.2.  X-ray  diffraction  results 

The  diagram  in  Fig.  3  presents  diffraction  spectra  of 
a  C/C-SiC  material,  which  was  manufactured  by 
infiltration  into  molten  silicon  followed  by  heat  treat¬ 
ment.  The  spectrum  taken  from  the  core  material  shows 
predominantly  wide  carbon  diffraction  peaks.  Hence,  it 
may  be  concluded  that  the  bulk  of  the  core  material  still 
consists  of  carbon  which  requires  protection  from  oxida¬ 
tion  at  high  temperatures.  This  protection  is  provided 
at  the  material’s  surface  by  the  SiC  which  was  obtained 
during  the  carbon’s  exposure  to  silicon.  However,  the 
spectrum  taken  at  the  surface  still  shows  the  presence 


Fig.  1 .  Surface  morphology  of  C/C-SiC  before  (a)  and  after  (b,  c)  Ti 
coating  (light  microscopy),  (a)  C/C-SiC  (CVD)  before  coating  (note 
cracks),  (b)  C/C-SiC  (CVD)  Ti-coated  by  EB  PVD  with  interruption 
(the  cracks  are  partially  covered),  (c)  C/C-SiC  (CVD)  Ti-coated  by 
lA  EB  PVD,  BIAS  —200  V  (the  cracks  are  completely  covered). 

of  carbon.  This  indicates  that  there  are  some  limitations 
with  this  kind  of  passivation. 

One  of  the  three  spectra  in  Fig.  4  has  been  taken  for 
a  sample  of  infiltrated  C/C-SiC  prior  to  the  said  heat 
treatment.  Residual  silicon  may  be  identified  at  the 
surface  besides  carbon  and  SiC.  Samples  of  this  material 
were  coated  with  50  pm  titanium  and  50  pm  chromium. 
The  respective  spectra  have  been  included  in  the  dia- 
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Fig.  2.  Scanning  electron  micrograph  showing  influence  of  accelerated 
ions  on  the  surface  morphology  of  the  Ti:C/C-SiC  coating,  (a)  BIAS 
potential  200  V,  (b)  BIAS  potential  700  V. 


200,000  cps 


Fig.  3.  Distribution  of  compounds  in  C/C-SiC  X-ray  diffraction  data. 


gram.  In  particular,  in  the  region  15°  <20  <30°  a  com¬ 
parison  of  the  spectra  clearly  shows  that  the  silicon  and 
carbon  have  been  completely  covered  by  the  deposited 
metals. 

In  order  to  study  the  processes  at  the  initial  stage  of 
metal  deposition,  thin  films  were  deposited.  Films  of 


Fig.  4.  Si-infiltrated  C/C-SiC  substrate  and  coatings  of  50  pm  chro¬ 
mium  and  50  pm  titanium. 


1  pm  chromium  were  simultaneously  deposited  on  two 
different  substrates:  infiltrated  C/C-SiC  and  C/C-SiC 
additionally  processed  by  CVD.  The  resulting  diffraction 
spectra  are  shown  in  Fig.  5.  While  the  diffraction  peaks 
of  chromium  are  clearly  seen  in  the  CVD  processed  SiC 
coating,  they  do  not  appear  in  the  infiltrated  only 
sample.  This  finding  was  confirmed  by  EDX  investiga¬ 
tions.  It  is  believed  that  smaller  amounts  of  chromium 
diffuse  into  the  comparatively  thick  layer  of  residual 
silicon  and  evade  detection  in  small  concentrations. 
Chromium  diffusion  of  the  initial  growth  stages  can 
promote  adhesion  of  the  metal  film  and  a  high  protec¬ 
tive  quality. 

Preliminary  results  of  residual  stress  measurements 
have  shown  the  stress  decreasing  in  Ti  films  with  the 
bias  potential  increasing  in  the  range  from  0  to  500  V 
(see  Table  1). 


Fig.  5.  Influence  of  residual  silicon  during  the  initial  deposition  of 
chromium. 


Table  1 

Residual  stresses  observed  in  titanium  films 


Specimen 

Stress  (MPa) 

12  pm  Ti:  C/C-SiC,  600°C,  no  bias 

160 

±130 

12  pm  Ti:  C/C-SiC,  600°C,  200  V  bias 

55 

±25 

12  pm  Ti:  C/C-SiC,  600°C,  500  V  bias 

60 

±10 
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3.  Conclusions 


1.  Cr  and  Ti  films  were  obtained  on  several  C/C-SiC 
substrates  using  electron  beam  PVD  with  periodically 
interrupting  deposition  process  and  annealing  as  well 
as  by  accelerated  ion  assistance. 

2.  The  cracks  of  CVD  SiC  coated  C/C  caused  by 
different  expansion  coefficients  are  partially  covered 
by  the  interrupting  process  and  are  completely  cov¬ 
ered  by  the  ion  assisted  process. 

3.  The  residual  stress  of  12  pm  thick  films  on  C/C-SiC 
(CYD)  by  the  ion  assisted  process  (at  200  and  500  V) 
are  three  times  lower  compared  to  those  in  films 
obtained  from  an  ordinary  EBPVD  process. 
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Abstract 

The  mechanical  properties  of  titanium  nitride  (TiN^)  thin  films  have  been  investigated  using  depth  sensing  nanoindentation 
tests.  The  effects  of  substrate  temperature  (TJ  and  of  substrate  biasing  (ft)  on  the  mechanical  properties  and  the  microstructure 
of  the  TiN^-  films  were  studied.  T^  and  Ft  have  strong  effect  on  the  film’s  microstructural  characteristics  such  as  density,  grain  size 
and  orientation.  It  was  found  that  deposition  at  high  T,  and  Fb  promotes  the  growth  of  (002)  oriented  films  with  density  close  to 
the  bulk  density  of  stoichiometric  TiN,  indicating  the  absence  of  voids  and  the  growth  of  stoichiometric  TiN.  The  film  hardness 
and  elastic  modulus  were  measured  using  the  continuous  stiffness  measurements  technique.  It  was  found  that  there  exists  a  direct 
correlation  between  the  film’s  mechanical  properties  and  microstructure.  The  films  that  exhibit  the  best  mechanical  performance 
are  those  grown  along  the  (002)  orientation  and  being  denser  and  stoichiometric.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Grain  growth;  Nano-indentation;  Sputtering;  Titanium  nitride;  X-ray  diffraction 


1.  Introduction 

Owing  to  their  low  electrical  resistivity,  chemical  and 
metallurgical  stability  and  exceptional  mechanical  prop¬ 
erties,  titanium  nitride  (TiNJ  thin  films  ([N]/[Ti]=l) 
have  lately  gained  much  attention  in  different  areas  of 
semiconductor  device  technology,  such  as  diffusion  bar¬ 
riers,  gate  electrodes  in  field-effect  transistors,  contact 
layers  in  solar  cells  and  a  replacement  of  polycrystalline 
Si  in  very-large-scale  integrated  circuits  (VLSI)  [1-4]. 
For  the  development  of  new  materials  in  microelectronic 
applications,  in  addition  to  their  electrical  properties, 
their  mechanical  characteristics  may  play  a  significant 
role  on  long-term  reliability  problems.  In  fact,  new 
advanced  metallization  materials  should  combine  good 
electrical  properties,  comparable  to  those  of  the  cur¬ 
rently  used  materials,  with  high  hardness  and  elasticity, 
fine  adhesion  on  Si  and  low  interface  stresses. 

In  this  work,  we  investigate  systematically  the  effect 
of  deposition  conditions  (substrate  temperature  and 
biasing)  of  TiN^  thin  films  on  their  crystal  structure  and 
mechanical  properties  (hardness  H  and  elastic  modulus 
E)  using  X-ray  diffraction  (XRD)  and  depth  sensing 
nanoindentation  tests.  It  was  found  that  a  substrate 
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temperature  (FJ  of  between  27  and  400°C  does  not 
affect  significantly  the  films’  mechanical  properties.  On 
the  other  hand  there  is  a  direct  correlation  of  all  the 
mechanical  properties  with  bias  voltage  (V^),  that  is, 
hardness  and  elastic  modulus  showed  increasing  values 
with  negative  V^.  The  variation  of  the  TiN^^  mechanical 
performance  is  correlated  with  the  film  microstructural 
characteristics  such  as  composition,  grain  size  and  orien¬ 
tation  and  density/voids  content. 


2.  Experimental 

The  TiN^.  films  were  deposited  on  n-type  c-Si(OOl) 
by  DC  reactive  magnetron  sputtering  from  a  Ti  target 
of  purity  99.95%,  using  an  Alcatel  SCM600  deposition 
system.  The  base  pressure  of  the  deposition  chamber 
was  as  low  as  2  x  10“^  mbar.  The  Si  wafers  were  cleaned 
in  air  using  standard  chemical  etching  (tetra-chloro- 
ethen/aceton/methanol/hydrofluoric  acid  O.IN)  and  in 
vacuum  with  dry  low  energy  Ar"*^  ion  etching  in  order 
to  remove  the  native  Si02.  The  deposition  was  per¬ 
formed  at  target  power  of  450  W  and  with  variable 
parameters  the  deposition  temperature  (from  room 
temperature  to  400°C)  and  the  Ft  applied  on  the  sub¬ 
strate  (from  —100  to  OV).  The  film  thickness  was 
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calculated  by  spectroscopic  ellipsometry  (SE)  and  was, 
in  all  cases,  ca.  100  nm.  The  TiN^.  film  composition  was 
estimated  by  SE  data  and  analysis  by  the  Bruggeman 
effective  medium  theory  (BEMT)  [6,7],  in  combination 
with  X-ray  photoelectron  spectrosocopy  (XPS)  results; 
A  =  [N]/[Ti]  varied  between  1  and  1.15  [5].  The  working 
(Ar)  and  reactive  (N2)  gasses  were  of  99.999%  purity. 
During  deposition,  the  flow  rates  were  15  seem  for  Ar 
and  2.3  seem  for  N2. 

After  deposition,  X-ray  reflectivity  and  diffraction 
(XRR/XRD)  and  stress  measurements,  by  the 
Cantilever  laser  beam  (CLB)  technique,  experiments 
were  conducted  in  order  to  study  the  TiN^.  density, 
crystal  structure  and  internal  stress,  respectively.  For 
the  XRD  experiments  we  used  a  Siemens  D-5000 
diffractometer  equipped  with  a  Cu  Ka  X-ray  tube,  a 
Goebel  mirror  [8]  and  a  reflectivity  sample  stage  (RSS). 
The  XRD  experiments  were  performed  in  the  form  of 
0-20  scans  (Bragg-Brentano  geometry)  with  generator 
current  and  voltage  40  mA  and  40  kV,  respectively.  The 
XRR  experiments  were  performed  using  RSS  and  were 
described  elsewhere  [9]. 

The  hardness  H  and  the  elastic  modulus  E  of  the 
films  were  measured  by  nanoindentation  experiments 
performed  using  continuous  stiffness  measurements 
(CSM)  [10]  with  a  nano  indenter  XP  system.  For  the 
eSM  experiments  a  Berkovich-type,  three-sided  pyramid 
diamond  indenter  with  nominal  angle  of  65.3°  between 
the  tip  axis  and  the  faces  of  the  pyramid  was  used.  The 
CSM  allows  H  and  E  to  be  determined  as  a  function  of 
depth  with  a  single  indentation  [10,11].  In  all  CSM 
depth-sensing  tests,  a  total  of  ten  indents  were  averaged 
to  determine  the  mean  H  and  E  values  for  statistical 
purposes.  The  system  has  load  (displacement)  resolution 
of  50  mN  (<0.01  nm). 


3.  Results  and  discussion 

Sputtered  TiN^.  films  were  found  to  exhibit  excep¬ 
tional  mechanical  performance  in  combination  with  very 
good  electrical  properties  [12]  making  them  potential 
candidates  for  metallization  materials  in  VLSI  technol¬ 
ogy.  Scratch  tests  (not  presented  here)  have  shown  that 
the  TiN,^.  films  are  highly  elastic  and  adherent  on  the  Si 
substrates.  The  internal  stress,  measured  by  CLB,  in 
the  TiN^.  films  varies  with  Ft  and  in  all  cases  is  limited 
below  2  GPa  providing  excellent  mechanical  stability 
(no  failure  or  changes  were  observed  after  several 
months). 

The  deposition  conditions  have  a  strong  influence  on 
the  mechanical  performance  of  the  sputtered  TiN^.  films. 
Their  hardness  and  elastic  modulus  range  from  17  to 
24  GPa  and  210  to  320  GPa,  respectively.  The  load- 
displacement  curves,  to  the  same  contact  depth,  for  two 
representative  TiN;^.  films,  100  nm  thick,  measured  by 


single,  conventional  nanoindentation  are  shown  in 
Fig.  1.  The  cross-circles  correspond  to  a  TiN^ 
deposited  with  — lOOV  at  7’d=400°C  and  exhibit 
//=24GPa  and  £'=320  GPa,  while  the  solid  squares 
correspond  to  a  film  deposited  with  Fb=  “40  V  at  27°C 
and  exhibit  77^=  17  GPa  and  £=210  GPa.  These  con¬ 
siderable  variations  are  attributed  to  the  different  TiN^ 
film  microstructure  developed  due  to  the  different 
growth  mechanisms  affected  by  the  deposition 
conditions. 

The  variations  of  hardness  and  elastic  modulus  with 
Fb  are  presented  in  Fig.  2.  Both  quantities  increase  with 
increasing  negative  F^.  This  is  attributed  to  several 
independent  strengthening  mechanisms  affected  by: 

1.  the  TiN^.  lattice  parameter  and  stoichiometry  and  the 

corresponding  oxidation  effects; 

2.  grain  size  and  orientation;  and 


Fig.  1.  Load-displacement  curves  from  two  representative  TiN^  films. 
The  soft  film  (■)  is  deposited  with  Fi,=  —  40  V  and  at  27°C  while  the 
hard  film  (0 )  with  Kb  =  —  1 00  V  and  =  400'’C. 


Fig.  2.  The  variations  of  the  hardness  H  and  the  elastic  modulus  E  of 
the  TiN.^  films  with  V^. 
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3.  the  density  increase  and  the  elimination  of  voids. 

All  the  above  effects  are  related  to  the  adatom  mobility 
and  the  ion-solid  interactions  taking  place  close  to  the 
active  growing  surface  during  deposition  of  TiN^,.  films 
under  negative  V^.  The  substrate  temperature  does  not 
affect  significantly  the  mechanical  behaviour  of  TiN^. 
films  (we  have  observed  very  slight  increase  of  H,  E 
with  high  dispersion  of  the  experimental  data)  because 
of  the  slight  changes  of  all  the  above  quantities  with 
T 

The  quantitative  study  of  the  mechanisms  contribut¬ 
ing  to  the  enhancement  of  TiN.,  mechanical  perfor¬ 
mance,  requires  a  detailed  study  of  the  corresponding 
TiN^  microstructural  characteristics.  Although  the  fcc- 
structure  of  TiN^.  films  has  been  identified  for  a  wide 
range  of  and  several  microstructural  characteris¬ 
tics  such  as  density  (or  voids  concentration),  lattice 
parameter,  grain  size  and  orientation  are  affected  by 
these  deposition  conditions.  The  increase  of  and/or 
Tg  increases  the  mobility  of  adatoms  promoting  closed 
packed  structures  in  near  thermodynamic  equilibrium 
conditions  [13].  Thus,  for  high  adatom  mobility  the 
TiN^  films  are  expected  to  grow  along  the  (002)  orienta¬ 
tion  corresponding  to  that  with  the  lowest  surface  free 
energy  [14].  On  the  other  hand,  for  low  adatom  mobility 
the  preferred  orientation  is  the  ( 1 1 1 )  in  which  the  highest 
number  of  atoms  per  unit  area  can  be  incorporated  at 
low  energy  sites.  Indeed,  all  of  our  films  exhibited  the 
(111)  and^r  (002)  orientations.  The  amounts  of  grains 
grown  along  the  (002)  and  (111)  orientations  play  a 
significant  role  on  the  mechanical  performance  of  TiN,^ 
films,  as  we  will  discuss  below. 

Fig.  3  shows  detailed  highlights  from  X-ray  diffrac- 
tograms  of  the  two  marginal  cases  of  the  deposited 
TiN^  specimens,  that  is,  a  film  deposited  at  low 


Scattering  angle  29  (deg) 

Fig.  3.  Highlights  from  X-ray  diffractograms  of  TiN,,  films  deposited 
at  Fd  =2TC  and  =-40V  (O)  and  at  rd  =  400°C  and  = 
-100V(#). 


(27°C)  and  (-40  V)  with  low  adatom  mobility  (open 
circles)  and  a  film  deposited  at  high  (400°C)  and 
(— 100  V)  with  high  adatom  mobility  (solid  circles).  The 
films  exhibit  considerable  changes  on  both  lattice  param¬ 
eter  and  grain  orientation  as  it  is  observed  by  the 
position  of  the  (111)  reflection  and  by  the  relative 
strength  of  the  (111)  and  (002)  reflections,  respectively. 
The  film  internal  stresses,  measured  by  CLB,  were  0.3 
and  2  GPa,  respectively. 

In  order  to  study  quantitatively  the  structural  charac¬ 
teristics  of  the  TiN^  films  we  followed  a  fitting  procedure 
that  includes  background  subtraction  and  simulation  of 
the  XRD  reflections  by  Voigt  curves.  The  fitting  calcu¬ 
lates  the  (111)  and  (002)  XRD  reflections’  angular 
position/inter-planar  spacing,  the  broadening  and  the 
area  below  them. 

The  lattice  parameter  a  is  calculated  by  the  inter- 
planar  spacing  d^i  of  the  (111)  reflection  through  the 
relation  diii  =  a3“^^^.  It  was  found  that  oc  increases  from 
0.424  to  0.430  nm  with  changing  from  —20  to 
—  lOOV.  A  slight  increase  was  observed  in  the  lattice 
parameter  with  increasing  Considering  that  the  lat¬ 
tice  parameter  of  the  bulk,  stoichiometric  TiN  is 
0.424  nm  [15],  most  of  our  films  are  in-plane  com¬ 
pressed,  in  agreement  with  the  CLB  observations.  This 
behaviour  is  commonly  observed  in  physical  vapour 
deposited  TiN^  films  [16,17],  especially  for  high  ion  flux 
incorporated  during  film  growth  [13].  Although  the 
increasing  negative  promotes  the  formation  of  greater 
grains,  as  it  was  found  by  transmission  electron  micro¬ 
scopy  (TEM)  [18],  the  XRD  reflections  become 
broader.  This  is  attributed  to  the  compressive  stresses 
causing  strain  in  the  TiN^  grains.  The  films  with  lattice 
parameter  ~0.430nm  were  found  (by  XPS)  to  be 
stoichiometric  (x=  1).  The  intense  ion  bombardment  of 
the  surface  atoms  induces  the  elimination  of  the  weakly 
bonded  nitrogen  sites  around  the  grain  boundaries  con¬ 
tributing  to  the  enhancement  of  the  TiN^  mechanical 
performance. 

In  addition  to  the  above,  the  observed  decrease  of 
hardness  at  low  can  be  attributed  to  oxidation  of 
the  TiN;,  films  deposited  at  low  Tb  [19].  The  composite 
TiN;,/Ti02  films  is  expected  to  be  less  hard  than 
the  stoichiometric  TiN  (deposited  at  high  |  Fb|)  since  the 
hardness  of  the  Ti02  is  well  below  15  GPa  [20].  The 
oxidation  process  and  its  effect  on  the  mechanical  perfor¬ 
mance  of  TiN;,  is  a  complicated  issue  and  its  study  is 
beyond  the  scope  of  the  present  article. 

The  mechanical  behaviour  of  TiN,,  films  is  also 
governed  by  the  preferred  growth  orientation,  since 
TiN;,  is  an  anisotropic  material  with  £'001  [where 

£*001  and  Exu  are  the  elastic  moduli  along  the  (001)  or 
(002)  and  (111)  crystallographic  direction,  respectively] 
[21].  Considering  that  the  (111)  and  (002)  XRD  reflec¬ 
tions  are  not  equally  strong  [the  (111)  is  75%  of  (002)], 
we  will  define  the  normalized  texture  parameter  T  as: 
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7=0.75  /oo2  /All,  where  An  and  /002  are  the  area  below 
the  corresponding  XRD  reflections  that  represents  the 
fraction  of  grains  grown  along  the  (111)  and  (002) 
orientation,  respectively.  T  illustrates  the  relative 
amount  of  grains  grown  along  the  (111)  and  (002) 
orientations.  T  is  called  ‘normalized’  because  for  T  =  1 
there  is  no  preferred  orientation.  For  r<l  the  film 
exhibits  (111)  texture  while  for  r>l  exhibits  (002) 
texture. 

Fig.  4  shows  the  variation  of  the  normalized  texture 
parameter  with  negative  7^.  There  is  a  linear  relation 
between  T  and  that  is  attributed  to  the  higher  adatom 
mobility  for  high  (>50V)  promoting  the  growth 
along  the  (002)  orientation  that  corresponds  to  the 
lowest  surface  free  energy.  It  was  also  found  a  similar 
correlation  between  T  and  T^.  For  7s<150°C  there  is 
pure  (111)  texture  (7=0)  while  for  7s>150°C  there 
exist  a  linear  relation  between  7  and  T^.  However,  the 
effect  of  7s  on  the  growth  orientation  is  weaker  than 
the  effect  of  since  7  is  limited  to  below  0.4  even  at 
400''C.  By  taking  into  account  the  7=2.7  value  (found 
for  the  film  deposited  at  400°C  and  ~1^0  V)  and 
the  slope  of  the  7  versus  7^  straight  line,  we  calculate 
that  this  7  value  corresponds  to  deposition  at  1930''C 
(close  to  the  melting  point  of  TiN).  Thus,  the  effect  of 
the  ion  bombardment  for  Fb="-100V  is  equivalent 
with  deposition  at  1530°C. 

Fig.  5  illustrates  the  variation  of  H  and  E  with  7. 
The  increase  of  H  and  E  with  7  can  be  explained  by 
the  TiN;,.  anisotropy  or  the  higher  value  of  ^ooi  with 
respect  to  7ni.  The  contact  area  of  the  Berkovich-type 
indenter  used  in  our  experiments  was  calculated  to  be 
1.5xl0'^nm^  while  the  average  TiN^,  column  (grain) 
diameter  was  measured,  by  TEM  [18],  to  be  10-30  nm; 
consequently,  during  nanoindentation  experiments  we 


Negative  Bias  Voltage  (V) 

Fig.  4.  The  normalized  texture  parameter  versus  V^. 

For  Ki,>50  V  a  (002)  texture  was  observed. 


Fig.  5.  The  hardness  and  elastic  modulus  of  TiN,  films  versus  the 
normalized  texture  parameter.  The  (002)  texture  promotes  the 
enhancement  of  H  and  E  values. 


measure  the  average  H  and  E  of  20-190  grains.  These 
average  H  and  E  values  describe  the  mean  behaviour  of 
both  (002)  ‘elastic’  and  (111)  ‘less-elastic’  grains. 

The  adatom  mobility  during  deposition  has  also  a 
strong  effect  on  TiN^.  film  density  and  voids  concen¬ 
tration.  In  particular,  the  negative  or  elevated  7^ 
increase  the  average  energy  per  adatom  of  the  growing 
film  converting  the  porous,  columnar  structure  of  TiN^ 
to  a  more  compact  stacking.  Both  increasing  and 
result  to  density  increase  attributed  to  the  elimination 
of  voids.  The  density  and  voids  concentration  were 
calculated  by  XRR  data  analysis.  Information  on  the 
TiN;,  film  density  (p)  is  deduced  by  XRR  through  the 
dependence  of  the  reflection  coefficient  on  the  angle  of 
incidence  [9].  The  XRR  measurements  were  analysed 
using  a  Monte-Carlo  algorithm  assuming  a  single-layer 
model  of  stoichiometric  TiN  on  an  atomically  smooth 
c-Si(OOl)  substrate.  The  maximum  measured  density 
was  5.7gcm“^  for  a  film  deposited  at  400°C  and 
F^  =  -100  V.  This  value  is  5%  higher  than  the  density  of 
the  bulk,  unstrained,  stoichiometric  TiN  [15].  The  voids 
volume  fraction  was  calculated  using  this  maximum 
density  as  normalization  constant  Pnorm  through  the 
relation:  voids%  =  100%  x  (Pnorm  -  PexpVPnorm,  where 
Pexp  is  the  experimentally  measured  density  of  each 
TiN,,  film.  In  the  above  analysis,  we  assumed  that  the 
film  deposited  at  400°C  and  Fb=-100  V  has  no  voids. 
This  assumption  is  also  supported  and  confirmed  by  SE 
data  analysis  with  BEMT  [7]. 

Fig.  6  shows  the  evolution  of  density  and  voids 
volume  fraction  with  V^.  The  density  increase  is  attrib¬ 
uted  to  the  elimination  of  voids  with  as  it  is  shown 
by  the  agreement  between  the  independent  results  of 
XRR  and  SE  concerning  the  voids.  A  similar  variation 
of  the  density /voids  was  also  found  for  the  7^.  However, 
the  effect  of  is  much  stronger  (variation  25%)  than 
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Fig.  6.  The  effect  of  on  the  density  and  voids  concentration  of 
TiN;,  films. 

the  one  of  (variation  <  10%  for  deposition  up  to 
400°C).  TiN^.  films  exhibit  a  columnar  growth,  with 
column  size  and  inter-columnar  spacing  depending  on 
Fb  and  [18].  The  voids  measured  by  XRR/SE  are 
located  in  both  inter-columnar  spacing  and  near  the 
grain  boundaries  within  the  columns. 

The  density/voids  effect  on  the  H,  and  E  of  the 
TiN;,  is  illustrated  in  Fig.  7.  Both  H  and  E  increase 
linearly  with  density  up  to  24  and  320  GPa,  respectively, 
for  p  =  5.7gcm“^.  Considering  that  further  condensa¬ 
tion  of  TiN^  above  5.7  g  cm”^  cannot  be  achieved  and 
that  at  the  higher  values  the  stoichiometry  does  not 
change  significantly  [5,12],  the  measured  values  of  H 
and  E  are  close  to  the  upper  limit  for  TiN^.  films 
deposited  by  the  conventional  magnetron  sputtering 
technique.  The  only  way  to  achieve  further  improvement 
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of  TiN^.  performance  could  be  a  more  oriented  growth 
along  the  (002)  orientation  that  can  be  achieved  by 
higher  ion  flux  [13]. 


4.  Conclusions 

Four  independent  mechanisms  were  found  to  contrib¬ 
ute  to  the  enhancement  of  the  TiN^  mechanical 
performance: 

1 .  TiN^.  stoichiometry  and  lattice  parameter; 

2.  (002)  preferred  growth  orientation; 

3.  density  increase  (elimination  of  voids);  and 

4.  prevention  of  oxidation. 

Two  of  those  (2  and  3)  are  governed  by  the  adatom 
mobility  during  deposition  that  is  affected  by  substrate 
temperature  and  biasing.  Both  temperature  and  biasing 
increase  adatom  mobility,  with  the  bias  effect  being 
considerably  stronger.  Furthermore,  the  increase  of  bias 
results  to  stoichiometric  (x=\)  TiN  films  due  to  the 
sputtering  of  the  weakly  bonded  nitrogen  excess  close 
to  the  grain  boundaries.  The  lack  of  N-excess  atoms  in 
stoichiometric  films  prevents  oxidation  and  enhances 
the  TiN;,  film’s  mechanical  properties. 
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Abstract 

Results  are  presented  of  an  investigation  of  the  deposition  processes  of  TiN  coatings  by  stationary  magnetron  discharge,  with 
the  addition  of  high-voltage  pulses  (0-2  kV)  applied  to  the  plasma  source  electrodes  or  to  the  substrate.  Two  different 
configurations  of  deposition  system  were  investigated:  (1)  a  hybrid  plasma  source,  which  is  the  combination  of  a  direct-current 
(DC)  magnetron  with  a  Marshall  gun;  and  (2)  radio-frequency  (RF)-sustained  DC  magnetron  with  a  pulse  biased  processed 
sample.  The  results  of  studies  on  both  the  discharge  characteristics  and  the  properties  of  the  deposited  TiN  coatings  are  presented. 
The  influence  of  pulsed  ion  bombardment  on  the  chemical  composition  of  the  deposited  coatings  is  shown.  ©  2000  Elsevier 
Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Nowadays,  pulsed  ion-plasma  processing  is  finding 
increasingly  broader  application  in  the  production  of 
various  devices  and  tools  for  microelectronics,  engineer¬ 
ing,  medicine,  etc.  The  methods  of  pulsed  ion-plasma 
technology  allow  one  to  reduce  the  temperature  of  a 
treated  sample,  to  increase  the  adhesion  and  density  of 
deposited  films,  to  improve  the  quality  of  coatings  on 
dielectric  surfaces,  and  to  deposit  multilayer  coatings 
[1-3].  Various  constructions  of  ion-plasma  system  for 
pulsed  processing  of  materials  are  described  in  the 
scientific  literature,  as  well  as  the  technological  processes 
of  deposition  for  different  coatings  based  on  these 
systems.  The  aim  of  the  present  research  was  to  clarify 
the  potential  capabilities  of  pulsed  processing  for  the 
technology  of  TiN  coatings  deposition.  Pulsed  process¬ 
ing  can  be  realized  either  by  igniting  a  pulsed  discharge 
inside  the  technological  volume  or  by  sustaining  a 
stationary  discharge  and  applying  a  pulsed  bias  to  the 
substrate.  A  new  hybrid  plasma  source  (HPS)  [4-6] 
and  a  radio-frequency  (RF)-sustained  direct-current 
(DC)  magnetron  were  developed  to  realize  both  the 
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pulsed  discharge  mode  and  the  pulsed  substrate  mode. 
The  common  peculiarity  of  these  two  hybrid  discharges 
is  the  ability  of  independent  plasma  creation,  target 
sputtering,  and  formation  of  plasma  flows  to  the  sub¬ 
strate.  Owing  to  this  feature,  these  devices  allow  wide- 
ranging  control  of  the  basic  parameters  of  coating 
deposition  processes,  such  as  mass  transfer,  energy  and 
ionization  degree  of  material  flow,  power  flow  to  the 
substrate,  and  pressure  and  composition  of  the  work¬ 
ing  gas. 


2.  Experimental  systems 

Two  different  configurations  of  deposition  system 
were  investigated:  the  hybrid  plasma  source,  which  is 
the  combination  of  a  DC  magnetron  with  a  Marshall 
gun;  and  RF-sustained  DC  magnetron  with  pulse  biased 
substrates  (Fig.  1).  The  hybrid  plasma  source  [Fig.  1(a)] 
consists  of  two  coaxial,  water-cooled  titanium  electrodes 
and  a  circular  magnetic  system  (Nd-Fe-B),  which  is 
located  coaxially  to  them.  The  value  of  the  component 
of  magnetic-field  induction,  parallel  to  the  cathode  sur¬ 
face,  was  50  mT.  The  external  electrode  is  a  cylinder 
with  an  inside  diameter  of  90  mm  and  length  of  140  mm. 
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Fig.  1 .  Schematic  illusirations  of  the  experimental  apparatus:  (a)  pulse  hybrid  plasma  source;  (b)  RF-sustained  DC  magnetron  with  pulse  bias  voltage. 


The  internal  electrode  is  an  arbor  with  diameter  of 
18  mm  and  length  of  140  mm.  On  evacuation  of  the 
chamber  to  a  given  pressure,  a  voltage  of  300-800  V  is 
applied  to  the  source  electrodes  and  the  process  of 
cathode  sputtering  follows.  At  the  same  time,  a  high 
voltage  (l-2kV  of  0.2  Hz  frequency)  is  applied  to  the 
electrodes.  This  initiates  pulsed  discharge  in  the  inter¬ 
electrode  area  which,  in  turn,  results  in  evaporation  of 
the  anode  material  and  ejection  of  the  discharge  plasma 
from  the  source.  Crystallization  products  were  deposited 
on  substrates  located  at  the  axis  of  the  deposition 
chamber  at  the  distance  of  50,  150  and  250  mm  from 
the  source  outlet. 

Fig.  1(b)  shows  the  principal  scheme  of  the 
RF-sustained  DC  magnetron  with  pulse  bias  voltage. 
An  ordinary  planar  magnetron  with  permanent  magnets, 
with  a  titanium  target  of  diameter  130  mm,  is  mounted 
inside  the  working  vacuum  chamber  of  250  mm  diameter 
(ambient  gas  pressure,  5  x  lO'^Hnbar).  The  maximum 
value  of  the  radial  component  of  magnetic-field  induc¬ 
tion  at  the  target  surface  was  50mT.  The  target  and 
working  chamber  are  cooled  by  a  water  flow.  A  two- 
coil  inductor  180  mm  in  diameter,  made  from  4  mm 
copper  tube  and  shielded  by  ceramic  insulators,  is 
located  axisymmetrically  inside  the  chamber  between 
the  target  and  the  substrate  holder  in  the  region  of 
weakly  inhomogeneous  magnetron  magnetic  field,  with 
induction  of  1 .5-2.0  mT.  The  distance  between  the  target 
and  substrate  holder  was  150  mm.  The  substrate  holder 
was  electrically  insulated  from  the  chamber  for  the 
possibility  of  applying  negative  stationary  and  pulsed 
bias  voltages.  The  DC  magnetron  power  supply  was 
provided  by  a  2  kW  current  source  with  falling  volt- 
ampere  characteristics  and  open-circuit  voltage  of  6  kV. 
RF  power  was  applied  to  the  inductor  via  a  matching 
circuit  from  a  1  kW  RF  generator  with  frequency  of 
13.56  MHz.  Substrates  for  the  deposition  of  TiN  coat¬ 
ings,  made  of  high-speed  steel,  had  the  shape  of  rectan¬ 


gular  prisms  with  dimensions  of  6  mm  x  12  mm  x  16  mm 
(for  the  hybrid  source)  or  disks  with  diameter  of  25  mm 
and  thickness  of  6  mm  (for  RF-sustained  DC 
magnetron). 


3.  Results 

3. 1.  Stationary  discharge  characteristics 

Fig.  2  represents  the  volt-ampere  characteristics  of 
the  cylindrical  magnetron  discharge  in  the  hybrid  plasma 
source  and  combined  RF  inductive-magnetron  discharge 
for  various  values  of  working  gas  pressure. 

The  curves  in  Fig.  2(a)  are  typical  for  a  cylindrical 
magnetron  [7]  and  demonstrate  the  existence  of  two 
modes:  a  high-current  mode  at  ;?>4  x  10“^  mbar  and  a 
low-current/high-voltage  mode  at  lower  pressures.  As 
follows  from  Fig.  2(b),  for  combined  RF-sustained  DC 
magnetron  discharge,  the  relative  magnetron  contribu¬ 
tion  to  ionization  of  the  working  gas  is  decreasing  with 
the  pressure  decrease.  This  contribution  was  also  found 
to  decrease  with  the  RF  power  increase.  In  fact,  such 
system  allows  one  to  realize  a  smooth  transition  from 
the  pure  magnetron  discharge  at  /?>10“^mbar  to  the 
combined  discharge  at /)<10“^mbar. 

3.2,  Substrate  pulse  current  characteristics 

In  the  experiments  carried  out,  impulse  bias  voltage 
was  applied  to  the  substrates.  In  the  case  of  the  hybrid 
source,  the  voltage  induced  on  the  substrate  was  depen¬ 
dent  on  the  impulse  discharge  voltage  of  the  source  and 
varied  in  the  range  of  1-2  kV.  In  the  system  with  the 
RF-sustained  DC  magnetron,  the  bias  voltage  was 
changed  in  the  range  of  0-1.5  kV.  Typical  oscillograms 
of  substrate  current  in  the  pulse  hybrid  plasma  source 
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Fig.  2.  Volt-ampere  characteristics  of  the  discharges  (working  gas:  argon):  (a)  hybrid  plasma  source  discharge;  (b)  combined  RF-siistained  DC 
magnetron  discharge. 


and  combined  RF  inductive-DC  magnetron  discharge 
are  shown  in  Fig.  3. 

As  can  be  seen  from  the  substrate  current  oscillo¬ 
grams,  the  characteristic  feature  of  both  deposition 
methods  is  pulsed  ion  bombardment  of  the  substrate. 
The  pulsed  ion  bombardment  of  a  film  being  deposited 
in  a  usual  way,  for  example  by  magnetron  sputtering,  is 
desirable  for  surface  activation  and  increasing  the  adhe¬ 
sion  and  density  of  the  film.  An  important  feature  of 
the  hybrid  plasma  source  is  ability  to  generate  both  flow 
of  deposited  material  and  pulsed  flows  of  accelerated 
ions.  Investigations  of  this  feature  revealed  a  correlation 
between  current  impulses  on  the  substrate  and  voltage 
impulses  on  the  anode  in  the  high-voltage  phase  [8]. 
This  appears  to  testify  to  the  electrostatic  nature  of  ion 
acceleration.  In  combined  RF  inductive-DC  magnetron 
discharge  deposition,  a  pulsed  substrate  bias  activates 
chemical  reactions  on  the  substrate.  This  is  provided  by 
forming  a  flow  of  ions  from  the  plasma  to  the  substrate. 
If  DC  bias  voltage  is  used  for  this  purpose,  the  ability 
to  control  the  flow  is  limited  in  as  far  as  the  voltage 


magnitude  is  strictly  defined  by  the  activation  energy 
of  the  reaction.  Voltage  increase  shifts  the 
growth/sputtering  balance  to  sputtering  dominance,  thus 
decreasing  the  deposition  rate,  and  also  heats  the  sub¬ 
strate.  Therefore,  in  order  to  optimize  the  processes  of 
coating  synthesis,  the  ability  to  control  independently 
the  energy  and  the  intensity  of  the  ion  flow  to  the 
substrate  is  necessary.  One  way  to  realize  such  a  possi¬ 
bility  is  to  apply  a  pulse  bias  voltage  to  the  substrate 
holder  with  a  period  that  is  less  than  the  time  of 
formation  of  a  monolayer  coating  (in  this  case,  the  ion 
flow  can  be  considered  as  quasi-stationary  and  equal  to 
yo=7p/^,  where  is  the  time-averaged  ion  current  den¬ 
sity,  7p  is  the  ion  pulse  current  density  and  d  =  Tjx  is  the 
off-duty  factor). 

3.3,  Chemical  composition  of  deposited  coatings 

The  physical  conditions  of  the  experiment  to  deposit 
TiN  coatings  are  given  in  Table  1. 

The  influence  of  deposition  conditions  on  the  thick- 


Fig.  3.  Oscillograms  of  substrate  current:  (a)  pulse  hybrid  plasma  source  deposition  (N2  pressure,  7  x  10"^mbar;  magnetron  discharge  current, 
0.5  A;  maximum  anode  voltage,  1  kV;  maximum  anode  current,  8  kA);  (b)  combined  RF-sustained  DC  magnetron  discharge  deposition  (N. 
pressure,  5.5x10"^  mbar;  magnetron  discharge  current,  0.3  A). 
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Tabic  1 


Physical  conditions  of  the  deposition  experiment 


Pulsed  hybrid  source 

RF-sustained  DC  magnetron  with  pulsed  bias 

Composition  of  the  atmosphere 

10%  N2  +  90%  Ar 

10%  N2  +  90%  Ar 

Pressure  of  tlie  atmosphere  (mbar) 

7x10-’ 

3.5  X  10-5/5.5x10-’ 

Pulse  length  (ps) 

500 

1-500 

Pulse  repeat  rate 

0.2  Hz 

0-200  kHz 

OfiT-duty  factor 

10  000 

1-20 

Pulse  power 

Up  to  1  MW 

Up  to  4  kW 

Average  power  (W) 

20 

Up  to  200 

ness  and  chemical  composition  of  coatings  obtained 
with  the  hybrid  plasma  source  is  shown  in  Figs.  4  and 
5,  respectively. 

The  coatings  investigated  were  deposited  in  3000 
impulses  in  the  impulse  mode  and  in  the  equivalent  time 
of  4h  10  min  in  the  magnetron  mode.  The  deposition 
ratio  reached  in  experimental  conditions  is  low.  The 
impulse  plasma  flow  from  the  hybrid  source  exerts  a 
distinct  influence  on  the  thickness  of  coatings  deposited 
on  substrates  localized  close  to  the  source  outlet 
(50  mm).  This  means  that  a  small  amount  of  sputtered 
material  is  transported  by  the  single  plasmoid  ejected 
from  the  hybrid  source.  This  observation  confirms 
results  of  the  authors’  theoretical  analysis  of  the  hybrid 
source  work  [6].  In  order  to  increase  the  amount  of 
ejected  electrode  material  and  thus  the  deposition  rate, 
the  power  dissipation  of  the  magnetron  discharge  should 
be  increased.  Investigation  of  the  chemical  composition 
of  the  coatings,  by  means  of  the  energy-dispersive 


50  150  250 

Distance  from  source 

Fig.  4.  Influence  of  the  working  mode  of  the  hybrid  source  and  sub¬ 
strate  localization  on  the  thickness  of  TiN  coatings. 
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Fig.  5,  Influence  of  the  working  mode  of  the  hybrid  source  and  sub¬ 
strate  localization  on  the  chemical  composition  of  TiN  coatings. 


spectroscopy  (EDS)  method,  revealed  that  it  is  constant 
irrespective  of  the  distance  of  the  substrate  from  the 
source  outlet  (Fig.  5).  This  testifies  to  high  homogeneity 
of  the  reactive,  impulse  gas-metallic  plasma  generated 
in  the  hybrid  source. 

When  depositing  coatings  with  use  of  the  combined 
RF-sustained  DC  magnetron  discharge,  the  maximum 
ranges  of  pulse  bias  voltage  and  dimensionless  off-duty 
factor  were  used  [t/^  =  0-1.5  kV,  S=  \  (stationary  bias) 
to  40],  the  other  conditions  being  fixed  (pressure  and 
composition  of  the  Ar  +  N2  mixture,  ion  pulse  current 
density,  sputtering  rate  of  the  titanium  target).  The 
average  deposition  rate  reached  with  this  deposition 
method  is  high:  3|amh"\  Analysis  of  the  coatings 
obtained  by  pulse  and  stationary  bias  voltages  showed 
the  following:  ( 1 )  the  deposition  rate  increased  by  30% 
in  the  pulsed  bias  mode  for  bias  voltage  f/b  <  100  V;  and 
(b)  for  Ui,^300  V  in  the  stationary  bias  mode  sputtering 
dominates  over  the  deposition,  whereas  for  pulsed  bias 
mode  deposition  dominated  up  to  1.5  kV  bias  voltage. 
Analysis  of  the  chemical  composition  of  coatings  depos¬ 
ited  at  high  bias  voltage  and  high  off-duty  factor  showed 
the  presence  of  carbon  (up  to  17%).  In  our  opinion,  the 
carbon  incorporated  in  the  coatings  came  from  the  steel 
substrates,  as  a  result  of  their  decarburization  caused 
by  impulse  heating  to  high  temperatures.  Investigations 
revealed  that  both  the  stoichiometry  of  TiN  and  the 
amount  of  carbon  impurities  depend  on  the  deposition 
conditions  (Fig.  6).  At  lower  pressure  of  the  deposition 
process  (3.5  x  10”^  mbar)  the  coating  stoichiometry 
depends  on  the  off-duty  factor  [Fig.  6(a)].  With  increas¬ 
ing  off-duty  factor  the  titanium  content  in  the  coating 
decreases  and  it  becomes  more  contaminated  by  carbon 
from  the  vacuum  system.  At  higher  pressure  of  the 
atmosphere  (5.5  x  10“^mbar),  increase  of  the  off-duty 
factor  up  to  5  has  no  influence  on  the  coating’s  chemical 
composition.  Further  increases  of  the  off-duty  factor 
cause  similar  changes  in  both  the  titanium  and  carbon 
contents  of  the  coating  [Fig.  6(b)]. 


4.  Discussion 

Pulsed  plasma  generated  in  coaxial  plasma  accelera¬ 
tors  has  been  used  for  deposition  of  thin  hard  layers 
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Fig.  6,  Influence  of  deposition  conditions  on  the  chemical  composition  of  TiN  coatings  obtained  with  use  of  the  combined  RF-sustained  DC 
magnetron  discharge:  (a)  at  a  pressure  of  3.5  x  10~^  mbar;  (b)  at  a  pressure  of  5.5  x  10  ^  mbar. 


since  the  late  1970s.  Because  of  the  high  degree  of 
plasma  ionization,  high  density  and  high  energy  of  the 
particle  flux  reaching  the  substrate,  this  method  is  partic¬ 
ularly  suitable  for  deposition  of  high-melting  materials 
in  their  metastable  forms.  However,  because  of  the  very 
fast  course  and  impulse  character  of  the  process  in  the 
classical  ‘Marshall  gun’,  control  of  coating  deposition  is 
difficult.  A  group  of  plasmoids  is  generated  in  a  single 
cycle.  Their  creation  is  connected  with  different  stages 
of  the  plasma  process  in  the  accelerator,  and  thus  both 
space  and  time  distributions  of  the  plasma  components 
are  non-homogeneous.  Non-homogeneity  of  the  distri¬ 
bution  of  pulsed  plasma  components  also  causes 
the  distribution  of  crystallization  products  in  the  area 
of  the  deposition  chamber  to  be  non-homogeneous.  The 
authors  developed  a  new  hybrid  way  of  creating  a  pulsed 
reactive  plasma,  by  joining  the  mechanism  of  gas- 
metallic  plasma  generation  in  the  cylindrical  magnetron 
system  with  the  mechanism  of  electrodynamic  accelera¬ 
tion  of  the  plasma  in  an  impulse  coaxial  accelerator 
system.  Investigations  described  in  this  paper  confirm 
the  legitimacy  of  the  authors’  assumption  that  separation 
of  the  plasma  generation  phase  from  the  phase  of  its 
acceleration  in  the  proposed  hybrid  way  of  reactive 
impulse  plasma  creation  will  improve  its  homogeneity 
along  the  distance  from  the  source.  The  low  deposition 
rate  can  be  increased  by  changing  the  ratio  of  power 
dissipation  in  the  stationary  magnetron  discharge  and 
impulse  high-voltage  discharge. 

The  influence  of  magnetic  field  on  electrodeless 
electrical  discharges  has  been  studied  for  a  long  time, 
and  increasing  interest  in  this  field  has  recently  been 
seen  in  connection  with  broad  perspectives  of  their 
technological  application.  Such  a  deposition  method  is 
executed  by  combined  RF-sustained  DC  magnetron 
discharge  investigated  and  described  in  this  paper. 
The  main  advantage  of  technological  systems  this  type 
is  the  possibility  to  decrease  the  working  gas  pressure 
of  the  RF  inductive  discharge  down  to  10“^  mbar 
without  a  significant  effect  on  the  power  expense  of  ion 
generation.  The  magnetic  field  essentially  stabilizes  the 
RF  inductive  discharge  and,  as  experiments  have  shown. 


application  of  a  negative  voltage  of  significant  magni¬ 
tude  to  the  target  or  to  the  substrate  holder  does  not 
lead  to  frustration  of  the  discharge.  The  investigations 
described  herein  prove  that  it  is  possible  to  influence  the 
chemical  composition  of  the  coatings  by  proper  selection 
of  the  pulsed  bias  parameters  without  changing  the 
composition  of  the  working  gas  mixture. 


5.  Conclusions 

Results  of  investigations  into  the  deposition  processes 
of  TiN  coatings  by  stationary  magnetron  discharge  with 
the  addition  of  high-voltage  pulses  applied  to  the  plasma 
source  electrodes,  or  to  the  deposited  substrate,  lead  us 
to  the  following  conclusions: 

•  separation  of  the  plasma  generation  phase  from  the 
phase  of  its  acceleration  in  the  proposed  hybrid  way 
of  reactive  impulse  plasma  creation  improves  the 
homogeneity  of  the  plasma  along  the  hybrid 
source’s  axis; 

•  the  deposition  rate  can  be  increased  by  changing  the 
ratio  of  power  dissipation  in  the  stationary  magnetron 
discharge  and  the  impulse  high-voltage  discharge  of 
the  hybrid  source; 

•  it  is  possible  to  decrease  the  working  gas  pressure  of 
RF-sustained  DC  magnetron  discharge  down  to 
10"^  mbar  without  significant  effect  on  the  power 
expense  of  ion  generation;  and 

•  it  is  possible  to  influence  the  chemical  composition 
of  the  coatings  deposited  by  RF-sustained  DC  magne¬ 
tron  by  proper  selection  of  the  pulsed  bias  parameters 
without  changing  the  composition  of  the  working 
gas  mixture. 


Acknowledgements 

This  work  was  accomplished  within  the  framework 
of  the  research  project  KBN  No.  7  T08C  051  13  financed 
by  The  Committee  for  Scientific  Research  in  Poland. 


346 


J.  Walkowicz  ef  a!.  /  Surface  and  Coatings  Technology  125  ( 2000)  341-346 


References 


[1]  H.  Bruzzonc,  H.  Kelly,  A.  Marques,  D.  Lamas,  A.  Ansaldi,  C. 
Oviedo,  Plasma  Sources  Sci.  Technol.  5  (1996)  582. 

[2]  M.  Sokolowski,  A.  Sokolowska,  A.  Michalski,  Z.  Romanowski, 
A.  Rusek-Mazurck,  M.  Wronikowski,  Thin  Solid  Films  80 
(1981)  249. 

[3]  H.  Kelly,  A.  Leponc,  A.  Marques,  D.  Lamas,  C.  Oviedo,  Plasma 


Sources  Sci.,  Technol.  5  (1996)  704. 

[4]  K.  Miernik,  J.  Walkowicz,  Le  Vide:  science,  technique  et  applica¬ 
tions  284  (1997)  227. 

[5]  J.  Walkowicz,  K.  Miernik,  Surf.  Coat.  Technol.  116-119  (1999) 
666. 

[6]  J.  Walkowicz,  V.T.  Barchenko,  K.  Miernik,  Surf.  Coat,  Technol. 
116-119  (1999)  685. 

[7]  M.D.  Gabovich,  Sov.  J.  Tech.  Phys.  28  (1958)  872. 

[8]  M.  Yamashita,  J.  Vac.  Sci.  Technol.  A7  (4)  (1989)  2752. 


ELSEVIER 


Surface  and  Coatings  Technology  125  (2000)  347-353 


www.elsevier.nl/locate/surfcoat 


Hard  lubricating  coatings  for  cutting  and  forming  tools 
and  mechanical  components 

V.  Fox,  A.  Jones,  N.M.  Renevier  *,  D.G.  Teer 

Tecv  Cocitiugs  Ltd.,  290  Hcivtlehuvy  Tvcidittg  Estate,  HcivUehuvy ,  Woves.  DYIO  4JB,  UK 


Abstract 

Two  new  coatings  based  on  graphite  and  MoS,  have  been  developed.  They  combine  low  friction  with  high  hardness,  high  load 
capacity  and  exceptionally  low  wear.  Both  coatings  act  as  solid  lubricants,  providing  protection  for  both  the  coated  surface  and 
any  opposing  uncoated  surface.  The  coatings  are  finding  application  in  improving  the  general  performance  of  cutting  and  forming 
tools  and  also  make  possible  high-speed  machining.  The  graphite-based  coatings  have  exceptional  wear  properties  under  water  oi 
oil  and  results  from  wear  tests  under  a  wide  range  of  conditions  are  given.  A  number  of  practical  applications  are  given,  including 
the  protection  of  artificial  hip  joints.  The  advantages  offered  by  the  use  of  such  coatings  for  many  mechanical  components  are 
demonstrated.  ©  2000  Published  by  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Cutting  tools;  Forming  tools;  Magnetron  sputtering;  Solid  lubricants 


1.  Introduction 

For  many  years  it  has  been  possible  to  deposit  a  wide 
range  of  hard  wear-resistant  coatings  on  to  steel  sub¬ 
strates  using  different  physical  vapour  deposition  (PVD) 
techniques.  These  are  mainly  nitrides,  carbides  and 
carbonitrides  of  transition  metals  and  include  TiN, 
TiCN,  TiAlN  and  CrN.  They  have  proved  to  be  very 
successful  and  are  widely  used  in  improving  the  perfor¬ 
mance  of  cutting  and  forming  tools  [1].  They  have  been 
less  successful  in  providing  protection  for  general  wear 
components,  such  as  gears  and  engine  parts.  It  is  interes¬ 
ting  to  speculate  why  this  might  be.  One  important 
reason  is  that,  although  coatings  are  routinely  deposited 
with  excellent  adhesion,  there  is  always  the  possibility 
of  depositing  a  coating  with  poor  adhesion.  Although 
this  is  most  undesirable  for  a  coating  on  a  cutting  tool, 
it  is  not  a  disaster.  However,  if  a  coating  fails  on  a 
critical  component  in  an  engine  or  in  general  machinery 
this  can  lead  to  a  catastrophic  failure  of  the  whole 
assembly.  In  the  opinion  of  the  authors  there  are  other 
reasons  why  the  typical  hard  coatings  are  not  used  more 
widely.  The  coatings  are  not  low  friction  and  do  not 
provide  any  protection  for  the  opposing  surface.  Indeed, 
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the  coatings  are  very  hard  and  if  the  coated  surface  or 
the  coating  is  rough  then  they  can  cause  abrasion  and 
rapid  wear  of  the  opposing  surface.  If  the  coating  is 
removed  then  this  constitutes  a  source  of  abrasive  par¬ 
ticles  within  the  mechanism. 

Diamond-like  carbon  (DLC)  coatings  [2]  are  also 
hard  but  also  have  lower  friction  than  the  hard  nitride 
coatings.  DLC  coatings  are  starting  to  find  application 
in  some  mechanical  component  applications,  but  their 
application  is  quite  low  considering  the  length  of  time 
since  the  first  DLC  coatings  were  reported  [3]  and  also 
the  amount  of  development  effort  that  has  been 
expended  since  then  (e.g.  see  Ref.  [4]).  The  very  hard 
DLC  coatings  tend  to  be  brittle,  have  poor  adhesion 
and  are  unsuitable  for  highly  loaded  applications.  The 
Me:C  coatings  are  much  softer  [5]  but  are  less  brittle. 
They  can  be  deposited  with  excellent  adhesion  [6]  and 
can  be  used  at  moderately  high  loads.  The  coefficient  of 
friction  is  low,  typically  0.15,  but  again  these  coatings 
are  not  true  solid  lubricants  in  the  sense  that  they  do 
not  provide  an  efficient  transfer  film  on  the  opposing 
surface.  Again,  in  the  opinion  of  the  authors,  in  order 
to  provide  optimum  wear  protection  for  rubbing  mecha¬ 
nisms  it  is  necessary  to  use  a  true  solid  lubricant  coating 
with  low  friction  and  the  ability  to  protect  the  opposing 
surface  and  to  provide  a  low  friction  transfer  film  on 
the  opposing  surface.  M0S2  and  graphite,  both  hexago- 
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nal  layer  lattice  materials,  have  these  properties  [7],  but 
both  are  soft.  RF-sputtered  M0S2  coatings  have  been 
used  for  many  years  to  coat  bearings  for  aerospace 
applications  [8],  but  they  are  not  suitable  for  most 
terrestrial  applications  as  they  have  poor  tribological 
properties  in  humid  atmospheres.  Because  the  adhesion 
is  poor  and  because  the  films  are  soft,  resulting  in  low 
wear  resistance,  they  are  not  suitable  for  highly  loaded 
applications.  Recently,  two  new  coatings  have  been 
developed,  one  based  on  M0S2  and  one  based  on  carbon 
(graphite)  [9,10].  It  has  been  proved  possible  to  deposit 
these  coatings  whilst  retaining  the  very  low  friction 
characteristics  and  to  combine  them  with  high  hardness. 
The  coatings  have  the  high  adhesion  normally  associated 
with  a  high  ion  current  density  magnetron  sputter  ion 
plating  system  [11].  The  high  hardness  combined  with 
low  friction  gives  very  low  wear  rates  and  the  mechanical 
properties  of  the  coatings  combined  with  the  good 
adhesion  lead  to  very  high  load-bearing  capacity.  Also, 
the  MoS2“based  coating  retains  its  desirable  properties 
in  humid  atmospheres  and  is  suitable  for  terrestrial 
applications.  It  is  thought  that  these  new  coatings  have 
ideal  properties  for  a  wide  range  of  applications.  This 
paper  gives  details  of  the  deposition  methods  and 
includes  a  brief  description  of  the  properties  of  the 
coatings  together  with  some  of  the  results  from  a 
comprehensive  tribological  testing  program.  Finally,  a 
number  of  existing  applications  are  described  and  some 
early  test  results  associated  with  a  number  of  new 
applications  are  given. 


2.  Deposition  methods 

Both  coatings  were  deposited  in  a  Teer  Coatings 
UDP  magnetron  sputter  ion  plating  system  [11]. 


For  the  MoS2-based  coating  three  M0S2  targets  and 
one  titanium  target  were  used.  A  thin  adhesion  layer  of 
titanium  is  deposited  first  and  then  the  substrates  are 
rotated  to  pass  in  front  of  each  of  the  targets  in  turn  so 
that  a  coating  consisting  of  a  mixture  of  M0S2  and 
titanium  is  deposited.  The  MoS2-titanium  composite 
coating  has  been  registered  as  MoST®  and  a  patent 
applied  for  [12].  The  powers  on  the  titanium  and 
M0S2  targets  are  chosen  so  as  to  give  a  coating  with  a 
titanium  content  of  about  15%.  The  amount  of  metal 
in  the  coating  is  critical  in  defining  the  properties.  The 
coating  thickness  is  typically  1  pm.  The  titanium  target 
is  switched  off  at  the  end  of  the  process  to  ensure  a 
uniform  blue-grey  coloration.  The  temperature  during 
the  deposition  process  is  less  than  lOO'^C. 

The  carbon  coating  procedure  is  similar.  Here,  three 
carbon  targets  and  one  chromium  target  are  used.  A 
chromium  adhesion  layer  is  deposited  first  and  then 
again  the  substrates  are  rotated  to  pass  in  front  of  each 
of  the  targets  in  turn.  The  powers  selected  for  the  carbon 
and  chromium  targets  are  such  as  to  give  a  coating  with 
about  20%  chromium.  The  coating  thickness  is  typically 
2.5  pm.  The  CrC-C  coating  has  been  registered  as 
Graphit-iC®  and  a  patent  applied  for  [13].  The  temper¬ 
ature  during  the  deposition  process  is  less  than  250°C. 

3.  Coating  structures  and  properties 

The  MoS2-titanium  composite  coating  has  a  hardness 
of  between  1200  and  2000  VHN  depending  on  the 
titanium  content.  Initially  it  was  thought  that  the 
method  of  deposition  was  producing  a  multi-layer  or 
superlattice  structure  and  that  this  was  responsible  for 
the  high  hardness.  However,  it  has  now  been  shown 
[Fig.  1(a)]  that  there  is  no  multi-layer  structure.  It  is 


Fig.  1.  Transmission  electron  micrographs  of  (a)  MoST®  and  (b)  Graphit-iC®. 
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impossible  to  detect  any  elemental  titanium  within  the 
coating,  either  as  layers  or  individual  particles.  All  the 
evidence  indicates  that  the  titanium  is  present  in  solution 
within  the  M0S2  lattice  and  it  is  assumed  that  the  strain 
produced  within  the  lattice  is  responsible  for  the  high 
hardness.  The  structure  is  amorphous  or  consists  of  very 
small  crystallites.  The  adhesion  is  excellent  and  it  is 
impossible  to  produce  any  failure  in  a  standard  scratch 
adhesion  test  up  to  a  load  of  140  N.  The  coefficient  of 
friction  is  load  dependent,  but  is  typically  0.03  at  the 
highest  load  used  (lOON,  contact  pressure  about 
3.5  GPa).  The  maximum  coefficient  of  friction  recorded 
at  the  lower  loads  is  about  0.1  [2  N,  pin-on-disc  (POD), 
273  rpm,  5  mm  ball  WC-4%Co,  14  mm  diameter  track]. 
The  friction  is  also  dependent  on  humidity,  but  is  still 
low  at  high  humidity.  The  wear  coefficient  is  about 
10“^^  m^/(N  m).  (See  below  for  typical  test  conditions.) 

Graphit-iC®  has  a  hardness  of  about  2500  VHN. 
The  coating  has  been  shown  to  be  a  CrC-C  multi-layer 
[Fig.  1  (b)],  but  the  hardness  is  a  property  of  the  carbon 
and  not  an  effect  of  the  multi-layer.  If  the  chromium  is 
not  included  the  coatings  are  of  similar  hardness  but 
they  are  more  brittle  and  have  a  lower  load-bearing 
capacity.  The  coatings  are  electrically  conducting  and 
the  structure  is  amorphous  or  consists  of  very  small 
crystallites.  No  significant  diamond  content  is  detected 
in  the  coating  and  all  the  evidence  indicates  that  the 
bonding  is  almost  entirely  sp^.  The  tribological  proper¬ 
ties  are  similar  to  those  of  graphite  and  it  is  thought 
that  the  structure  is  graphitic  and  that  the  high  hardness 
may  be  due  to  some  cross-linking  between  the  graphite 
planes.  The  coefficient  of  friction  is  load  dependent  and 
the  lowest  friction,  typically  0.07,  is  found  at  the  highest 
load  (contact  pressure  about  3.5  GPa).  The  wear  coeffi¬ 
cient  is  about  10“^^m^/(Nm)  for  dry  rubbing.  Under 
water  the  coefficient  of  friction  is  about  0.04  and  the 
wear  is  so  low  as  to  be  difficult  to  measure.  (Further 
details  below.)  The  wear  is  poor  under  dry  nitrogen  [14] 
and  it  appears  that  a  small  amount  of  water  vapour  is 
necessary  for  good  wear  properties,  which  is  what  has 
been  found  in  many  investigations  of  graphite. 


4.  Tribological  tests 

MoST®  and  Graphit-iC®  coatings  have  been  tested 
in  POD  tests  at  constant  linear  speed  of  200  mm/s  and 
at  several  loads  (ION,  318  rpm;  40  N,  382  rpm;  80 N, 
477  rpm)  and  in  reciprocating  wear  (RW)  tests  at  a 
constant  linear  speed  of  150  mm/min  under  100  N  load 
(3  mm  track  length-cycle  of  2  s).  Tests  were  performed 
in  dry  conditions  (POD  and  RW),  under  water  and  oil 
(RW)  using  coated  M42  steel  discs  (1200  SiC  polishing) 
with  5  mm  diameter  WC-4%Co  balls  as  pins. 


4.1.  Most® 

All  the  tests  reveal  the  remarkable  tribological  proper¬ 
ties  of  the  MoST®  coating.  Fig.  2(a)  shows  a  typical 
friction  trace  for  an  RW  test  under  a  load  of  100  N  and 
at  40%  humidity.  Ball  craters  on  the  wear  track  indicate 
a  specific  wear  rate  of  about  3  x  10“^^  m^/(N  m).  Ball¬ 
on-disc  tests  at  a  load  of  10  N  performed  with  a  9  mm 
diameter  52100  ball  at  500  rpm  and  under  dry  nitrogen 
indicated  a  coefficient  of  friction  of  0.005.  The  coating 
was  not  worn  away  after  1900000  cycles.  Some  tests 
were  carried  out  under  water  and  Fig.  2(b)  shows  the 
friction  trace  for  an  RW  test  at  a  load  of  100  N.  It  can 
be  seen  that  the  coating  fails  after  2800  cycles. 

4.2.  Graphit-iC® 

POD  tests  were  performed  using  a  5  mm  diameter 
tungsten  carbide  ball  as  pin  and  Graphit-iC®-coated 
M42  plates  as  the  discs  at  loads  of  between  10  and  80  N. 
The  friction  coefficient  varied  between  0.1  and  0.06 
depending  on  the  load.  The  wear  coefficient  was  typi¬ 
cally  3  x  lO”'"  mV(N  m)  [15]. 

Some  of  these  test  results  are  shown  in  Fig.  3(a), 
which  plots  the  specific  wear  rate  against  load  for  typical 
hydrogenated  Me:C  coatings  and  for  thinner 
Graphit-iC®  coatings  without  the  Cr  multi-layers  and 
for  the  multi  layer  Graphit-iC®  coatings.  The  large 
difference  in  wear  rate  between  the  Graphit-iC®  coatings 
and  the  Me:C  coatings  is  apparent,  as  is  the  increase  in 
the  load-bearing  capacity  of  the  multi-layer 
Graphit-iC®  coatings.  RW  tests  were  carried  out  using 
a  5  mm  tungsten  carbide  ball  against  a 
Graphit-iC®-coated  M42  steel  plate  at  loads  up  to 
100  N.  The  cycle  time  was  2  s  and  the  length  of  each 
pass  was  3  mm  with  constant  sliding  speed.  Fig.  3(b) 
and  (c)  show  a  comparison  of  the  friction  trace  for  a 
Graphit-iC®  coating  and  a  commercially  available 
hydrogenated  Me:C  coating  under  dry  (ambient)  rub¬ 
bing  conditions  and  under  water  at  a  load  of  100  N. 
The  Me:C  coating  failed  after  6300  cycles  in  dry  condi¬ 
tions  and  after  5400  cycles  under  water.  The 
Graphit-iC®  coating  showed  no  sign  of  failure  after 
10000  cycles  in  dry  conditions  and  under  water  when 
the  test  was  stopped  and  it  was  not  possible  to  detect 
any  measurable  wear  using  a  ball  crater  within  the  wear 
track.  Further  RW  tests  have  been  carried  out  on  coated 
CoCr  substrates  under  water  in  order  to  test  the  coatings 
for  application  on  artificial  hip  joints  [16].  For  these 
tests  the  coefficient  of  friction  was  0.04  and  it  was  not 
possible  to  obtain  a  measurable  wear  rate  for  the  coated 
flat  discs.  The  wear  rate  on  coated  CoCr  pins  was 
measured  after  50  000  cycles  and  found  to  be 
5x  10'^®mV(Nm). 
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Fig.  2.  100  N  RW  test  (a)  at  41%  humidity  and  (b)  under  water. 


100 

specific 

wear 

rate 

xIO’* 

m’/Nin  10 


substrate  M42  HSS 
dry  conditions:  7%RH 
counterpart:  06.3mm  WC  ball 


Fig.  3.  Comparison  of  specific  wear  rates  for  Graphit-iC®  and  DLC  as  a  function  of  load  (a)  and  100  N  RW  test  of  Graphit-iC®  and  DLC  in  (b) 
ambient  conditions  and  (c)  in  de-ioniscd  water. 


5.  Applications 

5. 1.  MoST®  on  cutting  and  forming  tools 

The  MoST®  coatings  have  been  applied  extensively 
on  cutting  and  forming  tools  with  outstanding  results. 
It  is  possible  to  include  only  a  few  examples  here. 

5.1.1.  Perforating  and  piercing  applications 

5. 1.1.1.  Test  1  Rapid  wear  occurred  when  AISI  D2 
punches  (60-62  HRC)  were  used  for  the  perforating 
application.  Punches  were  coated  with  the  M0S2- 
titanium  composite  coating  and  compared  with  the 
previously  sprayed  M0S2  coating  and  uncoated  punches 
used  by  the  company.  The  application  for  which  the 
punches  were  tested  was  to  perforate  1 .2  mm  thick  409 
stainless  steel  plate  for  filters  without  lubricant,  running 


at  250  pressings  per  minute.  Previously  the  company 
had  used  a  sprayed  M0S2  coating  that  enabled  the 
punches  to  last  for  1  day  (around  80000  pressings) 
without  lubricant.  With  this  sprayed  coating  the  punch 
needed  two  to  four  regrinds  to  survive  for  1  day,  after 
which  the  punch  was  unable  to  function.  With 
MoS2-titanium  composite  coating,  the  punches  were 
still  performing  after  320000  pressings  (4  days)  without 
the  need  for  regrinding. 

5. 1.1.2.  Test  2  PS4  [CPM®  M4  of  Dayton  Progress 
Corporation  (USA)]  (61-63  HRC)  punches  were  coated 
with  MoS2-titanium  composite  (1.2  pm)  on  top  of  TiCN 
(3-3.5  pm  of  TiCN  produced  by  arc  evaporation)  coat¬ 
ing  and  used  to  perforate  12  mm  HSLA  steel  with  water- 
soluble  lubricant  (20%). 

In  the  piercing  application,  use  of  MoS2-titanium 
composite  coating  (Fig.  4)  in  lubricated  conditions  on 
the  top  of  hard  coatings  such  as  TiCN  has  increased 
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Fig.  4.  Number  of  parts  produced  with  MoST®  in  lubricated  condi¬ 
tions  (water  soluble  20%). 

the  number  of  parts  produced  by  13  times  compared 
with  the  uncoated  punches  and  by  four  times  compared 
with  the  punches  coated  with  TiCN  alone. 

5. 1.2,  End  mills  applications 

It  has  also  been  observed  that  MoST®  coatings  offer 
an  increase  of  productivity.  Testing  of  a  12  mm  diameter 
end  mill  for  milling  a  4  mm  slotting  depth  and  25  mm 
slotting  width  (carried  out  by  the  Institute  of  Advanced 
Manufacturing  Sciences  Inc.  in  co-operation  with  Multi- 
Arc  Inc.)  has  shown  an  increase  in  the  milling  distance 
and  a  reduction  in  the  average  milling  force  during  the 
test  and  also  an  improvement  in  the  surface  finish  with 
a  MoST®  coating  onto  AISI  304  stainless  steel.  Both 
effects  increase  the  productivity  and  the  quality  of  the 
final  product  (Fig.  5). 

5.1.3.  Dry  drilling 

In  this  test  the  drills  were  coated  with  TiN,  TiAlN 
and  TiN  +  MoST®.  These  drills  were  tested  under  dry 
conditions  and  were  compared  with  uncoated  drills 
running  dry  and  with  emulsion.  The  drills  were  high¬ 
speed  steel  drills  drilling  into  JIS  S50C  steel  of  thickness 
20  mm  at  a  speed  of  30  m/min,  0.12  mm/rev  with  a  hole 
depth  of  18  mm.  The  use  of  MoS2"titanium  composite 
coating  (Fig.  6)  in  dry  conditions  on  the  top  of  hard 


Table  1 

Preliminary  results  of  dry  drilling  ( 1200  rpm;  feed  rate  0.63  mm/rev; 
6  mm  diameter  drills;  workpiece,  34CrNiMo6,  250HB) 

Drill  type  Uncoated  TiN  Graphit-iC® 

No.  of  holes  4  20  77 


coatings,  such  as  TiN,  has  increased  the  number  of 
holes  produced  by  2.1  times  compared  with  TiN  alone 
and  by  2.8  times  for  TiAlN  alone. 

5.2.  Graphit-iC®  applications 

Graphit-iC®  has  not  yet  been  applied  widely,  but  the 
early  results  are  very  encouraging. 

5.2.1.  Drilling  tests 

Table  1  shows  the  preliminary  results  of  dry  drilling 
tests.  It  can  be  seen  that  the  Graphit-iC®  coating  has 
given  an  improvement  of  nearly  four  times  over  a  typical 
TiN  coating  and  20  times  over  the  uncoated  drills. 

5.2.2.  Engine  components 

Both  MoST®  and  Graphit-iC®  have  been  subjected 
to  long-term  testing  on  a  variety  of  engine  components. 
It  has  been  shown  that  they  both  retain  their  tribological 
properties  at  temperatures  up  to  350°C.  Because  of  their 
high  load  bearing  capacity  the  coatings  can  be  used  on 
heavily  loaded  gears.  They  are  being  investigated  on 
fuel  injection  systems,  tappets,  pistons,  piston  rings  and 
bearings,  all  with  promising  results.  Graphit-iC®  has 
been  tested  on  the  thrust  washers  of  differential  transmis¬ 
sion  gears.  The  tests  were  in  an  endurance  test  rig  and 
were  run  at  high  speed/low  torque  and  at  low  speed/high 
torque.  The  Graphit-iC®  coating  gave  the  best  results 
of  a  number  of  different  surface  treatments  included  in 
the  trials,  passing  all  the  tests.  Success  was  also  shown 
in  reducing  wear  against  a  rubber  seal  lip  and  in  rotary 
oil  pumps. 


”D-TiCN+Coolant  -n-TiCN+MoS'l'+coolant  -*-TiCN+MoS']’  diy 


(b) 


MoSl' 
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Fig.  5.  Average  resultant  force  (a)  and  surface  finishing  (b)  while  end  milling  AISI  304  stainless  steel  using  TiCN-  (coolant)  and 
TiCN-{-MoST®-coated  (dry  and  coolant)  inserts. 
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Fig.  6.  Number  of  holes  drilled  before  failure. 


5.2.3.  Medical  applications 

As  mentioned  briefly  above,  the  Graphit-iC®  coatings 
are  being  developed  and  tested  for  use  in  artificial  hip 
joints.  They  have  shown  to  present  no  biocompatibility 
problems  [17].  The  very  low  wear  rate  of 
'^10"^®  m^/(N  m)  found  in  POD  tests  for  coated  CoCr 
compares  with  a  rate  of  ^  10“^^  m^/(N  m)  found  for 
uncoated  CoCr  [18].  The  uncoated  hip  joints  are  claimed 
to  have  a  useful  life  in  excess  of  10  years,  and  by  taking 
into  account  the  thickness  of  the  Graphit-iC®  coatings 
a  life  of  at  least  50  years  seems  to  be  possible  for  the 
coated  joints.  It  is  thought  that  the  Graphit-iC®  coating 
will  also  find  application  for  knees  and  other  joints  and 
for  items  such  as  bone-cutting  saws. 


tages  over  conventional  hard  coatings  will  lead  to  wide¬ 
spread  use  of  the  new  hard  solid  lubricant  coatings  in 
engines  and  other  rubbing  mechanisms.  If  this  is  so  it 
implies  a  very  large  increase  in  the  use  of  PVD  coatings. 
The  success  of  the  coatings  for  cutting  and  forming 
tools  is  shown  above.  However,  it  is  thought  that  the 
use  of  the  hard  solid  lubricant  coatings  will  continue  to 
expand.  There  is  a  requirement  to  improve  productivity 
and  the  speed  of  machining.  At  the  very  high  speeds  it 
is  doubtful  if  the  lubricants  normally  used  are  effective 
or  if  they  even  reach  the  point  of  cutting  [19].  Dry 
machining  techniques  are  required  and  the  solid  lubri¬ 
cant  coatings  have  already  been  shown  to  improve  the 
performance  of  high-speed  machining  and  to  allow 
machining  without  lubricants.  It  is  confidently  predicted 
that  the  hard  solid  lubricant  coatings  will  find  increasing 
use  in  this  field.  The  properties  of  Graphit-iC®  under 
water  are  very  interesting.  The  coatings  could  be  used 
in  many  existing  applications  such  as  valves,  seals  and 
washers.  It  can  be  speculated  that  Graphit-iC®  coatings 
could  be  used  in  applications  where  its  properties  might 
allow  the  replacement  of  oil  lubrication  with  water 
lubrication.  We  are  presently  investigating  the  use  of 
Graphit-iC®-coated  cutting  tools  with  water 
lubricant/coolant.  Here,  we  exploit  the  low  friction  and 
the  low  wear  of  the  Graphit-iC®,  and  although  the 
water  might  not  reach  the  cutting  point  the  dry  friction 
is  still  low  and  the  presence  of  the  water  would  be 
important  in  reducing  the  temperature  of  cutting  tool. 


6.  Discussion 

The  combination  of  hardness,  wear  resistance,  low 
friction  and  high  load-bearing  capacity  should  result  in 
many  successful  applications.  The  MoST®  will  be 
chosen  for  many  dry  applications.  Both  coatings  have 
excellent  properties  under  oil.  Perhaps  the  most  impor¬ 
tant  aspect  of  these  coatings  for  use  in  car  engines  or 
to  protect  other  mechanical  parts  requiring  long  life  is 
the  fact  that  they  are  true  solid  lubricants  with  the 
ability  to  form  transfer  films  and  to  protect  the  opposing 
surface.  It  is  interesting  to  compare  MoST®  or 
Graphit-iC®  with  a  hard  coating  such  as  TiN  for  use  in 
an  engine.  TiN  is  hard  and  wear  resistant  but  it  does 
not  offer  any  protection  for  the  opposing  surface.  On 
the  contrary,  because  it  is  hard,  it  can  cause  enhanced 
wear  by  abrasion  of  the  opposing  surface.  TiN  is  not  a 
low  friction  coating.  The  solid  lubricant  coating  reduces 
the  friction  and  protects  both  its  own  surface  and  the 
opposing  surface.  It  has  been  shown  that  TiN  rubbing 
against  itself  in  water  has  a  friction  coefficient  of  0.5 
and  a  wear  rate  of  the  order  10”^^  m^/(N  m).  If  the 
TiN  coating  is  removed  then  the  particles  of  the  coating 
are  hard  and  abrasive.  If  the  solid  lubricant  is  removed 
then  the  presence  of  the  particles  of  the  coating  can  be 
beneficial.  It  is  thought  that  these  properties  and  advan- 


7.  Conclusions 

The  new  solid  lubricant  coatings  MoST®  and 
Graphit-iC®  offer  many  advantages  over  previous  solid 
lubricant  coatings  because  of  their  hardness,  wear  resis¬ 
tance  and  load-bearing  capacity.  They  also  have  many 
advantages  over  conventional  hard  coatings  because  of 
their  low  friction  and  lubricating  properties,  which 
allows  the  component  to  be  used  at  high  speed,  lowering 
the  frictional  forces  and  the  temperature.  Under  dry 
conditions  Graphit-iC®  has  a  wear  coefficient  about  ten 
times  lower  than  conventional  hydrogenated  DLC  coat¬ 
ings  and  also  has  a  lower  coefficient  of  friction. 
MoS2-titanium  composite  coatings  are  already  used  to 
improve  the  performance  of  cutting  and  cold-forming 
tools  and  are  beginning  to  be  used  successfully  for  high¬ 
speed  dry  machining.  In  cold-forming  applications  the 
use  of  the  MoS2-titanium  composite  coating  has  allowed 
the  load  applied  during  the  process  to  be  reduced. 
MoS2-titanium  composite  coatings,  in  contrast  to  most 
other  coatings,  have  allowed  either  the  elimination  or 
reduction  of  the  lubricant  quantity  used,  resulting  in  big 
cost  savings,  because  many  tools  used  for  forming 
require  the  old  oil  to  be  cleaned  off  before  they  can  be 
used  again.  Work  in  dry  condition  reduces  this  require- 
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ment.  Considerable  attention  has  been  previously  given 
to  hard  thin  film  characteristics,  as  is  evident  from 
numerous  publications  reported  elsewhere.  A  hard  coat¬ 
ing  under  MoS2"titanium  composite  seems  to  be  the 
best  choice.  The  exact  reasons  are  unknown,  but  the 
improvement  is  probably  associated  with  the  additional 
support  offered  by  the  hard  coating.  Early  tests  on  both 
coatings  indicate  that  they  will  find  many  applications 
in  protecting  engine  and  other  mechanical  components. 
Both  MoS2-titanium  composite  coatings  and 
Graphit-iC®  are  good  candidates  for  a  clean  world 
process,  and  give  greater  productivity  in  machining, 
forming  and  for  components. 
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Abstract 

For  many  product  applications,  plastic  material  needs  to  be  coated  with  transparent  oxide  layers  to  obtain  the  required 
properties  like  permeation  barrier,  abrasion  resistance,  anti-reflection  and  defined  optical  transmission  for  example.  First  of  all, 
outstanding  properties  of  coated  material  are  needed  in  comparison  to  competitive  technologies.  Beyond  this,  acceptable  costs  for 
the  market  are  decisive  for  the  introduction  of  PVD  technologies  into  production.  This  paper  gives  an  overview  of  the  great 
variety  of  applications. 

The  deposition  rate  has  a  strong  influence  on  coating  cost:  the  higher  the  rates,  the  lower  the  cost.High  rates,  especially  for 
deposition  of  oxides,  are  often  considered  as  being  linked  to  poor  layer  quality.  Plasma  activation  of  vapor  is  one  method  to 
obtain  high  rates  and  acceptable  properties.  Hollow  cathode  activated  deposition  process  (HAD)  and  pulsed  magnetron  sputtering 
(PMS)  will  be  explained.  Results  concerning  layer  properties  will  be  depicted.  An  outlook  to  the  future  will  be  derived.  ©  2000 
Elsevier  Science  S.A.  All  rights  reserved. 


Keywords:  Coating  on  plastics;  Dual  magnetron  sputtering  system  (DMS);  Hollow  cathode  activated  deposition  process  (HAD);  Large-area 
deposition;  Pulsed  magnetron  sputtering  (PMS)  process 


1.  Introduction 

In  recent  years,  the  importance  of  coating  plastic 
surfaces  with  oxides  and  nitrides  has  increased.  Typical 
applications  with  economical  importance  for  transparent 
layers  are  barrier  layers  for  packaging  films,  solar  control 
and  low-emissivity  multilayer  systems  for  window  panes 
and  window  films,  and  antiabrasion  layers  on  plastic 
films,  plastic  sheets  and  plastic  parts. 

All  these  applications  require  a  coating  width  of  more 
than  1  m  at  high  quality  and  rather  low  cost.  Low 
coating  costs  call  for  a  high  coating  speed  and  high 
deposition  rates.  For  the  quality  requirements  men¬ 
tioned,  dense  layer  microstructures  and  therefore 
plasma-activated  deposition  processes  are  necessary. 

For  all  applications  mentioned  above,  excellent  per¬ 
formance  of  coatings  are  needed.  The  layer  quality  will 
be  reflected  by  applicatory  properties. 

For  clear  barrier  layers  and  abrasion-resistant  layers, 
dense  microstructures  and  good  adhesion  to  the  plastic 
substrate  are  necessary.  Moreover,  for  abrasion-resistant 
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layers,  a  high  hardness  is  necessary  to  withstand  the 
wear  load. 

Optical  layers  in  a  layer  stack  must  have  a  refractive 
index  close  to  that  of  the  bulk  material,  dense  homogen¬ 
eous  microstructures,  smooth  surfaces,  good  adhesion 
and  low  absorption.  They  have  to  withstand  environ¬ 
mental  influences  like  moisture  and  thermal  cycling. 
Moreover,  the  demand  on  uniformity  allows  a  layer 
thickness  deviation  smaller  than  1-2%  only  for  the 
whole  coated  area. 


2.  Coating  technology  and  basic  properties  of  deposited 
layers 

2. 1.  HAD  —  hollow  cathode  activated  deposition  process 

Fig.  1  shows  the  principle  of  the  plasma-activated 
reactive  evaporation  in  general.  Close  to  the  substrate, 
a  plasma  discharge  is  arranged,  incorporating  the  vapor 
and  reactive  gas  particle  stream.  The  plasma  promotes 
the  chemical  activity  of  condensing  particles,  mainly  by 
excited  particles.  The  ions  will  be  accelerated  towards 
the  substrate  in  the  electrical  field  of  the  plasma  sheath. 
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For  highly  insulating  layers,  the  selFbias  potential  will 
generate  this  field. 

The  HAD  process  is  the  combination  of  a  high-rate 
evaporation  process  and  a  high-density  plasma  using 
the  activation  by  hollow  cathode  low-voltage  electron 
beam  (LVEB).  The  HAD  process  is  applicable  for  the 
coating  of  plastic  films  and  plastic  sheets  as  well. 

The  usage  of  boat  evaporation  is  an  economical  way 
for  reactive  evaporation  of  A1  in  an  industrial  scale. 
Fig.  2  shows  the  boat  evaporator  with  plasma  activation 
in  operation.  The  arrangement  of  the  HAD  process  for 
the  coating  of  plastic  films  by  EB  evaporation  as  an 
another  example  is  depicted  in  Fig.  3  as  a  scheme.  For 
coating  of  wide  webs  or  sheets,  the  hollow  cathode 
plasma  sources  are  arranged  side  by  side  in  a  modular 
way  without  principal  restriction  of  web  width. 

The  very  high  density  of  the  hollow  cathode  plasma 
can  be  explained  by  the  electron  energy  distribution 
function  (EEDF),  which  consists  of  the  Maxwellian 
distribution  of  the  isotropic  electrons  and  the  superim¬ 
posed  group  of  directed  electrons,  called  the  LVEB  [1]. 


Fig.  2,  Reactive  HAD  process  with  an  A1  boat  evaporator. 
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Fig.  3.  Reactive  evaporation  of  A1  and  plasma  activation  by  a  hollow- 
cathode,  low- voltage  electron  beam. 


The  guidance  of  the  plasma  in  a  longitudinal  magnetic 
field  keeps  the  LVEB-electrons  confined  in  the  core 
region  of  the  discharge.  Only  elastic  electron  scattering 
processes  effect  the  expansion  of  the  core  region,  and 
the  plasma  stays  concentrated  in  the  substrate  region. 

The  EEDF  contains  a  large  portion  of  electrons  that 
exceed  the  ionization  energy  of  the  particles  in  the  vapor 
(e.g.  6-13  eV  for  the  species  in  the  aluminum  oxide 
deposition).  Therefore,  a  very  high  plasma  density  in 
the  order  of  10^^/cm^  can  be  achieved.  The  particle 
density  near  to  the  substrate  amounts  to  about 
10^^/cm^  for  the  reactive  evaporation  of  A1  with  a 
deposition  rate  of  100  nm/s. 

The  energy  of  the  tail  in  the  electron  energy  distribu¬ 
tion  that  charges  the  insulating  substrate  determines  the 
self-bias  potential.  A  self-bias  potential  on  the  insulating 
substrate  of  more  than  15V  can  be  derived  from  the 
electron  temperature  in  the  plasma  [2]. 

Corresponding  to  the  ion  current  density,  the  flux  of 
condensing  particles  consists  of  about  30%  ionized  par¬ 
ticles  with  a  relatively  low  kinetic  energy.  Fig.  4  demon¬ 
strates  the  change  in  energy  distribution  of  the 
condensing  particles  by  plasma  activation. 

From  the  deposition  rate,  ion  current  density  and 
self-bias  potential,  it  is  possible  to  estimate  the  mean 
energy  for  the  condensing  particles.  The  ions  improve 
the  condensation  of  dense  layers  in  two  ways.  On  the 


5 


Kinetic  energy  of  condensing  particles  [eV] 

Fig.  4.  Energy  distribution  of  the  condensing  particles  at  the  reactive 
evaporation  of  A1  by  hollow-cathode,  low-voltage  electron  beam 
(LVEB). 
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Without  plasma 

Discharge  current:  1 OOA 

Discharge  current:  200A 

■0ik 

. 

Hardness:  3.2  GPa 

Hardness:  5.2  GPa 

Hardness:  6.3  GPa 

Fig.  5.  Reactive  EB  evaporation  of  aluminum,  plasma  activation  with  hollow-cathode,  low-voltage  electron  beam  (HAD  process).  Deposition  rate: 
100  nm/s. 


one  hand,  the  mean  kinetic  energy  of  the  condensing 
particles  will  be  raised  from  0.2  to  about  6  eV.  This 
enhances  the  mobility  of  the  adatoms  on  the  surface  of 
the  growing  film.  On  the  other  hand,  the  ions  impinge 
perpendicularly  on  the  surface  because  of  their  accelera¬ 
tion  in  the  plasma  sheath,  thereby  avoiding  geometric 
shadowing.  In  contrast,  the  incidence  angles  for  the 
neutral  particles  are  wide-ranged  due  to  scatter  processes 
in  the  dense  vapor.  Oblique  incidence  angles  lead  to 
more  shaded  particles  causing  porosity  in  the  layers. 

The  HAD  process  has  been  developed  primarily  for 
the  deposition  of  AI2O3  and  SiO.^^.  For  Ti02,  the  first 
experiments  have  been  carried  out.  The  static  and 
dynamic  deposition  rates  are  listed  in  Table  1 . 

The  layer  microstructure  is  mostly  influenced  by  the 
mean  kinetic  energy  of  condensing  particles  [3,4]. 
Without  plasma  activation,  the  particle  energy  ranges 
in  the  order  of  only  several  tenths  of  an  electron-volt. 
This  results  typically  in  a  non-dense,  columnar  structure 
that  shows  pronounced  microcracks  on  the  surface  (see 
Fig.  5  left). 

The  microstructure  improves  according  to  the  degree 
of  plasma  activation  that  enhances  the  mean  kinetic 
energy  of  condensing  particles.  Fig.  5  demonstrates  the 
influence  of  the  plasma  activation  on  microstructure 


Tabic  1 

HAD  process:  static  and  corresponding  dynamic  deposition  rates 


Layer 

Static  deposition 

Dynamic  deposition 

material 

rate  (nm/s) 

rate  (nm  m/s) 

AI2O3 

100-150 

30-45 

SiO,. 

200-600 

9-180 

Ti02 

50-80 

15-23 

and  hardness  of  the  layer.  The  hardness  has  been 
measured  by  nanoindentation. 

The  best  layer  quality,  i.e.  a  dense  amorphous  struc¬ 
ture  and  a  smooth  surface,  has  been  achieved  with  the 
highest  degree  of  plasma  activation  at  a  plasma  current 
of  200  A  per  hollow  cathode  that  corresponds  to  the 
parameters  in  Table  1 .  The  hardness  of  the  dense  amor¬ 
phous  layer  amounts  to  6.3  GPa.  More  layer  property 
parameters  can  be  seen  in  Table  2.  The  dense  layers 
exhibit  compressive  stresses  in  the  order  of  only  10  MPa. 
This  is  a  very  low  value  in  comparison  with  other 
deposition  processes  as  sputter  deposition  [5],  where  the 
compressive  layer  stress  varies  from  several  hundred 
megapascals  up  to  the  order  of  several  gigapascals. 

The  low  intrinsic  stresses  in  dense  layers  that  are 
deposited  by  the  HAD  process  can  be  explained  by  the 
relatively  low  energy  of  the  condensing  particles.  The 
energy  distribution  of  the  particles  impinging  the  sub¬ 
strate  consists  of  a  Maxwellian  distribution  of  the  neut¬ 
rals  with  0.3. ..0.7  eV  mean  kinetic  energy  and  of  ions 
with  kinetic  energy  in  the  range  of  15. ..20  eV  (cf.  Fig.  4). 
The  HAD  process  does  not  generate  particles  with  a 
higher  energy,  though  the  mean  energy  of  the  condensing 


Table  2 

Properties  of  AI2O3  layers  by  HAD  process 

Property  Investigation  method  Result 
(equipment) 

Transparency  Optical  spectrometer  Clear,  almost  free  of  absorption 

Structure  SEM,  XRD  Glassy,  dense,  amorphous 

Composition  EDX  AI2O3  0-3.1 

Hardness  Nanoindentation  ca  6  GPa 
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Fig.  6.  Equipment  scheme  sputter  roll  coater  FOSA  600  for  technology  development. 


particles  in  the  HAD  process  is  within  the  typical  range 
of  sputter  deposition.  Contrary  to  the  HAD  process, 
the  energy  distribution  in  sputter  processes  contains  a 
portion  of  particles  with  kinetic  energy  up  to  several 
hundred  electron-volts.  Based  on  the  knowledge  that 
the  bombardment  of  a  growing  layer  with  high-energy 
particles  results  in  compressive  stress,  the  low  stress  of 
the  HAD  process  that  utilizes  low  energetic  ions  is 
understandable. 

2. 2.  PMS — pulsed  magnetron  sputtering  process 

The  PMS  process  with  a  dual  magnetron  sputtering 
(DMS)  system  is  recommended  for  very  high  demands 
on  the  layer  quality.  The  uniformity  of  the  layer  thick¬ 
ness  of  about  1.5%  over  the  total  width  and  the  long 
operation  time  make  this  process  a  preferable  method 
for  the  deposition  of  optical  layers  on  plastic  substrates. 
Table  3  shows  typical  layer  materials  that  have  been 
deposited  by  the  PMS-DMS  process  and  the  corre¬ 
sponding  dynamic  deposition  rates. 

In  the  DMS  system,  two  magnetron  sources  are 
connected  to  a  bipolar  pulse  generator.  Each  magnetron 
alternatively  acts  as  the  cathode  and  the  anode  of 
magnetron  discharge  [6].  This  process  reduces  arcs 
drastically,  and  reactive  sputtering  of  oxides  at  high 
rates  becomes  possible. 


Table  3 

PMS  process:  layer  materials  and  corresponding  dynamic  deposition 
rates 


Layer  material 

Dynamic  deposition  rate  (nm  m/s) 

TiOj 

0.75 

SiOa 

2 

Si3N4 

1 

AI2O3 

1.3 

Fig.  6  shows  the  sputter  roll  coater  of  FEP  for  web 
width  of  600  mm.  This  pilot-scale  machine  for  techno¬ 
logical  development  is  equipped  with  two  cooling  drums, 
six  DMS  coating  stations  and  a  station  for  ion  pretreat¬ 
ment.  Separated  pumped  sections  and  pumped  slots 
between  the  sections  reduce  cross-contamination  to  a 
negligible  minimum.  Typically,  sputtered  particles 
already  have  a  considerably  higher  kinetic  energy  by  the 
nature  of  the  particle  generation  process  than  evaporated 
particles.  The  reactive  sputtering  of  oxides  leads  to 
negatively  charged  oxygen.  Negatively  charged  particles 
will  be  accelerated  in  the  cathode  fall  and  impinge  with 
a  high  energy  on  the  substrate.  Furthermore,  the  mag¬ 
netic  field  lines  in  DMS  system  are  opened  towards  the 
substrate  pushing  plasma  to  the  substrate.  The  periodi¬ 
cally  changing  plasma  potential  temporarily  causes  a 
high  potential  drop  in  the  plasma  sheath,  and  energetic 
ions  impinge  on  the  substrate  surface  [7].  The  mean 
kinetic  energy  of  all  impinging  particles  related  to  the 


Fig.  7.  Dense  Si02  coatings  by  PMS  process.  Hardness:  6  GPa;  depos¬ 
ition  rate:  5  nm/s. 
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Fig.  8.  Taber  abrasion  test  for  HAD-AI2O3  layers. 


—  Absorption  of  4.4  pm  thick  alumina  layer 

—  Spectral  sensivity  for  photopic  vision 


Fig.  9.  Absorption  of  HAD-AI2O3  layers. 


condensing  particles  can  be  estimated  to  about  200... 
300  eV  per  condensing  atom  for  AI2O3  [8].  As  a  result, 
very  dense  layers  with  a  high  hardness  are  deposited. 
The  resulting  compressive  layer  stress  varies  from  several 
hundred  megapascals  up  to  the  order  of  several  gigapas- 
cals.  Fig.  7  depicts  the  SEM  micrograph  of  an  Si02 
layer  with  very  smooth  surface  topography.  The  adhe¬ 
sion  to  substrate  or  sublayer  improves  due  to  surface 


functionalization  resp.  etching  effect  by  energetic  par¬ 
ticles.  Despite  the  presence  of  energetic  particles,  the 
microstructure  stays  amorphous  due  to  the  low  conden¬ 
sation  temperature  necessary  for  plastic  substrates. 


3.  Applicatory  properties  of  coated  plastic  substrates 

The  high  deposition  rate  of  HAD  process  makes  it 
best  suited  for  deposition  of  transparent  abrasion-resis¬ 
tant  layers  and  transparent  barrier  layers  as  well.  For 
both  applications,  the  main  advantages  of  HAD  process, 
the  high  deposition  rate  and  consequent  high  produc¬ 
tivity  and  low  coating  cost,  are  essential,  and  a  layer 
thickness  uniformity  of  ±5-10%  is  usually  sufficient. 

For  optical  coatings,  the  requirements  for  layer  qual¬ 
ity  with  respect  to  density,  adhesion  and  uniformity  are 
very  high  [9].  Demands  for  a  thickness  deviation  less 
than  than  2%  make  sputtering  mandatory  for  coating 
optical  layers  on  large  areas.  For  that  purpose,  the  best 
results  regarding  quality  and  economy  as  well  can  be 
achieved  by  using  DMS  sputter  systems.  Although 
HAD-deposited  barrier  layers  already  have  very  good 
properties  related  to  the  requirements  of  food  packaging, 
the  demands  on  transparent  barriers  for  fiat  panel 
application  are  much  higher.  Such  requirements  can  be 
fulfilled  by  DMS-sputtered  oxide  layers.  The  essential 
lower  productivity  of  sputtering  results  in  a  distinctively 
higher  coating  cost,  which  can  be  accepted  for  such 
special  applications. 

3. 1.  Abrasion-resistant  layers 

Besides  the  high  hardness  of  the  deposited  amor¬ 
phous  AI2O3  layers  that  meets  the  hardness  of  bulk  float 
glass  material,  the  layers  show  a  very  good  adhesion  to 
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Fig.  10.  Pcimeatioii  of  Al.O,  barrier  layers  produced  by  different  coating  technologies  and  their  typical  kinetic  energy  of  impinging  particles. 
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Fig.  11.  Multilayer  stack  for  greenhouse  film. 


the  polyester  film  without  any  additional  pretreatment. 
The  result  is  an  excellent  performance  of  abrasion 
resistance  for  layers  thicker  than  2  pm  in  the  Taber  test, 
whereas  the  4  pm  layers  deposited  without  a  plasma 
perform  poorly  due  to  the  lack  of  layer  density  (see 
Fig.  8).  Furthermore,  the  transparency  of  the  coating  is 
excellent.  The  absorption  in  the  range  of  the  visible  light 
is  almost  zero  (Fig.  9). 

3.2.  Barrier  layers 

The  demands  on  transparent  barrier  layers  for  food 
packaging  are: 

•  high  degree  of  transparency; 

•  oxygen  transmission  rate  (OTR): 

<  5  cm^/m^  •  d  •  bar; 

•  water  vapor  transmission  rate  (WVTR): 
<1  g/m^-d. 

In  principle,  the  main  demands  on  transparent  barrier 
layers  can  be  fulfilled  by  optimized  process  without 
plasma  activation.  The  plasma  activation  by  hollow 
cathode  LVEB  improves  and  stabilizes  the  barrier  prop** 
erties,  and  the  permeation  barrier  can  be  obtained  even 
with  some  surplus  of  oxygen  flow.  It  is  not  necessary  to 
stay  within  a  narrow  process  window  as  with  a  pure 
reactive  process.  This  results  in  totally  clear  barrier 


layers  obtained  with  no  decrease  in  high  productivity 
(Fig.  10). 

An  essential  improvement  of  barrier  properties  by 
more  than  one  order  of  magnitude  can  be  achieved  by 
usage  of  the  PMS  process.  The  lower  deposition  rate 
and  higher  layer  thickness  reduce  the  productivity,  but 
excellent  permeation  barrier  properties  can  be  achieved. 
OTR  0.08  cmVm"-d- bar  and  WVTR  0.017  g/m^-d 
makes  the  layer  best  suited  as  high  barrier  layers  for 
display  application.  The  improvement  in  barrier  proper- 
ties  is  linked  with  an  increase  of  mean  particle  energy 
of  the  condensing  particles  (Fig.  10).  Furthermore,  the 
stability  of  permeation  barrier  against  elongation  of  the 
substrate  film  increases  with  plasma  activation  [10].  A 
higher  particle  energy  results  in  denser  microstructures 
and  an  improved  adhesion. 

3.3.  Coatings  for  optical  applications 

Typical  applications  of  thin  films  deposited  by  sput¬ 
tering  on  plastic  web  are  production  of  anti  reflective 
(AR)  films  for  CRTs  or  low  e-films  for  windows, 
greenhouse  film  and  bandpass-edge  filters.  These  films 
typically  utilize  layer  stacks  comprising  Si02  as  a  low 
refractive  index  layer  and  Ti02  as  a  high  refractive  index 
layer.  Fig.  1 1  shows  an  example  of  an  multilayer  stack 
of  Si02  and  Ti02  as  interference  edge  filter  for  green¬ 
house  applications  (see  transmission  spectrum  Fig.  12). 
Plant  growth  is  promoted  by  keeping  outside  near-infra¬ 
red  radiation.  This  type  of  coating  produced  by  the 
PMS  process  has  been  used  on  an  industrial  scale. 


4.  Summary  and  outlook 

The  main  fields  of  application  for  PVD  coatings  on 
plastic  material  and  on  large  areas  are  barrier  layers, 
abrasion-resistant  layers  and  layers  with  an  optical 
function.  The  applicatory  properties  depend  strongly  on 
the  layer  quality.  It  has  been  shown  that  very  dense 
layers  can  be  deposited  by  HAD  and  PMS  processes  as 


Fig.  12,  Greenhouse  film  transmission  spectrum. 
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well  as  by  using  plasma  activation.  The  microstructure 
of  these  layers  with  smooth  surface  topography  remains 
amorphous  due  to  the  low  condensation  temperature 
restriction.  The  choice  for  the  right  technology  has  to 
consider  the  demand  on  layer  quality  and  on  deposition 
cost  as  well.  HAD  as  a  high-rate  process  can  be  success¬ 
fully  applied  for  coating  transparent  abrasion-resistant 
layers  and  barrier  layers  for  food  packaging.  For  the 
deposition  of  optical  layers  and  high-barrier  layers,  the 
PMS  process  by  the  DMS  system  is  superior  due  to  a 
higher  kinetic  energy  per  particle  and  very  low  thickness 
uniformity  deviation  below  2%. 

The  application  examples  shown  above  can  also  be 
applied  to  coating  of  plastic  sheets. 
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Abstract 

An  experimental  study  of  silver-copper  alloys  condensation  with  a  composition  entering  a  liquid-solid  domain  of  the  phase 
diagram  is  presented.  The  vapour  beams  were  produced  by  two  effusion  cells  heated  by  tungsten  resistors  and  condensed  on  a 
tilted  molybdenum  substrate,  regulated  in  temperature.  Condensation  durations  were  chosen  to  study  the  successive  stages  of  the 
film  formation.  The  microstructures  of  the  quenched  condensates  showed  that  the  mechanisms  were  similar  in  the  case  of  copper 
rich  and  silver  rich  domains.  At  the  beginning,  droplets  of  condensation  formed.  The  surface  covered  with  the  alloy  increased 
with  time.  Later  on,  coalescences  of  droplets  were  observed  and  a  film  was  established.  Both  droplets  and  film  contained  solid 
particles  whose  morphology  was  nodular.  The  average  nodule  radius  and  the  number  density  of  particles  in  the  film  were 
determined  by  image  analysis.  It  was  demonstrated  that  the  cube  of  the  average  particle  radius  grew  with  time  and  that  the 
number  density  of  crystals  was  inversely  proportional  to  time.  These  results  were  in  good  agreement  with  the  Ostwald  ripening 
law.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Condensation;  Crystal  growth;  Flow;  Silver-copper  alloys;  Solidification 


1.  Introduction 

In  the  uranium  enrichment  process  atomic  vapour 
laser  isotopic  separation  (SILVA),  the  vapour  of  an 
uranium  alloy  is  collected  on  substrates.  The  main 
purpose  of  our  work  was  to  study  the  condensation  and 
the  flow  of  the  alloy  when  its  composition  enters  a 
solid-liquid  domain  of  the  phase  diagram.  The  silver- 
copper  alloy  was  chosen  as  a  model  for  the  uranium 
alloy.  Silver  and  copper  vapour  beams  were  produced 
by  two  effusion  cells  heated  by  tungsten  resistors,  and 
condensed  on  a  tilted  molybdenum  substrate  regulated 
in  temperature.  The  alloy  composition  on  the  substrate 
was  regulated  by  fixing  the  two  furnaces  temperatures. 
In  this  paper,  the  successive  stages  of  the  film  formation 
and  the  growth  of  the  solid  phase  in  the  film  were 
studied. 
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2.  Experimental 

2.1.  Experimental  procedure 

The  experimental  equipment  for  co-evaporation  of 
the  two  metal  vapours  is  shown  in  Fig.  1. 

Knudsen  cells  ((^ceii  =  2  cm,  /^^eii  =1.6  cm,  Fhoie  = 
2.5  mm)  containing  silver  and  copper  were  heated  by 
tungsten  resistors,  tilted  at  14,5°  from  the  vertical.  A 
molybdenum  substrate  (5.5  x  5.5  x  0.2  cm),  tilted  at  45° 
from  the  vertical,  was  placed  at  a  distance  of  16  cm 
from  the  vapour  sources  and  was  regulated  in  temper¬ 
ature.  The  temperatures  of  both  cells  and  substrate  were 
measured  by  thermocouples.  The  vacuum  in  the  evapo¬ 
ration  chamber  was  about  10“^-10“^  Torr  during  the 
experiment.  Prior  to  the  experiment,  the  substrate  was 
etched  with  an  acid  solution  (HF,  HNO3,  CH3COOH, 
H3PO4)  in  order  to  remove  surface  contamination. 

At  the  beginning  of  the  experiment,  shutters  were 
placed  above  the  cells  and  the  source  temperatures  were 
allowed  to  reach  their  steady  value.  Next,  the  element 
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Substrat  e 


Fig.  1.  Experimental  equipment. 

vapour  fluxes  were  measured  with  a  piezoelectric  quartz 
crystal  microbalance  (placed  at  a  distance  of  11.2  cm 
from  the  vapour  sources)  and  the  temperatures  of  both 
cells  were  regulated  to  have  the  right  vapour  composition 
and  flux.  The  incident  vapour  fluxes  on  the  center  of 
the  substrate  were  of  the  order  of  2  x 
lO^'^-lO”’  g  h"^  cm“^.  Then,  the  shutters  were  removed 
simultaneously  and  the  substrate  was  exposed  to  the 
vapour.  During  condensation,  in  situ  observations  were 
made  with  a  video  camera.  When  the  condensation  time 
was  over,  the  shutters  were  again  placed  above  the  cells 
and  the  condensate  was  quenched  with  nitrogen  gas 
circulating  into  the  substrate  support  (the  cooling  rate 
was  of  the  order  of  2''C/s).  Finally,  the  element  vapour 
fluxes  were  checked  a  second  time  with  the  piezoelectric 
quartz  crystal  microbalance  before  decreasing  the  heater 
temperatures. 

After  quenching,  surface  and  cross-sections  of  speci¬ 
men  were  observed  by  optical  microscopy  and  scanning 
electron  microscopy  (SEM). 

2. 2.  Experimen tal  conditions 

Both  solid-liquid  domains  of  the  phase  diagram  were 
investigated:  [liquid  +  copper]  and  [  liquid  +  silver] 
(Fig.  2). 

Condensation  durations  ranging  from  five  to  75  min 
were  chosen  to  study  the  successive  stages  of  the  film 
formation.  The  cell  temperatures,  mass  deposited, 
average  composition  and  condensation  time  are  listed 
in  Table  1.  In  all  the  tests,  the  alloy  was  collected  on  a 
molybdenum  substrate  regulated  at  a  temperature 


Atomic  fraction  of  copper 

Fig.  2.  Phase  diagram  of  the  silver-copper  alloy. 

around  810°C,  just  above  the  eutectic  temperature 
(779°C). 


3.  Results  and  discussion 

3.  L  Successive  stages  of  the  film  formation 

Microstructures  were  observed  on  the  quenched  con¬ 
densates  for  successive  stages  of  film  formation  both  in 
the  copper  rich  and  in  the  silver  rich  domains  of  the 
phase  diagram  (Fig.  3). 

The  local  solid  fraction  during  condensation  before 
quenching  was  deduced  from  these  quenched  micro¬ 
structures.  According  to  the  phase  diagram,  from  810°C 
primary  solid  fractions  of  silver  and  copper  formed 
during  cooling  were  equal,  respectively  to  30  and 
12  vol.%.  The  cooling  rate  being  in  the  order  of  2°C/s 
and  the  solidification  interval  around  30°C,  the  expected 
secondary  arm  spacing  of  dendrites  formed  during  the 
quench  was  around  10  pm.  Measured  secondary  spac- 
ings  were  in  fact  even  lower  (a  few  pm).  So,  areas 
(droplet  or  film)  including  dendrites  corresponded  to 
condensates  which  were  completely  liquid  during  con¬ 
densation.  On  the  contrary,  all  the  crystals  having  a 
nodular  shape  and  a  size  larger  or  equal  to  10  pm  were 
present  during  the  experiment.  The  excess  solid  depos¬ 
ited  during  the  quench  then  appeared  as  festoons  in  the 
case  of  silver,  but  was  not  visible  in  the  case  of  copper. 
In  case  of  the  [copper -h  liquid  ]  domain,  it  was  also  rare 
to  observe  dendritic  crystals  of  copper  near  the  nodules. 
It  could  be  assumed  that  the  solid  deposited  during  the 
quench  nucleated  on  the  nodules. 

The  successive  stages  of  the  film  formation  were 
equivalent  in  the  two  [liquid-solid]  domains  of  the 
phase  diagram. 

Initially,  droplets  of  condensation  formed  on  the 
substrate.  They  contained  nodular  crystals.  Most  of 
them  were  in  contact  with  the  substrate,  even  in  the  case 
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Table  1 

Experimental  conditions  of  alloy  condensations 

Test  Domain  Tc„(°C)  Mass  deposited  (g)  Average  composition  (at.%Cu)  Condensation  time  (min) 

1  [liq  +  Cii]  1750  1427  810 

2  [liq  +  Cu]  1739  1500  810 

3  [liq  +  Cu]  1750  1500  809 

4  [liq  +  Cu]  1750  1500  810 

5  [liq  +  Ag]  1715  1500  817 

of  silver  where  the  density  of  the  solidus  is  higher  than  copper  rich  alloy,  the  nodules  tend  to  agglomerate 

the  density  of  the  liquidus.  Heterogeneous  nucleation  against  the  substrate,  by  a  gravity-dependent  effect, 

on  the  substrate  was  assumed.  With  time,  the  droplets  because  their  density  is  lower  than  the  density  of  the 

grew  and  some  coalescences  occurred.  After  a  while,  the  liquid  phase.  On  the  contrary,  in  the  case  of  the  silver 

film  formed.  In  a  previous  paper  [1],  we  showed  that  rich  alloy  the  solid  is  heavier  than  the  liquid.  So,  the 

the  film  forms  more  quickly  in  the  presence  of  solid  nodules  tend  to  agglomerate  at  the  film  surface, 

particles  in  contact  with  the  substrate  and  that  a  correla¬ 
tion  exists  between  the  time  of  film  formation  and  the  3.2.  Growth  of  the  solid  phase  in  the  film 
solid  fraction  in  the  alloys:  the  time  of  film  formation 

decreased  when  the  solid  fraction  in  the  alloy  increased.  3.2.1.  Experimental  results 

No  film  was  ever  formed  in  the  purely  liquid  areas.  In  the  following,  we  study  the  evolution  of  the  size 

In  tests  3  to  5,  flows  of  alloy  were  observed.  A  roll  and  the  density  of  crystals  as  a  function  of  the  duration 

formed  in  the  bottom  of  the  sheet.  In  the  case  of  the  of  their  stay  in  the  film.  Observation  of  the  substrate 
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with  the  video  camera  during  the  condensation  process 
showed  that  the  film  formed  almost  instantly  in  the 
bottom  of  the  substrate,  where  the  vapour  fluxes  were 
the  most  important.  So  we  can  consider  that,  in  those 
parts  of  the  substrate,  the  duration  of  the  stay  of  crystals 
in  the  film  was  equal  to  the  condensation  duration.  So 
measurements  of  the  size  and  number  density  of  particles 
were  made  for  tests  2  to  5  in  those  areas. 

To  measure  the  mean  particle  radius,  several  micro¬ 
graphs  were  taken  on  cross-sections  of  the  condensates. 
On  each  micrograph,  the  total  surface  occupied  by  the 
solid  phase  and  the  number  of  nodules  were  measured. 
The  solid  surface  measured  on  each  micrograph  included 
the  solid  surface  formed  during  the  quench.  So,  a 
correction  was  made  to  obtain  the  total  surface  occupied 
by  the  solid  phase  during  the  condensation.  By  dividing 
this  total  solid  surface  by  the  number  of  nodules,  and 
by  assuming  that  the  crystals  were  spherical,  we  could 
deduce  the  mean  particle  radius  on  each  micrograph 
and  in  the  total  film. 

To  measure  the  number  density  of  crystals,  some 
parts  of  the  film  were  polished  superficially  to  reveal  the 
solid  particles.  Then  micrographs  of  the  polished  film 
surface  were  taken.  An  example  is  shown  in  Fig.  4.  By 
image  analysis,  we  obtained  the  number  density  of 
crystals  per  cm^.  The  areas  analysed  contained  between 
200  and  400  crystals.  Finally,  the  number  density  of 
crystals  per  cm^  was  deduced  by  dividing  the  number 
density  of  crystals  per  cm^  by  the  thickness  of  the  film 
measured  on  cross-sections  of  the  condensates. 

The  experimental  radius  and  number  density  of  crys¬ 
tals  are  shown  in  Table  2.  In  tests  2,  3  and  4,  where  the 
concentrations  of  the  deposit  were  very  close  and  the 
duration  of  experiment  increased,  the  crystals  size  was 
seen  to  increase  with  time.  Simultaneously,  an  important 
decrease  in  density  was  observed  (compare  test  2  to  test 
4).  This  indicates  that  the  fluxes,  exchanged  between 
the  solid  and  the  liquid  phases  by  a  ripening  mechanism, 
dominated  the  solidification  flux  due  to  the  supply  from 
the  vapour.  Fig.  5  shows  that  the  cube  of  the  average 
particle  radius  is  proportional  to  time  and  that  the 


Fig.  4.  Polished  surface  of  the  film  (in  the  case  of  copper). 


Table  2 

Calculated  and  experimental  radius  and  number  density  of  crystals 


Test 

Number  density  (nodules  m 

Mean  radius  (pm) 

Experimental 

Ostwald  law 

Experimental 

Ostwald  law 

2 

4.5x10'^ 

9.9  X  10“* 

9.5±1 

11.5 

3 

8.5  X  10’^ 

1.7x  10“* 

14.7±2.4 

15.2 

4 

3.5  X  iO"’ 

5.5xl0‘^ 

19  +  2.1 

20.7 

5 

1  xl0‘^ 

1.9x10*^ 

55.2  +  6.3 

42.2 

density  of  particles  is  inversely  proportional  to  time. 
This  is  analysed  in  more  detail  below. 


3.2.2.  Discussion 

We  consider  the  case  where  the  sites  of  nucleation 
are  sufficiently  numerous  and  so  cannot  be  the  factor 
which  limits  the  density  of  solid  particles.  Then,  the 
ripening  of  crystals  leads  to  the  elimination  of  a  few 
crystals.  Indeed  in  conventional  solidification,  that  is  to 
say  in  an  isolated  system,  we  can  distinguish  the 
following  successive  stages:  nucleation,  spherical  growth, 
dendritic  growth,  ripening  of  the  dendrites  until  they 
become  spheres,  and  finally  continuation  of  the  ripening 
by  reduction  of  the  number  of  spherical  crystals.  In  that 
case,  the  growth  of  the  solid  phase  (namely,  the  increase 
of  the  total  solid  fraction)  stops  when  the  initial  sursatur- 
ation  of  the  liquid  phase  is  consumed  (i.e.  at  the  end  of 
the  dendritic  growth  stage).  On  the  other  hand,  in 
condensation  growth  is  maintained  by  the  supply  of 
material  to  solidify  from  the  vapour  phase.  However,  in 
small  time  scales  this  constant  flux  is  exceeded  by  the 
flux  due  to  a  ripening  mechanism,  this  one  being 
inversely  proportional  to  time.  Thus,  there  will  exist  a 
time  interval  after  the  nucleation  where  the  Ostwald 
ripening  overcomes  the  growth  from  the  vapour  phase. 
In  this  interval,  the  growth  law  of  the  mean  particles 
radius  r  can  be  described  by  the  Ostwald  law.  For  a  low 
volume  fraction  of  solid  particles  in  a  bulk  liquid  alloy, 
this  is  written  [2]: 


r  —Vq- 


8 

9 


DF 


~  Q) 


(t-to), 


(1) 


where:  D  is  the  diffusion  coefficient;  F  is  the  capillary 
constant  related  to  the  local  undercooling  AT,  and  the 
curvature,  k  by:  [AT==Fk];  is  the  liquidus  slope;  Cl 
and  Cs,  respectively,  represent  the  composition  of  the 
liquidus  and  the  composition  of  the  solidus;  and 
(t  —  to)  is  the  duration  of  the  stay  of  crystals  in  the  film. 

In  principle,  the  coarsening  rate  increases  with  the 
volume  solid  fraction  [2].  But,  in  our  case,  the  confining 
of  solid  crystals  may  lead  to  a  slowing  down  of  the 
ripening  process,  especially  for  the  largest  volume  solid 
fractions,  where  the  liquid  layer  covering  the  crystals 
becomes  very  thin. 

If  we  assume  that  the  solid  fraction  /s  is  constant  and 
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Fig.  5.  Experimental  radius  and  number  density  of  crystals  vs.  time. 


equal  to  the  value  given  by  the  phase  diagram,  we  have: 
4n 

fs=^jr^Ny,  (2) 

where  Ny  is  the  volumic  density  of  solid  particles. 

Thus,  we  obtain  for  the  variation  of  Ny  with  time: 

1  1  32  Dr 

- =  —  n - (3) 

Ny^  27  fsm^C^-Cs) 

For  most  metals,  r  is  of  the  order  of  10“^  Km  [3]. 
Some  values  are  available  in  the  literature  for  the  silver- 
copper  system.  For  a  silver  rich  liquid,  T=1.6x 
10“^  Km  [4].  Near  the  eutectic,  r—2.5  x  10“®  Km  [5]. 
The  diffusion  coefficient  D  is  equal  to  2  x  10"^  m^  s“^  [4]. 

In  our  case,  to  is  the  time  of  film  formation  and  we 
have  ro«r  and  Ny^»Ny  as  indicated  by  the  values  of 
these  quantities  in  the  regions  where  the  film  has  not 
yet  been  formed. 

The  values  of  r  and  Ny  calculated  for  tests  2  to  5 
using  Eqs.  1  and  3  are  compared  with  experimental 
results  in  Table  2.  They  are  in  the  same  order  of  magni> 
tude.  Thus,  the  Ostwald  ripening  law  gives  a  good 
approximation  of  the  variation  of  the  particle  radius 
and  the  number  density  of  crystals  as  a  function  of  the 
duration  of  the  stay  of  crystals  in  the  film. 


4.  Conclusion 

In  the  present  experimental  study,  silver-copper 
alloys  with  a  composition  entering  a  liquid-solid  domain 
of  the  phase  diagram  were  condensed  on  molybdenum 
substrates.  The  successive  stages  of  the  film  formation 
were  equivalent  in  the  two  liquid-solid  domains.  First, 
droplets  of  condensation  formed.  They  contained  nodu¬ 
lar  crystals,  most  of  which  were  in  contact  with  the 
substrate.  Heterogeneous  nucleation  on  the  substrate 
was  assumed.  With  time,  the  droplets  grew  and  then  a 
film  formed.  In  the  film,  the  Ostwald  ripening  process 
overcame  the  growth  from  the  vapour  phase.  Thus,  the 
cube  of  the  average  particle  radius  grew  with  time  and 
the  number  density  of  crystals  was  inversely  propor¬ 
tional  to  time. 
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Abstract 

Resputtering  phenomena  play  an  important  role  in  the  growth  of  carbon  nitride  films  assisted  with  low  energy  N2^  ions. 
films  [x  ranging  between  0  and  0.6,  as  determined  by  Auger  electron  spectroscopy  (AES)]  have  been  prepared  by  dual  ion  beam 
sputtering  and  characterized  by  several  techniques  [AES,  Rutherford  backscattering  (RBS),  Fourier  transform  infrared  (FT-IR), 
transmission  electron  microscopy  (TEM),  transmission  electron  diffraction  (TED)].  In  this  work  we  have  estimated  the  resputtering 
yields  of  carbon  and  nitrogen  atoms  in  terms  of  the  deposition  rate  and  the  surface  composition,  as  determined  by  AES  depth 
profiling  and  RBS  measurements.  Carbon  resputtering  yield  in  the  order  of  0.3  carbon  atoms  per  incident  N2^  ions  and  nitrogen 
re-emissions  higher  than  90%  are  obtained.  A  threshold  is  found  for  the  arrival  rate  ratio  (ARR)  of  ions  to  C  atoms  of  about 
3.0.  Higher  values  of  ARR  will  inhibit  the  growth  of  the  film.  The  influence  of  the  energy  of  assistance  and  the  electric  properties 
of  the  substrates  in  the  resputtering  process  are  also  discussed.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  AES  depth  profiling;  Carbon  nitride:  Chemical  resputtering;  Dual  ion  beam  sputtering;  Resputtering  yields 


L  Introduction 

The  search  for  the  promising  P-C3N4  phase  proposed 
by  Liu  and  Cohen  [  1  ]  has  generated  many  efforts  in  the 
preparation  of  carbon  nitride  films.  Several  techniques 
of  synthesis  have  been  used,  however,  all  the  approaches 
have  shown  great  difficulties  in  incorporating  nitrogen 
to  the  desired  level.  In  particular,  plasma  vapour  depos¬ 
ition  (PVD)  methods  show  a  limit  of  around  45%  for 
atomic  nitrogen  [2].  Chemical  resputtering  due  to  the 
formation  of  volatile  compounds  has  been  proposed  to 
explain  the  difficulties  of  growing  films  with  higher 
nitrogen  concentrations  and  significant  thickness  [2-4], 
nevertheless  not  many  works  have  tried  to  estimate  the 
resputtering  mechanisms. 

Although  the  films  do  not  have  the  required  stoichi¬ 
ometry,  their  mechanical  properties  have  technological 
interest  for  the  possibility  of  application  as  hard  and 
wear  resistant  coatings  [5,6].  For  these  applications  it  is 
necessary  that  coatings  reach  sufficiently  high  values  of 
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thickness.  From  this  point  of  view,  the  quantification  of 
the  resputtering  mechanisms  has  practical  interest,  since 
it  can  give  information  about  the  growth  rates  and 
thickness  attainable. 


2.  Experimental 

The  films  have  been  prepared  on  Si  (100)  and  KCl 
substrates  in  a  dual  ion  beam  sputtering  system  (DIBS) 
at  a  base  pressure  of  10~^  Pa.  The  system  has  two  ion 
sources.  The  first  one,  a  3  cm  Kaufmann-type,  is  used 
to  sputter  a  4"  graphite  target  (99.999%  purity)  with 
inert  Ar"^  ions  at  an  angle  of  incidence  of  45°.  The 
second  one,  an  end-Hall  ion  source,  is  used  to  simulta¬ 
neously  bombard  the  substrates  with  reactive  N;^  ions 
in  order  to  supply  nitrogen  to  the  growing  film.  This 
reactive  assistance  is  made  at  60°  off  normal  of  the 
substrates.  The  substrates  were  rotated  at  2  rpm  to 
increase  homogeneity,  and  kept  at  200°C  during  the 
deposition  time  (5h  for  all  the  samples).  The  temper¬ 
ature  of  the  substrates  was  determined  with  an 
iron/constantan  thermocouple  located  in  the  metallic 
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body  of  the  sample  holder,  at  3  cm  from  the  substrates. 
One  of  the  advantages  of  this  system,  in  relation  to 
other  deposition  methods  like  magnetron  sputtering,  is 
the  possibility  of  independent  control  of  the  carbon  flux, 
coming  from  the  Ar"^  sputtering  of  the  graphite,  and 
the  nitrogen  flux,  coming  from  the  N2  assistance.  The 
sputtering  and  assistance  conditions  are  summarized 
in  Table  1 . 

The  surface  composition  of  the  samples  grown  on  Si 
and  KCl  was  determined  by  Auger  electron  spectroscopy 
(AES)  and  some  additional  X-ray  photoelectron 
spectroscopy  (XPS)  measurements.  Both  were  per¬ 
formed  ex  situ,  after  a  short  exposure  to  atmosphere,  in 
a  PHI-3027  spectrometer  equipped  with  a  double  pass 
CMA  using  3  keV  electrons  and  Mg  Kot  radiation  {hv  = 
1253.6  eV),  respectively.  Sensitivity  factors  from  the 
manufacturer  were  used  to  determine  the  compositions. 
FT-IR  spectra  were  obtained  on  KCl  substrates  in  a 
Bruker  IFS66V  FTIR  spectrometer  between  7000  and 
560  cm  with  a  resolution  of  4cm“h  A  previously 
collected  spectrum  of  pure  KCl  substrate  was  used  as 
reference.  The  morphology  and  structure  of  the  films 
grown  on  KCl  substrates  have  also  been  studied  by 
transmission  electron  microscopy  (TEM)  and  transmis¬ 
sion  electron  diffraction  (TED)  measurements  that  have 
been  performed  in  a  JEOL  JEM-2000FXII  microscope 
operating  at  200  kV.  This  microscope  is  provided  with 
an  energy  dispersive  X-ray  analysis  system  (EDX), 
LINK  QX200  to  obtain  information  about  composition. 
The  thicknesses  were  obtained  with  AES  depth  profiling 
combined  with  the  external  calibration  provided  by 
Rutherford  backscattering  (RBS)  measurements.  AES 
depth  profiles  were  made  with  2  keV  Ar  ions  rastered 
over  an  area  of  2  mm  x  2  mm.  The  KLL  Auger  peaks 
of  C,  N  and  O,  as  well  as  Si  LMM,  were  monitored  as 
a  function  of  sputtering  time.  RBS  experiments  were 
carried  out  using  a  He  beam  of  2  MeV  and  the  scattered 
ions  were  detected  at  165°.  Random  and  channelling 
geometries  were  used,  the  latter  providing  better  reso¬ 
lution  for  the  determination  of  the  light  element  amounts 
since  it  diminishes  the  background  signal  due  to  the 
silicon  substrate. 


3.  Results  and  discussion 

3J.  Characterization  of  the  samples 

In  order  to  make  easier  the  analysis  of  the  results, 
the  samples  were  deposited  keeping  constant  the  sputter¬ 
ing  parameters,  so  that  the  flux  of  carbon  atoms  arriving 
at  the  growing  film,  total  deposition  time 

were  the  same  for  all  samples.  The  only  parameter  that 
was  changed  from  one  sample  to  another  was  the  N2 
flux,  although,  in  order  to  achieve  the  different  values 
of  the  N  2  flux,  small  changes  were  also  required  in  the 
energy  of  these  ions.  The  first  three  columns  of  Table  1 
show  these  deposition  parameters.  The  value  of  Jq  has 
been  deduced  from  the  thickness  of  the  non-assisted 
film,  i.e.  amorphous  carbon  film,  the  deposition  time 
and  the  density  of  graphite  (2.26  g/cm^)  [7].  The  values 
of  and  E  were  obtained  from  the  current  density 
specifications  of  the  ion  gun  and  the  assumption  that 
most  of  the  nitrogen  ions  generated  in  the  ion  source 
are  N2  instead  of  N  . 

The  flux  of  C  atoms  coming  from  the  target  and 
arriving  at  the  substrate  (first  column),  and  the  flux  of 
N2^  coming  from  the  assisting  gun  and  arriving  at  the 
substrates,  can  be  combined  in  a  magnitude,  called  ARR 
(arrival  rate  ratio)  and  shown  in  the  fourth  column  of 
Table  1.  The  ARR  is  the  number  of  ions  that  arrive 
at  the  growing  film  per  C  atom  that  reaches  the  film. 
This  parameter  does  not  take  into  account  the  effect  of 
the  ion’s  energy.  Nevertheless,  due  to  the  fact  that  the 
range  of  energies  employed  is  not  very  high  (55-87  eV), 
this  effect  was  eliminated  from  the  discussion,  although, 
as  will  be  discussed  later  on,  it  has  some  measurable 
influence  on  the  results. 

The  two  remaining  columns  present  the  thickness  and 
the  surface  composition  of  the  films.  The  thickness  was 
determined  with  AES  depth  profiling  of  the  films  grown 
on  Si(lOO)  substrates.  All  the  samples  were  subjected  to 
AES  depth  profiles  under  the  conditions  explained  pre¬ 
viously.  The  time  required  to  reach  the  film/substrate 
interface  was  measured  monitoring  the  CKLL,  NKLL 
and  Si  LMM  signals.  The  film/substrate  interface  was 


Table  I 

Sputtering  and  assistance  fluxes,  energy  of  assistance,  arrival  rate  ratio,  thickness  and  N/C  atomic  ratio  of  the  films 


Sample 

Jc  (C  atoms/cm^  s) 

/n  (N2  ions/cm^  s) 

£(eV) 

ARR  (N^  ions/C  atoms) 

Thickness  (nm) 

A/C  (AES) 

AO 

1.52x10“' 

0 

0 

0 

243 

0.00 

Al 

1.52x10'“' 

1.9x  10“' 

55 

1.2 

143 

0.23 

A2 

1.52  X  10“' 

3.4  X  10'“' 

65 

2.3 

55 

0.30 

A3 

1.52  X  10'“' 

4.1  X  10“' 

71 

2.7 

26 

0.41 

A4 

1.52  X  lO''' 

4.5  X  10“' 

73 

3.0 

13 

0.64 

A5 

1.52x10“' 

4.8  X  10'“' 

76 

3.2 

1 

0.81 

A6 

1.52x10'“' 

5.2  X  10'“' 

87 

3.4 

2 

- 
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defined  as  the  point  in  the  profile  at  which  the  decay  of 
the  intensity  of  the  C  and  N  signals  (or  the  increase  in 
the  Si  signal)  was  in  an  equidistant  position  from  the 
steady  state  parts  of  the  profile.  Once  these  etching 
times  were  determined,  an  external  calibration  was 
needed  to  translate  these  values  to  thickness  in  nanome¬ 
tres.  To  do  this  conversion  one  of  the  samples,  A3,  was 
measured  with  RBS.  The  atomic  areal  density  obtained, 
280  X  10^^  atoms/cm^,  was  used  to  obtain  the  thickness 
just  dividing  by  the  atomic  volume  density  p.  This  value 
was  provided  by  a  bibliography  search.  Rossi  et  al,  [8] 
have  measured  a  density  of  2.3  g/cm^  for  a  sample 
grown  with  the  same  preparation  method  and  a  com¬ 
position  similar  to  that  of  sample  A3.  The  thicknesses 
obtained  have  been  depicted  as  a  function  of  the  ARR 
in  Fig.  1,  together  with  the  N/C  atomic  ratio. 

The  N/C  atomic  ratio,  presented  in  the  last  column 
of  Table  1,  was  determined  by  AES  measurements  of 
the  surface  of  the  samples  grown  on  Si (100)  substrates. 
The  N/C  compositions  are  shown  in  Fig.  1  versus  the 
corresponding  ARR  values.  The  N/C  composition  of 
sample  A6  is  not  presented  due  to  the  fact  that  it  has 
high  concentration  of  metallic  impurities  (20%  as  stated 
by  XPS  measurements).  The  origin  of  this  contamination 
is  the  sputtering  that  takes  place  in  the  discharge  cham¬ 
ber  of  the  assistance  ion  gun  when  it  works  at  the  high 
power  regime  needed  to  obtain  high  ARR  values. 

The  conclusion  that  can  be  obtained  from  Fig.  1  is 
that  the  increase  of  the  assistance  conditions,  i.e.  ARR, 
leads  to  the  increase  of  the  nitrogen  concentration  of 
the  sample  and  to  the  progressive  thinning  of  the  films. 
As  Jc  is  kept  constant,  the  only  explanation  to  this 
thinning  is  the  existence  of  resputtering  processes  that 
remove  material  from  the  growing  film  and  slow  down 
the  growth  rate.  In  fact,  Fig.  1  shows  that  values  of 
ARR  higher  than  3.0  completely  inhibit  the  growth  of 
the  film.  The  high  N  concentrations  in  the  thinner  films 
are  associated  with  the  nitridation  of  the  silicon  substrate 
that  can  be  detected  by  AES  since  the  probing  depth  is 
in  the  order  of  the  thickness  of  these  films. 
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Fig.  1 .  Thickness  and  N/C  atomic  ratio  as  a  function  of  ARR. 


Fig.  2.  (a)  TEM  image  of  sample  Al,  (b)  electron  diffraction  pattern 
of  sample  Al. 


TEM  images  and  diffraction  patterns  have  been 
obtained  in  the  films  grown  on  KCl  substrates  after  they 
were  floated  off  in  water.  In  the  case  of  Al,  Fig.  2(a) 
shows  a  homogeneous  morphology  with  small  granu¬ 
lated  structure.  In  Fig.  2(b)  the  corresponding  electron 
diffraction  pattern  has  diffuse  halo  rings  indicating  that 
the  film  is  amorphous.  Additional  characterization  of 
the  films  on  KCl  made  by  FT-IR  show  that  they  are 
mainly  formed  by  C— N  and  C=N  with  increasing 
amounts  of  C^N  as  ARR  increases,  probably  associ¬ 
ated  with  the  incorporation  of  K  into  the  films  and  the 
formation  of  KCN. 

3.2.  Determination  of  the  resputtering  coefficients 

At  the  energies  and  fluxes  used  in  this  work,  it  is  not 
to  be  expected  that  physical  resputtering  is  playing  a 
significant  role  [2].  However,  chemical  resputtering,  via 
the  formation  of  volatile  compounds  like  C2N2,  N2, 
CNH  or  CNOH,  has  been  reported  like  a  mechanism 
of  removing  material  from  the  growing  carbon  nitride 
films  prepared  in  ion  beam  assisted  systems  [2-5].  In 
order  to  quantify  the  importance  of  these  resputtering 
processes,  a  simple  empirical  growing  model  has  been 
developed  that,  starting  from  the  measurements  of  thick¬ 
ness  and  N/C  composition,  gives  an  estimation  of  the 
resputtering  yields.  In  this  model,  the  following  variables 
are  defined:  N^,  nitrogen  atoms  arriving  at  the  film;  N^, 
nitrogen  atoms  ejected  from  the  film;  N,  nitrogen  atoms 
incorporated  into  the  film;  Q,  carbon  atoms  arriving  at 
the  film;  Co,  carbon  atoms  ejected  from  the  film;  C, 
carbon  atoms  incorporated  into  the  film;  rc,  resputtering 
yield  of  carbon  (i.e.  number  of  carbon  atoms  ejected 
per  N2^  arriving  ion);  r^,,  resputtering  yield  of  nitrogen 
(i.e.  number  of  nitrogen  atoms  ejected  per  N2  arriving 
ion). 

Taking  into  account  that  is  the  number  of  N;^ 
ions  arriving  at  the  film  per  square  centimetre 
per  second,  and  that  Jq  is  the  number  of  carbon  atoms 
arriving  at  the  film  per  square  centimetre  per  second, 
and  assuming  that  most  of  the  N2^  ions  dissociate  into 
two  nitrogen  atoms  when  they  impact  with  the  surface 
of  the  film  at  the  energies  employed  (55-87  eV)  [3],  the 
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following  relations  can  be  written  between  the  variables 
defined  previously: 

The  number  of  nitrogen  atoms  incorporated  into  the 
film  will  be  the  difference  between  A^i  and  Nf. 

N=Ni  — A^o— 

Analogously,  the  number  of  carbon  atoms  incorporated 
into  the  film  can  be  written  as: 

C=  Q  —  Co  =  Jc 

The  sum  of  N  and  C  gives  the  total  number  of  atoms 
incorporated  into  the  film  per  unit  area  and  time.  If  this 
sum  is  divided  by  the  atomic  density  of  the  films,  the 
growth  rate  can  be  obtained,  and  for  a  given  time  of 
5  h,  the  corresponding  thickness,  that  can  be  compared 
with  the  experimental  ones.  This  procedure  is  assuming 
again  that  the  atomic  density  is  not  changing  too  much 
for  the  different  stoichiometries  of  the  samples.  The 
growth  rate  is  then: 

A  +  C  2/ N  "f/c 

P  P 

2/n  +^c) 

P 

The  atomic  ratio  N/C  can  be  expressed  as: 

N  2J^—J^r^ 

In  these  two  equations  only  two  factors  are  unknown, 
rc  and  r^.  Using  the  experimental  values  of  N/C  and  of 
the  growth  rate  (i.e.  thickness  divided  by  5  h),  these 
resputtering  yields  can  be  obtained. 

The  results  are  shown  in  Fig.  3  as  a  function  of  N/C, 
The  qualitative  behaviour  of  these  factors  indicates  the 
decrease  of  the  resputtering  yield  of  carbon  and  the 
increase  of  the  resputtering  yield  of  nitrogen  with  the 
N/C  ratio  of  the  films.  The  resputtering  yield  of  carbon 
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N/C  atomic  ratio 

Fig.  3.  Resputtering  yields  of  carbon  and  nitrogen  as  a  function  of 
N/C  atomic  ratio. 


under  N2  bombardment  decreases  with  N/C  due  to  the 
fact  that  when  N/C  increases  the  proportion  of  carbon 
atoms  in  the  film  decreases,  and  then  the  incoming 
nitrogen  ions  have  less  probability  of  recombination 
with  the  less  abundant  carbon  atoms  to  form  volatile 
compounds.  On  the  contrary,  the  resputtering  yield  of 
nitrogen  under  bombardment  increases  with  N/C 
for  the  opposite  reason,  the  higher  probability  of  recom¬ 
bination  between  the  arriving  ions  and  the  more  abun¬ 
dant  nitrogen  atoms  in  the  film. 

The  quantitative  values  obtained  are  close  to  those 
reported  by  Hammer  et  al.  [2]  for  Vq  in  a  sample  of 
carbon  (N/C^Q).  They  found  rc  =  0.5  for  a  bombard¬ 
ment  with  ions  of  150  eV.  In  this  work,  the  poorest 
sample  in  nitrogen  (N/C ^02)  has  rc^O.4,  and  the 
extrapolation  to  N/C=0  gives  a  value  similar  to  0.5.  In 
the  case  of  nitrogen,  Todorov  et  al.  [4]  have  estimated 
re-emissions  of  nitrogen  in  the  order  of  80%.  The  values 
obtained  in  the  present  work  point  to  higher  than 
90%.  These  high  values  of  the  resputtering  yield  of 
nitrogen  give  an  idea  of  the  difficulties  of  incorporating 
nitrogen  into  the  carbon  nitride  films. 

3.3,  Effect  of  the  assisting  energy  on  the  resputtering 
process 

As  mentioned  before,  in  the  previous  discussion  the 
effect  of  the  energy  of  the  assisting  ions  was  ignored  to 
simplify  the  analysis.  Nevertheless,  the  assistance  with 
N2  ions  of  different  energies  is  to  be  expected  to  produce 
different  results.  The  existence  of  energy  thresholds  in 
the  resputtering  processes  (physical  or  chemical),  and 
the  dependence  of  the  penetration  depths  and  recombi¬ 
nation  probabilities  of  the  ions  with  their  energy,  have 
to  be  taken  into  account  to  explain  the  effect  of  the 
energy  on  the  assistance. 

In  order  to  quantify  this  effect  at  the  energies  used 
in  this  work,  two  samples  were  prepared  with  the  same 
value  of  Jq  and  but  with  different  energies,  65  and 
87  eV.  This  increase  in  energy  of  20  eV  increases  the 
efficiency  of  the  resputtering  processes,  leading  to  a 
measurable  decrease  in  thickness  of  around  8%. 

An  additional  study  was  made  to  obtain  information 
about  the  influence  of  the  insulating  character  of  the 
substrate  in  the  growth  of  the  films.  Three  different 
substrates  were  used  to  deposit  simultaneously  a  sample 
assisting  with  65  eV  nitrogen  ions.  The  substrates  were 
silicon  wafers  with  a  layer  of  Si02  of  different  thickness: 
4  nm  (native  oxygen),  580  nm  and  770  nm.  The  AES 
depth  profiles,  performed  under  the  same  conditions  in 
the  three  films,  indicate  that  the  increase  of  the  thickness 
of  the  Si02  layer  of  the  substrate  leads  to  the  decrease 
of  the  thickness  of  the  carbon  nitride  film  grown  upon 
it.  The  explanation  proposed  is  that  the  increase  in  the 
oxide  layer  produces  a  more  insulating  substrate  that 
accumulates  higher  negative  surface  charge  during  the 


370 


C  Quirds  et  al.  /  Surface  and  Coatings  Technology  125  ( 2000)  366-370 


assistance  with  positively  charged  nitrogen  ions.  This 
negative  charge  increases  the  energy  of  the  incoming 
ions,  increasing  their  resputtering  efficiency  and  leading 
to  thinner  films.  The  N/C  ratios  observed  are  very 
similar  for  all  the  films,  but  a  detailed  analysis  of  the 
data  shows  that  the  thinner  film  has  a  slight  increase  of 
N/C  in  relation  to  the  other  two  films,  pointing  in  the 
same  direction  as  the  thickness  data,  that  is,  the  increase 
of  the  energy  of  the  assisting  ions.  These  evidences 
confirm  that  the  assistance  conditions  are  not  similar 
for  substrates  with  different  insulating  properties,  and 
that  some  characteristics  (like  thickness)  of  the  carbon 
nitride  coatings  prepared  with  ion  based  methods  can 
present  significant  changes,  depending  on  the  type  of 
substrate  employed. 


4.  Conclusions 

Thin  films  of  carbon  nitride  grown  in  a  dual  ion 
beam  sputtering  system  show  a  strong  dependence  of 
their  N/C  atomic  ratio  and  thickness  on  the  assisting 
conditions.  In  order  to  quantify  the  intensity  of  the 
assisting  conditions  and  to  correlate  the  deposition 
parameters  with  the  characterization  measurements,  the 
ratio  of  N  o  ions  to  C  atoms  that  arrive  at  each  film, 
ARR,  has  been  determined. 

The  thickness  of  the  films,  obtained  by  AES  depth 
profiling  and  RBS  measurements,  shows  a  linear 
decrease  with  ARR  that  indicates  the  presence  of  marked 
resputtering  phenomena.  In  fact,  a  threshold  is  obtained 
at  around  3.0  Nl  ions/C  atoms.  Growths  at  higher 
values  of  ARR  lead  to  very  low  rates  that  produce  films 
of  the  order  of  a  few  nanometres. 

The  N/C  atomic  ratios,  obtained  by  AES,  increase 
with  ARR  from  0  to  0.6  approximately.  Higher  values 
obtained  for  ARR  above  3.0  N2  ions/C  atoms  are 
related  to  the  thinning  of  the  films  and  the  formation 
of  silicon  nitride  in  the  interface. 


In  order  to  explain  the  behaviour  observed  for  thick¬ 
ness  and  N/C  data,  a  simple  growth  model  has  been 
applied  taking  into  account  and  trying  to  quantify  the 
resputtering  processes.  The  values  of  the  resputtering 
yields  of  carbon  and  nitrogen  under  N2  bombardment 
have  been  determined  as  a  function  of  the  N/C  ratios. 
Carbon  resputtering  yields  in  the  order  of  30%  and 
nitrogen  re-emissions  higher  than  90%  are  obtained. 
The  increase  of  the  energy  of  assistance  produced  the 
enhancement  of  the  resputtering  phenomena.  The  depen¬ 
dence  observed  of  the  thickness  and  composition  of  the 
films  on  the  insulating  character  of  the  substrates  has 
been  related  to  the  accumulation  of  negative  electric 
charges  in  the  surface  of  the  film.  This  accumulation  of 
electric  charges  increases  the  energy  of  assistance  and 
the  intensity  of  the  resputtering  processes. 
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Abstract 

Plasma  polymerization  processes  began  their  fast  development  in  the  1950s.  They  have  been  widely  recognized  during  the  last 
20  years  and  several  successful  applications  have  emerged.  Two  special  groups  of  plasma  polymers  that  have  received  inci eased 
attention  in  recent  years  are  treated  in  detail  here.  First,  the  deposition  process  and  basic  properties  such  as  the  structure, 
morphology,  electrical  and  optical  properties,  and  ageing  of  metal  (Ag,  Ni,  Mo)  and  semiconductor  (Ge)/hard  plasma  polymer 
(C:H)  composites  are  described  consisely.  The  deposition  process  is  based  on  unbalanced  magnetron  sputtering  with  the  target 
operated  in  an  argon/n-hexane  working  gas  mixture.  Second,  the  preparation  of  plasma  polymer  films  by  radio-frequency 
sputtering  from  polymeric  targets  is  introduced  and  their  basic  properties,  especially  structure  and  morphology,  are  revealed. 
Most  attention  is  paid  to  fluorocarbon  plasma  polymer  films  sputtered  from  polytetrafluoroethylene  (PTFE).  For  both  groups  of 
plasma  polymers,  application  possibilities  are  discussed.  The  whole  range  of  plasma  polymers  and  their  future  prospects  are 
summarized,  starting  from  those  resembling  conventional  polymers  that  are  prepared  at  low  power,  and  ending  with  the  new 
materials  prepared  at  high  power.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Plasma  polymerization  has  been  studied  intensively 
since  the  1950s  [1,2]  and  especially  in  the  60s  [3,4]. 
So-called  carbonaceous  films  were  prepared  by  Konig 
and  co-workers  [1,5]  in  a  glow  discharge  in  benzene 
vapour  using  a  parallel-plate  electrode  arrangement 
powered  by  singly  rectified  50  Hz  voltage.  According  to 
the  infrared  (IR)  absorption  spectra  they  fabricated  not 
only  a  hydrocarbon  plasma  polymer,  but  also  a  hard 
polymer  (C:H)  and  a  material  aproaching  an  amorphous 
hydrogenated  carbon  (a-C:H).  However,  the  first  a-C:H 
films  are  related  to  the  report  by  Schmellenmeier  [2]. 

A  real  application  of  a  dieletric  separating  film, 
comprising  a  plasma  polymer  prepared  from  styrene, 
was  attempted  by  Goodman  [3].  In  addition,  Bradley 
and  Hammes  [6]  plasma-polymerized  40  ‘potential’ 
monomers  and  prepared  organic  dielectric  and  semicon¬ 
ducting  films. 

During  the  last  20  years,  plasma  polymerization  has 
been  recognized  as  an  established  field.  A  number  of 


*  Corresponding  author.  Tel.:  +420-2-688-5095; 
fax:  +420-2-2-191-2360. 

E-mail  address:  bieder@mbox.troja.nifT.cuni.cz  (H.  Biederman) 


applications  have  been  proposed.  Several  reviews  and 
monographs  have  been  published  [7-13]. 

The  plasma  polymerization  process  is  usually 
achieved  by  means  of  the  two  types  of  reactor:  (1)  a 
bell-jar  type  reactor  with  internal  parallel-plate  metal 
electrodes;  and  (b)  a  tubular-type  reactor  with  an  exter¬ 
nal  coil  or  ring  electrodes  for  excitation  by  radio¬ 
frequency  (RF)  discharge.  In  the  case  of  the  bell-jar 
type  reactor,  a  direct-current  (DC)  or  an  alternating- 
current  (AC)  voltage  (up  to  50  kHz)  is  usually  used. 
RF  (100  kHz-30  MHz)  voltage  for  the  discharge  excita¬ 
tion  can  also  be  applied.  Microwave  discharges  have 
become  widely  used  as  well,  with  various  methods  of 
application  of  the  microwave  energy  (the  most  frequent 
is  the  multimode  cavity  or  ‘microwave  oven’  mode). 
Magnetic  fields  have  also  been  employed  to  assist  plasma 
polymerization:  electron  cyclotron  resonance  (ECR) 
discharges  and  planar  or  cylindrical  magnetrons  [8-11]. 

The  deposition  rate  of  a  plasma  polymer  is  deter¬ 
mined  by  the  following  parameters:  the  geometry  of  the 
system,  the  reactivity  of  the  starting  monomer  and  its 
flow  rate,  the  working  gas  pressure,  the  power  and 
frequency  of  the  excitation  signal  and,  finally,  the  tem¬ 
perature  of  the  substrate  [9-11].  We  also  have  to  take 
into  account  energetic  particle  bombardment  from  the 
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discharge  such  as  energetic  photons,  neutrals  and  posi¬ 
tive  ions.  However,  at  the  same  time,  excessive  energetic 
bombardment  changes  the  structure  and  properties  of 
the  growing  film. 

Several  kinetic  models  of  plasma  polymerization  have 
been  proposed.  The  most  popular  are  the  models  of 
Lam  et  al.  [14],  Poll  et  al.  [15]  and  Yasuda  [10].  These 
models  involve  a  competitive  ablation  and  polymeriza¬ 
tion  mechanism  (CAP).  Plasma  polymerization  is  then 
described  by  a  bicyclic  step-growth  mechanism. 

The  structure  of  plasma  polymers  has  been  examined 
by  IR  spectroscopy,  nuclear  magnetic  resonance  spectro¬ 
scopy  (NMR),  electron  spectroscopy  for  chemical  analy¬ 
sis  (ESCA),  Auger  electron  spectroscopy  (AES), 
Rutherford  backscattering  spectroscopy  (RBS),  elastic 
recoil  detection  analysis  (ERDA)  and  nuclear  reaction 
analysis  (NRA).  Tibbitt  et  al.  [16]  postulated  a  possible 
network  of  plasma-polymerized  ethylene  using  IR 
absorption  spectra  and  computer  analysis.  The  chains 
are  short  and  branched,  and  randomly  terminated  with 
frequent  crosslinks.  The  network  has  no  repeating  units 
and  contains  a  number  of  various  groups  including 
trapped  free  radicals.  This  often  leads  to  ageing  when 
the  film  is  exposed  to  the  atmosphere. 

The  energy  flux  into  the  growing  plasma  polymer 
film  is  decisive  for  the  film  structure  and  final  properties. 
The  increase  of  this  energy  usually  causes  the  film  to  be 
harder  —  it  becomes  more  disordered  and  crosslinked 
with  an  excess  of  carbon.  If  the  energy  flux  is  low,  a 
plasma  polymer  is  created  that  retains  more  of  the 
molecular  structure  of  the  monomer  and  resembles  a 
more  conventional  polymer. 

During  the  last  decade,  the  two  main  directions  — 

( 1 )  new  materials  including  hard  coatings  and  composite 
films,  and  (2)  plasma  polymers  resembling  conventional 
polymers  —  were  investigated.  Recently,  the  usual 
plasma  polymers  prepared  under  medium  energetic  con¬ 
ditions  have  become  the  centre  of  attention  again. 

2.  Plasma  polymers  prepared  under  low  energy  flux 

The  plasma  polymers  prepared  under  a  low  energy 
flux  resemble  conventional  polymers.  The  approaches 
that  may  achieve  enhanced  control  of  plasma  polymer 
film  chemistry  can  be  summarized  as  follows  [17]:  (1) 
minimization  of  the  WjFM  parameter  (IT,  plasma 
power;  F,  flow  rate;  M,  precursor  molecular  weight); 

(2)  pulsing  of  the  RF  field  to  reduce  the  ‘plasma-on’ 
time;  (3)  use  of  a  Faraday  cage  around  the  substrate; 
(4)  positioning  the  sample  downstream  from  the  plasma 
zone;  (5)  use  of  monomers  containing  polymerizable 
double  bonds;  and  (6)  use  of  a  cold  substrate.  Except 
for  the  last  item,  these  procedures  have  been  investigated 
extensively  (for  a  review,  see  Refs.  [  10,1 1  ]).  For  example, 
plasma  polymerization  of  2-hydroxyethyl  methacrylate 


(HEMA),  a  polymerizable  monomer,  and  acetone 
[18,19]  was  performed.  In  the  case  of  HEMA,  when  the 
substrate  was  cooled  to  liquid  nitrogen  temperature,  the 
resulting  plasma  polymers  of  HEMA  closely  resembled 
conventional  poly  (HEMA).  Plasma  polymers  have  been 
shown  to  be  promising  for  biomedical  applications  [11]. 
Biocompatible  interfaces  (non-cytotoxic,  non-stimula¬ 
tory)  have  been  prepared  on  many  substrates  using  as 
an  interlayer  a  plasma  polymer  of  n-hexane  that  was 
coated  by  a  plasma  polymer  of  hexamethyldisilazane 
(HMDSN).  Also,  A-vinyl  pyrrolidone  and  other  com¬ 
pounds  were  used  and  examined  as  non-thrombogenic 
interfaces.  More  findings  are  summarized  in  [13,20]. 

Plasma  polymerization  of  TFE  outside  the  plasma 
zone  was  performed  by  Kiaei  et  al.  [21].  They  obtained 
films  composed  almost  entirely  of  CF2  units.  These  films 
were  found  by  near-edge  X-ray  absorption  fine  structure 
(NEXAFS),  using  polarized  X-rays,  to  be  highly  ori¬ 
ented  normal  to  the  substrate  [22].  Similar  findings  are 
summarized  in  [13].  The  plasma  polymerization  of 
tetrafluoroethylene  (TFE),  mentioned  above,  is  a  good 
example  that  substantial  conventional  (free  radical) 
polymerization  can  occur  when  plasma  process  condi¬ 
tions  are  conveniently  chosen.  Similar  results  in  obtain¬ 
ing  ‘ordered’  fluorocarbon  plasma  polymers  were 
achieved  with  use  of  pulsed  RF  discharges  by  Timmons 
et  al.  [23]  and  Badyal  [24].  Successful  application  of 
these  plasma  polymers  followed  as  highly  water-repellent 
coatings  on  fabrics,  foils,  etc. 

In  contrast,  improvement  of  the  wettability  was 
required,  and  this  was  achieved  by  means  of  plasma 
polymers  containing  polar  groups.  Investigators  used  as 
monomers  both  saturated  [25]  and  unsaturated  alcohols 
[26],  amines  and  amides  [25,27],  ethylene-02  [28]  or 
acetone-02  [29]  mixtures.  Some  researchers  [26,30,31] 
mixed  water  vapour  with  their  monomers  during  plasma 
polymerization  for  enrichment  of  the  resulting  films  with 
polar  groups. 

3.  Plasma  polymers  and  organic  films  prepared  under 
high  energy  flux 

When  a  growing  hydrocarbon  plasma  polymer  is 
subjected  to  bombardment  by  energetic  particles  it 
changes  into  a  hard  plasma  polymer  sometimes  called 
‘C:H’.  When  the  energy  of  the  bombarding  particles  is 
increased  further,  the  resulting  deposit  has  unusual 
properties:  high  electrical  resistivity  (10^-10^^  Q  cm), 
optical  transparency  in  the  infrared  region  (optical  gap 
from  2.1  to  0.9  eV),  hardness  higher  than  sapphire  and 
chemical  inertness.  This  type  of  coating  is  the  very  well 
known  amorphous  hydrogenated  carbon  (‘a-C:H’) 
which,  because  of  its  unusual  properties,  is  sometimes 
called  diamond-like  carbon  (DLC).  Coatings  can  be 
prepared  easily  in  a  parallel-plate  electrode  system  using 
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RF  power  in  an  asymmetrical  arrangement  if  the  sub¬ 
strate  is  placed  on  a  small,  capacitively  coupled  excita¬ 
tion  electrode  while  the  other  electrode  and  all  metal 
components  of  the  chamber  are  earthed  [32]. 

A  DC  negative  self-bias  develops  on  the  excitation 
electrode  at  a  hydrocarbon  gas  pressure  of  typically 
several  Pa.  Hydrocarbon  plasma  polymer  obtained  at 
low  biases  turns  into  hard  polymer  (C:H)  at  an  increased 
bias.  When  several  hundred  volts  are  reached,  an  a-C:H 
deposit  is  obtained  that  becomes  graphitic  at  excessive 
voltages.  This  holds  provided  the  substrate  temperature 
is  kept  below  300T.  Above  this  temperature,  graphitic 
deposits  are  always  obtained.  A  DC  glow  discharge  in 
a  hydrocarbon  gas  has  also  been  employed  in  a  diode 
arrangement  to  deposit  a-C:H  films  on  conducting  sub¬ 
strates  placed  on  the  cathode  [33].  Deposition  of  a-C:H 
film  was  reported  using  DC  post-cathode  cylindrical 
and  planar  magnetrons  operated  in  Ar-C2H2  mixture 
[34].  The  stainless  steel  cathode  is  coated  by  carbona¬ 
ceous  material  that  is  sputtered  off  and  deposits  on  an 
electrically  floating  substrate  together  with  a  material 
from  a  plasma  polymerization  process.  Simultaneous 
energetic  bombardment  is  provided  by  neutrals  reflected 
from  the  cathode  when  a  low  working  gas  pressure  is 
used.  For  the  production  of  hard  carbonaceous  coatings, 
the  so-called  unbalanced  planar  magnetron  is  also  used 
[35-37].  In  this  case  an  amorphous  hard  carbon  (a-C) 
containing  no  hydrogen  was  deposited  by  the  sputtering 
of  graphite  in  argon  at  a  pressure  of  1  Pa. 

Researchers  have  attempted  to  produce  materials 
such  as  a-C:F:Cl  [38]  and  a-C:F  [39]  using  RF  diode 
arrangements.  Films  of  the  a-C:F:H  type  have  received 
more  attention  [40].  In  Ref.  [41],  DC  magnetron  sput¬ 
tering  from  a  glassy  carbon  target  in  an  argon- 
hydrogen-hexafluoroethane  atmosphere  was  reported. 
The  films  possessed  low  conductivity,  good  transpar¬ 
ency,  great  hardness  and  low  wettability.  They  exhibited 
higher  density  and  refractive  index  than  films  deposited 
in  a  glow  discharge  [40,42].  In  Ref.  [43],  a-C:H:F  films 
were  prepared  in  an  RF  discharge  operated  in  a 
H2  -h  C2F6  mixture  using  a  reactor  with  a  triode  electrode 
arrangement.  The  films  obtained  were  deposited  on  the 
substrate  resting  on  the  third  electrode  possessing  tem¬ 
perature  below  200°C  and  DC  negative  bias  from  100 
to  150  V.  The  feed  gas  mixture  contained  5-12%  C2F6. 

Since  the  first  report  on  nitrogen-doped  a-C:H  films 
by  Jones  and  Stewart  [44],  hydrogenated  carbon  nitride 
films  (a-C:H:N)  have  been  prepared  from  a  plasma  of 
CH4  and  N2  gases,  using  a  cyclohexane-N2“Ar  mixture. 
Recently,  a-C:H:N  films  were  deposited  in  an  RF  diode 
system  in  methane-nitrogen  mixtures  with  up  to  25% 
N2  at  a  total  pressure  8  Pa  and  negative  self-bias  of 
370  V.  Films  were  deposited  on  silicon  substrates  with 
a  thickness  up  to  350  nm,  and  also  comparative  a-C:H 
films  were  grown  under  the  same  conditions.  The  com¬ 
position  of  the  a-C:H  film  was  86.1  at.%  carbon  and 


13.9  at.%  hydrogen,  while  for  a-C:H:N  it  was  78.1,  14.1 
and  7.8  at.%  for  carbon,  hydrogen  and  nitrogen,  respec¬ 
tively.  The  incorporation  of  7.8  at.%  of  nitrogen  in 
a-C:H:N  films  did  not  change  the  hardness  (21  GPa); 
however,  it  lowered  the  internal  stress  considerably  from 
2.5  GPa  (a-C:H)  to  1.6  GPa  (a-C:H:N)  [45,46]. 

Hard  plasma  polymers  (C:H)  can  be  prepared  in  an 
unbalanced  planar  magnetron  using  a  mixture  of  a 
hydrocarbon  gas  and  argon.  The  energetic,  positive, 
argon-ion  and  hydrocarbon-fragment-ion  bombardment 
is  caused  by  the  accelerating  electric  field.  This  field 
originates  from  the  floating  potential  appearing  on  the 
substrate  surface  when  it  is  immersed  in  a  plasma  beam 
directed  at  it  by  the  unbalanced  magnetic  field  of  the 
magnetron  [35-37,45].  Using  the  type  of  magnetron 
described,  graphite  was  sputtered  in  argon  and  propane 
[45,46].  Sputtering  of  graphite  resulted  in  a-C  films  that 
were  electrically  insulating  and  rather  hard,  but  their 
hardness  did  not  reach  that  of  a-C:H.  The  addition  of 
a  small  amount  of  propane  to  the  argon  caused  the 
resulting  films  to  be  optically  more  transparent  —  their 
optical  gap  was  well  above  2  eV  and  increased  with  the 
addition  of  more  propane. 

Using  this  technique  another  class  of  films  discussed 
in  this  section  can  be  produced:  composite  metal/hard 
plasma  polymer  films  (C:H)  [47-50].  Generally,  many 
more  composite  films  (e.g.,  metal-doped  fluorocarbon 
or  organosilicon  plasma  polymer  films)  have  been  depos¬ 
ited  and  studied  (for  a  review  see,  e.g.,  [11,51]). 

Recently,  in  our  laboratory,  we  studied  hard  plasma 
polymers  (C:H)  doped  with  silver  [52],  nickel  [53,54] 
and  molybdenum  [55],  prepared  in  a  working  gas  mix¬ 
ture  of  argon-l-n-hexane.  The  deposition  arrangement 
is  shown  schematically  in  Fig.  1.  The  unbalanced  magne- 


Fig.  1.  The  deposition  arrangement:  Ni,  target;  S,  substrate;  W, 
window;  Sh,  shutter;  M,  Ar,  gas  inlets;  P,  to  pumps;  C,  cooling. 
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tron  was  positioned  upside  down  and  the  substrate 
rested  on  a  support  that  could  be  RF  powered  and 
hence  develop  additional  DC  negative  self-bias.  Usually 
we  did  not  power  this  substrate  holder  and  the  accelerat¬ 
ing  field  for  positive  ions  was  produced  only  by  the 
floating  potential  of  the  substrate  in  the  plasma  beam 
from  the  unbalanced  magnetron.  This  was  typically 
—  30  V  (against  ground.)  The  pressure  of  the  working 
gas  mixture  (argon +  n-hexane)  was  3  mtorr,  the  flow  of 
argon  was  1.5  ccm  (STP)  min"\  that  of  n-hexane 
0.5  ccm  (STP)  min“\  the  operating  voltage  of  the  mag¬ 
netron  was  between  300  and  500  V,  and  the  current  was 
always  200  mA. 

In  situ  monitoring  of  the  deposition  process  was  done 
by  optical  emission  spectroscopy.  Also,  detailed  study 
of  the  deposition  process  was  performed  by  using  the 
electrically  grounded  aperture  plate  of  an  energy-selec¬ 
tive  mass  spectrometer  (Hiden  Analytical-EQP  300).  It 
was  found  that  the  grounded  substrate  is  bombarded 
mainly  by  positive  CH3^ ,  Ar  and  Ni^  ions,  with  mean 
energy  ranging  from  2  to  10  eV. 

The  plot  of  electrical  resistance  versus  metal  volume 
fraction,  /,  shows  percolation  behaviour.  The  electrical 
resistance  (100  GQ)  of  Ag/C:H  for  values  of /below  0.2 
decreases  over  several  orders  of  magnitude  for  Ag/C:H 
with  /  approaching  value  0.4.  At  the  same  value  of  /  a 
decrease  in  resistance  takes  place  also  for  Ni/C:H,  but 
it  is  not  so  sharp.  For  Mo/C:H  this  happens  at  /"-0.5 
and  the  resistance  decrease  is  rather  slow.  The  optical 
transmission  in  the  visible  range  for  Ag/C:H  reveals 
so-called  anomalous  absorption  [11],  which  gives  the 
films  a  pink  colour  at  low  /  and  a  violet/blue  colour  at 
higher  /  This  is  not  the  case  for  Ni/C:H  and  Mo/C:H 
films. 

Considerable  effort  was  paid  to  the  investigation  of 
ageing  phenomena  in  open  air.  Fig.  2  presents  the  sheet 
resistance  of  the  three  types  of  film:  Ag/C:H,  Ni/C:H 
and  Mo/C:H,  with  filling  factor  f^O.25,  These  were 
prepared  at  floating  potentials  of  —30  V  for  nickel  and 


Fig.  2.  Ageing  of  Ag/C:H,  Ni/C:H  and  Mo/C:H  composite  films  in 
open  air  [55]. 


molybdenum  composites  and  —12  V  for  the  silver 
composite. 

From  Fig.  2  it  may  be  seen  that  the  resistance  first 
increases  and  then  decreases  for  Ag/C:H  (2-10  days) 
and  for  Ni/C:H  (30  days).  No  decrease  was  observed 
for  Mo/C:H.  When  an  additional  bias  was  created  on 
the  substrate  by  RF  powering  the  substrate  holder 
(Fig.  1),  the  resistance  change  in  open  air  was  below 
10%  for  samples  prepared  at  biases  of  —200  V  and 
more  [53].  Observation  by  atomic  force  microscopy 
(AFM)  showed  that  the  increased  energy  of  bombarding 
positive  ions  is  responsible  for  smoother  surfaces  [56]. 
Transmission  electron  micrographs  [52]  supported  the 
following  phenomenological  model  [55].  During  the  first 
period  of  ageing  of  the  sample,  coalescence  (probably 
of  the  largest  metal  grains)  takes  place,  causing  the 
nearest-neighbour  distance  to  increase.  This  results  in 
an  increase  of  the  electrical  resistance.  This  process 
depends  on  the  reactivity  of  the  metal  versus  that  of  the 
C:H  phase.  After  a  certain  time  relaxation  of  the  C:H 
matrix  prevails  which  brings  metal  grains  closer  together 
(Ag/C:H  and  Ni/C:H),  and  therefore  the  electrical 
resistance  decreases.  The  metal  with  the  highest  melting 
point  and  greatest  reactivity,  molybdenum,  coalesces  the 
slowest  and  the  Mo/C:H  composite  does  not  show  the 
resistance  decrease.  It  has  been  shown  [57]  that,  initially, 
the  C:H  component  of  the  composite  contains  a  large 
amount  of  frozen-in  free  radicals  that  continue  post¬ 
deposition  reactions.  These  take  a  minimum  of  30  min. 
If  immediately  after  deposition  the  sample  is  exposed  to 
the  atmosphere,  the  C:H  matrix  is  oxidized  as  shown 
by  Fourier  transform  infrared  spectroscopy  (FTIR)  and 
may  undergo  considerable  rearrangements  [57].  The 
composition  profiles  of  the  above  composites  were 
obtained  by  ERDA  [58],  which  revealed  a  maximum 
hydrogen  concentration  of  15at.%.  However,  more 
accurate  measurements  done  by  NRA  show  that  the 
true  value  of  hydrogen  concentation  is  probably  up  to 
30  at.%  [59]. 

Recently,  we  successfully  deposited  Ge/C:H  compos¬ 
ites  [60,61]  and  investigated  their  structure,  morphology, 
composition  and  main  electrical  properties,  with  the  aim 
of  applying  this  composite  as  a  temperature  sensor. 


4.  Plasma  polymers  prepared  under  mild  energy  flux 

In  recent  developments,  attention  is  again  turning  to 
plasma  polymers  prepared  under  moderate  conditions. 
An  example  may  be  a  plasma  polymerization  process 
during  RF  sputtering  from  polymeric  targets  such  as 
PTFE  (polytetrafluoroethylene)  and  PE  (polyethylene) 
using  balanced  and  unbalanced  magnetrons.  Some  other 
polymers  have  also  been  sputtered;  for  a  review  see 
Ref.  [64].  The  deposition  rate  during  RF  sputtering  of 
PTFE  is  four  or  five  times  higher  than  in  the  case  of 
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Other  polymers.  In  unbalanced  magnetron  sputtering  of 
PTFE,  a  hard  plasma  polymer  is  obtained  (C:F). 
However,  the  substrate  may  be  easily  subjected  to 
reactive  ion  etching  if  the  energy  of  the  positive  ions  is 
too  high  [63].  Deposition  using  RF  balanced  magnetron 
films  may  be  applied  in  many  fields.  The  simple  model 
of  the  sputtered  PTFE  film  structure  may  be  seen 
in  Fig.  3. 

Polarized  specular  reflectivity  spectra  of  the  films 
deposited  on  glass  substrates  precoated  with  an  alumin¬ 
ium  layer  were  measured  with  an  FTIR  spectrometer. 
A  shift  of  the  band  wavenumber  with  polarization  was 
observed:  (1250  +  5)  cm“^  for  the  electric  field  of  the 
radiation  being  perpendicular  to  the  sample  plane 
(reflectivity  p-polarization),  (1215  + 10)  cm  ^  for  the 
electric  vector  in  the  sample  plane  (s-polarization  in 
reflectivity  and  transmissivity  measurements).  This 
anisotropy  could  be  caused  by  an  orientation  of  C— C 
bonds  (predominantly  perpendicular  to  the  sample 
plane)  and  C  — F  bonds  (predominantly  parallel  to  the 
sample  plane). 


5.  Conclusions 

The  two  main  directions  that  have  been  followed  in 
the  field  of  plasma  polymerization  have  been  discussed. 
Plasma  polymer  films  prepared  under  a  low  energy  flux 
are  applied  sucessfully  in  the  surface  modification  of 
solids  (mainly  conventional  polymers)  as  protective 
layers  (e.g.,  packaging)  and  in  the  biomedical  field. 
Films  prepared  under  high  energy  flux  are  used  as 
protective,  low-friction  and  hard  coatings.  Composite 
films  have  also  been  applied  for  optical  recording.  Films 
prepared  with  medium  energy  flux  have  been  investi¬ 
gated  recently  and  are  presented  here  under  the  example 
of  RF  polymer  sputtered  films.  These  were  proposed 
again  as  low-friction  and  protective  films. 


Fig.  3.  Model  of  the  fluorocarbon  plasma  polymer  prepared  by  PTFE 
sputtering  (O,  fluorine;  •,  carbon)  [62]. 
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Abstract 

One  major  concern  of  conservators  and  archaeologists  is  to  limit  the  alteration  and  the  corrosion  of  metallic  archaeological 
objects.  Organic  coatings  are  one  of  the  most  important  ways  of  protecting  metal  against  corrosive  agents,  thanks  to  their  diffusion 
barrier  properties.  The  aim  of  this  work  was  to  develop  effective  protective  coatings  fitting  with  the  specific  requirements  of 
heritage  preservation  (in  particular  the  questions  of  reversibility  and  aesthetic  appearance).  Ultrathin  (5-50  nm)  polymer-like  films 
have  been  deposited  by  plasma  polymerisation  in  a  methane  or  propane  discharge  on  various  metallic  samples  (stainless  steel,  Fe, 
Cu,  Ag  and  Roman  iron  nails).  Some  important  results  are: 

1.  on  tested  substrates,  except  Ag,  adhesion  is  very  good; 

2.  concerning  the  reversibility  of  such  layers,  they  can  be  totally  removed  in  H2  plasma; 

3.  the  coatings  are  slightly  coloured,  which  seems  linked  to  the  amount  of  unsaturated  C=C  bonds  in  the  C  layer  and  to  a  finite 
electrical  conductivity; 

4.  they  show  interesting  barrier  diffusion  properties  to  H2S,  O2  and  water  vapour  molecules;  and 

5.  on  silver  substrates,  some  problems  of  adhesion  are  observed  due  to  the  diffusion  of  Ag  ions  through  the  organic  films. 

©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

One  major  concern  of  conservators  and  archaeolo¬ 
gists  is  the  preservation  of  archaeological  objects  taken 
out  of  excavations  and  kept  in  museums  or  in  depots. 
In  the  case  of  metallic  objects,  one  of  the  problems  is 
to  stop,  or  to  limit,  surface  corrosion  or  its  alteration 
by  the  ambient  atmosphere.  When  they  are  buried,  these 
objects  reach  an  equilibrium  vyith  the  surrounding  sedi¬ 
ment  and,  if  the  conditions  are  favourable,  they  are 
more  or  less  preserved  until  their  discovery  by  archaeolo¬ 
gists.  Once  extracted  from  their  burial  environment,  this 
equilibrium  is  disturbed.  Corrosion  can  resume 
and  rapidly  damage,  or  even  completely  destroy,  the 
object.  To  preserve  such  an  object  there  are  three 
solutions  [1]: 
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•  to  treat  the  metal  to  render  it  corrosion  resistant  by 
removing  the  elements  which  can  catalyse  the  corro¬ 
sion  restart  (e.g.  removing  the  chlorides  in  the  case 
of  archaeological  iron  [2,3]); 

•  to  treat  the  environment  to  render  it  non-corrosive 
(controlled  atmosphere  museum  cases,  storage  under 
nitrogen  environment,  ...)  or 

•  to  isolate  the  object  from  the  environment  with  a 
protective  coating. 

The  last  solution  has  the  advantage  of  not  depending 
on  sophisticated  infrastructures  such  as  air-conditioned 
rooms.  Organic  coatings  are  one  of  the  most  important 
ways  of  protecting  metals  against  corrosive  agents, 
thanks  to  their  diffusion  barrier  properties.  They  have 
been  used  for  a  long  time  in  conservation  [4,5],  in 
particular  to  protect  outdoor  sculptures  against  atmo¬ 
spheric  pollution  [6-8].  In  this  domain,  they  must  also 
satisfy  specific  requirements  such  as  reversibility  and 
aesthetic  appearance  (they  must  be  as  invisible  as  pos¬ 
sible).  These  requirements  imply  that  an  ideal  and 
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universal  protective  coating  does  not  yet  exist  for  conser¬ 
vators  and  that  research  in  this  domain  is  still  important. 

Plasma  polymerisation  is  a  process  in  which  gaseous 
organic  molecules  are  excited  in  a  plasma  and  form 
active  species  such  ions  and  free  radicals.  These  active 
species  react  with  themselves  to  form  polymers  in  the 
gas  phase  or  on  surfaces  exposed  to  the  plasma.  With 
plasma  polymerisation,  one  can  deposit  reproducibly  on 
the  surface  of  various  objects,  of  almost  any  base 
material,  ultrathin  (a  few  nanometers),  continuous  and 
pinhole  free  layers  with  good  adhesion  properties  to  the 
underlying  substrate  [9-1 1].  These  layers  are  chemically 
and  thermally  very  stable  and  present  a  high  degree  of 
cross-linking,  with  carbon  chains  limited  to  two  or  three 
units  [12].  This  explains  their  high  chemical  stability 
and  their  reduced  permeability.  Furthermore,  they  can 
be  deposited  at  low  temperature,  below  100'"C.  This 
property  is  important  for  archaeological  objects  as  it 
guarantees  the  preservation  of  metallurgical  information 
which  analysis  of  the  object  can  reveal.  These  coatings 
are  studied  and  used  in  material  science  because  they 
give  a  very  good  corrosion  protection  as  an  effective 
diffusion  barrier  to  atmospheric  oxygen  or  water  [IS¬ 
IS].  They  are  considered  as  protective  coatings  for 
metallic  conductors  in  microelectronics  circuits  and  pas¬ 
sive  electronic  components  [13,14]  and  as  protectors  for 
Ag-based  optics  [15].  These  layers  are  also  studied  in 
the  food  packaging  industry  to  reduce  permeability  to 
oxygen,  CO2  or  water  vapour  of  transparent  plastic  foils 
such  as  PET  [16],  or  in  the  automotive  industry  to 
reduce  the  permeation  of  hydrocarbons  in  plastic  fuel 
tanks  [17]. 

Plasma  polymerisation  processes  can  be  preceded  in 
the  same  chamber  by  treatments  in  reactive  or  noble 
gas  plasma  for  cleaning  or  passivating  the  sample  surface 
without  affecting  its  bulk  properties  [18].  In  the  domain 
of  archaeology  and  conservation,  plasma  treatments 
have  already  been  used  for  several  years  [19],  particu¬ 
larly  the  hydrogen  plasma  which  is  often  part  of  the 
cleaning  and  treatment  processes  applied  to  the  preserva¬ 
tion  of  archaeological  iron  [20-22].  More  recently, 
Borros  et  al.  [23]  used  plasma  techniques  for  the  restora¬ 
tion  of  copper  calcographic  plates.  An  oxygen  plasma 
treatment  was  used  to  remove  the  ink  residues  followed 
by  a  hydrogen  plasma  to  reduce  the  oxidised  surface. 
The  copper  plate  was  finally  protected  against  atmo¬ 
spheric  corrosion  with  an  organic  film  deposited  by 
plasma  polymerisation  of  methane. 

The  aim  of  our  research  work  was  to  develop  effective 
protective  coatings  fitting  the  specific  requirements  of 
heritage  preservation  to  prevent,  or  at  least  slow  down, 
further  corrosion  of  restored  objects.  The  coatings  were 
deposited  by  plasma  polymerisation  of  methane  or  pro¬ 
pane  on  various  metallic  substrates:  copper,  silver,  iron, 
stainless  steel  and  even  archaeological  samples  (Roman 
iron  nails).  These  films  were  characterised  by  X-ray 


photoelectron  spectroscopy  concerning  their  thickness 
(for  the  thinnest)  and  their  chemical  composition.  Their 
properties  as  protective  coatings  were  analysed  using 
simple  corrosion  tests. 


2.  Experiment 

Test  experiments  were  carried  out  on  modern  metallic 
platelets  of  about  0.5  to  1  cm^.  The  chosen  metals  were 
stainless  steel,  iron,  silver  and  copper.  Some  coatings 
were  also  deposited  on  pieces  of  restored  iron  nails  from 
the  second  century  AD  (found  in  the  Roman  villa  at 
Vallon,  Fribourg,  Switzerland)  as  example  of  archaeo¬ 
logical  samples.  The  polymer  films  were  deposited  in  a 
high  vacuum  chamber  (base  pressure  4xl0"^mbar) 
connected  to  a  spectrometer  which  enabled  in  situ 
surface  analysis.  The  excitation  of  the  plasma  was  done 
by  microwaves  at  a  frequency  of  2.45  GHz.  At  low 
pressures,  ranging  from  4x10”"^  to  10“^mbar,  the 
plasma  was  excited  by  the  electron  cyclotron  resonance 
(ECR)  condition  realised  with  rare  earth  permanent 
magnets.  The  details  of  this  plasma  chamber  have  been 
published  elsewhere  [24].  Before  the  deposition  of  the 
protective  coating,  the  samples  were  pre-treated  in  an 
H2  plasma  at  a  microwave  power  of  25  W  for  at  least 
15  min  to  clean  their  surface.  The  hydrogen  pressure 
was  around  10“^  mbar  with  a  gas  flow  rate  of  5.1  seem. 
Ultrathin  (5-50  nm)  polymer-like  films  were  then  depos¬ 
ited  by  plasma  polymerisation  in  a  methane  or  propane 
discharge  at  a  microwave  power  of  25  W  and  a  pressure 
around  10“^  mbar.  The  gas  flow  rates  varied  between  1 
and  8  seem  in  the  case  of  CH4,  and  1  and  3  seem  in  the 
case  of  C3H8.  Some  depositions  were  also  carried  out  in 
gas  mixtures,  with  flow  rates  of  propane,  hydrogen  and 
argon  between  0  and  3  seem  and  a  pressure  up  to 
2  X  10~^  mbar.  A  butterfly  valve  regulated  the  operating 
pressure  independently  of  the  gas  flow  rates. 

X-ray  photoelectron  spectroscopy  (XPS)  was  per¬ 
formed  on  a  VG  Escalab  5  spectrometer  operating  at  a 
base  pressure  lower  than  10“^  mbar.  Analysis  was  car¬ 
ried  out  with  non-monochromatized  MgKoc  (hv  = 
1253.6  eV)  radiation.  The  instrument  was  calibrated  to 
the  4f 7y2  peak  of  gold  at  =  84.0  eV  and  the  copper 
2p3/2  peak  at  £’3  =  932.7  eV.  Survey  spectra  and  high 
resolution  spectra  were  taken  with  100  and  20  eV  pass 
energy  respectively,  in  the  constant  analyser  energy 
(CAE)  mode.  The  X-ray  source  was  operated  at  180  W 
(9kV,  20  mA). 

Ageing  of  the  coatings  was  evaluated  by  exposing  the 
samples  for  different  periods  of  time  to  the  ambient 
atmosphere.  Simple  corrosion  tests  were  performed  in 
90%  relative  humidity  by  storing  the  samples  in  a 
dessicator  in  the  presence  of  a  water  container.  Rapid 
iron  corrosion  was  also  induced  by  depositing  a  drop 
of  deionized  water  at  the  surface  of  the  platelet,  over 
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some  hours.  In  the  case  of  silver,  siilphuration  tests  were 
carried  out  in  a  dessicator  which  contained  a  20  wt.% 
ammonium  sulphide  solution,  in  order  to  create  a  sul¬ 
phide  saturated  atmosphere  [25].  All  tests  were  carried 
out  at  room  temperature. 


3,  Results  and  discussion 

We  succeeded  in  depositing  plasma-polymerised  coat¬ 
ings  on  a  variety  of  metallic  substrates  —  stainless  steel, 
iron,  silver,  copper,  and  even  on  restored  Roman  iron 
nails  as  an  example  of  archaeological  samples.  For  all 
base  materials,  the  adhesion  of  the  coating  was  good 
and  in  all  cases  except  silver  it  remained  at  the  surface 
of  the  object  after  exposure  to  ambient  atmosphere  for 
more  than  a  year,  as  well  as  after  ageing  under  humid 
conditions.  XPS  survey  spectra  of  an  as-deposited 
plasma  polymer  film  on  iron,  and  of  similar  films  after 
exposure  to  the  ambient  atmosphere  for  289  days  and 
after  exposure  to  90%  RH  for  11  days,  are  shown  in 
Fig.  1.  As-deposited  films  consist  only  of  hydrocarbons. 
After  exposure  to  air  (without  or  with  increased  humid¬ 
ity)  the  film  is  still  present  at  the  surface  of  the  object, 
as  indicated  by  the  similarity  of  the  XPS  spectra  (Fig.  1) 
(c)  and  (d)  with  (b)  at  low  binding  energy  and  by  the 
absence  of  signals  from  the  iron  substrate.  This  shows 
that  no  delamination  of  the  film  occurs  due  to  exposure 
to  air  or  humidity.  The  presence  of  oxygen  peaks  (Fig.  1 
spectra  (c)  and  (d))  is  due  to  the  oxidation  of  the  film 
during  atmospheric  exposure.  XPS  spectra  with  similar 
results  were  measured  for  films  deposited  on  stainless 
steel,  copper  or  Roman  iron  nails. 

These  coatings  are  also  revealed  to  be  very  stable 


Fig.  1.  XPS  survey  spectra  of:  (a)  15  min  H^-plasma  treated  iron  plate¬ 
let;  (b)  as-deposited  ~20  nm  thick  plasma  polymer  film  (deposited  on 
iron  in  a  CjHg  discharge);  (c)  similar  films  after  exposure  to  the  ambi¬ 
ent  atmosphere  for  289  days;  (d)  after  exposure  to  90%  RH  for  1 1  days. 


when  the  samples  are  dipped  in  solvents,  such  as  acetone 
or  ethanol;  they  are  not  destroyed.  However,  from  the 
conservator’s  viewpoint  the  reversibility  of  the  treatment 
is  especially  important  and  the  coating  layers  should  be 
removable  without  affecting  the  integrity  of  the  under¬ 
lying  object.  These  plasma  polymer  coatings  fulfil  these 
requirements,  as  they  can  be  totally  removed  in  H2 
plasma.  Indeed  a  15  min  treatment  is  sufficient  to  com¬ 
pletely  remove  the  layers  of  some  10  nm  thickness. 

The  coatings  are  slightly  coloured,  yellowish  for  the 
thinnest  ( ~  5  nm)  and  the  thicker  ones  can  be  darker 
and  more  opaque.  This  colour  can  be  a  problem  depend¬ 
ing  on  the  aspect  of  the  underlying  metal.  Indeed,  the 
coating  colour  will  alter  the  aesthetic  appearance  of 
silver  or  other  shiny  metals,  becoming  visible  (cf. 
Fig.  3(a)).  On  the  other  hand,  on  archaeological  iron, 
which  is  always  oxidised  and  black,  a  yellowish  coating 
remains  invisible. 

This  colour  seems  to  be  linked  to  the  amount  of 
double  bonds  in  the  carbon  layer.  Plasma  polymerised 
propane  coatings  are  generally  darker  and  more  opaque 
than  plasma  polymerised  methane  films.  In  the  high 
resolution  Cls  XPS  spectra  (Fig.  2),  the  darker  film 
(spectrum  (c))  shows  a  more  developed  shake-up  satellite 
peak  at  a  binding  energy  of  ~6  eV  above  the  Cls  elastic 
peak  (at  285.0  eV).  This  peak  is  characteristic  of  aro¬ 
matics  and  unsaturated  C=C  bonds  [26].  By  varying 
the  plasma  parameters,  for  example  by  increasing  the 
pressure  of  C3H8  or  by  adding  Ar  in  the  plasma,  we 
can  obtain  lighter  coloured  coatings,  associated  with  a 
decrease  of  this  shake-up  satellite  peak.  By  comparison 
with  an  untreated  polyethylene  sample  (Fig.  2  spectrum 
(a)),  the  XPS  spectra  measured  on  our  coatings  also 


Binding  Energy  [eV] 

Fig.  2.  High  resolution  Cls  XPS  spectra  of;  (a)  an  untreated  polyethyl¬ 
ene  sample;  (b)  as-deposited  plasma  polymerised  methane  and  (c)  pro¬ 
pane  films;  (d)  a  graphite  sample.  In  the  case  of  polyethylene,  the 
sample  charge  was  corrected  by  setting  the  Cls  elastic  peak  at  285.0  eV. 
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with  coating  without  coating 


Fig.  3.  Silver  platelets  with  a  ~  10  nm  thick  plasma  polymerised  meth¬ 
ane  coating:  (a)  before  exposure  to  a  saturated  sulphide  atmosphere  — 
the  coating  is  visible  on  the  main  part  of  the  platelet  due  to  its  yellowish 
colour;  (b)  after  exposure  to  a  saturated  sulphide  atmosphere  for 
5  min  —  the  silver  became  dark  only  in  the  non-protected  zone. 

show  a  shift  to  a  higher  binding  energy  of  the  plasmon 
peak,  the  broad  structure  following  the  Cl  s  elastic  peak. 
Our  coatings  show  more  similarities  with  a  graphite 
layer  (Fig.  2  spectrum  (d)),  or  with  He  plasma  treated 
polypropylene  films  [27].  This  indicates  a  dehydrogena¬ 
tion  of  the  organic  film  with  the  formation  of  unsatu¬ 
rated  C=C  bonds.  This  dehydrogenation  of  a  polymer 
sample  was  observed  to  be  associated  with  a  decrease 
of  the  electrical  resistance  of  up  to  10  orders  of  magni¬ 
tude  [27].  The  probable  finite  conductivity  of  our  coat¬ 
ings  and  the  presence  of  unsaturated  C=C  bonds  can 
explain  the  colour  of  the  coatings.  The  present  work 
aims  at  minimising  the  C^C  bond  amount  to  obtain 
colourless  films. 

The  protection  against  corrosion  was  evaluated  using 
simple  tests.  After  deposition  of  a  drop  of  water,  visible 
red-brown  corrosion  marks  appeared  within  two  hours 
on  uncoated  iron  samples.  Protected  platelets  remained 
non-corroded  during  the  same  time.  We  saw  that  after 
exposure  of  iron  samples  to  90%  RH  for  1 1  days,  the 
coating  was  still  present.  Traces  of  corrosion  appeared, 
however,  which  are  often  only  visible  under  a  light 
microscope.  At  this  stage  of  our  research,  it  is  not 
possible  to  know  if  this  corrosion  appears  because  the 
coating  is  oxygen-  and  water  vapour-permeable  or 
because  there  are  pinholes  in  the  film. 

Protective  properties  of  the  coatings  were  also  eval¬ 
uated  by  exposing  coated  and  uncoated  silver  platelets 
to  a  saturated  sulphide  atmosphere.  Uncoated  platelets 
blacken  very  rapidly  under  these  extreme  conditions. 
The  silver  tarnishing  begins  immediately  after  the  sealing 
of  the  dessicator  and  total  blackening  is  effective  within 
less  than  5  min.  During  the  same  time,  protected  platelets 
remain  shiny  and  undamaged.  This  is  visible  on  Fig.  3(b) 
showing  a  partially  coated  silver  platelet  whose  coated 
surface  has  blackened  only  at  places  without  a  protective 
coating.  If  the  exposure  time  is  extended,  coated  platelets 


also  begin  to  blacken.  One  can  observe  that  the  resis¬ 
tance  against  tarnishing  of  the  samples  depends  strongly 
on  the  coating  thickness.  All  these  results  indicate  inter¬ 
esting  diffusion  barrier  properties  of  these  plasma  poly¬ 
mer  coatings  to  H2S. 

Coatings  on  silver  platelets  exhibit  some  problems  of 
adhesion.  After  exposure  to  ambient  atmosphere  for 
more  than  a  year,  no,  or  almost  no,  signals  from  the 
underlying  metal  are  seen  in  the  XPS  survey  spectra 
measured  on  films  deposited  on  metals  other  than  silver 
(Fig.  1  (c)  and  (d)).  In  the  case  of  coated  silver  platelets, 
the  Ag  signals  in  the  XPS  spectra  become  visible  after 
only  29  days  in  the  air.  XPS  measurements  on  the  same 
sample  at  two  different  electron  emission  angles  allowed 
us  to  probe  different  thickness  of  the  sample  surface. 
For  an  electron  emission  angle  of  60°  the  probed  thick¬ 
ness  was  half  the  thickness  probed  for  normal  emission. 
Fig.  4(c)  and  (d)  show  that  the  Ag3d  to  Cls  peak  height 
ratio  is  increased  in  the  more  surface  sensitive  measure¬ 
ment  at  60°,  indicating  that  the  silver  is  at  the  sample 
surface.  Apparently,  silver  diffuses  at  room  temperature 
through  the  organic  coating  to  the  external  surface.  The 
measured  quantity  of  silver  on  the  polymer  surface  is 
not  more  than  a  monolayer.  We  guess  that  this  mobility 
of  the  Ag  ions  reduces  adhesion  of  the  organic  layer  to 
the  metal.  In  fact  Ag  ions,  as  other  noble  metal  ions, 
are  known  to  be  very  mobile,  diffusing  through  metallic 
layers  such  as  gold  [25],  or  migrating  inside  the  polymer 
when  deposited  on  its  surface  [28].  Effective  plasma 
polymer  coatings  on  silver  substrates  will  consequently 
attempt  to  stabilise  the  silver  before  the  deposition  of 
the  coating.  It  is  also  possible  that  the  H2  plasma 


Binding  Energy  [eV] 

Fig.  4.  XPS  survey  spectra:  (a)  of  a  15  min  Fl2-plasma  treated  silver 
platelet;  (b)  of  an  as-deposited  ~30  nm  thick  plasma  polymer  film  on 
it  (deposited  in  a  CH4  discharge)  and  of  the  same  film  after  exposure 
to  the  ambient  atmosphere  for  29  days;  (c)  for  a  normal  electron 
emission  angle;  and  (d)  for  an  electron  emission  angle  of  60°,  probing 
half  the  thickness  probed  in  spectrum  (c). 
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treatment  carried  out  before  organic  film  deposition 
leaves  an  activated  surface  with  very  mobile  Ag  ions. 
Research  on  adequate  treatments  of  the  silver  surface 
should  be  done,  for  example  by  using  plasma  pre¬ 
treatments  in  other  reactive  or  noble  gases.  Diffusion  of 
Ag  ions  through  the  organic  layer  could  also  induce  the 
doping  of  the  layer  and  partly  explain  the  colour  of 
the  layers. 


4.  Conclusions  and  outlooks 

In  this  work,  we  have  shown  the  ability  to  deposit 
effective  protective  coatings  on  a  variety  of  metals  by 
plasma  polymerisation  of  methane  or  propane.  Except 
in  the  case  of  silver,  the  coatings  have  good  adhesion  to 
the  underlying  metal.  They  show  interesting  barrier 
diffusion  properties  to  H2S,  O2  and  water  vapour  mole¬ 
cules  and  they  are  reversible  in  H2  plasma.  On  silver 
substrates,  some  problems  of  adhesion  are  observed, 
due  to  the  diffusion  of  Ag  ions  through  the  organic  film. 
The  coatings  are  slightly  coloured,  which  seems  to  be 
linked  to  the  presence  of  unsaturated  C=C  bonds  and 
to  a  finite  electrical  conductivity.  This  coloration  can  be 
a  problem  from  a  conservation  point  of  view,  however 
it  depends  on  the  aspect  and  the  colour  of  the  underlying 
object.  Deposition  conditions  with  weaker  interaction 
of  the  plasma  with  the  underlying  substrate  could  favour 
the  achievement  of  uncoloured  coatings. 

Due  to  their  low  thickness,  such  coatings  give  chemi¬ 
cal,  but  not  mechanical,  stability  to  the  underlying 
object.  They  do  not  have  the  consolidating  effect  of  a 
resin  or  a  wax.  In  this  sense,  they  are  not  appropriate 
for  objects  which  need  to  be  reinforced,  or  which  have 
a  tendency  to  crumble  or  to  lose  pieces.  On  the  other 
hand,  they  have  a  limited  effect  on  the  object.  Their 
presence  is  barely  detectable,  except  until  now,  by  their 
colour,  as  a  function  of  the  substrate  aspect,  or  by 
surface  analysis  techniques  such  as  XPS.  The  thickness 
of  such  a  layer  is  so  small  that  it  is  in  fact  thinner  than 
the  impurity,  fat  or  humidity  layer  naturally  present  at 
the  surface  of  an  object  handled  without  gloves. 

This  stage  of  research  is  a  feasibility  study.  Finer  and 
more  specific  analyses  should  be  considered,  in  particular 
by  testing  the  permeability  to  corrosive  agents  and  the 
resistance  of  the  coatings  to  more  realistic  accelerated 
artificial  ageing  conditions  in  climatic  chambers  which 
allow  variation  of  the  temperature,  the  relative  humidity, 
the  presence  of  gaseous  pollutants  and  the  exposure  to 
light.  The  efficiency  of  the  coatings  should  also  be 
regarded  as  a  function  of  the  sample  surface  roughness 
and  its  surface  state.  This  kind  of  coating  could  also  be 
deposited  on  the  lacquers  or  varnishes  already  used  in 
conservation  to  further  improve  their  impermeability  to 
corrosive  agents. 
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Abstract 

Thin  polymeric  films  have  been  obtained  by  plasma  polymerisation  of  dimethylsiloxane  (DMSO).  Such  films  are  widely  used 
as  protective  coatings  on  optical  reflective  surfaces  and  decorative  parts.  Thin  films  of  polydimethylsiloxane  (PDMS)  have  been 
deposited  by  a  DC  glow  discharge  plasma  from  DMSO  vapour  on  pre-treated  and  untreated  polycarbonate  (PC)  substrates,  with 
or  without  previous  evaporation  of  an  additional  aluminium  film.  A  subsequent  process  of  mineralisation  by  immersion  in  an  air 
plasma  has  been  applied  in  order  to  improve  the  PDMS  films  wear  resistance.  Polycarbonate  substrates  have  been  treated  in  a 
similar  way  aiming  at  improved  adhesion  of  A1  films.  The  present  paper  is  specially  focused  on  the  surface  mechanical  properties 
of  these  films.  These  have  been  measured  by  nanoindentation  and  microscratch  techniques  and  the  improvement  of  the  surface 
hardness  and  scratch  resistance  of  PDMS  films  and  PC  substrates  has  been  assessed.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 
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1.  Introduction 

Plasma  deposited  polymer  thin  films  have  been 
extensively  studied  because  of  the  broad  range  of  appli¬ 
cations  derived  from  the  feasibility  of  depositing  films 
with  completely  different  properties.  The  capability  of 
organic  materials  to  include  almost  any  kind  of  element 
or  functional  group  provides  such  enormous  versatility 
that  it  is  quite  easy  to  find  a  suitable  material  with 
properties  closely  fitting  the  requirements  of  any  applica¬ 
tion.  Furthermore,  they  are  inexpensive  easily  processed 
materials  and  polymer  thin  films  may  be  readily  obtained 
by  plasma  polymerisation  from  a  precursor  vapour  of 
most  organic  compounds. 

General  trends  are  encountered  for  the  properties  of 
plasma  polymers,  which  may  significantly  differ  from 
those  obtained  by  conventional  polymerisation  methods 
from  the  same  precursors:  they  are  chemically  inert, 
insoluble  in  conventional  organic  solvents,  hydrophobic 
and  thermally  stable.  Moreover,  by  careful  control  of 
the  processing  parameters,  their  properties  may  be 
shifted  within  the  desired  range  of  values. 

Organosilicon  plasma  polymers  have  been  essayed 
for  a  large  number  of  applications  in  rather  different 
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fields:  protective  coatings  [1],  gas  barriers  [2],  hydro- 
phobic  layers  [3],  optical  coatings  and  biocompatible 
films  [4],  moisture  sensors  [5],  etc.  We  have  studied 
plasma  polymerised  siloxanes  as  protective  coatings  for 
A1  metalisations,  focusing  on  the  improvement  of  surface 
hardness  and  wear  resistance  by  an  SiO^-rich  modified 
surface  layer.  Such  a  hard  layer  is  formed  by  an  oxidising 
plasma  treatment  in  air,  or  oxygen-containing  atmo¬ 
spheres,  after  plasma  polymerisation.  In  what  follows, 
this  process  will  be  referred  to  as  ‘mineralisation’. 


2.  Experimental 

Thin  PDMS  films  were  deposited  on  commercial  PC 
substrates  by  a  DC  glow  discharge  in  a  small  commercial 
reactor.  The  reactor  was  pumped  down  to  5  x 
10“^mbar  prior  to  the  introduction  of  the  DMSO 
monomer  vapour  at  a  low  flow  rate  such  as  to  maintain 
a  constant  0.1  mbar  pressure.  The  plasma  was  ignited 
by  a  20  cm  long  and  12  mm  diameter  cylindrical  cathode, 
which  was  negatively  biased  at  2200  V.  The  PC  sub¬ 
strates  were  coated  at  ambient  temperature,  kept  at  a 
distance  of  15  cm  from  the  plasma  cathode.  Subsequent 
mineralisation  of  the  PDMS  coating  was  performed  by 
a  new  glow  discharge  in  a  0.1  mbar  air  atmosphere 
during  shorter  deposition  times  than  those  used  for 
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PDMS  deposition.  Different  processing  times  were  used 
in  order  to  attain  different  thicknesses  of  polymer  and 
SiO^.  rich  PDMS  modified  zones. 

Some  PC  substrates  were  treated  identically  in  an  air 
atmosphere  glow  discharge,  prior  to  PDMS  thin  film 
deposition.  Another  set  of  polymer  films  was  deposited 
on  treated  and  untreated  PC  substrates  with  an  addi¬ 
tional  metalisation  of  an  aluminium  evaporated  thin 
film.  Mineralisation  was  also  performed  on  these 
samples. 

Mechanical  characterisation  of  the  modified  polymer 
surfaces  was  carried  out  by  the  depth-sensing  nanoinden¬ 
tation  technique  using  a  Nano  Test  550  (Micro 
Materials)  with  a  Berkovich  indenter.  This  instrument 
allows  the  continuous  monitoring  of  the  applied  load 
and  the  penetration  of  the  indenter  into  the  sample 
during  a  complete  loading-unloading  cycle,  with  reso¬ 
lutions  better  than  0.1  nm  in  displacement  and  1  mN  in 
load.  Hardness  values  were  calculated  from  the  mea¬ 
sured  load-displacement  hysteresis  curves  by  means  of 
the  analysis  method  by  Oliver  and  Pharr  [6].  This 
analysis  method  has  been  extensively  applied  to  metals 
and  ceramic  materials  and  some  works  show  the  validity 
of  its  application  to  the  study  of  polymeric  materials  [7]. 

Microscratch  measurements  have  been  performed  to 
evaluate  the  film  adhesion  and  wear  resistance,  using  a 
Rockwell  diamond  indenter  with  a  tip  radius  of  100  pm. 
The  scratches  were  produced  along  a  scratch  distance 
of  2  mm,  starting  at  0  mN  normal  load  and  increasing 
at  a  constant  rate  of  32.5  mN/s  up  to  a  maximum  of 
3000  mN.  A  friction  sensor  was  added  to  the  diamond 
support  in  order  to  measure  tangential  forces,  so  that 
real-time  monitoring  of  the  penetration  depth  of  dia¬ 
mond  into  the  coating  and  the  diamond  frictional  force 
along  the  scan  distance  was  accomplished.  Both  optical 
and  scanning  electron  microscopy  images  have  been 
obtained  to  compare  the  evolution  of  the  friction  coeffi¬ 
cient  and  the  resulting  damage  morphologies  appearing 
along  the  scratch,  on  the  different  coatings. 


3.  Results 

3.  L  Hardness  measurements  by  the  nanoindentation 
technique 

Load-displacement  curves  have  been  obtained  with 
loading-unloading  rates  of  0.05  mN/s  and  0.01  mN/s  up 
to  maximum  loads  of  5,  3,  2,  1  and  0.5  mN.  The 
maximum  penetration  depths  obtained  lie  in  the  range 
of  1000-250  nm.  These  penetration  depth  values  are  too 
large  to  evaluate  the  properties  concerning  the  very  thin 
modified  surface  layer  (about  60  nm  in  thickness)  due 
to  the  substrate  softness.  Nevertheless,  a  harder  surface 
layer  could  be  seen  in  the  loading  curves  and  hardness 
values  increased  significantly.  After  90%  of  unloading 


load,  the  indenter  was  held  under  such  load  for  15  s  in 
order  to  determine  the  thermal  drift  rate  of  the  sample 
during  the  indentation  process  and  the  data  was  cor¬ 
rected  accordingly. 

Fig.  1  shows  two  indentation  curves  at  a  5  mN  maxi¬ 
mum  load  obtained  for  both  treated  and  untreated 
polycarbonate  substrates.  The  treated  one  was  immersed 
in  a  0.15  mbar  air  glow  discharge  for  5  min.  Both  curves 
are  very  similar  in  shape  but  there  is  a  difference  at  the 
starting  of  the  loading  branches.  The  treated  sample 
shows  a  different  slope  corresponding  to  a  harder  surface 
coating.  A  more  detailed  view  of  this  part  of  the  curve 
shows  that  the  transition  point  between  the  two  different 
slopes  occurs  at  a  maximum  penetration  depth  of  about 
90  nm  and  at  0.3  mN  of  applied  load.  In  fact,  this  is 
not  the  real  thickness  of  the  modified  layer  because  the 
maximum  penetration  depth  includes  the  deformation 
of  the  softer  substrate.  Different  indentations  performed 
at  several  peak  loads  showed  the  same  variation  in  the 
slope  of  the  loading  curve.  This  can  be  seen  in  Fig.  2 
and  confirms  the  consistency  of  the  results. 

From  the  analysis  of  a  set  of  these  curves  (five 
indentations  at  each  maximum  load),  the  evolution  of 
the  hardness  values  with  the  maximum  penetration 
depth  of  the  indenter  could  be  estimated  (Fig.  3,  solid 
line).  As  could  be  already  expected  from  the  shape  of 
the  indentation  curves,  hardness  values  significantly 
increased  with  decreasing  penetration  of  the  indenter 
(i.e.  as  they  approach  the  surface)  although  they  do  not 
exactly  correspond  to  those  of  the  modified  surface.  To 
avoid  the  substrate  deformation  effects,  a  maximum 
load  of  scarcely  0.3  mN  should  be  applied,  in  order  to 
restrict  the  penetration  depth  of  the  indenter  to  the 
initial  80  nm.  Nevertheless,  a  minimum  hardness  of 
440  MPa  can  be  assumed  for  the  plasma  treated  PC 
(and  a  factor  of  two,  or  even  more,  may  be  presumed 
from  the  observed  trends)  which  means  a  significant 


Fig.  1 .  Hysteresis  load-displacement  curves  at  5  mN  of  maximum  load 
for  the  treated  polycarbonate  (solid  line)  and  for  the  untreated  polycar¬ 
bonate  (dashed  line).  Different  slopes  of  the  curves  at  the  initial  stages 
of  loading  are  found,  due  to  the  harder  surface  layer  on  the  modi¬ 
fied  substrate. 
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Fig.  2.  Hysteresis  load-displacement  curves  for  indentations  performed 
on  the  plasma  treated  polycarbonate  at  different  maximum  loads.  All 
the  loading  branches  of  the  curves  show  an  inflexion  point  of  a  slope 
change  (see  the  arrow  in  the  figure)  due  to  the  different  hardness  of 
the  bulk  and  modified  surface  layer. 
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Fig.  3.  Hardness  vs.  maximum  penetration  depth  for  the  plasma  modi¬ 
fied  polycarbonate  (solid  line)  and  PDMS/polycarbonate  system 
(dashed  line).  The  dash-dot  line  shows  the  polycarbonate  hardness 
(without  surface  modification). 
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Fig.  4.  Plasma  treated  PC  substrates  after  10  min  ultrasound  shaking. 
The  revealed  stress  and  detachment  increases  with  longer  exposition 
to  plasma:  (a)  10  min  exposition,  (b)  20  min  exposition. 


improvement  with  respect  to  that  of  bare  PC  substrates, 
i.e.  170  MPa.  The  values  obtained  are  smaller  and 
therefore  consistent  with  those  reported  for  ion  beam 
surface  modification  of  PC  with  100  keV  boron  ions, 
which  is  ^1.3  MPa  [8].  Although  ion  implantation 
greatly  enhances  tribological  properties,  it  was  also 
observed  that  densely  implanted  materials  suffer  from 
an  increase  in  surface  fatigue  and  brittle  cracking,  which 
can  easily  result  in  a  decrease  of  wear  resistance.  The 
same  argument  can  be  applied  to  plasma  treated  poly¬ 
mers.  Two  thicker  modified  surface  layers  were  obtained 
by  increasing  the  immersion  time  in  the  glow  discharge 
up  to  10  and  20  min  respectively  without  varying  the 
remaining  parameters.  Both  substrates  were  exposed  to 
a  10  min  ultrasound  shaking  in  ethanol.  The  mechanical 
waves  propagating  through  them  were  able  to  develop 
failure  and  detachment  of  the  modified  surface  layers, 
to  a  much  larger  extent  in  the  20  min  exposed  one 
(Fig.  4).  Optical  microscopy  images  show  that  these 


layers  are  formed  with  a  high  intrinsic  compression 
strain.  Detachment  of  the  modified  surfaces  allows  meas¬ 
urement  of  the  modified  depth  by  stylus  prolifometry. 
Thus,  the  20  min  exposed  substrate  develops  a  220  nm 
thick  modified  surface  layer. 

Although  the  exact  mechanisms  responsible  for  such 
an  important  change  in  the  mechanical  properties  are 
not  completely  understood,  there  is  general  agreement 
on  the  fact  that  radicals  created  at  the  surface  by  the 
removal  of  certain  groups  are  easily  recombined,  so  that 
a  three-dimensional  network  of  connected  polymer 
chains  is  formed.  The  resulting  cross-linked  structure 
restrains  chain  movement  and  increases  rigidity.  The  so 
called  CASING  cross-linking  has  been  an  important 
method  in  surface  modification  of  polymers  since  it  was 
first  reported  by  Hansen  and  Schonhorn  in  1966  [9]. 

An  indentation  curve  at  2  mN  peak  load  of  a  treated 
PDMS  coating  deposited  on  a  PC  substrate  is  shown  in 
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Load  (mN) 

Fig.  5.  Load -displacement  curve  obtained  for  a  plasma  modified 
PDMS  coating  of  250  nm  thickness  deposited  on  a  polycarbonate  sub¬ 
strate.  The  arrow  shows  the  change  of  the  slope  in  the  loading  curve, 
indicating  a  harder  surface  layer  obtained  with  the  polymerization 
process. 

Fig.  5.  A  10  min  mineralisation  was  performed  by  an 
air  plasma  at  0.1  mbar.  The  arrow  shows,  again,  the 
slope  change  indicating  a  surface  harder  zone  of  80- 
90  nm  thickness.  Such  a  change  of  slope  has  also  been 
observed  and  reported  for  other  plasma  and  ion-beam 
modified  polymers  [8].  For  highly  modified  polymers 
the  change  becomes  a  discontinuity  which  is  related  to 
their  somewhat  poorer  wear  performance  compared  to 
that  of  less  modified  samples. 

The  evolution  of  the  system  hardness  (treated  PDMS 
onto  treated  PC)  plotted  as  a  function  of  maximum 
penetration  depth  is  superimposed  on  that  of  treated 
PC  in  Fig.  3  (dashed  line).  In  this  case,  the  hardness 
values  are  even  higher  than  those  of  the  uncoated 
polycarbonate  for  the  same  plasma  treatment. 

3,2.  Adhesion  measurements  by  the  microscratch  test 

In  addition  to  the  improvement  of  the  surface  hard¬ 
ness,  plasma  modification  of  the  polycarbonate  has  the 
effect  of  improving  the  adhesion  of  deposited  aluminium 
coatings  [10]. 

Microscratch  tests  performed  on  the  untreated  PC 
substrates  show  a  pronounced  plastic  deformation  of 
the  material  along  the  scratch.  Fig.  6  shows  this  defor¬ 
mation  print  and  the  evolution  of  the  frictional  force 
(dashed  line),  which  progressively  increased  with  the 
scratch  distance.  Some  debris  particles  can  also  be  found 
at  the  bottom  of  the  track.  Plasma  treated  PC  substrates 
show  a  brittle,  cracked,  easily  delaminated  surface  when 
the  load  exceeds  a  certain  threshold  value.  In  the  case 
of  a  surface  mineralised  layer  on  PDMS  on  a  PC  treated 
substrate,  the  evolution  of  the  friction  force  showed  an 
initial  zone  where  no  damage  is  provoked  on  the  system, 
probably  due  to  the  higher  hardness  of  the  mineralised 
surface  layer  (Fig.  6).  A  threshold  for  cracking  is 
observed,  with  respect  to  the  applied  load,  at  150  niN 
(zoom  in.  Fig.  6(b).  Conformal  cracking  of  the  brittle 


Fig.  6.  Scanning  electron  micrographs  showing  scratches  performed 
(a)  on  the  bare  polycarbonate,  and  (b)  on  a  plasma  treated 
PDMS/treated  polycarboante  sample.  The  evolution  of  the  friction 
force  along  the  scratch  is  also  shown  for  both  samples. 

surface  layer (s)  is  affected  by  the  impossibility  of 
following  the  substrate  plastic  deformation.  Increasing 
normal  loads  provoke  abundant  detachment  and  debris, 
which  would  be  detrimental  to  the  wear  performance  of 
the  system.  Unlike  indentation  measurements,  untreated 
PDMS  films  show  a  similar  behaviour  in  scratch  tests. 
This  could  be  related  to  the  fact  that  plasma  polymerised 
thin  films  are  already  highly  cross-linked,  due  to  the 
mechanisms  responsible  for  its  growth  [11]  which  is  not 
substantially  altered  by  low  energy  ion  bombardment. 

The  high  penetration  depths  achieved  at  the  applied 
loads  suggest  that  cracking  may  also  be  due  to  the 
modified  substrate  layer,  although  no  mechanical  failure 
was  observed  for  this  sample  under  ultrasound  shaking 
(unlike  treated  substrates)  when  the  PDMS  film  is 
deposited. 

Results  for  systems  including  an  Al  metalisation  do 
not  significantly  differ  from  those  without  it,  provided 
that  a  PDMS  film  has  been  overdeposited.  Therefore, 
PDMS  may  be  thought  of  as  a  fixing  coating  for 
underlying  films.  On  the  contrary,  the  expected  improve- 
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ment  in  the  adhesion  of  Al  metalisations  by  plasma 
treatment  of  the  substrate  is  easily  observed.  The  chemi¬ 
cal  modifications  induced  by  ions  and  the  bonding 
mechanisms  of  Al  atoms  to  the  as-formed  modified 
surfaces  may  be  found  elsewhere  [9]. 

Studies  aimed  at  improved  adhesion  to  the  substrate 
without  reducing  the  film  wear  performance,  and  optimi¬ 
sation  of  the  PDMS  film  thickness  in  order  to  diminish 
the  accumulated  internal  stress,  could  be  feasible 
approaches  to  partially  solving  the  drawbacks 
encountered. 


4.  Conclusions 

Modification  of  PC  substrates  by  immersion  in  air 
plasmas  produces  a  thin  modified  surface  layer  with 
significantly  enhanced  hardness  compared  to  that  of  a 
bare  PC  substrate.  The  depth  affected  by  this  modifica¬ 
tion  is  subject  to  mechanical  stress,  and  prolonged 
immersion  times  may  be  detrimental  to  the  mechanical 
performance  of  the  substrate.  Similarly,  treated  plasma 
polymerised  PDMS  thin  films  present  a  harder  surface 
layer,  although  the  wear  performance  of  these  films  is 
not  so  sensitive  to  this  process. 

With  respect  to  Al  metalisations,  PDMS  thin  films 
are  found  to  act  as  an  overlying  adhesion  promoter 
coating  while  plasma  treated  PC  surface  layers  would 
be  an  underlying  adhesion  promoter. 


Acknowledgements 

This  study  was  supported  by  the  Research  Dept,  of 
TELSTAR  S.A.  Acknowledgements  are  also  due  to  the 
Serveis  Cientifico-Tecnics  Universitat  de  Barcelona  for 
the  SEM  characterization,  and  the  DGR  of  the  Catalan 
Government. 


References 

[1] H.  Gruiiwald,  R.  Adam,  J.  Bartella,  M.  Jung,  W.  Dicken,  S. 
Kundel,  K.  Nauenburg,  T.  Gebele,  S.  Mitzlaff,  G.  Ickes,  U.  Patz, 
J.  Snyder,  Surf.  Coat.  Technol.  HI  (1999)  287-296. 

[2]  L.  Agres,  Y.  Segui,  P.  Raynaud,  J.  Appl.  Polym.  Sci.  61  (1996) 
2015. 

[3]  J.  Behnisch,  J.  Tyczkowski,  M.  Gazicki,  I.  Pela,  A.  Hollander,  R. 
Ledzion,  Surf.  Coat.  Technol.  98  (1998)  872-874. 

[4]  P.  Favia,  R.  d’Agostino,  Surf.  Coat.  Technol.  98  (1998) 
1102-1106. 

[5]  R.K.  Sadhir,  Z.N.  Sanjana,  J.  Mater.  Sci.  26  (1991)  4261. 

[6]  W.C.  Oliver,  G.M.  Pharr,  J.  Mater.  Res.  7  (6)  (1992)  1564-1583. 

[7]  E.H.  Lee,  Y.  Lee,  W.C.  Oliver,  L.K.  Mansur,  J.  Mater.  Res.  8 
(2)  (1993)  377-387. 

[8]  H.  Dong,  T.  Bell,  Surf.  Coat.  Technol  111  (1999)  29-40. 

[9]  R.H.  Hansen,  H.  Schonhorn,  J.  Polym.  Sci.  4  (1966)  209  Polym. 
Lett.  Ed. 

[10] C.S.  Rastomjee,  M.  Keil,  H.  Sotobayashi,  A.M.  Bradshaw, 
C.L.A.  Lamont,  D.  Gador,  E.  Umbach,  Appl.  Surf.  Sci.  136 
(1998)  280-297. 

[11]  S.  Sahli,  Y.  Segui,  S.H.  Moussa,  M.A.  Djouadi,  Thin  Solid  Films 
217  (1992)  17-25. 


www.elsevier.nl/locate/surfcoat 


Pulsed  laser  deposition  of  crystal  polyaniline  thin  films 

Z.M.  Ren  %  Y.F.  Lu  *,  Z.H.  Mai  %  S.C.  Ng  ^  P.  Miao  ^  S.I.  Pang ",  J.P.  Wang ", 

T.C.  Chong  " 

“  Laser  Microprocessing  Laboratory  Deportment  of  Eiectrical  Engineering  and  Data  Storage  Institute,  National  University  of  Singapore, 

10  Kent  Ridge  Crescent,  Singapore  119260,  Singapore 

^  Department  of  Chemistry,  National  University  of  Singapore,  10  Kent  Ridge  Crescent,  Singapore  119260,  Singapore 
®  Data  Storage  Institute.  5  Engineering  Drive  1,  Singapore  117608,  Singapore 

Accepted  28  June  1999 


Abstract 

Thin  films  of  polyaniline  (PBT),  a  kind  of  polyheterocyclic  compound  with  hydrogen  function  groups,  were  deposited  by  KrF 
excinier  ablation  in  a  vacuum  chamber.  The  laser  pulse  fluence  was  selected  at  2  J  cm  ^  with  a  pulse  duration  of  25  ns.  The 
polymer  used  in  our  experiments  bears  the  basic  structure  and  frame  of  many  polyheterocyclic  compound  ramifications.  The 
deposition  of  such  a  polymer  should  be  helpful  for  future  research  when  other  kinds  of  function  radicals  are  attached  to  polyaniline 
to  realise  different  applications.  The  structural  and  topographic  properties  of  the  deposited  thin  films  were  analysed  by  atomic 
force  microscope  and  X-ray  diffraction.  The  deposited  thin  films  were  observed  to  have  good  crystal  properties  and  be  composed 
of  crystalline  cubes  with  a  uniform  size  of  0.1  pm.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  AFM;  Excimer  laser;  Polymer;  Pulsed  laser  deposition;  Thin  film;  XRD 


1.  Introduction 

There  is  currently  an  increased  interest  in  the  applica¬ 
tion  of  conducting  polymers  and  polymer-based  opto¬ 
electronic  materials  due  to  their  unique  properties.  The 
fabrication  of  the  polymer  light-emitting  device  (PLED) 
has  received  a  lot  of  attention  in  recent  years  [1-4].  In 
many  practical  applications,  polyheterocyclic  com¬ 
pounds  such  as  polyaniline  (PBT)  and  polythiophenes 
are  as  basic  materials  vyith  different  kinds  of  function 
groups.  In  industrial  applications,  polymers  are  normally 
in  their  bulk  forms  of  alloys  and  blends.  Besides  the 
bulk  forms,  the  applications  of  polymers  in  the  forms 
of  thin-films  are  needed  in  miniaturization  and  integ¬ 
ration  technologies.  Some  fabrication  methods  of  poly¬ 
mer  thin  films  have  been  investigated  such  as  vacuum 
evaporation  [5-7],  plasma  polymerization  [8,9],  syn¬ 
chrotron  radiation  photodecomposition  [10],  spin  coat¬ 
ing  [1-4,11],  chemical  vapour  deposition  [12],  photo 
decomposition  [13]  and  plasma  sputtering  [14]  etc. 
Pulsed  laser  deposition  (PLD)  is  another  suitable  depos¬ 
ition  for  fabricating  polymer  thin  films  on  various  kinds 
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of  substrates  [15-17].  In  comparison  to  other  methods, 
PLD  has  mainly  two  advantages.  The  first  is  its  faithful 
transfer  of  target  materials  to  substrate  surfaces  without 
obvious  changes  in  composition.  Since  the  ablated  radi¬ 
cals  normally  have  the  same  compositional  ratio  to  the 
target,  PLD  can  keep  the  electronic  properties  of  the 
original  target  materials.  The  second  concerns  the  ener¬ 
getic  radicals  in  the  ablated  plume.  These  radicals  with 
certain  energies  are  beneficial  to  the  formation  of  ideal 
crystalline  structures  in  the  deposited  thin  films. 

In  thin  film  deposition,  polyheterocyclic  compounds 
are  usually  difficult  to  find  which  are  suitable  solvents 
for  spin-coating.  Physical  vapour  deposition  (PVD) 
always  involving  ion/plasma  processing  sometimes 
becomes  an  alternative  deposition  technique.  However, 
since  ion-beam  processing  of  polymer  solid  surfaces  can 
cause  serious  damage  to  polymer  molecules  and  thus 
make  the  structures  difficult  to  handle  and  affect  the 
properties  of  deposited  polymers,  PLD  seems  to  be  an 
attractive  deposition  method  since  it  avoids  destruction 
of  the  target  materials. 

In  our  experiment,  we  intend  to  deposit  a  kind  of 
polyheterocyclic  compound,  polyaniline  (PBT),  by  KrF 
pulsed  excimer  laser  ablation  of  a  solid  target.  The 
chemical  structure  of  polyaniline  (PBT)  used  in  our 
experiments  is  shown  in  Fig.  1. 
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X  =  S,0,N 

R  =  Functional  Group 

Fig.  1.  Chemical  structure  of  PBT  used  in  the  experiment. 


deposited  thin  films  was  performed  on  an  Autoprobe 
CP  atomic  force  microscopy  (AFM)  system  from  Park 
Scientific  Instruments.  All  images  were  obtained  in  a 
taping  mode  with  standard  Si  tips  with  normal  radius 
of  10-20  nm.  X-ray  diffraction  (XRD)  measurements 
were  performed  on  a  Philips  X’Pert-MRD  system. 
Cu  Ka  irradiation  was  used  as  the  X-ray  source  in  the 
diffraction  measurements. 


In  our  compound,  we  have  X  =  sulphur  (S).  The 
function  group  is  R  =  hydrogen  (H).  The  function  group 
plays  an  important  role  with  the  electrical  properties  of 
the  polymer.  The  conductivity  and  optoelectronic  prop¬ 
erties  of  the  compound  depend  strongly  on  the  selection 
of  the  functional  junction  groups.  The  polymer  used  in 
our  experiments  has  the  basic  frame  of  many  polyhetero- 
cyclic  compound  ramifications.  The  deposition  of  such 
a  polymer  should  be  helpful  for  future  research  when 
other  kinds  of  function  groups  are  attached  to  PBT. 
This  deposition  will  be  targeted  at  fabricating  polyaniline 
thin  films  with  good  crystal  properties. 


2.  Experimental 

Polyaniline  thin  films  were  deposited  in  a  PLD  system 
with  a  background  vacuum  of  1  x  lO'^Torr.  The  dis¬ 
tance  between  the  target  and  the  substrate  was  4  cm. 
The  target  was  rotated  by  an  external  motor  so  as  to 
provide  each  pulse  with  a  fresh  surface.  The  target  was 
a  piece  of  pure  PBT.  A  KrF  excimer  laser  with  wave¬ 
length  of  248  nm  and  a  pulse  duration  of  25  ns  was  used 
as  light  source  to  ablate  the  PBT  target.  Its  repetition 
rate  was  10  Hz.  The  fiuence  of  the  KrF  excimer  laser 
was  kept  at  5Jcm'^.  The  deposition  rate  was  in  the 
range  of  50-150  nm  min“^  The  thickness  of  the  depos¬ 
ited  thin  films  was  in  the  range  of  1-2  pm.  The  substrate 
temperature  was  automatically  controlled  by  a  digital 
controller  and  can  be  set  up  to  900°C.  Before  deposition, 
the  silicon  substrate  wafers  were  cleaned  by  acetone  in 
an  ultrasonic  bath. 

The  measurement  of  the  surface  morphology  of 


3.  Results  and  discussion 

The  deposited  PBT  thin  films  were  set  for  AFM 
measurements  so  as  to  characterise  their  surface  mor¬ 
phologies  and  structures.  The  AFM  results  are  shown 
in  Fig.  2(a-c)  corresponding  to  substrate  temperatures 
of  room  temperature,  100  and  200°C,  respectively.  The 
deposited  thin  films  appear  to  be  composed  of  cubic 
nanocrystals.  The  cubic  nanocrystals  are  very  obvious 
in  Fig.  2,  regardless  of  the  different  substrate  temper¬ 
atures.  A  detailed  comparison  among  these  three  figures 
shows  that  the  stack  structure  of  PBT  nanocrystals 
appears  to  be  improved  when  substrate  temperature  is 
elevated  to  200°C.  The  size  distribution  is  very  uniform 
for  the  sample  deposited  at  a  substrate  temperature  of 
200°C  while  a  low  substrate  temperature  leads  to  some 
irregular  crystal  structures.  All  the  cubic  grains  have  the 
same  size  of  100  nm  for  the  thin  film  deposited  at  a 
substrate  temperature  of  200°C  whilst  a  substrate  tem¬ 
perature  of  100°C  leads  to  a  slightly  larger  size  of 
110  nm. 

A  three-dimensional  AFM  surface  profile  of  the  thin 
film  deposited  at  a  substrate  temperature  of  100°C  is 
shown  in  Fig.  3.  The  cubic  shapes  of  the  nanocrystals 
are  very  obvious,  demonstrating  the  formation  of  crys¬ 
talline  thin  films.  Crystal  structures  are  seldom  obtained 
in  most  depositions  of  polymer  thin  films  due  to  the 
random  orientation  of  the  long  molecular  chains.  The 
formation  of  crystalline  in  the  deposited  thin  films  also 
suggests  some  changes  in  molecular  composition  and 
structure  in  the  resulting  thin  films  as  compared  to  the 
original  target. 


Fig.  2.  AFM  surface  profiles  of  PBT  thin  film  deposited  at  substrate  temperatures  of  (a)  room  temperature,  (b)  100,  and  (c)  200°C. 
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Fig.  3.  Three-dimensional  AFM  surface  scanning  profile  of  a  deposited 
PBT  thin  film. 

X-ray  diffraction  measurements  were  carried  out  so 
as  to  assist  the  characterization  of  the  deposited  thin 
films.  Fig.  4  shows  the  result  of  XRD  measurements  of 
the  thin  film  deposited  at  a  substrate  temperature  of 
200”C.  The  diffraction  peaks  appear  to  be  very  sharp  at 
2fi  =  38.3,  44.5,  78.2  and  82.3°.  There  are  also  two  peaks 
from  the  Si(lOO)  substrate  in  the  spectrum.  These  sharp 
diffraction  peaks  confirm  crystalline  structures  inside 
the  deposited  thin  films.  Some  crystal  orientations  with 
different  d-spacings  can  be  calculated  from  these  diffrac¬ 
tion  maxima:  0.24,  0.20,  0.12  and  0.11  nm,  respectively. 
This  series  of  d-spacings  does  not  fit  any  allotropes  of 
carbon  such  as  graphite  and  diamond.  The  crystallines 
in  the  deposited  thin  films  should  be  composed  of  carbon 
atoms  and  other  elements  such  as  H  and  S  which  are 
the  functional  groups  in  the  original  PBT  target.  The 
incorporation  of  H  and  S  atoms  into  the  carbon  crystal¬ 
line  frameworks  determines  the  lattice  characters  differ¬ 
ing  from  other  allotropes.  In  Fig.  4,  two  other  broad 
peaks  to  the  low  end  of  diffraction  angle  at  20—12.0 
and  19.4°  are  also  quite  obvious,  corresponding  to 
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Fig.  4.  XRD  result  of  a  thin  film  deposited  at  a  substrate  temperature 
of  200X. 
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Fig.  5.  FTIR  spectra  of  deposited  thin  films  at  different  substrate  tem¬ 
peratures  of  room  temperature,  100  and  200^C. 

d-spacings  of  0.74  and  0.46  nm,  respectively.  These  two 
peaks  with  large  lattice  parameters  possibly  originate 
from  crystal  structures  of  polymeric  compounds  that 
can  be  traced  to  the  starting  PBT  target. 

In  our  deposition,  despite  of  the  random  stack  of 
micro-size  cubes  in  the  deposited  thin  films,  the  surfaces 
still  appear  to  be  smooth  with  a  surface  roughness 
<10nm  as  measured  by  alpha-step.  The  nanocrystal¬ 
lines  inside  the  deposited  polymer  thin  films  exert  great 
influence  on  their  properties,  especially  conductivity  and 
optoelectronic  behaviour.  The  composition  of  uniform 
cubic  nanocrystallines  of  the  thin  film  should  be  easy  to 
analyse  and  thus  can  readily  control  the  optoelectronic 
and  conductive  properties  of  the  PBT  thin  films. 

The  electronic  properties  of  the  deposited  thin  films 
were  investigated  by  Fourier  transform  infrared  (FTIR) 
spectroscopy.  The  FTIR  results  are  shown  in  Fig.  5. 
There  is  no  obvious  difference  among  the  three  FTIR 
spectra  of  the  samples  deposited  at  room  temperature, 
100  and  200°C,  respectively.  In  the  spectra,  the  peak  at 
2644  cm  is  related  to  the  heterocycle  composed  of 
four  carbon  and  one  sulphur  atoms.  The  elevating  of 
substrate  temperature  therefore  does  not  have  influence 
on  the  chemical  binding  structures  inside  the  polythio¬ 
phene  nanocrystals  in  the  deposited  thin  films  although 
it  can  reduce  the  size  of  the  cubes  as  well  as  compress 
their  size  distributions  as  indicated  by  the  previous  AFM 
measurements. 


4.  Conclusions 

Through  our  experiments,  we  know  that  thin  films 
of  PBT  can  be  deposited  on  Si(lOO)  substrates  by  KrF 
pulsed  excimer  laser  deposition.  The  deposited  thin  films 
were  proven  to  be  purely  composed  of  cubic  nanocrystals 
instead  of  amorphous  structures  which  happened  in 
most  other  physical  deposition  of  polymer  thin  films. 
The  size  of  the  nanocrystals  decreases  slightly  with  the 
elevating  substrate  temperature  up  to  200°C.  The 
nanocrystals  in  the  deposited  thin  films  by  200°C  sub¬ 
strate  temperature  have  a  uniform  size  of  100  nm. 
Deposited  thin  films  exhibit  good  crystal  properties  with 
strong  and  sharp  XRD  peaks.  The  substrate  temperature 
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does  not  have  much  influence  on  the  chemical  binding 
structures  inside  the  deposited  thin  films. 
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Abstract 

Reactive  plasma  spraying  of  aluminum  and  AI(OH)3  powders  with  oxide  additives,  CuO  and  Cr203,  was  investigated.  An  arc- 
plasma  spray  gun  was  constructed  with  the  injection  of  powders  into  the  plasma  torch  both  internally  and  externally.  The  spraying 
was  done  at  atmospheric  pressure  in  a  working  gas  comprising  an  argon/air  mixture.  The  resulting  oxide-doped  AI-AI2O3  coatings, 
which  were  30-50  pm  thick,  were  investigated  by  X-ray  diffraction  and  scanning  electron  microscopy.  Their  catalytic  behavior 
was  identified  observing  by  the  combustion  effect  of  propane  in  a  tube  furnace.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Key^vords:  Atmospheric  pressure;  Catalytic  behavior;  Oxidation;  Reactive  plasma  spraying 


1.  Introduction 

Significant  progress  has  been  made  in  recent  years  in 
the  development  of  atmospheric-pressure  plasma  spray¬ 
ing  technology  [1,2].  It  combines  the  universality  of 
low-pressure  plasma  technology  and  the  economical 
approaches  of  chemical  technologies.  There  is  great 
interest  in  the  development  of  reactive  plasma-spray 
deposition  technology  to  obtain  oxides  of  different 
metals  introduced  in  a  plasma  in  the  form  of  powder. 
Oxidation  may  occur:  (1)  in  flight  with  the  solid  and 
then  with  the  liquid  metal  (the  time  of  flight  is  about 
1  ms);  (2)  at  the  splat  surface  as  a  liquid  (f<20  ps)  and 
then  as  a  solid  (/<50  ps);  and  (3)  at  beads  and  then  the 
pass  surface  0.1-3  s)  [3]. 

In-flight  oxidation  takes  place  in  the  environment  of 
the  plasma  pushed  by  the  gas  carrier  from  the  plasma 
gun,  which  forms  a  torch  consisting  of  high-velocity, 
high-temperature  (energy)  electrons,  ions  and  neutrals. 
It  occurs  in  the  so-called  equilibrium  plasma  which 
exists  in  arcs  or  in  plasma  torches  at  atmospheric 
pressure  due  to  the  great  frequency  of  collisions  between 
different  particles.  Reactive  particles  in  the  plasma, 
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generated  by  the  dissociation  of  molecular  species,  react 
with  the  heated  metal  particles  to  form  splats  of  chemical 
compounds. 

Oxidation  of  the  splats  on  the  substrate  leads  to  the 
oxidation  of  splat  surfoces.  Both  of  these  processes  takes 
place  simultaneously.  To  obtain  highly  stoichiometric 
oxides  it  is  important  to  realize  the  access  of  oxygen  in 
the  reaction  zone  and  the  mixing  process  of  reactive 
species  with  atoms  of  the  metal. 

The  goal  of  the  present  research  was  to  study  the 
oxidation  of  sprayed  powders  in  a  reactive  plasma  torch 
and  on  the  surface  of  a  substrate  at  atmospheric  pressure 
in  a  working  gas  of  argon  and  air,  and  the  catalytic 
behavior  of  the  coatings  so  obtained. 


2.  Experimental 

A  schematic  representation  of  the  plasma  spray  gun 
is  shown  in  Fig.  1.  Aluminum  powder  with  a  size 
distribution  of  40-75  pm  and  Al(OH)3,  CuO  and 
Cr203  powders  of  size  30-50  pm  were  used,  and  injected 
into  the  plasma  torch  both  internally  and  externally. 
Continuously  vibrating  mixers  controlled  the  dosage  of 
the  powder.  The  gas  carrier  (air/argon  mixture)  was 
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Fig.  1 .  Schematic  representation  of  the  plasma  gun. 


injected  into  the  plasma  through  a  9.5  mm  diameter 
cylindrical  tube  with  flow  rate  equal  to  0.4  g  s“h 

A1(0H)3  powder  was  mixed  with  CuO  and  Cr203 
oxides  and  injected  in  the  direction  parallel  to  the  axis 
of  the  plasma  torch  along  the  boundary  layer  with  the 
reactor.  The  boundary  layer  was  cooled  with  an  addi¬ 
tional  flow  of  the  working  gas  equal  to  1.2  gs“^  The 
aluminum  powder  was  introduced  externally.  The  total 
flow  rate  of  working  gas  through  the  plasma  gun  was 
2.5-3  gs“^ 

The  mean  temperature  of  the  gas  carrier  along  the 
axis  of  the  burning  arc  was  5000-6000  K,  the  velocity 
about  100-500  ms'h  The  temperature  of  the  working 
gas  leaving  the  plasma  gun  was  3000-3500  K  and  the 
velocity  was  500-650  m  s"h  The  energy  flux  was  in  the 
range  10*-10*  W  m“^  and  the  flux  of  atomic  particles 
about  10^^  cm“^  s"^  Deposition  experiments  were  con¬ 
ducted  using  a  40  kW  power  source  and  the  arc  current 
was  150-200  A.  Controls  allowed  monitoring  of  the 
working  gas  mixture,  gas  flow,  power  settings,  mandrel 
motion  and  powder  feed  rate  [4]. 

The  rotation  rate  of  the  mandrel  was  40  rev  min 
with  an  average  axial  translation  speed  of  5  cm  s“h  The 
separation  distance  between  the  torch  and  mandrel 
was  65  cm. 

Steel  sheet  substrates  were  approximately  50  cm  long 
and  1 1  cm  wide,  with  a  thickness  of  0.4-45  mm.  X-ray 
diffraction  was  performed  from  20  =  30  to  70°  with 
CuKa  radiation  on  a  Scintag  XDS2000  instrument. 
Microstructural  analysis  was  performed  on  representa¬ 
tive  samples  with  a  JEOL  JSM  840A  scanning  electron 
microscope. 

The  catalytic  behavior  of  the  coatings  was  studied  in 
the  vertical  mounted  tube  furnace  shown  schematically 
in  Fig.  2.  The  premixed  propane/air  gas  stream  was 
introduced  through  a  stainless  steel  tube  at  the  bottom 
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INSULATION 


THERMOCOUPLE 


FURNACE 
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PREMIXED 
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Fig.  2.  Schematic  illustration  of  the  catalytic  combustion  tube. 


of  the  furnace  and  passed  through  an  1 1  cm  long  active 
element  made  of  doubly  coated  steel  sheets  rolled  into 
a  cylinder  of  diameter  equal  to  1 5  cm.  The  coated  sheets 
of  steel  were  folded  and  rectangular  channels  for  flow 
of  the  propane/air  were  made  with  characteristic  size 
equal  to  7  mm.  The  temperature  of  exiting  gas  was 
monitored  with  a  chromel-alumel  thermocouple.  A 
comparison  of  the  temperature  increase  when  the  gas 
stream  contains  the  propane/air  mixture,  as  opposed  to 
when  it  contains  air  only  (with  all  other  factors  being 
kept  constant),  allows  identification  of  catalytic  combus¬ 
tion  effects  [5,6]. 


3.  Results 

The  typical  results  of  X-ray  analysis  are  presented  in 
Fig.  3  for  undoped  coatings  [Fig.  3(a)]  and  coatings 
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a 


b 


Fig.  3.  X-ray  analysis  results  of  Al-AUO^  coatings  (a)  and  AI-AI2O3  coatings  doped  with  the  metal  oxides  CuO  and  Cr203  (b). 


doped  with  10%  CuO  and  5%  Cr203  (in  mass  units) 
[Fig.  3(b)].  Aluminum  coatings  after  deposition  were 
thermally  annealed  at  520°C  for  90  min.  Results  showed 
that  they  included  about  70%  AI2O3  y-phase,  which 
depends  on  the  substrate  temperature  during  deposition. 
With  an  increase  of  substrate  temperature  to  about 
290'"C,  a  phase  transition  takes  place  from  y-Al203  to 
a-Al203.  At  the  substrate  temperature  of  770°C,  practi¬ 
cally  100%  a-Al203  is  obtained.  Cooling  of  the  substrate 
prevented  substrate  heating  above  290°C.  The  coatings 
obtained  have  a  highly  developed  effective  surface  of 
about  100-120  m^g“^  [4]. 

The  quantity  of  AI2O3  in  the  coatings  depends  on  the 
flow  of  air/argon  mixture  through  the  plasma  gun.  Fig.  4 
presents  the  experimental  dependence  of  the  coating 
composition  in  relative  mass  units  on  the  ratio  of  air 
and  argon  flows  in  mass  units  forming  the  working  gas. 
It  is  seen  that  the  presence  of  a  small  amount  of  air 
does  not  affect  the  quantity  of  oxidized  aluminum.  A 
sharp  increase  of  AI2O3  in  coatings  is  observed  when 
the  ratio  of  air  flow  to  agron  flow  ranges  between 


Fig.  4.  Dependence  of  the  quantity  of  AFOj  in  the  deposited  coating 
on  the  flow  ratio  of  air/argon  in  equivalence  units. 


10”^  and  2x  10“h  The  quantity  of  AI2O3  saturates  if 
the  ratio  of  air  to  argon  flows  exceeds  10“ ^  and  it  does 
not  increase  even  if  air  is  used  as  carrier  gas  without 
argon.  The  saturation  level  depends  on  the  temperature 
of  the  working  gas,  which  increases  with  the  increase 
in  arc  current.  Curve  1  in  Fig.  4  corresponds  to  an 
arc  current  of  1 00  A,  curve  2  to  an  arc  current  of 
175  A. 

The  catalytic  behavior  of  coatings  obtained  at  atmo¬ 
spheric  pressure  in  air  was  investigated.  Fig.  5  illustrates 
the  catalytic  behavior  of  coatings  doped  with  10%  CuO 
and  5%  Cr203.  Curve  1  gives  the  time  dependence  of 
the  temperature  in  the  furnace  without  propane  and 
curve  2  the  case  when  the  equivalence  ratio  of  propane 
to  air  is  equal  to  1.8.  It  is  seen  that  catalytic  combustion 


Fig.  5.  Catalytic  combustion  behavior  of  AI-AI2O3  coatings  doped 
with  CuO  and  Cr203. 
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starts  at  about  350°C.  Undoped  coatings  give  the  cata¬ 
lytic  combustion  effect  at  710°C. 


4.  Conclusions 

The  aluminum  and  Al(OH)3  powder  mixture  with 
the  addition  of  CuO  and  Cr203  powders  pushed  through 
the  plasma  spray  gun,  operating  at  atmospheric  pressure 
in  air,  forms  well  adherent  coatings  on  steel  sheets 
including  70%  y-Al203.  The  quantity  of  the  oxidized 
aluminum  depends  on  the  ratio  of  air  to  argon.  It  is 
shown  that  a  sharp  increase  in  the  AI2O3  content  of  the 
coating  starts  when  the  equivalence  ratio  of  air  to  argon 
exceeds  10"^  and  saturates  if  that  ratio  exceeds 
2x  10"^  The  saturation  level  depends  on  the  burning 


arc  current.  The  coatings  obtained  show  characteristic 
catalytic  combustion  behavior. 
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Abstract 

This  paper  presents  the  growth  and  characterization  of  titanium  oxinitride  (TiN^^-Oy)  films  grown  by  low  pressure  metal  organic 
chemical  vapour  deposition  (LP-MOCVD).  The  film  nitrogen  content,  obtained  by  Rutherford  backscattering  spectroscopy 
(RBS),  increases  as  the  growth  temperature  increases  (from  23  at.%  at  450°C  to  46  at.%  at  750°C).  Below  550°C,  the  films  do 
not  show  any  X-ray  diffraction  pattern.  Above  550‘^C,  the  deposited  films  present  the  (111)  and  (200)  TiN  textures.  Films 
deposited  on  (100)  Si  exhibit  a  20  shift  to  higher  Bragg  angles,  depending  on  the  N/0  ratio.  These  shifts  are  explained  by  using 
a  substitutional  oxygen  model.  Moreover,  the  atomic  structure  of  such  materials  is  described  from  this  behaviour  in  terms  of 
lattice  vacancies  and  N/O  substitutions,  leading  to  different  titanium  valencies  confirmed  by  X-ray  photoelectron  spectroscopy 
(XPS)  analysis.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Rutherford  backscattering  spectroscopy;  Thin  film;  TiN^O^,;  X-ray  diffraction;  X-ray  photoelectron  spectroscopy 


1.  Introduction 

Titanium  nitride  and  oxide  have  received  increasing 
attention  over  the  past  few  years.  Different  chemical 
and  physical  deposition  techniques  have  been  used  in 
the  production  of  these  films  for  applications  in  protec¬ 
tive  coatings,  electrical  contacts,  diffusion  barriers  and 
catalytic  aspects  [1~4]. 

Moreover,  the  presence  of  oxygen  in  titanium  nitride 
films  leads  to  a  promising  functional  range  of  materials, 
TiN^.03,  ranging  from  TiN  to  Ti02  with  a  checkable 
N/O  ratio.  Despite  applications  as  solar  selective  absorb¬ 
ers  [5],  and  transparent  windows  for  infrared  detectors 
[6,7]  few  works  have  been  published  concerning  the 
production,  properties  and  structure  of  these  titanium 
oxinitride  films  [8-10]. 

In  the  present  study,  the  structure  of  TiN^Oy  thin 
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films  produced  by  LP-MOCVD  is  described.  Both 
growth  temperature  and  the  nature  of  the  substrate 
control  the  microstructure  of  the  films.  The  influence  of 
these  parameters  is  studied. 


2.  Experimental  procedure 

The  growths  were  performed  on  (100)  oriented  sili¬ 
con,  (1-102)  sapphire  and  polycrystalline  alumina  sub¬ 
strates.  The  substrate  temperature  varied  from  450  to 
750°C.  The  growth  system  was  a  home-made  low  pres¬ 
sure  (60Torr)  MOCVD  one  [11].  Titanium  isopropox- 
ide,  Ti(OCH  (€113)2)4,  was  used  as  both  a  titanium  and 
an  oxygen  source  [12].  Ammonia,  NH3,  was  used  as  the 
nitrogen  source.  The  structural  properties  of  the  films 
were  observed  by  X-ray  diffraction  (XRD)  on  a  Siemens 
D5000  diffractometer  using  the  CuKa  radiation  at 
1.54  A.  The  film  composition  was  quantified  by  XPS 
using  a  Riber  Mac2  apparatus  working  with  the  AlKoc 
radiation  (1486.6  eV)  and  by  Rutherford  backscattering 
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Fig.  1.  SEM  picture  of  a  TiN^^O^,  film  grown  at  500”C  on  (100)  Si. 


spectroscopy  (RBS)  using  2MeV  He^.  Scanning 
electron  microscopy  (SEM)  on  a  JEOL  JSM-6400F  was 
also  used  to  check  the  film  thickness  and  morphology. 


3.  Results 

3.1.  Film  morphology 

Fig.  1  shows  a  SEM  picture  of  the  cross-section  of  a 
TiN^Oy  film  deposited  at  500°C  on  (100)  Si  over  1  h. 
The  layer  presents  a  columnar  structure,  with  a  mean 
diameter  of  columns  of  about  50  nm.  The  growth  rate 
obtained  for  this  layer  was  about  300  nm/h.  In  addition, 
different  morphologies  of  layers  were  observed  while 
varying  the  growth  temperature,  correlated  with  the 
electrical  properties  [13]. 

3.2.  Compositional  analysis 

The  XPS  spectrum  for  a  film  grown  at  650'^C  on 
(100)  Si  is  shown  in  Fig.  2.  The  signals  originating  from 
Ti2s,  O  Is,  Ti2pi/2,  Ti  2p3^2  N  Is  are  easily  iden¬ 
tified  at  binding  energies  around  564,  532,  462,  456  and 


Fig.  2.  XPS  spectra  obtained  for  a  film  deposited  at  650°C  on  ( 100)  Si. 
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Fig.  3.  Experimental  (solid  line)  and  reconstructed  (dots)  Ti  2p  XPS 
line  of  a  layer  obtained  at  650°C  on  (100)  Si.  The  contributions  of  (a) 
2pii2,  (b)  2pi,2,  (c)  71“+  2p3,2,  and  (d)  71=*+  2p3,2  are 

represented. 

397  eV,  respectively.  A  few  amounts  of  C  Is  is  observed 
at  285  eV,  and  disappears  after  a  20  min  Ar"*^  bombard¬ 
ment  at  3  keV.  This  behaviour  corresponds  to  carbon 
surface  contamination.  Besides,  the  fit  of  the  Ti2pi^2 
and  Ti2p3y2  signals  is  shown  on  Fig.  3.  The  recon¬ 
structed  spectrum  from  the  different  Ti  contributions  is 
in  excellent  agreement  with  the  experimental  spectrum, 
as  shown  in  Fig.  3.  This  kind  of  fit  allowed  us  to  obtain 
the  Ti^^/Ti'^’*'  ratio  for  different  growth  temperatures 
by  considering,  for  each  valency,  the  contribution  of 
both  2pii2  and  2p3y2  peaks. 

In  order  to  obtain  atomic  compositions,  and  especi¬ 
ally  the  N/O  ratio,  RBS  experiments  were  carried  out. 
RBS  spectra  for  films  deposited  on  (100)  oriented  silicon 
at  two  temperatures  are  presented  in  Fig.  4.  While 
increasing  the  growth  temperature  from  550  to  650°C, 
the  nitrogen  peak  at  0.4  MeV  (insert  in  Fig.  4)  and  the 
titanium  peak  at  1.25  MeV  increase,  which  means  that 
the  contents  increase  as  well.  At  the  same  time,  the 
oxygen  peak  at  0.55  MeV  (insert  in  Fig.  4)  decreases, 
leading  to  a  decrease  of  the  oxygen  content.  As  the 
width  of  the  titanium  peak  is  linked  to  the  film  thickness, 
the  Si  front  moves  back  to  lower  energy  for  the  thicker 
layer  obtained  at  550°C. 

From  450  to  750°C,  the  nitrogen  content  increases 
from  23  to  45%  and  the  oxygen  content  decreases  from 
48  to  16%.  About  carbon  contamination,  the  RBS 
spectra  confirm  the  XPS  results  since  no  bulk  carbon 
contribution  is  observed. 


Fig.  4.  RBS  spectra  of  TiN,,Oj,  thin  films  deposited  at  550  and  650°C 
on  (100)  Si. 
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Fig.  5.  X-ray  diffraction  patterns  of  TiN^Oy  films  deposited  at  550  and 
650  'C  on  (100)  Si. 

3.3.  Structural  aspects 

XRD  patterns  of  two  films  prepared  by  changing  the 
growth  temperature  are  shown  in  Fig.  5.  By  comparing 
the  XRD  measurements  with  the  JCPDS  data,  the 
deposited  films  are  identified  as  titanium  nitride  films 
presenting  a  20  shift  to  higher  angles  when  compared 
to  theoretical  positions.  These  films  exhibit  a  well- 
crystallised  (200)  texture  from  550°C  upwards  only.  For 
deposition  temperatures  below  that,  no  diffraction 
spectrum  is  observed  on  silicon.  The  peaks  observed  for 
the  layers  deposited  on  polycrystalline  alumina  substrate 
are  much  more  intense  than  those  observed  on  (100)  Si. 
Moreover,  the  broad  peak  present  at  36°  on  (100)  Si  is 
probably  due  to  substrate  oxidation  during  the  growth, 
since  it  is  not  present  on  a  polycrystalline  alumina 
substrate.  The  numerical  values  of  the  20  Bragg  angles 
are  given  in  Table  1,  for  films  deposited  on  (100)  silicon 
and  polycrystalline  alumina,  and  the  dependence  of  the 
lattice  parameter  on  the  growth  temperature  is  shown 
in  Figs.  6  and  7  for  the  two  substrates. 

Concerning  Si  substrate,  the  lattice  parameter 
increases  with  the  deposition  temperature,  and  the  values 
obtained  from  the  (111)  and  (200)  peaks  are  the  same. 
The  behaviour  of  the  films  deposited  on  (1-102)  sapphire 
is  exactly  the  same  than  those  deposited  on  (100) 
oriented  silicon.  On  the  other  hand,  on  polycrystalline 
alumina  there  is  no  evolution  of  the  lattice  parameter 
as  a  function  of  the  temperature,  and  two  different 


Tabic  1 

10  position  values  of  ( 1 1 1 )  and  (200)  diffraction  peaks  of  layers  depos¬ 
ited  on  (100)  Si  and  polycrystalline  alumina  (nd  =  not  detected) 


Growth 

temperature  (‘G) 

On  (100)  silicon 

On  polycrystalline  alumina 

29(111) 

29(200) 

29(111) 

29(200) 

750 

37.09 

43.09 

37.88 

43.45 

700 

37.30 

43.33 

37.82 

43.40 

650 

37.35 

43.41 

37.85 

43.44 

600 

37.55 

43.59 

37.90 

43.47 

575 

37.61 

43.67 

37.88 

43.44 

550 

37.66 

43.70 

37.85 

43.44 

500 

nd 

nd 

37.90 

43.47 

Fig.  6.  Dependence  of  the  lattice  parameter  on  the  growth  temperature 
for  layers  deposited  on  (100)  Si.  Respective  lattice  parameters  were 
determined  from  values  given  in  Table  1  for  (111)  (•)  and  (200)  (O) 
diffraction  peaks. 


Fig.  7.  Dependence  of  lattice  parameter  on  the  growth  and  temperature 
for  layers  deposited  on  polycrystalline  alumina.  Respective  lattice 
parameters  are  determined  from  values  given  in  Table  1  for  (1 1 1)  (•) 
and  (200)  (O)  diffraction  peaks. 

values  for  the  lattice  parameter  are  obtained  depending 
on  the  considered  plane.  Several  hypothesis  have  been 
made  concerning  this  behaviour,  and  are  discussed  in 
the  following  section. 


4.  Discussion 

The  XRD  results  indicate  that  the  titanium  oxinitride 
films  produced  by  LP-MOCVD  on  (100)  Si  substrate 
present  a  structure  close  to  the  TiN  one,  with  a  20  shift 
increasing  as  the  growth  temperature  decreases.  Such 
behaviour  has  been  previously  observed  by  Makino 
et  al.  [10].  It  has  been  correlated  with  the  substitution 
of  nitrogen  by  oxygen.  Indeed,  the  oxygen  ionic  radius 
is  smaller  than  the  nitrogen  radius,  so  while  decreasing 
the  growth  temperature,  the  oxygen  content  increases 
as  shown  by  RBS  results,  and  the  lattice  parameter 
decreases.  Then,  using  Bragg’s  law,  it  is  easily  under¬ 
standable  that  the  peaks  move  to  higher  20. 

A  model  has  been  developed  to  represent  this  substi¬ 
tution  of  nitrogen  by  oxygen.  This  model  highlights  the 
formation  of  Ti"^"^  while  including  oxygen  in  the  struc¬ 
ture,  and  also  the  creation  of  vacancies  (□)  in  order  to 
satisfy  the  electroneutrality  rule: 

(□i_,_,Tir  Tir)(Nror). 
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Table  2 

Composition  of  TiN_^Oy  layers  for  two  growth  temperatures 

Growth  temperature  (°C) 

Composition 

700 

(□o.„TiJ,'?,TiSt6)(Nr74052f,) 

650 

(Do. IsTi^ 57Tio. 25)  ( ^  172^^0. 23) 

Using  the  N/0  ratio  obtained  by  RBS,  and  assuming 
that  x-\-y^],  the  nitrogen  and  oxygen  contributions  in 
the  structure  could  be  estimated.  Then,  using  the  electro¬ 
neutrality  3a-\-4b  —  3x-\~2y  combined  with  the 
Ti3  +  /Ti4+  obtained  from  the  XPS  fits  (Fig.  3),  we 
tried  to  determine  the  amounts  of  Ti^^,  Ti'^^  and 
vacancies.  These  results  are  shown  in  Table  2  for  the 
higher  growth  temperatures.  However,  the  discussion  of 
the  results  obtained  at  temperatures  lower  than  600°C 
is  difficult  because  of  the  Ti02  presence  in  the  layer  in 
addition  to  TiN^^O^,.  This  fact  has  been  shown  by  XPS 
results  obtained  after  ionic  bombardment,  where  the 
spectra  were  fitted  with  both  TiN^.O^.  (Tp^  and  Ti'^’^ 
peaks)  and  Ti02  (equilibrium  Ti"^"^ +TF'^-e^TP^)  [14] 
contributions.  This  behaviour  leads  to  an  artificial 
increase  of  the  oxygen  amount  in  the  TiN^.Oy  films 
determined  by  RBS. 

Concerning  the  behaviour  on  polycrystalline  alumina 
substrate,  several  hypothesis  have  been  considered,  the 
polycrystallinity  of  this  substrate  may  cause  this  behavi¬ 
our.  However,  the  growth  of  TiN^O^.  films  on  other 
polycrystalline  substrates  (Si,  Ta205)  showed  the  same 
26  shift  as  the  one  observed  on  (100)  Si.  The  roughness 
of  the  alumina  surface  was  also  considered  to  have  an 
influence  on  such  a  trend.  In  order  to  verify  this  hypothe¬ 
sis,  depositions  were  carried  out  on  polished  polycrystal¬ 
line  alumina  substrates.  In  that  case,  no  29  shift  was 
observed  on  XRD  patterns.  Another  hypothesis  con¬ 
cerns  the  ammonia  treatment  realised  on  the  substrates 
before  the  growth.  Thus,  films  were  deposited  without 
this  treatment,  but  once  again  no  26  shift  was  observed. 

Moreover,  for  the  three  hypothesis  considered,  two 
different  values  of  the  lattice  parameter  were  obtained 
depending  on  the  (1 1 1 )  or  (200)  plane.  Further  investi¬ 
gations  are  being  carried  out  in  order  to  understand  the 
growth  on  that  kind  of  substrate. 

5.  Conclusion 

Titanium  oxinitride  films  obtained  by  LP-MOCVD 
were  characterised  by  XRD,  XPS  and  RBS  methods. 


The  use  of  titanium  isopropoxide  Ti(OCH(CH3)2)4 
allowed  us  to  obtain  a  tuneable  N/O  ratio  dependent 
on  the  growth  temperature.  The  XRD  26  shift  observed 
on  (100)  Si  substrate  was  explained  in  terms  of  nitrogen 
substitution  by  oxygen.  In  addition,  a  model  was  devel¬ 
oped  in  order  to  present  the  structure  of  TiN^O^,  com¬ 
pounds  upon  the  growth  temperature,  assuming  Ti"^^ 
and  vacancies  formation.  Moreover,  further  investiga¬ 
tion  is  necessary  in  order  to  understand  the  behaviour 
observed  for  TiN^Oy  films  deposited  on  polycrystalline 
alumina. 
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Abstract 

The  deposition  of  Zr02,  Y2O3  or  AI2O3  from  the  precursors  Zr(tmhd)4,  Y(tmhd)3  and  Al(acac)3  is  investigated  in  this  paper. 
Chemical  vapor  deposition  (CVD)  experiments  were  carried  out  in  the  temperature  range  500-1100  K  at  pressures  between  1000 
and  4000  Pa  in  different  reactors  with  different  temperature  fields.  In  addition,  the  temperature  gradient  between  substrate  and 
gas  was  changed  from  negative  to  positive  values  in  order  to  measure  the  influence  of  thermophoresis  effects.  The  deposition  rate 
j  in  the  low  temperature  range  can  be  described  by  an  Arrhenius  law,  y  =  /:  exp (-£■//?  Y),  whereby  the  pre-exponential  factor  k 
and  the  activation  energy  E  depend  on  the  temperature  field.  It  is  experimentally  found  that  the  effect  of  a  changing  activation 
energy  is  partly  compensated  by  a  changing  pre-exponential  factor  in  the  same  direction  (compensation  effect).  In  the  case  of 
Al203-deposition,  thermophoresis  effects  were  measured.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Alumina;  Chemical  vapor  deposition;  Metalorganic  compounds;  Thermophoresis;  Yttria;  Zirconia 


1.  Introduction 

Zr02  (with  and  without  stabilising  Y2O3)  layers  are 
used  for  many  applications:  as  heat  barrier  coatings  in 
gas  turbines  [1];  electrolytes  in  high  temperature  fuel 
cells  [2];  oxygen  sensors  [3];  ceramic  at  dental  applica¬ 
tions,  ceramic  membranes  for  gas  separation  [4,5]  and 
as  buffer  layers  for  superconducting  films  [6].  AI2O3 
layers  are  important  as  hard  coatings  [7]  and  for  oxida¬ 
tion  protection  [8].  For  these  different  applications,  a 
large  variety  of  structures  are  demanded.  The  aim  of 
this  study  was  to  investigate  the  influence  of  the  temper¬ 
ature  field  in  the  reactor  on  CVD  processes,  especially 
of  the  deposition  rate  and  the  structure.  Typical  forms 
of  temperature  fields  are  realized  in  cold  wall  (KW) 
and  hot  wall  (HW)  reactors.  In  this  work  however, 
temperature  fields  were  studied  where  temperature  fields 
were  between  HW  and  KW,  and  where  temperatures 
outside  the  deposition  substrates  were  higher  than  the 
temperature  of  the  substrate  —  that  means  that  positive 
temperature  gradients  were  realized  perpendicularly  to 
the  substrate  surface.  There  are  hints  in  the  literature 
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[9]  that  by  using  different  temperature  gradients  a  large 
variety  of  structures  (powder-porous-solid)  can  be  real¬ 
ized.  The  oxides  are  deposited  by  tetramethylheptanedi- 
onate  (tmhd)  compounds  for  Y2O3,  Zr02  and  by 
acetylacetonates  (acac)  for  AI2O3.  These  compounds  are 
sufficiently  stable  for  a  CVD  process  and  have  evapora¬ 
tion  rates  high  enough  for  CVD  processes  [10,11]. 


2.  Deposition  equipment 

For  the  deposition,  the  CVD  equipment  which  is 
described  in  Refs.  [10-12]  was  used.  The  deposition 
reactor  is  shown  in  Fig.  1.  Different  substrate  holders 
were  available.  The  substrate  holder  shown  in  Fig.  1 
could  be  cooled  by  an  air  flow  (20mol/h).  By  this 
method,  the  temperature  of  the  substrate  on  the  sub¬ 
strate  holder  could  be  lowered  to  temperatures  approxi¬ 
mately  100  K  lower  than  the  gas  temperature.  Another 
substrate  holder  with  the  same  geometry  could  be  heated 
to  higher  temperatures  by  a  heating  plate  on  the  top  of 
the  substrate  holder.  Temperature  differences  of  500  K 
could  be  produced  between  the  sample  and  the  free 
flowing  gas.  As  shown  in  Fig.  1,  the  reactor  was  heated 
by  a  resistance  furnace  outside  the  quartz  tube.  In  a 
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different  arrangement  the  resistance  furnace  could  be 
replaced  by  a  coil  for  inductive  heating.  Then,  only  the 
substrate  holder  was  heated.  It  is  important  to  note  that 
at  all  these  different  arrangements,  with  different  temper¬ 
ature  fields  in  the  reactor,  had  the  same  geometry  as 
shown  in  Fig.  1. 

The  temperature  conditions  in  these  reactors  were 
defined  by  two  temperatures:  the  deposition  temperature 
Td,  and  the  gas  temperature  characterized  by  the  wall 
temperature  T^.  In  the  case  of  cooled  substrates,  the 
temperature  above  the  substrate  was  measured  to 
characterize  the  temperature  gradient.  The  position  of 
the  thermoelement  for  the  measurement  of  is  indi¬ 
cated  in  Fig.  1.  All  temperatures  were  measured  with 
NiCr/Ni  thermoelements. 

Polycrystalline  AI2O3  wafers  (2x2  cm^)  were  used. 
The  mass  deposition  density  m  was  determined  by 
measuring  the  mass  change  Am  of  the  substrates  before 
and  after  the  deposition: 

Am 


where  A  is  the  area  of  the  sample  and  t  the  deposition 


time.  The  thickness  growth  rate  r^ep  and  the  molar 
deposition  density  j  were  calculated  with  the  help  of  the 
molar  masses  and  the  mass  densities  of  the  oxides. 
Deposition  profiles  on  the  samples  were  not  observed. 


3.  Zr02  and  Y2O3  deposition 

The  following  typical  values  were  taken  for  deposition 
(deviations  are  later  indicated):  total  pressure 
p^ot  =  1000  Pa;  total  gas  flow  /tot  =  15  \Jh;  oxygen  molar 
fraction  ^0^  =  0  or  0.167;  Zr(tmhd)4,  Y(tmhd)3  molar 
fraction  Xzr(tmhd)4  or  ^Y{tmhd)3  =  0...0.05;  the  carrier  gas 
was  argon. 

The  mass  deposition  was  always  proportional  to  the 
deposition  time.  No  incubation  time  was  visible.  The 
deposition  time  was  usually  /=lh.  Fig.  2  shows  the 
deposition  rate  for  different  temperature  fields. 

The  curves  have  a  temperature  dependence  typical  of 
CVD  processes.  At  low  temperature  the  deposition  rate 
r^ep  is  described  by  an  Arrhenius  equation: 


(2) 


402 


M.  Puher  et  al.  /  Surface  and  Coatings  Technology  125  (  2000)  400-406 


Fig.  2.  Deposition  rates  of  ZrO,  for  different  reactors  (.Voj  =  0.167;  .Vzr(imhd)4  =  0.001 ). 


with  the  gas  constant  R,  the  deposition  temperature 
,  the  activation  energy  and  the  pre-exponential  factor 
/cq.  Fig.  3  shows  the  pre-exponential  factors  versus 
the  activation  energy  which  were  determined  from 
Fig.  2.  Also  a  literature  value  [13]  which  was  measured 
in  a  hot  wall  reactor  is  included.  The  values  of  ko  and 
Ei  in  Fig.  3  show  that  the  changing  activation  energy  is 
partially  compensated  by  changing  the  pre-exponential 
factor.  This  effect  is  well  known  in  other  activated 
processes:  e.g.  catalysis  [14];  desorption  of  adsorbed 
metals  [15];  and  evaporation  of  similar  metalorganic 
tmhd  compounds  [12],  This  compensation  effect  can  be 
artificially  produced  if  the  activation  energy  is  changed 
and  the  deposition  rate  is  fixed  at  one  temperature.  The 


scattering  in  Fig.  3  is,  however,  very  large,  therefore  a 
real  physical  reason  is  suggested. 

At  mean  temperatures  (diffusion  controlled  part),  an 
almost  temperature-independent  deposition  rate  exists. 
The  deposition  rate  depends  on  the  diffusion  constant 
D  of  the  precursor  in  the  carrier  gas.  The  highest 
deposition  rates  were  reached  in  the  KW  reactor.  The 
maximum  value  of  the  deposition  rate  compared  quite 
well  with  the  deposition  rate,  calculated  by  the  empirical 
formula  for  the  molar  deposition  rate  j  at  the  stagnation 
point,  which  is  indicated  in  Fig.  2  [16,17]: 

j=  —  pRe^'^Sc^'^Cp,  1,  (3) 


Fig.  3.  Prc-exponeiitial  factor  Ikq  vs.  activation  energy  of  Zr02  (KW:  cold  wall;  HW:  hot  wall). 
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Fig.  4.  Deposition  rate  of  Zr02  vs.  Zr(tmhd)4  concentration  in  the  gas  phase  (HW  reactor;  deposition  temperature  7^  =  973  K;  Aq,  =  0.167). 


where  d  is  the  diameter  of  the  gas  inlet,  Re  the  Reynolds 
number  calculated  with  the  diameter  of  the  gas  inlet,  Sc 
the  Schmidt  number  for  the  diffusion  of  the  precursor 
monomers  in  the  gas,  and  the  molar  concentration 
of  the  precursor  molecules  in  the  gas  phase.  It  is  assumed 
that  the  concentration  of  the  precursor  was  zero  at  the 
surface.  For  the  gas  properties,  the  value  for  Ar  were 
taken.  For  the  calculation  of  the  binary  diffusion  coeffi¬ 
cient  the  kinetic  gas  theory  was  used  [18].  The  data 
for  the  Lennard  Jones  parameters  (energy  and  collision 
cross-section)  were  obtained  by  empirical  formula  given 
in  Ref.  [19].  Fig.  2  shows  that,  in  all  other  temperature 
fields,  the  deposition  rates  were  lower  and  that  the 
deposition  rate  decreased  with  increasing  wall  temper¬ 
ature.  The  simplest  explanation  is  the  existence  of  homo¬ 
geneous  reactions  in  the  gas  phase  which  remove  active 
molecules  from  the  gas  phase. 

In  the  range  of  high  temperatures,  the  deposition  rate 
decreased  with  increasing  temperature  This  is  caused 
by  homogeneous  side  reactions. 

All  the  experiments,  including  positive  temperature 
gradients,  showed  no  powder  formation.  The  deposition 
rate  depended  on  the  concentration  of  the  precursor  in 
the  gas  phase,  as  shown  in  Fig.  4.  The  dependence  shows 
a  saturation  behaviour.  Similar  effects  are  known  from 
other  eVD  systems,  e.g.  the  deposition  of  BN  from 
BB'B"  trichloroborazine  [20],  or  of  Si02  from  triethoxy- 
silane  [21].  In  these  examples  this  effect  was  explained 
by  a  Langmuir-Hinshelwood  deposition  mechanism. 
The  saturation  behaviour  shown  in  Fig.  4  can  possibly 
be  explained  by  this  mechanism.  Another  possibility, 
however,  is  the  existence  of  homogeneous  side  reactions 
in  the  gas  phase  between  the  precursor  molecules,  which 
then  does  not  take  part  in  the  deposition  process. 

The  structure  of  the  Zr02  layers  were  investigated  on 


fracture  surfaces.  Columnar  structures  were  always 
found.  Fig.  5  shows  one  example.  The  mean  diameter 
of  the  columns,  which  are  deposited  in  the  HW 
reactor,  are  plotted  versus  in  Fig.  6. 

The  activation  energy  of  the  straight  line  shown  in 
Fig.  6  is  jFa  =  60  kJ/mol.  If  it  is  assumed  that  the  diameter 
of  the  columns  is  determined  by  diffusion,  then  the 
diameter  d^  changes  with  the  temperature  according  to 
the  law: 


d^  ^  with  =  Dgo  exp 


(4) 


where  ig  is  a  characteristic  time  for  the  deposition 
process  [22]. 

The  activation  energy  for  diffusion,  E^=^2E^~ 
120  kJ/mol,  is  in  the  range  of  typical  surface  diffusion 


Fig.  5.  SEM  cross-section  of  ZrOj  layer  (HW  reactor; 
ra  =  1023  K;  .Vo,  =  0.167;  .Vz,„„hd,4  =  0.05;  t  =  3  h). 
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Fig.  6.  Column  diameter  vs.  deposition  temperature  of  Zr02  (HW 
reactor;  .Yo,  =  0.167;  .Vzr(tmhd)4  =  0.05). 

activation  energies  [23].  These  results  are  in  agreement 
with  the  work  of  Movchan  and  Demchishin  [22]. 

The  deposition  of  Y2O3  showed  a  similar  temperature 
behaviour  with  an  activation  energy  of  £<)  =  126  kJ/mol 
measured  at  a  wall  temperature  of  =  673  K.  A  mixture 
of  Y  and  Zr  precursor  gives  yttria  stabilized  zirconia 
coatings  which  grows  with  a  similar  columnar  structure. 
Deposition  rate  of  50  pm/h  and  thicknesses  of  100  pm 
can  be  reached. 


4.  Deposition  of  AI2O3 

Typical  deposition  conditions  for  the  AI2O3  depos¬ 
ition  were  (different  values  are  later  indicated):  total 
pressure  =4000Pa;  total  gas  flow  /  =  201„/h;  molar 
fraction  of  O2  Xo,  =  0.5;  molar  fraction  of  Al(acac)3 
XAi(acac)3  =  0-0016.  Experiments  were  carried  out  at 
Pto,  =  1000  Pa. 

The  temperature  dependence  on  the  deposition  rate 
was  similar  to  the  measurements  with  Zr02  and  no 
powder  formation  was  observed.  The  dependence  of  the 
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Fig.  7.  Deposition  rate  vs.  reciprocal  deposition  temperature 
Td  of  AI2O3. 


Fig.  8.  Deposition  rate  of  AI2O3  vs.  AF  with  values  from  Fig.  7  at 
rd  =  925K. 

deposition  rate  of  AI2O3  deposited  in  the  HW  arrange- 
ment  at  4000  Pa  is  shown  in  Fig.  7.  This  curve  is  typical 
for  CVD  processes  with  a  reaction  controlled  range  at 
low  temperature  —  a  maximum  deposition  rate  at  mean 
temperatures  and  a  decreasing  deposition  rate  at  high 
temperatures,  as  described  in  connection  with  Fig.  2.  In 
addition,  deposition  experiments  at  different  gas  temper¬ 
atures  are  indicated.  The  parameter  is  always  the  differ¬ 
ence  A7’=T’g  — I’d  between  the  gas  temperature  Tg  and 
the  deposition  temperature  Tj.  It  is  noticable  that  tem¬ 
perature  differences  only  have  an  effect  on  high  depos¬ 
ition  temperature. 

The  experimental  points  show  that  small  temperature 
differences  of  Ar«20-40  K  decrease  the  deposition  rate. 


Fig.  9.  SEM  cross-section  of  AI2O3  with  A7’=0  K. 


*  . 


Fig.  10.  SEM  cross-section  of  AI2O3  with  A7’=30  K. 
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Fig.  11.  SEM  of  the  surface  of  the  powder  with  Ar=80  K. 

At  larger  temperature  differences,  Ar=70-80K,  the 
deposition  rate  is  again  increased,  mostly  to  values 
higher  than  the  deposition  rate  without  gradient  (Figs.  7 
and  8).  In  the  case  of  deposition  without  a  temperature 
gradient,  solid  layers  are  always  formed.  An  example  is 
shown  in  Fig.  9.  At  small  temperature  differences,  how¬ 
ever,  a  mixture  of  powder  and  solid  layer  is  formed  as 
indicated  in  Fig.  10.  Fig.  8  shows  that  these  structures 
are  formed  under  conditions  where  the  deposition  rate 
is  smaller  than  in  the  case  of  deposition  at  Ar=0K. 
Higher  deposition  rates  are  reached  at  large  temperature 
differences.  In  this  case,  powder  is  deposited  which  does 
not  adhere  to  the  substrate  (Fig.  11). 


5.  Thermodiffusion  effects  in  the  case  of  AI2O3  deposition 

In  the  last  section,  the  effect  of  positive  temperature 
gradients  on  deposition  was  discussed.  It  was  shown 
that  small  temperature  differences  decrease  the  depos¬ 
ition  rate  and  large  temperature  differences  increase  the 
deposition  rate.  In  the  following,  we  explain  this  effect 
by  the  competition  of  diffusion  effects  of  the  molecules 
and  the  thermodiffusion  of  the  particles  formed.  For  the 
explanation,  a  simple  deposition  model  is  proposed 
which  has  the  main  properties  to  be  discussed:  A  compo¬ 
nent  (2)  might  be  a  carrier  gas  (1)  with  molar  concen¬ 
tration  Ie  the  gas  phase,  a  fraction  <xn2  of  the 

precursor  is  transformed  into  particles  which  contain 
N»\  precursor  molecules  with  radius  r  =  (3Av2/47r)^^^ 
where  V2  is  the  volume  of  one  precursor  molecule.  It  is 
assumed  that  the  condition  r«A  is  always  fulfilled, 
where  2  is  the  mean  free  path  of  the  gas.  The  particle 
concentration  is  =  a«2/A.  The  molecules  of  component 
2  are  directly  deposited  on  the  surface  to  form  the  layer. 
The  molar  fraction  X2  at  the  surface  is  X2(surface)  =  0. 
It  is  assumed  also  that  the  particles  which  impinge  onto 
the  surface  adhere,  which  means  that  the  concentration 
of  particles  near  the  surface  is  also  «p(surface)  =  0.  The 
transport  of  molecules  and  particles  is  principally  pos¬ 
sible  by  concentration  diffusion  and  by  thermophoresis 
through  the  boundary  layer.  We  assume  that  all  bound¬ 
ary  layers  (temperature  and  concentration)  have  the 


same  thickness  <5.  For  molecules,  the  main  transport 
mechanism  is  the  concentration  diffusion  through  the 
concentration  boundary  layer  with  thickness  (5,  the 
influence  of  thermodiffusion  is  negligible  [6].  The  molar 
deposition  rate  j  is  then  given  by: 

( 1  —  oc)n2 

y(mol.diff  )  =  £> - .  (5) 

3 

D  is  the  binary  diffusion  coefficient  of  the  precursor 
(component  2)  in  the  carrier  gas  (component  1)  [24]: 


27m (Ji  2 

with  the  the  molar  gas  density  77  =  «i  +  «2  and  the  colli¬ 
sion  radius  (7i  2-  The  mean  velocity  of  a  molecule 
Vth/i  =(8A:777i/0i  is  described  with  Boltzmann  constant  k 
and  the  reduced  mass  ji  =  {m^m2)l{mi  +^2)« 

The  particle  transport  is  possible  by  thermophoresis 
[25].  The  precursor  transport  ACpart.  therm.)  by  particle 
thermophoresis  is  given  by: 


ln(Vr,) 

72(part.therm)=  —  m2 - - - 

8  0 


Vth^  ni  Tg-j; 

- a - 

8  ^  T, 


forTg^j;,  (7) 

where  Vt^  is  the  mean  thermal  velocity  of  the  carrier  gas 
molecules. 

The  total  deposition  rate  A  is  then  the  sum  of  Eqs.  5 

and7(rg-r,  +  Ar): 

{\-a)n2  Vth/l  \n[(T,+AT)/T,] 

7  =/) - 1 - ccn2 - .  (8) 

^  '  5  8  ^ 


In  Eq.  8  we  have  two  competing  effects.  With  growing 
powder  formation  at  increasing  Tg,  the  deposition  rate 
decreases  because  of  the  first  term  in  Eq.  8.  With  increas¬ 
ing  AT,  the  powder  deposition  increases  according  to 
the  second  term.  Both  competitive  effects  produce  the 
minimum  visible  in  Fig.  8.  In  accordance  with  this,  the 
powder  deposition  is  strongly  increased  at  the  growing 
part  of  the  curve  as  shown  in  Fig.  11. 


6.  Discussion 

In  the  case  of  the  Zr02  and  Y2O3  deposition  at 
^^^^=1000  Pa,  columnar  structures  were  found  and  no 
powder  formation  could  be  seen.  Probably  only  homo¬ 
geneous  side  reactions  influence  the  deposition.  These 
side  reactions  decrease  the  deposition  rate  of  HW  reac¬ 
tors  and  at  higher  precursor  concentrations.  In  the  case 
of  AI2O3  at  ;?tot  =  4000Pa,  powder  formation  was 
detected  and  a  large  influence  of  a  positive  temperature 
gradient  on  the  structure  and  the  deposition  rate  was 
found.  The  deposition  rate  could  be  qualitatively  under- 
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Stood  by  the  competition  of  concentration  diffusion  and 
tliermophoresis  of  the  dust  particles.  The  structure  could 
be  strongly  changed  by  thermophoresis  (dense-porous- 
powder).  The  powder  formation  can  be  reduced  by 
decreasing  the  total  pressure.  This  result  compares  very 
well  with  the  findings  of  Dekker  [9]  who  investigated 
the  structure  of  TiN  deposited  under  different  temper¬ 
ature  fields. 
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Abstract 

Titanium  alloys  have  been  used  with  some  success  in  several  bioimplant  applications.  However,  they  can  suffer  certain 
disadvantages,  such  as  poor  osteoinductive  properties  and  low  corrosive-wear  resistance.  Attempts  to  overcome  the  first  of  these 
drawbacks  have  involved  coating  the  metal  with  the  bioceramic  material  hydroxyapatite  (HA),  a  primary  component  of  bone 
and  a  very  good  osteoinductor.  Since  Ti02  coatings  are  also  known  to  be  effective  as  chemical  barriers  against  the  in-vivo  release 
of  metal  ions  from  the  implants,  a  double  layer  HA-Ti02  coating  on  titanium  alloys  with  HA  as  the  top  layer  and  a  dense  Ti02 
film  as  the  inner  layer  should  possess  a  very  good  combination  of  bioactivity,  chemical  stability  and  mechanical  integrity. 

This  paper  describes  efforts  to  improve  implant  biocompatibility  and  durability  by  applying  a  hybrid  treatment  of  micro-arc 
discharge  oxidation  (MDO)  and  electrophoretic  deposition.  The  most  common  structural  titanium  alloy  (Ti-6A1-4V)  was  used  as 
the  substrate  material.  A  phosphate  salt  solution  and  an  HA  powder  aqueous  suspension  were  used  as  the  electrolyte  for  micro- 
arc  oxidation  and  the  solution  for  HA  electrophoretic  deposition,  respectively.  It  is  shown  that  a  relatively  thick  and  hard  Ti02 
coating  can  be  produced  by  anodic  micro-arc  oxidation  of  titanium,  and  an  HA  coating  incorporated  on  top  of  the  Ti02  layer 
can  simultaneously  be  formed  using  a  combination  of  plasma  electrolysis  and  electrophoresis,  with  the  suspension  held  at  high 
values  of  pH. 

X-ray  diffraction  (XRD),  scanning  electron  microscopy  (SEM)  and  Fourier  transform  infrared  spectroscopy  (FTIR)  have 
been  used  to  investigate  the  microstructure  and  morphology  of  the  coatings.  The  adhesive  strength  between  the  coating  and 
substrate  has  been  assessed  using  scratch  adhesion  testing.  The  corrosion  resistance  of  the  specimens  was  examined  using 
potentiodynamic  tests  in  a  buffered  physiological  solution.  The  results  indicate  that  a  hybrid  combination  of  micro-arc  oxidation 
and  electrophoretic  deposition  can  provide  a  phase-pure  HA  top  layer  and  anticorrosive  Ti02  interlayer,  which  should  show  good 
mechanical  and  biochemical  stability  in  the  corrosive  environment  of  the  human  body.  ©  2000  Elsevier  Science  S.A.  All 
rights  reserved. 

Keywords:  Biomaterials;  Biomedical  implant;  Electrophoretic  deposition;  Hydroxyapatite;  Micro-arc  oxidation;  Titanium  oxide 


1.  Introduction 

Titanium  alloys  are  proven  to  be  potentially  very 
suitable  materials  for  load  bearing  bioimplant  applica¬ 
tions.  Unfortunately,  like  most  metals,  titanium  exhibits 
poor  osteoinductive  properties.  This  drawback  has 
recently  been  addressed  by  coating  the  metal  with  a 
layer  of  the  bioceramic  HA,  which  is  the  main  compo¬ 
nent  of  bone  and  thus  a  very  good  osteoinductor. 
Titanium  oxide  (Ti02)  coatings  on  titanium  alloys  have 
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recently  demonstrated  promising  in  vivo  corrosion 
behaviour,  acting  as  a  chemical  barrier  against  release 
of  metal  ions  from  the  implant  [1].  However,  the 
chemical  bond  with  the  living  bone  in  the  body  is  not 
very  strong  [2],  therefore  a  double  layer  HA-Ti02 
coating  on  titanium  alloy  should  possess  a  very  good 
combination  of  biochemical  stability  and  mechanical 
properties,  particularly  if  the  interfacial  adhesion  can  be 
enhanced,  with  HA  as  the  porous,  bioactive  top  layer 
and  a  dense  Ti02  film  as  the  corrosion  resistant  inner 
layer. 

Many  techniques  have  been  investigated  for  deposit- 
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ing  HA  onto  metallic  surfaces,  including  flame,  plasma 
and  HVOF  spraying,  ion  beam  sputtering,  chemical 
vapour  deposition,  dip  coating,  electrophoresis  and  elec¬ 
trochemical  deposition  [1-8].  Among  these  techniques, 
plasma  spraying  is  the  most  popular  method  for  coating 
implant  parts  with  HA,  but  it  is  difficult  to  apply 
uniform  coatings  on  implants  with  complex  geometries. 
Furthermore,  thermal  decomposition  (such  as  dehydrox- 
ylation)  and  transformation  of  HA  can  occur  due  to 
poor  temperature  control  during  deposition  and  the 
adhesion  to  the  metallic  substrate  may  not  be  sufficiently 
high.  The  purity  of  the  HA  film  can  also  be  a  critical 
aspect  with  regard  to  increasing  the  in  vivo  chemical 
and  mechanical  durability  of  HA  coatings  over  the 
lifetime  of  1 5  years  or  more  now  required  of  bioim¬ 
plants  [9,10]. 

Interest  in  electrophoretic  deposition  for  biomedical 
applications  arises  for  a  variety  of  reasons,  not  least  of 
which  is  the  possibility  to  deposit  stoichiometric,  high 
purity  materials  onto  complex  shaped  components. 
However,  high  temperatures  during  post-treatment  (e.g. 
firing)  for  increasing  adhesion  of  such  coatings  may 
degrade  their  properties  and  those  of  the  substrate.  In 
previous  research  on  electrophoretic  deposition  of  HA, 
various  organic  liquids  (rather  than  water)  were  used  as 
the  suspension  media,  since  deposition  in  water  is  often 
accompanied  by  significant  gas  evolution  which 
interrupts  the  transfer  of  suspended  particles  to  the 
treated  components  [8,11].  Nevertheless,  we  have  found 
that  an  aqueous  electrolyte  containing  a  small  amount 
of  organic  solvent  can,  if  combined  with  MDO  process¬ 
ing,  be  successfully  employed  to  produce  well-adhered 
electrophoretically  deposited  coatings;  this  hybrid  tech¬ 
nique  forms  the  basis  of  the  present  work. 

The  surface  oxide  film  on  titanium  and  its  long  term 
stability  in  biological  environments  plays  a  decisive  role 
in  the  biocompatibility  of  titanium  implants  [12].  A  thin 
(a  few  tens  of  nanometers)  Ti02  passive  film  on  Ti 
alloys  can  form  in  many  aqueous  environments  or 
naturally  in  air.  Relatively  thicker  (20-200  nm)  oxide 
films  can  be  obtained  by  thermally  enhanced  oxidation 
in  air  or  by  anodising  in  an  H3PO4  solution  [13]. 
Chemical  (sol-gel)  and  vapour  phase  techniques  can 
also  produce  a  range  of  TiO^.  compositions  (where  x 
can  vary  through  a  wide  range  of  sub-oxides  up  to  x  = 
2).  Generally,  corrosion  resistance  increases  with 
increasing  thickness  of  the  oxide  coating  [13],  as  would 
be  expected. 

MDO  represents  a  relatively  new  surface  modification 
technique  for  light  metals  such  as  aluminium  and  tita¬ 
nium  alloys  [14,15]  where  thick,  hard  and  anticorrosive 
oxide  coatings  can  be  easily  and  cost-eflfectively  fabri¬ 
cated.  The  work  reported  here  utilises  the  micro-arc 
discharge  on  titanium  alloys,  in  simultaneous  combina¬ 
tion  with  electrophoretic  activity  from  an  HA  suspen¬ 


sion,  to  deposit  double  layer  HA/Ti02  coatings  for  the 
purpose  of  increasing  Ti-6A1-4V  implant  biocompati¬ 
bility  and  durability. 


2.  Experimental  procedure 

A  standard  structural  titanium  alloy  (Ti-6A1-4V)  was 
used  as  the  substrate  material.  A  phosphate  salt  solution 
(8-10  g/1)  was  used  as  the  electrolyte  for  MDO.  For 
preparation  of  the  HA  suspension  solutions  for  electro¬ 
phoretic  deposition,  3  g/1  of  HA  powder  (Caio(P04)6 
(0H)2,  (source:  Aldrich  Chemical  Company,  UK)  and 
3  ml/1  ethylenediol  were  added  to  distilled  water. 
Ethylenediamine  and  malonic  acid  were  used  to  adjust 
the  pH  value  of  the  solution  in  the  range  4-11.  Prior  to 
deposition,  the  aqueous  suspensions  were  stirred  using 
an  ultrasonic  agitator  (for  30-60  min  at  various  values 
of  pH)  to  optimise  their  dispersion  and  stability. 

For  the  MDO  treatment,  the  specimens  were 
degreased  in  acetone  and  immersed  (biased  as  an  anode 
in  the  system)  in  a  solution  of  a  phosphate  salt.  A  d.c. 
or  asymmetric  a.c.  potential  (the  latter  using  a  capacitor- 
based  a.c.  power  source)  of  400-450  V  was  applied, 
giving  a  current  density  of  20-40  mA/cm^  at  the  work- 
piece  and  raising  the  bath  temperature  from  ambient  to 
around  75''C  during  treatment.  After  the  initial  oxida¬ 
tion  treatment,  the  specimens  were  cleaned  with  fresh 
distilled  water.  For  electrophoretic  deposition,  the  speci¬ 
mens  were  immersed  (again  as  the  anode)  in  various 
HA  suspensions  and  again  provided  with  either  d.c.  or 
an  unbalanced  a.c.  voltage  of  around  400  V  for  5- 
10  min. 

XRD  using  a  Siemens  D5000  with  thin  film  attach¬ 
ment  (CuKa,  at  a  glancing  angle  of  1°),  SEM 
(Cambridge  Instruments  Stereoscan  200  with  EDX 
attachment)  and  FTIR  spectroscopy  (Perkin-Elmer, 
Paragon  1000)  were  used  to  investigate  the  surface 
characteristics  of  the  coatings.  During  XRD  and  FTIR 
analyses  of  the  HA  powder  and  as-deposited  HA  coat¬ 
ings  (to  check  for  possible  degradation  of  the  HA  by 
the  MDO  process),  the  samples  for  HA  powder  measure¬ 
ment  were  prepared  by  placing  pure  HA  powder  on  the 
Ti02-coated  Ti  alloys,  by  which  means  Ti02-coated  Ti 
alloy  could  be  used  as  a  common  background  ‘substrate’ 
whilst  comparing  the  hybrid  HA/Ti02  coatings. 

The  thickness  of  the  coatings  was  measured  using  the 
ball  crater  test.  The  adhesive  strength  between  coating 
and  substrate  was  assessed  using  a  VTT  scratch  tester 
using  a  Rockwell  ‘C’  indenter  at  100  N/min  loading  rate 
and  10  mm/min  table  speed.  The  corrosion  resistance  of 
the  specimens  was  investigated  using  a  Solatron  1286 
ECI  system  in  a  buffered  physiological  solution  [13] 
with  the  following  composition:  NaCl  8.74  g/1; 
NaHCOa  0.35  g/1;  Na2HP04  0.06  g/1;  and  HaH2P04 
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0.06  g/L  During  testing  Ar  gas  was  passed  through  the 
cell  to  stir  the  solution. 


3.  Formation  of  HA/Ti02  intermediate  composite  layers 
and  HA  coatings 

The  mechanisms  for  creating  single-layered  oxide 
coatings  using  the  MDO  method  are  described  in  Refs. 
14-17  and  will  not  be  covered  in  detail  here.  The 
following  paragraphs  describe  the  formation  procedure 
for  HA/Ti02  intermediate  composite  layers  and  HA 
coatings  deposited  by  the  hybrid  MDO  and  electropho¬ 
resis  treatment. 

The  fundamental  principle  of  the  HA/Ti02  coating 
fabrication  is  that  the  MDO  process  is  carried  out  in  an 
anodic  configuration  (in  this  case  the  Ti  alloy  substrate 
to  be  treated  forms  the  anode  in  the  system).  Using  a 
predominantly  aqueous  electrolyte,  if  HA  powder  in 
suspension  can  be  encouraged  to  develop  a  negative 
charge,  and  thus  be  attracted  to  the  anode  under  the 
applied  electrical  field  of  the  MDO  process  (i.e.  by 
electrophoresis),  these  powders  can  be  fixed  and  sintered 
onto  the  anode  surface  by  the  simultaneous  (or  sequen¬ 
tial)  use  of  the  micro-arc  discharge  to  rapidly  melt  and 
resolidify  the  near-surface  region. 

Therefore,  the  first  objective  in  this  work  was  to 
prepare  a  well  dispersed  HA  suspension  in  an  electrolyte 
also  suitable  for  MDO  treatment,  and  to  make  the  HA 
powder  negatively  charged.  We  found  that  HA  aqueous 
suspensions  using  ethylenediol  as  a  dispersant  could  be 
made  to  stabilise  for  about  a  day.  Adding  small  amounts 
of  ethylenediamine  to  the  electrolyte  could  be  used  to 
adjust  the  suspension  alkalinity  (pH  8-11)  to  control 
partial  dissolution  of  the  HA  powder  and  support  the 
repassivation  mechanisms  necessary  for  continued  effec¬ 
tive  operation  of  the  MDO  process.  In  the  alkaline 
suspension  the  reaction  of  the  outermost  HA  molecules 
in  a  suspended  powder  is  believed  to  proceed  as  follows: 

Caio(P04)6(OH  )2  +  20H  “  -^Caio(P04)6(0  “)2  +  2H2O. 


Thus,  the  HA  powder  particles  become  negatively 
charged,  and  will  be  displaced  towards  the  anode  (i.e. 
the  treated  substrate)  under  the  applied  electrical  field. 
On  reaching  the  anode  surface,  the  reverse  reaction 
occurs  to  form  the  HA  layer. 

The  hybrid  treatment  of  MDO  and  electrophoresis 
could  now  be  performed  concurrently.  Fig.  1  schemati¬ 
cally  describes  the  procedure  of  HA  electrophoretic 
deposition  with  combined  effects  of  the  micro-arc  dis¬ 
charge,  which  can  be  observed  on  the  surface  of  the 
Ti-alloy  (anode)  immersed  in  the  suspension,  when  the 
high  electrode  potential  is  applied.  The  whole  procedure 
can  be  divided  into  four  stages.  In  the  first  stage,  the 
negatively  charged  HA  powder  moves  towards  and 


(a)  Single  particle  arrives 


(c)  Growth  and  coalescence 


7^ 

(d)  Island  agglomeration  and  coating 
(b)  Particle  association  nudeation  (in  cross-section) 


Stage  I 


^7^ 

(e)  Liquid-like  behaviour  during  rapid  plasma  sintering 
Stage  II 


(0  Continuit>'  of  HA/Ti02 
composite  coating 


(g)  Formation  of  a  top  HA  layer 
with  increasing  coating  thickness 


Stage  III 


Stage  IV 


Fig.  1 .  Schematic  diagram  of  the  formation  procedure  of  the  HA  top 
layer  and  HA/Ti02  composite  intermediate  layer  on  a  Ti02-coated 
Ti  alloy. 


arrives  at  the  substrate  in  the  form  of  individual  particles 
(Fig.  1  (a))  under  the  applied  electrical  field.  The  particles 
diffuse  around  the  substrate  surface  with  a  motion 
determined  by  their  binding  energy,  which  is  influenced 
by  the  physical  condition  as  well  as  the  temperature  of 
the  substrate.  After  a  certain  time,  a  particle  will  either 
leave  the  surface  or  will  join  with  another  diffusing 
particle  to  form  a  doublet  (Fig.  1(b)).  In  time,  the 
doublet  will  be  joined  by  other  particles  to  form  agglom¬ 
erates  of  increasing  size  (Fig.  1(c)).  This  leads  to  the 
nudeation  stage  of  thin  film  growth  (Fig.  1(d))  with  the 
formation  of  quasi-stable  islands,  each  containing  sev¬ 
eral  tens  of  particles  (Stage  I).  During  the  next  stage, 
these  islands  grow  in  both  size  and  number.  At  the  same 
time,  the  particles  in  the  island  are  heated  and  locally 
melted  and  resolidified  within  a  very  short  period  (typi¬ 
cally  on  a  scale  of  microsecond  to  millisecond  duration) 
due  to  local  micro-arc  discharge  breakdown  of  the 
passivating  (dielectric)  HA/Ti02  film.  The  islands  thus 
display  instantaneous  semi-molten  liquid  behaviour 
(Fig.  1  (e))  and  are  rapidly  quenched  (and  sintered)  onto 
the  anode  surface  (Stage  II),  an  effect  which  can  be 
confirmed  by  SEM  observation  (see  the  following  sec¬ 
tion).  Eventually,  the  growing  islands  meet  and  the  film 
becomes  continuous  (Fig.  1(f),  Stage  III).  By  Stage  III, 
the  film  is  still  relatively  thin  and  its  micro  structure  may 
be  an  HA/Ti02  composite  due  to  the  combination  of 
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Fig.  2.  SEM  micrographs  of  the  substrate  surface  illustrating  the  formation  procedure  of  the  (HA  and  HA/Ti02)  coatings  at  various  stages:  (a) 
shows  the  electrophoretic  deposition  and  micro-arc  sintering  at  the  initiation  stage  (Stage  I);  the  coating  is  HA  powder  and  porous  Ti02  composite; 
(b)  shows  the  morphology  of  HA  powder  coalescence  and  sintering  with  an  increase  in  the  treatment  time  (Stage  II);  (c)  shows  a  continuous 
HA/Ti02  composite;  and  (d)  shows  the  surface  of  the  thick  sintered  HA  top  layer  of  the  coating. 


local  remelting  of  the  Ti02  layer  and/or  oxidation  of 
the  underlying  Ti  alloy.  With  increasing  deposition  time 
(and  thus  thickness  of  the  HA  layer),  micro-arc  discharg¬ 
ing  occurs  increasingly  only  within  the  HA  layer.  As  a 
result,  the  top  layer  and  intermediate  layer  in  a  thick 
coating  should  be  a  single  phase  HA  film  supported  by 
a  composite  of  HA/Ti02  (Stage  IV).  EDX  and  XRD 
analyses  were  used  to  confirm  these  basic  assumptions 
regarding  the  microstructure  of  the  coating. 

4.  Results  and  discussion 

4. 1.  Morphological  and  mkrostructiiral  analyses 

MDO  coatings  on  the  Ti  alloy  substrate  were  investi¬ 
gated  (prior  to  HA  electrophoretic  deposition)  using 
SEM,  EDX  and  XRD.  SEM  observation  showed  that 
the  coating  consisted  of  a  porous  surface  layer  and  a 
dense  inner  layer,  where  the  porous  surface  is  probably 
beneficial  in  anchoring  the  suspended  HA  particles 


during  the  subsequent  electrophoretic  deposition.  EDX 
data  showed  that  the  coatings  contained  a  high  propor¬ 
tion  of  phosphorus,  in  addition  to  oxygen  and  substrate 
alloy  components.  XRD  spectra  indicated  that  the  coat¬ 
ing  phase  was  predominantly  Ti02  (anatase).  So,  the 
microstructure  of  the  dense  oxide  interlayer  is  thus  a 
P-containing  Ti02  (anatase),  with  a  typical  thickness  of 
10-20  pm  —  as  measured  by  the  ball  crater  test. 

To  deposit  HA  onto  Ti02-coated  Ti  alloys,  a  high 
potential  of  400  V  was  applied  on  the  electrode 
(Ti02-coated  Ti  alloy  as  the  anode)  in  the  alkaline 
suspension.  While  the  negatively  charged  HA  moved 
toward  the  anode  a  micro-arc  plasma  discharge  could 
also  be  produced  to  sinter  the  HA  powder  onto  the 
anode  surface.  Fig.  2  shows  SEM  observations  of  the 
various  stages  of  the  deposition  procedure,  where 
Fig.  2(a)-(d)  correlate  closely  to  the  schematic 
Fig.  l(a)-(d)  (Stage  I),  1(e)  (Stagell),  1(f)  (Stage  III) 
and  1(g)  (Stage  IV)  confirming  the  proposed  deposition 
procedure.  Fig.  2(a)  indicates  that  as  the  HA  powder 
first  landed  on  the  anode,  it  was  anchored  preferentially 
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Fig.  3.  EDX  spectra  of  (a)  the  intermediate  HA/TiO^  composite  layer, 
and  (b)  the  HA  top  layer  of  the  coating. 


to  holes  in  the  porous  oxide  surface.  The  HA  powder 
being  redistributed  by  liquid-like  activity  during  micro¬ 
arc  discharge  melting  can  be  seen  in  Fig.  2(b)  (as 
described  in  Fig.  1(e)).  Fig.  2(c)  demonstrates  the  uni¬ 
form  HA  coating  covering  the  anode  surface,  where 
resolidified  agglomerate  islands  can  be  observed,  and 
also  their  interconnection  resulting  from  sintering  caused 
by  the  micro-arc  discharge  can  be  seen.  A  certain  degree 
of  porosity  can  still  be  seen  on  the  surface  of  thin  HA 
coatings  (Fig.  2(c)),  whereas  the  coatings  become 
increasingly  dense  with  thickness  (Fig.  2(d)). 

Fig.  3(a)  and  (b)  show  EDX  spectra  of  the  Thin’ 
(about  15  pm)  and  Thick’  (about  30  pm)  HA/Ti02  coat¬ 
ings,  respectively.  The  thin  coating  possesses  a  high 
titanium  content  (Fig.  2(a))  which  may  indicate  that  the 
coating  consists  primarily  of  a  composite  of  HA/TiO^; 
however  the  thick  coating  gives  a  very  low  intensity  of 
titanium.  Thus,  only  calcium  phosphate  is  present  in  the 
near-surface  of  the  thick  HA  coatings. 

XRD  spectra  of  the  HA  powder  and  the  as-prepared 
HA/Ti02  coating  are  shown  in  Fig.  4(a)  and  (b),  where 
no  significant  difference  in  HA  phase  composition 
between  the  original  powder  and  the  coating  surface 
can  be  seen.  Therefore,  the  XRD  investigation  indicates 
that  it  was  possible  to  retain  the  calcium  phosphate  as 
phase-pure  HA  in  the  coating. 

4,2,  FTIR  analysis 

The  XRD  analysis  is  important  for  phase  investiga¬ 
tion;  however,  the  FTIR  data  should  also  be  reviewed 


critically,  since  they  reveal  some  features  which  can  not 
be  observed  by  XRD  alone  [18].  An  FTIR  spectrum  of 
the  as-prepared  HA  coating  on  the  Ti02-coated  Ti  alloy 
is  shown  in  Fig.  5:  plot  1  where  the  spectrum  was 
influenced  by  the  Ti02.  To  obtain  a  similar  FTIR 
spectrum  (Fig.  5:  plot  2)  for  easy  comparison  to  that  of 
the  HA  coating,  HA  powder  was  put  on  the  Ti02  coated 
Ti  alloy,  to  use  as  a  common  background  reference. 
Though  the  spectra  generated  become  rather  complex 
due  to  the  influence  of  the  Ti02  layer,  it  is  not  difficult 
to  distinguish  the  OH“  and  PO4”  band  peaks  of  the 
HA.  The  OH”  bands  at  3572  cm and  634  cm 
characteristic  of  HA,  are  fully  developed.  Also,  the 
characteristic  peaks  corresponding  to  PO4  in  HA 
(560-600  cm“S  1030-1090  cm“0  are  clearly  visible  in 
both  spectra.  That  is,  the  1092  cm”^  and  961  cm”^ 
bands  (characteristic  of  symmetric  stretching  of  the 
?Ol~  group  in  HA)  and  the  bands  at  598  cm (assigned 
to  the  deformation  vibration  of  PO4”  ions)  are  still 
apparent  in  the  HA  coating. 

The  presence  of  OH”  absorption  bands  in  the  FTIR 
spectra  of  the  HA/Ti02  coatings  (which  are  similar  to 
those  of  the  HA  powder)  indicates  that  little  or  no 
dehydroxylation  has  occurred  during  coating,  which  is 
quite  difficult  to  achieve  when  depositing  HA  by  plasma 
spraying  [18].  The  main  reason  for  this  benefit  may  be 
that  the  very  short  micro-arc  heating  time  and  the 
activity  of  rapid  resolidification  of  molten  phases,  in 
conjunction  with  the  aqueous  environment  (high  vapour 
pressure),  avoids  the  dehydroxylation  of  HA  which 
would  occur  at  atmospheric  or  vacuum  conditions.  On 
the  other  hand,  it  can  be  observed  that  the  absorption 
peaks  of  the  OH”  and  PO^”  bands  of  the  as-prepared 
HA  composite  coating  (Fig.  5:  plot  1)  were  weaker  than 
those  of  the  HA  powder  on  Ti02  (Fig.  5:  plot  2).  This 
may  indicate  some  difference  in  HA  coating  condition 
compared  to  the  powder,  due  to  the  sintering  effects  on 
the  Ti02-coated  substrate,  or  could  simply  be  due  to 
the  quantity  of  HA  powder  physically  put  on  the 
Ti02-coated  substrate  being  higher  than  that  contained 
in  the  as-prepared  HA  coating. 


4, 3,  Hardness  and  scratch  adhesion  tests 

Fig.  6  shows  the  surface  hardness  profiles  of  samples 
treated  by  both  MDO  alone,  and  the  hybrid  MDO/HA- 
electrophoresis  treatment,  and  under  different  loadings. 
Ti02  coatings  possess  the  highest  surface  hardness 
(720  HK0.025)  l^be  hardness  decrease  with  increasing 
load  (and  thus  penetration  depth)  is  high,  due  to  low 
load  support  from  the  relatively  thin  coating.  Since  the 
typical  hardness  of  HA  (3-5  GPa,  depending  on  exact 
composition  [19])  is  lower  than  that  of  Ti02,  incorpora¬ 
tion  of  HA  into  the  coating  surface  decreases  the 
maximum  coating  hardness  (570  HKo.o25)-  However, 
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Fig.  4.  XRD  spectra  of  (a)  the  HA  powder  put  on  the  TiO^  coating,  and  (b)  an  as-prepared  HA/Ti02  coating,  which  shows  that  calcium  phosphate 
exists  as  a  pure  HA  phase  in  the  coating. 


hardness  decreases  more  slowly  with  increasing  indenta¬ 
tion  load  due  to  improved  load  support  from  the 
underlying  oxide  layer  and  the  increased  total  coating 
thickness.  Scratch  tests  indicated  that  the  adhesion  upper 
critical  loads  of  the  Ti02  coating  and  HA/Ti02  coating 
were  8  and  10  N  respectively.  Furthermore,  increases  in 
critical  load  with  increasing  coating  thickness  were 
found,  as  expected. 

4.4.  Corrosion  tests 

The  potentiodynamic  polarisation  curves  of  the 
Ti02-coated  Ti  alloy,  HA/Ti02  coated  Ti  alloy  and 
uncoated  Ti  alloy  in  the  buffered  physiological  solution 
are  plotted  in  Fig.  7.  The  Ti02-coated  Ti  alloy  shows 
the  highest  corrosion  potential;  the  HA/Ti02-coated  Ti 
alloy  possesses  the  lowest  corrosion  current.  However, 
the  uncoated  Ti  alloy  gave  the  lowest  corrosion  potential 
and  the  highest  corrosion  current.  Therefore,  the  oxide- 
coated  Ti-alloy  does  exhibit  significantly  improved  cor¬ 
rosion  resistance  compared  to  uncoated  Ti-alloys. 
Previous  investigations  [14]  indicate  that  an  MDO  coat¬ 
ing  consists  of  three  layers  (porous  outer  layer,  interme¬ 
diate  dense  layer  and  inner  diffusion  layer).  The  inner 
diffusion  layer  should  act  as  a  barrier  to  the  release  of 


metal  ions  to  human  body  and  thus  avoid  deleterious 
effects. 


5.  Conclusions 

A  relatively  thick  and  hard  Ti02  coating  can  be  cost- 
effectively  produced  by  MDO  treatment  of  titanium, 
and  a  pure  HA  coating  with  an  intermediate  HA/Ti02 
composite  layer  deposited  on  top  of  the  Ti02  layer  can 
easily  be  formed  with  excellent  adhesion  by  hybrid 
MDO  treatment  and  electrophoretic  deposition  using 
an  HA  suspension  at  high  pH  values.  The  porous  surface 
of  the  Ti02  MDO  coating  is  helpful  in  anchoring  the 
HA  powder  to  the  surface  to  allow  sintering  to  occur. 
The  HA-coated  surface  is  also  porous,  which  is  a  distinct 
advantage  for  tissue  in-growth  and  formation  of  an 
intimate,  durable  bond.  Dense  HA  coatings  can,  how¬ 
ever,  be  formed  with  increasing  treatment  time  (and 
thus  thickness).  Using  the  scratch  test,  relatively  high 
adhesive  strength  compared  to  other  techniques  (conven¬ 
tional  electrophoresis  or  thermal  spraying,  for  example) 
was  found  between  the  coating  layers  and  the  substrate. 
Measurement  of  the  corrosion  resistance  indicated  that 
the  duplex  treatment  of  MDO  and  electrophoretic 
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Fig.  5.  FTIR  spectra  of  (1)  the  as-prepared  HA  or  HA/Ti02  composite  coating,  and  (2)  the  HA  powder  control,  placed  on  the  Ti02-coated 
alloy  surface. 
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Fig.  6.  ‘Composite’  hardness  of  the  Ti02-coated,  HA/Ti02-coated  and 
uncoated  Ti  alloys  under  different  loads. 
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deposition  could  provide  an  anticorrosive  HA/Ti02 
duplex  coating  on  Ti  alloys.  The  hard  and  well-adhered 
coating  so-produced  consisted  of  a  pure  HA  top  layer, 
a  composite  HA/Ti02  intermediate  layer  and  an  anticor¬ 
rosive  Ti02  inner  layer,  which  should  show  good  in  vivo 
biomechanical  and  biochemical  stability. 


lOnA  lOOnA  luA  lOuA 


Corrosion  Current 

Fig.  7.  Potentiodynamic  polarisation  curves  of  samples:  Ti02"Coated, 
HA/Ti02-coated  and  uncoated  Ti  alloys. 
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Abstract 

The  effect  of  laser  melting  on  the  microstructure,  porosity,  chemical  homogeneity  of  nickel  based  alloy  plasma  sprayed  and 
(Fe-Cr-B)  + A1  based  electric  arc  sprayed  coatings  has  been  investigated.  Laser  melting  markedly  improves  coating  microstructure 
and  density,  and  much  better  chemical  homogeneity  is  obtained.  Laser  treatment  of  coatings  was  carried  out  with  the  help  of  a 
CW  CO2  laser  (2=  10.6  pm)  using  the  graphite  based  antireflection  coating.  The  results  demonstrate  an  improvement  of  mechanical 
and  corrosion  properties  of  coatings.  ©  2000  Elsevier  Science  S.A.  All  rights  reserved. 

Keywords:  Arc  spraying;  Electrochemical  properties;  Laser  treatment;  Microhardness;  Plasma  spraying;  Protecting  coating 


1.  Introduction 

The  high  flexibility  in  application  and  ability  to 
deposit  a  wide  range  of  coating  materials  on  various 
substrates  have  led  to  techniques  such  as  thermal,  electric 
arc,  plasma  spraying  being  widely  used  for  coating 
deposition  [L2].  Such  coatings  have  high  exploitation 
properties  and  nowadays  are  widely  used:  in  geometric 
size  restoration  and  wear  resistance  increase  of  crank 
shafts  in  internal  combustion  engines,  compressors,  etc. 
However,  the  technology  and  feed  materials  for  these 
methods  still  need  to  be  improved.  The  main  problems 
are  the  high  porosity  and  poor  interparticle,  interface 
bonding  and  chemical  inhomogeneity.  Especially,  poros¬ 
ity  can  degrade  the  corrosion  resistance  of  the  coating 
because  it  provides  channels  for  aggressive  media  to 
penetrate  the  substance. 

Laser  treatment  is  used  as  an  effective  means  of 
removing  these  defects  and  improving  the  properties, 
particularly  the  corrosion  resistance  of  plasma  sprayed 
coatings,  modifying  the  microstructure  and  eliminating 
defects  [3,4].  The  aim  of  the  present  work  was  to 
investigate  the  microstructure  and  mechanical  properties 
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of  laser  remelted  (Fe-Cr-B)-h  A1  based  electric  arc 
sprayed  and  nickel  based  alloy  plasma  sprayed  coatings. 


2.  Materials  and  methods 

Two  chemical  compositions  of  the  alloy  powders 
have  been  used  for  plasma  sprayed  coatings: 

•  Deloro  30:  Cr  3.0-5.0%;  Si  2.8-3.5%;  Fe  1.0%;  B 
1.4-1. 8%;  Ni  bal. 

•  Deloro  40:  Cr  9.0%;  Si  3.0%;  Fe  3.0%;  B  1.8%;  Ni  bal. 
The  low  carbon  non-alloyed  steel  in  the  form  of 

specimens  50  x  40  x  10  mm  was  selected  as  the  substrate 
material.  Coatings  were  plasma  sprayed  on  the  larger 
side  of  the  specimens  using  the  Jet  PMR  (SNMI  France) 
equipment.  The  spraying  parameters  were:  O2  pressure 
0.12  MPa;  H2C2  pressure  0.08  MPa;  air  pressure 
0.125  MPa;  distance  of  gun  from  sample  surface 
200  mm;  coating  thickness  of  testing  samples  was  from 
h  =  0.25  up  to  /?  =  1 .0  mm. 

Powder  wires  of  1.8  mm  diameter  in  a  stainless  cover 
were  used  for  coating  formation  using  the  arc  spraying 
method.  The  selection  of  small  diameter  electrode  wires 
was  conditioned  by  the  stability  of  arc  burning  when 
using  wire  of  a  small  diameter.  A  cover  was  manufac¬ 
tured  from  strip  steel  0.4  mm  thick.  A  charge  was 
prepared  from  a  powder  (Fe-Cr-B)  60%  + A1  40%.  The 
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filling  coefficient  of  wires  by  the  charge  was  18... 20%. 
Spraying  was  carried  out  under  a  working  voltage  of 
34  V,  current  140  A,  air  pressure  0.5--0.6  MPa.  Before 
spraying,  the  sample  surface  was  finished  by  shot 
blasting. 

Deposited  coatings  were  treated  under  various 
parameter  combinations  of  laser  equipment,  the  basic 
data  of  which  is:  maximum  laser  beam  performance 
2500  W;  radiation  wavelength  10.6  pm;  radiation  mode 
TEMjo;  output  beam  shape  ring;  radiation  regime  con¬ 
tinuous;  working  mixture  C02  +  N2-(-He;  protecting  gas 
N2;  lens  focus  5''. 

An  optical  microscope  and  scanning  electron  micro¬ 
scope  (SEM)  were  used  to  examine  the  surface  and 
cross-sections  of  both  sprayed  and  laser  treated  coatings. 
Rupture  strength  of  sprayed  coatings  was  determined  at 
specific  two-half  samples. 

The  evaluation  of  corrosion  resistance  of  samples 
with  coatings,  including  those  after  laser  treatment,  was 
carried  out  on  the  basis  of  analysis  of  polarization 
curves  taken  in  3%  NaCl  solution. 


3,  Results  and  discussion 

Cross-sections  of  as-deposited  plasma  sprayed  coat¬ 
ings  are  shown  in  Figs.  1-3  for  Deloro  30  and  Deloro 
40  alloy  powders  respectively.  These  figures  show  a 
pattern  of  liquid-compacted  splats  and  deformed  drop¬ 
lets,  which  indicate  a  variation  of  the  temperature  of 
droplets  as  they  were  sprayed  during  the  plasma  depos¬ 
ition  process.  Such  variation  must  result  in  non-uniform 
cooling  rates  involved  in  solidification.  Dark  areas  indi¬ 
cate  considerable  porosity.  This  is  a  structure  typical  of 
most  plasma  sprayed  coatings. 

In  the  course  of  laser  remelting,  because  of  laser 
radiation  adsorption,  the  coating  surface  melts  and 
consequently  hardens  due  to  heat  removal  in  the  core 
(see  Figs.  2  and  4  for  Deloro  30  and  Deloro  40  alloy 


Fig.  I.  A  microstructiirc  of  cross-section  of  as-sprayed  coating 
obtained  from  alloy  powder  Deloro  30  (x500). 
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Fig.  2,  A  microstructure  of  cross-section  of  coating  obtained  from  alloy 
powder  Deloro  30  after  laser  remelting  (x  1000). 


Fig.  3.  A  microstructure  of  cross-section  of  as-sprayed  coating 
obtained  from  alloy  powder  Deloro  40  (x  500). 


Fig.  4.  A  microstructure  of  cross-section  of  coating  obtained  from  alloy 
powder  Deloro  40  after  laser  remelting  (x  1000). 


powders  respectively).  The  aim  of  the  surface  remelting 
is  the  controlled  change  of  coating  structure  after  melt¬ 
ing.  Dissolving  of  all  additives  in  the  coating  and  the 
consequent  formation  of  hard  structure  items  takes  place 
because  of  phase  transformation  in  the  solid  phase  of 
formation  of  very  fine  disperse  phases. 

The  process  results  mainly  in  an  increase  of  mechan¬ 
ical  properties  or  increase  of  toughness  when  surface 
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hardness  increases  too.  Depth,  width  and  shape  of 
melted  area  depend  mostly  on  the  density  of  adsorbed 
energy  and  interaction  time.  Since  applied  coatings  have 
a  high  reflectance  of  light  radiation,  which  reduces  the 
adsorbed  energy,  all  samples  were  covered  with  a 
carbon-base  antireflection  layer  before  treatment.  The 
change  of  beam  interaction  time  with  layer  has  been 
achieved  by  a  change  of  the  sample  motion  rate. 


Fig.  5.  Structure  of  cross-section  of  as-deposited  coating  obtained  from 
stainless  wire  of  powder  composition:  FeCrB  60%;  A1  40%,  thickness 
300  pm;  (x  300). 


Fig.  6.  Structure  of  cross-section  of  as-deposited  coating  obtained  from 
stainless  wire  of  powder  composition:  FeCrB  60%;  A1  40%,  thickness 
300  pm;  after  laser  remelting  (x  300). 


a-Deloro  30  ♦-Deloro  40 

Fig.  7.  Microhardness  depth  profiles  for  laser  remelted  plasma  sprayed 
coatings  for  different  chemical  composition  of  nickel  based  alloy 
powders. 


The  structure  and  properties  of  arc  sprayed  coatings 
also  can  be  changed  greatly  by  laser  treatment.  Typical 
initial  structure  of  a  coating  obtained  from  stainless 
wire  of  powder  composition  FeCrB  60%;  A1  40%  is 
presented  in  Fig.  5.  When  irradiation  energies  were 
small,  structural  changes  generally  were  reduced  to 
dispersion  without  noticeable  features  of  melting.  A  fine 
dendritic  structure  was  formed  in  the  case  when  laser 
beam  energy  was  increased  enough  to  melt  the  coating. 
Its  dispersion  increases  from  the  coating  surface  to  the 
coating  base  due  to  more  intensive  heat  withdrawal  into 
the  basic  metal. 

The  best  results  were  obtained  for  treatment  regimes, 
for  which  a  coating  and  a  thin  layer  of  a  base  was 
alloyed  (Fig.  6).  If  the  laser  beam  energy  increases  to 
values  high  enough  not  only  for  a  coating  but  also  for 
a  thin  layer  of  a  base  to  be  melted,  the  formation  of  a 
transition  zone  75-100  pm  thick  is  observed.  Element 
analysis  of  composition  in  this  case  has  shown  an 
increase  in  iron  concentration  in  the  coating  due  to 
alloying  with  a  base  material.  The  quantity  of  setting 
defects  and  porosity  sharply  decreases. 

Thus,  it  has  been  shown  that  laser  treatment  makes 
a  better  coating  structure,  makes  it  homogeneous  and 
decreases  porosity.  That  is  why  it  is  expected  that  laser 
treatment  has  positive  influences  on  the  mechanical  and 
corrosion  properties  of  coatings.  Coating  strength 
increases  after  laser  treatment.  For  example,  for  a  coat¬ 
ing  obtained  by  arc  spraying  of  powder  wire  (stainless 
cover,  charge  composition:  Cr  20%;  B4C  30%;  SiC  30%; 
A1  20%)  the  strength  determined  at  specific  two-half 
samples  increased  from  90  to  950  MPa.  To  evaluate 
corrosion  resistance  of  coatings,  polarization  curves 
have  been  measured.  Character  of  general  electrode 
potential  variation  in  time,  measured  relative  to  a  satu¬ 
rated  AgCl/Ag  reference  electrode,  indicates  that  laser 
treatment  of  a  sample  surface  with  coating  results  in  a 
shift  of  its  value  towards  positive  ones  almost  by 
100  mV.  Polarization  curves,  taken  in  3%  NaCl  solution 
for  electric  sprayed  coatings  (stainless  steel  cover,  charge 
powder  composition:  FeCrB  60%;  A1  40%)  have  demon¬ 
strated  a  decrease  of  corrosion  current  from  2.4  x  10”^ 
to  1.3  X  10“^  mA/cm^.  Determination  of  corrosion 
current  density  was  made  on  the  basis  of  experi¬ 
mental  polarization  curves  by  means  of  linear 
extrapolation. 

Hardness  depth  profiles  for  the  plasma  sprayed 
nickel-based  coatings  after  laser  treatment  are  shown  in 
Fig.  7.  The  hardness  of  the  substrate  was  ^^200  HV  and 
that  of  the  as-sprayed  coating  is  ^^400  HV.  After  laser 
melting,  the  hardness  increased  markedly  to  ^600  and 
500  HV  for  the  different  powders,  Deloro  40  and  Deloro 
30,  respectively.  This  improvement  indicates  that 
laser  melting  makes  sprayed  coatings  more  suitable 
for  wear  resistant  applications  by  refining  their 
microstructure. 
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4.  Conclusion 

It  has  been  shown  that  laser  surface  melting  followed 
by  rapid  solidification  of  the  molten  coating  on  a 
non-cooled  substrate  allowed  the  achievement  of  a 
high  degree  of  microstructure  refinement.  It  has  been 
shown  that  strength  and  anticorrosion  properties  of 
coatings  under  study  can  be  greatly  improved  by  laser 
treatment. 
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Abstract 

A1  coatings  were  deposited  by  metal  organic  chemical  vapor  deposition  (MOCVD)  at  573  K  using  tri-isobutyl  aluminum 
(TIBA)  as  precursor  on  FeCrNi-  and  FeCr-type  stainless  steel  substrates.  In  situ  surface  treatments  of  the  substrates  by  TiC^ 
vapor  prior  to  MOCVD  of  A1  has  been  explored  to  enhance  the  nucleation  density  of  the  A1  films  and  subsequently  to  improve 
their  surface  morphology  and  compactness.  Further  thermal  treatment  at  923  K  of  Al-coated  samples  under  inert  atmosphere 
(He)  produces  the  desired  (3-FeAl  compound  as  a  main  layer  on  the  substrates  whereas,  at  lower  temperature,  the  intermetallic 
phase  Fe2Al5  is  essentially  formed.  AI2O3  was  grown  as  an  outer  layer  on  the  Fe-Al  diffusion  coatings  by  annealing  in  the  CVD 
reactor  at  923  K  under  oxygen  atmosphere.  In  these  conditions,  AI2O3  films  are  dense,  uniform  and  adherent.  They  exhibit  the 
cubic  structure  of  the  low  temperature  alumina  phases.  These  protective  coatings  have  been  characterized  by  different  techniques 
and  their  structure  is  discussed  as  a  function  of  the  conditions  of  this  combined  process.  ©  2000  Elsevier  Science  S.A.  All 
rights  reserved. 

Keynvords:  A1  metal  organic  chemical  vapor  deposition;  Aluminium  oxide  coatings;  Aluminizing;  Fe-Al  coatings;  Iron  aluminides 


1.  Introduction 

Alumina  layer  is  a  good  candidate  for  the  protection 
of  steel  pieces  against  oxidation  and  chemical  corrosion 
at  high  temperatures  [1].  The  most  common  reaction 
for  direct  deposition  of  AI2O3  by  CVD  is  based  on  the 
gas  mixture  AICI3/H2/CO2  [2].  This  high  temperature 
process  is  applied  for  the  growth  of  a-Al203  which  is 
used,  for  instance,  as  a  wear  resistant  coating  on 
cemented  carbide  tools.  Alumina  coatings  can  be  also 
produced  directly  at  lower  temperature  by  pyrolytic 
decomposition  of  metalorganic  precursors  in  presence 
of  oxygen  sources  [3],  In  these  cases,  y-type  or  amor¬ 
phous  alumina  films,  which  exhibit  a  lower  density  of 
pores  and  smaller  grain  sizes  than  a-Al203,  are  generally 
obtained. 

To  be  effective  as  a  barrier  layer,  the  oxide  must  be 
dense,  strongly  adherent  to  the  metal  and  able  to  resist 
fracturing.  For  these  objectives,  small  grain  size  leading 
to  smooth  surface  morphologies  are  preferred  and  bond- 
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coat  materials  are  required,  such  as  iron  aluminides. 
Combined  processes,  including  aluminizing  methods  and 
annealing  steps  under  an  oxidant  atmosphere,  are 
extensively  used  to  prepare  such  coatings  which  then 
constitute  an  outer  layer  of  alumina  with  an  inner  zone 
of  Fe-Al  intermetallic  phases.  Among  the  aluminizing 
processes,  pack  cementation  is  well  known  [4]  but  an 
initial  A1  film  can  also  be  deposited  by  other  methods 
prior  to  diffusion  [5]. 

We  have  investigated  the  preparation  of  protective 
AI2O3  coatings  on  various  stainless  steel  (SS)  substrates 
by  a  multifunctional  process  which  includes  A1 
MOCVD,  aluminizing  and  oxidizing  treatments  at  mod¬ 
erate  temperature.  All  the  steps  were  carried  out  in  the 
same  reactor.  We  particularly  emphasize  the  improve¬ 
ment  of  the  morphology  of  the  A1  thin  films  by  pretreat¬ 
ments  of  the  substrate  surface  on  one  hand,  and  on  the 
optimization  of  the  experimental  conditions  which  lead 
to  the  predominant  formation  of  p-FeAl  as  underlayer 
on  the  other  hand.  Indeed  the  similarity  of  the  thermal 
expansion  coefficient  of  iron  aluminides  and  SS  [6]  and 
the  good  compatibility  with  the  metal  substrate  of 
Fe-rich  Fe-Al  phases  which  satisfy  the  Pilling  Bedworth 
condition  [7]  suggest  that  P-FeAl  is  a  desirable  bond- 
coat  material  for  AI2O3. 
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2.  Experimental 

The  samples  were  prepared  in  a  horizontal  cold  wall 
MOCVD  reactor  previously  described  [8].  The  sub¬ 
strates  were  placed  on  an  SS  holder  and  were  heated 
inductively.  The  gas  streams  (He,  H2  and  O2  —  all 
electronic  grade)  were  monitored  using  mass  flow  meters. 
The  total  pressure  was  measured  independently  of  the 
gas  flow  rates  and  was  controlled  automatically. 

TIBA  was  used  as  the  A1  source.  It  was  transported 
in  the  gas  phase  from  a  thermostated  bubbler  to  the 
reactor  using  He  as  carrier  gas.  Prior  to  A1  deposition, 
the  substrates  were  exposed  in  some  experiments  to  a 
TiCl4  atmosphere  as  a  surface  pretreatment  to  enhance 
the  A1  nucleation  density  in  the  early  stages  of  the 
growth.  The  mole  fraction  of  both  precursors  was 
adjusted  from  the  dependence  of  their  vapor  pressure 
on  the  temperature:  TIBA  [9]  and  TiC^  [10]. 

Two  types  of  SS  plates  were  used  as  substrates:  an 
FeCrNi-type  (18%  Cr,  10%  Ni)  and  a  FeCr-type  alloy 
(8.3%  Cr,  0.12%  Ni,  0.10%  C,  0.38%  Mn,  0,40%  Si, 
0.97%  Mo,  0.08%  Cu,  0.02%  Al,  0.20%  V,  0.07%  Nb, 
0.06%  N,  0.01%  As).  They  were  polished  down  to  a 
final  root  mean  square  surface  roughness  of  ^4nm. 
They  were  ultrasonically  cleaned  in  ethanol,  degreased 
in  hot  acetone,  dried  under  an  N2  stream  and  rapidly 
put  into  the  reactor.  The  MOCVD  setup  was  purged 
with  vacuum-H2  pressurization  cycles,  then  the  reactor 
was  heated  at  723  K  for  ^20  min  under  an  atmospheric 
pressure  of  H2  prior  to  setting  the  deposition  conditions. 

Scanning  electron  microscopy  (SEM)  was  used  to 
characterize  the  surface  morphology  and  the  phase 
distribution  in  the  depth  of  the  coatings  after  staining 
cross-sections  with  an  HF:HN03;H20  solution 
( 1 :5: 10  vol ).  The  phases  formed  were  identified  by  X-ray 
diffraction,  XRD  (CuKa),  using  both  0-0  and  grazing 
incidence  geometries.  The  coating  composition  was 
determined  by  electron  probe  microanalysis  (EPMA), 
energy  dispersive  X-ray  analysis  (EDX)  and  secondary 
ion  mass  spectrometry  (SIMS). 


3.  Results  and  discussion 

3.  L  Characterization  of  AI  MOCVD  films 

Al  films  were  deposited  by  MOCVD  on  both  SS 
substrates  using  the  conditions  given  in  Table  1.  These 
operating  conditions  are  in  agreement  with  those  of 
previous  works  [11,12].  The  temperature  (573  K)  and 
the  reduced  pressure  (13.3  kPa)  were  fixed  for  all  runs. 

3.LL  Structural  features  without  nucleation  promoter 
Al  thin  films  grown  without  TiCl4  pretreatment  of 
the  steel  substrates  exhibit  a  good  crystallinity.  From 
the  FWHM  of  XRD  peaks,  the  crystallinity  was  found 


Table  1 

Experimental  conditions  used  for  the  preparation  of  the  AI2O3  coatings 
Al  MOCVD 


Temperature  (K) 

573 

Total  pressure  (kPa) 

13.3 

TIBA  mole  fraction 

3.1  X  10"^ 

TIBA  bubbler  temperature  (K) 

308 

He  carrier  gas  flow  rate  (seem) 

80 

Flow  velocity  (cm/s) 

0.5 

Stainless  steel  substrates  (25  x  25  x  2  mm^) 

Surface  pretreatment  of  substrates 

FeCrNi-type 

FeCr-type 

Temperature  (K) 

533 

Total  pressure  (kPa) 

13.3 

TiCh  mole  fraction 

4.9  X  10'^ 

TiCh  bubbler  temperature  (K) 

283 

H2  carrier  gas  flow  rate  (seem) 

50 

Duration  (min) 

Thermal  post-treatments 

2 

Temperature  ( K ) 

823-923 

923 

Total  pressure  (kPa) 

101 

101 

He  flow  rate  (sccm)/time  (min) 

80/330 

80/60 

O2  flow  rate  (sccm)/time  (min) 

0 

80/270 

Total  duration  (min) 

330 

330 

to  be  slightly  better  on  FeCr-  than  on  FeCrNi-alloy.  On 
both  types  of  steel  the  films  are  untextured.  Those 
deposited  on  FeCrNi  are  constituted  of  individual  faced 
grains  (mean  size  4-5  pm)  with  porosities  and  their 
surface  roughness  increases  with  the  film  thickness.  This 
undesirable  rough  morphology  is  typical  of  a  poor  Al 
nucleation  density. 

On  the  other  hand,  it  is  worth  noting  that  Al  layers 
deposited  on  FeCr-type  steel  exhibit  a  denser  and 
smoother  morphology.  A  good  coalescence  of  the  grains 
is  observed.  In  addition  to  Ti  compounds,  various  metal 
catalysts  and  seed  layers  have  been  used  to  increase  the 
nucleation  rate  of  Al  on  the  surface  of  the  substrate 
relative  to  the  rate  of  Al  growth  [9].  These  are  possibly 
elements  in  the  FeCr-type  steel  which  are  beneficial  to 
the  nucleation  rate.  As  a  consequence,  the  growth  rate 
of  Al  films  is  strongly  enhanced  on  FeCr-alloy  compared 
to  FeCrNi  steel  substrate  (Table  2). 

3.  L2.  Surface  pretreatment  of  the  substrates  with  TiCi4 
vapor 

Ti  or  Ti-containing  compounds  are  known  to  play 
an  important  role  in  improving  the  surface  morphology 
of  MOCVD  Al  by  increasing  the  nucleation  density  on 
the  surface  [9].  Thereby,  smooth  surface  morphology 
was  obtained  on  TiN  underlayer  or  on  Si02  after  dipping 
the  substrate  into  Ti-containing  hydrofluoric  acid  as 
surface  pretreatment  [13].  In  situ  pretreatment  with 
TiCl4  vapor  was  performed  on  both  steel  substrates 
prior  to  Al  deposition  under  the  conditions  used  for  Si 
wafers  (Table  1)  [11]. 

No  significant  improvement  of  the  morphology  of  Al 
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Table  2 

Typical  features  of  A1  MOCVD  thin  films  deposited  on  the  two  types  of  steel  substrates  showing  the  influence  of  a  surface  pretreatment  by 


TiCi4  vapor 


Substrate  (pretreatment) 

Growth  rate  (pm/h) 

Thickness  (pm) 

Roughness  (7?q,  nm) 

[200]  texture  coefficient 

FeCrNi 

0.5 

1.5 

107 

1.18 

FeCrNi  (TiCb) 

1.3 

4.0 

308 

1.29 

FeCr 

3.1 

9.5 

611 

1.15 

FeCr  (TiCh) 

3.2 

9.8 

291 

1.48 

films  grown  on  the  both  types  of  steel  substrates  was 
found.  This  pretreatment  slightly  favors  a  [200]  preferen¬ 
tial  orientation.  The  deposition  rate  of  A1  films  on 
TiCl4-pretreated  FeCrNi  substrates  is  strongly  increased 
but  such  an  effect  was  not  observed  for  the  films  grown 
on  the  FeCr-type  steel.  In  addition,  EDX  and  XPS 
analyses  of  the  substrate  surface  after  TiCl4  pretreatment 
revealed  the  presence  of  residual  Ti,  and  especially  Cl 
which  may  cause  pitting  corrosion,  as  observed  by  SEM. 
Consequently  this  pretreatment  is  unsatisfactory.  It  has 
not  been  applied  systematically  for  A1  films  grown  on 
FeCr-type  steel  since  they  are  sufficiently  uniform  with 
a  relatively  smooth  and  compact  morphology. 

3.2.  Annealing  under  inert  atmosphere 

Al-coated  FeCrNi-  and  FeCr-type  substrates  were 
annealed  under  He  atmosphere  (Table  1).  In  the  condi¬ 
tions  explored,  total  diffusion  was  not  achieved  for  all 
the  samples.  Since  it  is  a  diffusion  process,  the  composi¬ 
tion  of  the  coatings  depends  on  the  temperature  and  the 
time  of  annealing,  as  well  as  on  the  thickness  of  the 
initial  A1  film. 

3.2. 1.  Aluminizing  of  Al-coated  FeCrNi-type  stainless 
steel 

The  desired  FeAl  (bcc)  phase  is  predominantly  pre¬ 
sent  in  the  coating  after  annealing  at  923  K  for  5.5  h 
(Fig.  1).  Typically,  the  structure  of  the  aluminide  coat¬ 
ings  grown  on  FeCrNi  is  SS/FeAl/Fe2Al5/Al  with,  in 
addition,  significant  diffusion  of  Cr  and  Ni  from  the 
substrate  (Fig.  2).  Such  an  interdiffusion  was  confirmed 
by  SIMS  depth  profiles  and  was  also  observed  on  31  OS 
type  SS  [5].  Traces  of  Fe3Al  were  found  by  XRD  at  the 
interface  with  the  substrate  when  the  surface  was  pre¬ 
treated  with  TiCl4.  We  believe  that  the  stabilization  of 
Fe3Al  is  due  to  the  presence  of  Ti  at  the  interface  since 
it  is  one  of  the  elements  which  may  increase  the 
Fe3Al-FeAl  transition  temperature  above  823  K  [6].  On 
the  other  hand,  the  roughness  of  Fe-Al  coatings  is 
relatively  high  and,  as  expected,  related  to  that  of  the 
initial  A1  MOCVD  films. 


Fig.  1 .  Variation  of  the  XRD  intensity  as  a  function  of  the  annealing 
temperature  under  inert  atmosphere  showing  the  relative  abundance 
of  the  phases  formed  from  Al-coated  FeCrNi  steel.  The  XRD  peaks 
at  0=19,24,  13.93  and  40.67°  were  selected  for  Al,  Fe2Al5  and  FeAl 
respectively. 


Fig.  2,  EPMA  analysis  of  a  cross-section  of  a  diffusion  coating  pre¬ 
pared  by  annealing  under  inert  atmosphere  (923  K;  5.5  h)  of  an 
Al-coated  FeCrNi-type  steel  substrate. 

3.2.2.  Aluminizing  of  Al-coated  FeCr-type  stainless  steel 
The  morphology  of  the  aluminide  coatings  prepared 
on  FeCr-type  SS  substrate  is  uniform  and  as  dense  as 
that  of  the  initial  Al  film.  The  phase  distribution  in 
these  diffusion  coatings  is  not  very  different  from  that 
of  the  coatings  prepared  on  FeCrNi  alloy.  Grazing  XRD 
analysis  has  shown  that  Cr  diffuses  readily  into  the  Al 
layer  to  form  mainly  CrsAlg  (and/or  Cr4Al9)  at  the  outer 
surface.  Next,  Al-rich  Fe-Al  compounds  are  formed 
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below  the  surface  (Fe2Al5),  and  phases  progressively 
richer  in  Fe  are  formed  in  the  inner  zone,  FeAl  being 
the  closest  to  the  interface  with  the  substrate.  Typically 
the  duplex  structure  is  SS/FeAl/FeAl2/Fe2Al5/Cr5Al8  as 
shown  on  Fig.  3.  This  structure  is  relatively  stable  since 
an  increase  of  the  annealing  time  to  1 5  h  only  slightly 
increases  the  proportion  of  Ci^^Alg  to  the  detriment  of 
Fe2Al5. 

3.3.  Thermal  treatment  under  ambient  O2 

Al-coated  FeCr-type  steel  substrates  were  heated  at 
923  K  under  He  for  1  h  then  under  dry  O2  for  4.5  h  in 
the  CVD  reactor.  This  oxidizing  treatment  was  not 
applied  to  samples  made  with  the  FeCrNi  steel  because 
of  the  unsatisfactory  morphology  of  the  MOCVD  A1 
film  (roughness  and  porosity  are  too  important). 

Under  these  oxidizing  conditions,  the  coatings  are 
constituted  of  a  thin,  uniform  and  relatively  compact 
AI2O3  outer  layer  and  different  aluminides  as  inner 
layers.  As  for  annealing  under  inert  atmosphere,  a 
significant  diffusion  of  Cr  into  the  A1  film  was  observed, 
as  well  as  that  of  Fe  which  forms  the  desired  P-FeAl 
intermetallic  compound  as  the  predominant  phase 
(Fig.  4).  The  typical  phase  distribution  in  relatively  thin 
coatings  ( 1 5-20  pm)  as  determined  by  XRD  is  shown 
in  Fig.  5. 

Crystal  morphologies  of  AI2O3  are  known  to  be 
strongly  dependent  on  the  growth  conditions  [2,14].  All 
AI2O3  coatings  prepared  by  this  process  show  a  very 
similar  surface  morphology  constituted  of  small  elon¬ 
gated  grains  1  pm  long)  which  tend  to  form  needles. 
The  morphology  was  found  to  be  independent  of  the 
time  and  thickness  of  the  initial  A1  films.  AI2O3  layers 
exhibit  the  cubic  structure  (p-  or  %-)  of  the  transition 
aluminas  with  a  poor  crystallinity  (Fig.  4).  From  XRD 


Mass  loss  (mg) 

Fig.  3.  Phase  distribution  in  an  aluminide  coating  prepared  by  annea¬ 
ling  under  inert  atmosphere  (650''C,  5.5  h)  of  an  Al-coated  FeCr-steel 
substrate.  The  ratio  of  the  phases  was  determined  using  the  relative 
XRD  peak  intensity  at  different  levels  of  depth  after  removal  the  outer 
layers  by  mechanical  polishing. 
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Fig.  4.  XRD  patterns  recorded  with  various  grazing  angles  of  a  sample 
prepared  by  thermal  treatment  under  an  O2  atmosphere  of  an 
Al-coated  FeCr  steel  substrate. 


Mass  loss  (mg) 

Fig.  5.  Phase  distribution  of  a  diffusion  coating  prepared  by  thermal 
treatment  (923  K)  under  O2  of  an  Al-coated  FeCr-type  steel  substrate. 
The  ratio  of  the  phases  was  determined  using  the  relative  intensity  of 
representative  XRD  peaks  at  different  levels  of  depth  after  a  succession 
of  polishings  to  remove  the  outer  layers. 


patterns,  a  mean  crystallite  size  of  11-15  nm  was  deter¬ 
mined  and  no  preferential  orientation  was  observed. 

Typically,  the  total  thickness  of  the  diffusion  coatings 
prepared  in  the  conditions  given  in  Table  1  is  35-40  pm, 
including  8-10  pm  of  a-Fe(Al)  and  ^10  pm  of  P-FeAI 
which  is  still  the  predominant  phase.  Taking  into  account 
the  composition  of  the  borders  between  the  various 
phases  of  the  binary  Fe-Al  system,  a  rough  scale  giving 
the  A1  content  in  an  Fe-Al  matrix  has  been  reported  on 
the  line-scan  EDX  analysis  (Fig.  6).  The  structure  of 
such  coatings  is  mainly  SS/FeAl/FeAl2/Fe2Al5/ 
Cr5Al8/Al203  (Fig.  6:  left).  Except  for  the  presence  of 
a  white  outer  layer  of  AI2O3,  this  phase  distribution  is 
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Fig.  6.  SEM  cross-sections  and  corresponding  EDX  line-scan  analysis 
of  coatings  constituted  of  AI2O3  and  diffusion  layers  as  bond-coat 
materials.  The  samples  were  prepared  form  MOCVD  Al-coated  FeCr- 
steel  treated  at  923  K  under  O2  atmosphere.  Left:  relatively  thick  coat¬ 
ing  (^^30  pm);  right;  thinner  coating  (~  15  pm). 

very  similar  to  that  obtained  by  annealing  under  inert 
atmosphere  (Fig.  3). 

A  total  thickness  of  the  diffusion  coatings  of  only 
15-20  pm  can  be  obtained  with  the  same  post-treatment, 
either  from  thinner  A1  films  or  when  the  deposited  A1 
is  not  totally  consumed  during  the  aluminizing  process. 
Indeed,  it  was  observed  that  surface  pretreatments  of 
the  steel  substrates  (e.g.,  heating  at  723  K  under  H2  or 
in  situ  treatment  to  TiC^  vapor)  may  subsequently 
decrease  the  diffusion  rate.  In  that  way,  the  coatings 
exhibit  the  simpler  structure  SS/FeAl/Cr5Al8/Al/Al203 
where  P-FeAl  (^7  pm)  is  the  major  phase  (Fig,  6:  right). 
One  of  the  differences  with  thicker  diffusion  coatings  is 
that  when  A1  is  still  present  the  phases  FeAl2  and 
Fe2Al5  are  not  detected. 

For  both  types  of  coatings,  Cr  is  mainly  analyzed  at 
the  interfaces.  Furthermore,  we  show  in  Fig.  6  evidence 
for  the  diffusion  of  A1  in  the  SS  substrate  to  form 
a-Fe(Al),  whereas  this  phase  has  not  been  identified  in 
Al-coated  31  OS-type  SS  after  annealing  at  the  same 
temperature  [5].  In  spite  of  the  low  amount  of  Ni 
(0.12%)  and  Mo  (0.97%)  in  the  FeCr-type  SS  substrate, 
SIMS  depth  profiles  analysis  revealed  a  diffusion  of 
these  metals  immediately  below  the  AI2O3  layer. 


4.  Conclusions 

Dense  and  adherent  AI2O3  coatings  have  been  depos¬ 
ited  on  two  types  of  SS  substrates  by  a  multifunctional 


process  which  includes  A1  MOCVD,  aluminizing  and 
oxidizing  treatments  in  the  same  reactor.  In  situ  surface 
pretreatment  of  the  substrates  by  TiCl4  vapor  has  been 
investigated  to  enhance  the  nucleation  density  of  the  A1 
MOCVD  films.  However,  this  pretreatment  was  not 
retained  because  of  the  corrosion  of  the  steel  substrate. 
Moreover,  satisfactory  morphology  of  A1  films  was 
obtained  on  the  FeCr-type  alloy  by  optimizing  the 
growth  conditions.  Then  the  predominant  formation  of 
P-FeAl  as  a  desirable  bond-coat  material  for  AI2O3  was 
successfully  achieved. 

Further  works  on  these  metallurgical  coatings  are 
currently  in  progress,  in  particular  to  control  the  thick¬ 
ness  of  the  initial  A1  film,  which  plays  an  important  role 
in  the  thickness  and  the  phase  distribution  of  the  diffu¬ 
sion  coating. 
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Abstract 

We  report  the  growth  of  single-  and  multilayer  films  of  titanium  dioxide  (Ti02)  on  Si(lOO)  substrates  at  low  temperature  by  a 
new  photo-induced  sol-gel  process.  Polymeric  Ti02  sols  prepared  by  the  hydrolysis  and  condensation  of  titanium  isopropoxide 
were  spin-coated  on  the  silicon  substrate  and  then  irradiated  by  an  Xe^  excimer  vacuum  ultraviolet  (VUV)  lamp  operating  at  a 
wavelength  of  172  nm.  Films  with  thicknesses  between  10  and  200  nm  were  achieved  readily  by  this  technique.  The  effects  of  spin 
speed,  irradiation  time  and  substrate  temperature  on  the  films  formed  have  been  studied.  The  chemical  bonding  changes  in  the 
thin  films  were  analysed  by  Fourier  transform  infrared  spectroscopy  (FTIR),  while  thickness  and  refractive  indices  were  determined 
by  ellipsometry.  FTIR  confirmed  the  removal  of  H2O  and  OH  groups  after  VUV  irradiation  for  10  min  at  300°C.  The  refractive 
index  reached  a  value  of  2.4,  which  compares  favourably  with  the  value  of  2.58  recorded  for  the  bulk  material,  while  optical 
transmittance  values  in  the  visible  region  of  the  spectrum  between  85  and  95%  were  obtained  on  quartz  substrates.  ©  2000  Elsevier 
Science  S.A.  All  rights  reserved. 

Keywords:  Ellipsometry;  Excimer  lamp;  FTIR;  Photo-induced  processing;  Sol-gel;  Titanium  dioxide  thin  films 


1.  Introduction 

Ti02  is  currently  attracting  much  interest  as  a 
nanocrystalline  material  for  a  range  of  potential  applica¬ 
tions,  such  as  in  dye-sensitised  solar  cells  [1,2],  as  an 
anti-reflective  coating  for  solar  cells  [3,4],  as  an  insulator 
for  memory  devices  [5],  as  a  catalyst  [6],  and  as  a 
humidity  and  fibre-optic  chemical  sensor  [7]. 

Ti02  has  been  deposited  by  many  techniques  includ¬ 
ing  pyrolysis  [8],  electron-beam  evaporation  of  Ti02 
[9],  pulsed  laser  deposition  [10],  metal-organic  chemical 
vapour  deposition  (MOCVD)  [11,12],  molecular-beam 
epitaxy  [13],  atomic-layer  deposition  (ALD)  [14,15], 
hydrothermal  techniques  [16,17],  plasma-enhanced 
chemical  vapour  deposition  (PECVD)  [18],  reactive 
sputtering  [19,20]  and  sol-gel  processes  [21-23]. 

Sol-gel  processing  via  the  polymerisation  of  metal- 
organic  compounds  involves  ceramic  synthesis  by  the 
hydrolysis  of  metal  alkoxides,  resulting  in  metal  oxides 
or  hydrated  oxides  [21  ].  A  gel  with  a  continuous  network 
is  thus  formed.  Thin,  transparent,  multi-component 
oxide  layers  can  be  readily  deposited  on  various  sub- 
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strates  by  this  process.  A  firing  step  is  required  to 
displace  organic  (in  this  case  propyl)  compounds  and 
the  hydroxyl  groups.  The  method  has  been  widely  used 
to  fabricate  high-quality  ceramics  and  glasses  [24]. 
Advantages  of  this  technique  as  compared  with  other 
processes  include  low  cost,  relative  simplicity,  and  easier 
control  of  the  composition  of  the  deposited  films  [7,24]. 

In  this  work,  Ti02  produced  from  titanium  isoprop¬ 
oxide  [Ti(OC3H7)4]  by  an  excimer-lamp  based  photo- 
induced  sol-gel  process  has  been  studied.  The  interest 
in  ultraviolet  (UV)  processing  and  studies  of  the 
dynamics  of  photochemical  reactions  have  burgeoned 
in  recent  years  [25].  Photochemical  processing  by  exci¬ 
mer  lamps  has  an  added  advantage  of  a  low  thermal 
budget  due  to  the  ability  of  processing  at  low 
temperatures. 


2.  Experimental  details 

The  excimer  lamp  system  used  comprises  four  lamps, 
employs  the  dielectric  barrier  discharge  principle  and  is 
described  more  completely  elsewhere  in  the  literature 
[26].  Polymeric  sols  were  prepared  by  the  hydrolysis 
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and  condensation  of  Ti(OC3H7)4  in  C2H5OH  in  the 
presence  of  HCl  as  shown  in  Fig.  1.  The  resulting 
transparent  mixture  was  sealed  in  a  container  and  stirred 
continuously  at  room  temperature.  The  solution  was 
spin-coated  on  to  silicon  wafers  at  various  speeds,  first 
after  2  h,  then  at  24  h  intervals,  and  was  analysed  with 
an  ultraviolet-visible  (UV-VIS)  spectrophotometer 
(Lambda  14),  where  the  polymerisation  process  was 
monitored  by  observing  changes  in  the  absorbance 
spectra.  Thickness  and  refractive  index  were  measured 
by  ellipsometry  (Rudolph  Auto  El  II)  and  Fourier 
transform  infrared  spectroscopy  (FTIR)  was  used  to 
monitor  the  absorption  of  OH  and  CH3  groups  to 
provide  information  on  the  presence  and  removal  of 
H2O  and  propyl  radicals.  Initially,  substrates  were  irradi¬ 
ated  with  172  nm  radiation  from  an  Xe^  excimer  lamp 
for  different  times  and  at  temperatures  of  80,  120  and 


Fig.  1 .  Flow  chart  for  the  preparation  of  Ti02  films  by  photo-induced 
sol-gel  processing. 


Fig.  2.  FTIR  spectra  of  films  irradiated  at  a  temperature  of  80°C  for 
exposure  times  of  0,  5,  10  and  20  min  using  172  nm  excimer  lamp 
radiation. 


Wavenumber  (cm"^) 


Fig.  3.  FTIR  spectra  of  films  irradiated  at  different  temperatures  for 
a  fixed  exposure  time  of  10  min,  using  the  172  nm  VUV  irradiation. 


200  and  300°C.  Subsequent  irradiation  was  carried  out 
at  300°C  for  10  min.  The  optical  properties  of  the  films 
prepared  on  quartz  and  irradiated  by  the  172  nm  radia¬ 
tion  were  investigated  using  a  UV-VIS  spectrophotome¬ 
ter.  Ti02  multilayers  were  subsequently  prepared  on 
Si(lOO)  in  a  step-wise  process,  with  thickness  and  refrac¬ 
tive  index  determined  for  every  step. 


3.  Results  and  discussion 

The  synthesis  of  titanate  polymers  by  the  sol-gel 
process  involves  the  hydrolysis  and  condensation  of  the 
starting  alkoxide,  in  this  case  titanium  isopropoxide,  in 
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the  following  reactions: 

Hydrolysis 

Ti(0C3H7)4  +  H20  ^  Ti(0C3H7)30H  +  C3H70H  (1) 

Condensation 

Ti(0C3H7)4  +  Ti(0C3H7)30H  ^  Ti20(0C3H7)6  +  C3H70H  (2) 

Water  condensation 

Ti(OC3H7)30H  +  Ti(OC3H7)30H  ^  Ti20(OC3H7)f,  +  H20.  (3) 


Fig.  2  shows  the  FTIR  spectra  of  films  irradiated  at 
a  temperature  of  SOX.  Changes  taking  place  within  the 
gel  under  the  influence  of  irradiation  can  be  observed 
by  considering  the  spectral  range  3100-3400  cm”  ^  where 
the  OH  stretching  vibrations  of  water  and  OH  groups 
appear,  at  550  cm” ^  where  Ti— O  vibrations  occur  and 
1300-1 500  cm  (due  to  CH3).  As  the  irradiation  time 
is  increased  from  0  to  20  min,  the  intensity  of  these 
bands  decreases.  The  spectra  in  the  3100-3400 cm” ^ 
range  show  the  dehydration  and  dehydroxylation  of  the 
polymer.  The  increase  in  temperature  between  0  and 
SO'^C  results  in  loss  of  weight  through  the  evaporation 
of  adsorbed  water  and  the  loss  of  hydroxyl  groups.  The 
appearance  and  growth  of  new  absorption  features 
below  730 cni”^  indicate  the  presence  of  Ti“0  bonds 
[27].  No  significant  changes  were  observed  upon  raising 
the  temperature  to  200''C.  At  300''C,  the  OH  peak 


Fig.  4.  Dependence  of  the  thickness  {(i)  and  refractive  index  (//)  of 
TiOo  after  irradiation  at  172  nm  for  10  min  on  spin  deposition  speed 
and  number  of  layers. 


disappeared,  and  the  Ti— O  peak  shifted  to  shorter 
wavenumbers  due  to  densification  of  the  films.  Fig.  3 
shows  the  FTIR  spectra  of  these  films  irradiated  at 
different  temperatures  for  a  fixed  exposure  time  of 
10  min.  The  spectra  show  that  conversion  of  the  gel  into 
a  complex  Ti02  film  takes  place  after  irradiation  for 
10  min  at  300X,  with  the  removal  of  OH  and  CH3 
groups  being  achieved. 

Ti02  multilayers  were  deposited  at  2000  and 
3000  rev  miii”^  from  the  same  solution  with  a  24  h  time 
difference.  These  coating  speeds  were  chosen  as  homo¬ 
geneous  films  are  formed  at  these  spin-on  speeds. 
Refractive  index  values  ranging  from  2  to  2.4  were 
measured  for  multilayers  coated  at  2000  and 
3000  rev  min  after  each  irradiation  step,  as  seen  in 
Fig.  4.  These  values  compare  well  with  those  for  bulk 
material  in  rutile  single  crystals,  which  is  reported  to  be 
2.58  at  633  nm  [28]. 

The  multilayers  deposited  at  the  same  speed  exhibited 
a  higher  refractive  index  than  the  monolayers.  Rao  and 
Mohan  [9]  also  observed  an  increase  in  refractive  index 
with  an  increase  in  thickness  of  their  Ti02  films. 
Thicknesses  of  up  to  200  nm  were  achieved  for  our 
multilayers,  indicating  that  a  predetermined  thickness 
of  film  can  therefore  be  achieved  readily  by  employing 
this  deposition  technique  to  produce  layers  in  stack 
form.  The  thin  film  deposited  on  quartz  crystals  showed 
good  optical  properties  in  the  250-1100  nm  wavelength 


Fig.  5.  Spectral  transmittance  of  Ti02  films  deposited  on  quartz  after 
irradiation  at  172  nm  for  10  min. 
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range  as  seen  in  Fig.  5.  In  the  range  350  to  1100  nm, 
optical  transmittance  between  85  and  95%  was  obtained. 
This  compares  very  well  with  films  produced  by  other 
techniques. 


4.  Conclusion 

Single-  and  multilayer  Ti02  films  have  been  prepared 
by  a  new  photo-induced  sol-gel  process  using  a  172  nm 
VUV  excimer  lamp.  Low-temperature  deposition  of 
Ti02  films  at  300°C  has  been  demonstrated.  The  refrac¬ 
tive  index  of  the  deposited  films  (2.4)  compares  favoura¬ 
bly  with  that  for  bulk  Ti02  (2.58).  The  OH  groups  were 
dispersed  at  300''C  and  the  films  formed  showed  good 
optical  properties  with  transmittance  values  between  85 
and  90%  in  the  visible  range  of  the  spectrum.  The 
thickness  of  the  films  formed  can  readily  be  controlled 
by  the  spin-coating  speed  and  the  number  of  sequential 
layers  deposited. 
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